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FOREWORD 


This, the r80th volume of the Transactions of the American Institute of 
Mining and Metallurgical Engineers and the 23rd volume of transactions 
devoted exclusively to publications of the Institute of Metals Division, is 
the last, under present plans, that will bear the designation “Institute of 
Metals Division” or that will be printed in the 6 x 9 inch size. The next 
volume, No. 185, is to be reprinted from the newly established Journal of 
Metals, which presents the publication of the three divisions of the Metals 
Branch (Institute of Metals, Iron and Steel and Extractive Metallurgy) 
and which will be printed in the more conventional 8)4 x 11 inch magazine 
size. Thus ends a third cycle in the publications of the “ Institute of 
Metals.” 

It may be of interest to recall, at this time, the several transitions 
through which the publications of this division have passed. The first vol- 
ume of the Transactions of the American Institute of Metals is dated 
t909. This was, in fact, a publication of the American Brass Founders’ 
Association, which was organized in 1907 by a group within the American 
Foundrymens’ Association. In January 1912, the name of the society was 
changed to the American Institute of Metals. Eleven annual volumes were 
issued by this society in the years from 1907 to 191 8, the title of the vol- 
umes being changed in 1917 to Journal of the American Institute of Metals. 
After the first number of the 12th volume, in 1918, publication ceased, 
corresponding with the affiliation of the Institute of Metals with AIME. 
There followed a period in which the proceedings of the newly formed 
Institute of Metals Division were published in the regular volume of the 
Transactions of AIME; these appear mainly in Volumes 60, 64, 71 and 73, 
and cover the years from 1918 to 1926 inclusive. 

The series of 23 annual volumes of the Institute of Metals Division, now 
concluded, began in 1927 when the Board of Directors of AIME decided 
upon a policy of publishing grouped subject matter in separate volumes. 
The twenty-two years covered by this series have witnessed an enormous 
expansion of research in the physical metallurgy of the nonferrous metals 
and these volumes of the Institute of Metals Division preserve much of the 
best work that was done in that period. An inspection of the titles of 
papers reveals a trend from a major interest in the alloys of copper to a 
more general interest in all of the nonferrous metals and their alloys. It 
might be expected that there would be a trend also toward more papers 
devoted to the theory of physical metallurgy in the later years, this ap- 
pears not to be the case. An excellent balance between fact finding and the 
pbuilding of theory has been retained throughout the years. 

The present volume covers the six month period from summer to the end 
of 1948. Formerly the volume for a given year was closed in August; under 
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the new plan the closing date is December 31. Owing to the fact that the 
situation created an interval between the closing of the 1948 volume, No. 
175, and the time of the change to the new large page size, there accumulated 
a considerable number of papers, printed in Metals Technology in the 6 x 9 
inch size, that could not be incorporated in the new Transactions without 
incurring excessive expense in rearranging type for the larger page size. 
This number was augmented by a group of papers on the physical metal- 
lurgy of iron and steel which was turned over to the Institute of Metals 
Division as a result of an agreement with the Iron and Steel Division to the 
effect that the Institute of Metals Division should, in the future, represent 
the physical metallurgy of both the ferrous and the nonferrous metals. 
Thus, this volume includes both ferrous and nonferrous papers in physical 
metallurgy. The mechanics of changing from the small to the large page 
size has made it impractical, however, to include in this volume any of the 
discussion relating to papers presented at the Fall Meeting in 1948. This 
discussion is published in the May 1949 issue of the Journal of Metals; it 
will appear also in the Transactions, Volume 185, on pages 297 to 346, with 
a table of contents on page 297. 

It is appropriate that the officers of the Division should offer their most 
sincere thanks to the members for their patience in accepting such in- 
convenience as may be occasioned by the transition to the new large size 
publication. The growth in the demand for space in which to publish scien- 
tific papers in this field has far outstripped the resources of the society. 
By making this change, it is expected that it will be possible to continue to 
serve the membership and the field of physical metallurgy at the same high 
level of quality as previously, by offering more frequent publication in a 
form that can be supported to an increased degree by advertising. Special 
thanks are also due to the members of the Publications Committee and of 
the Programs Committee for their important contribution to the excellence 
of this volume. 

FREDERICK N. RHINES, Chairman 
Institute of Metals Division 
June 15,1049 
PITTSBURGH, Pa. 
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THE INSTITUTE OF METALS LECTURE 


An annual lectureship was established in 1921 by the Institute of Metals Division, which has 
come to be one of the important functions of the Annual Meeting of the Institute. In 1934 the 
Division established the custom of presenting a certificate to each lecturer. 

A number of distinguished men from this country and abroad have served in this lectureship. 
The roll is quoted below: 


1922 
1923 
1924 
1925 


1926 
1927 
1928 
1929 
1930 
1931 
1932 
1933 
1934 
1935 
1936 
1937 


1938. 


1939 
1940 
1941 
1942 


1943 
1944 
1945 
1946 
1947 
1948 


1949 


Colloid Chemistry and Metallurgy. By Wilder D. Bancroft. 

Solid Solution. By Walter Rosenhain. 

The Trend in the Science of Metals. By Zay Jeffries. 

Action of Hot Wall: a Factor of Fundamental Influence on the Rapid Corrosion of Water 
Tubes and Related to the Segregation in Hot Metals. By Carl Benedicks. 

The Relation between Metallurgy and Atomic Structure. By Paul D. Foote. 

Growth of Metallic Crystals. By Cecil H. Desch. 

Twinning in Metals. By C. H. Mathewson. 

The Passivity of Metals, and Its Relation to Problems of Corrosion. By Ulick R. Evans. 

Hard Metal Carbides and Cemented Tungsten Carbide. By S. L. Hoyt. 

X-ray Determination of Alloy Equilibrium Diagrams. By Arne Westgren. 

The Age-hardening of Metals. By Paul D. Merica. 

Present-day Problems in Theoretical Metallurgy. By Georg Masing. 

Ferromagnetism in Metallic Crystals. By L. W. McKeehan. 

Gases in Metals. By C. A. Edwards. 

Diffusion in Solid Metals. By Robert F. Mehl. 

Refractories. By R. S. Hutton. 

The Nature of Metals as shown by Their Properties under Pressure. By P. W. Bridgman. 

The Creep of Metals. By D. Hanson. 

Acceleration of Rate of Corrosion by High Constant Stresses. By Edgar H. Dix, Jr. 

Some Fundamentals of the Flow and Rupture of Metals. By George Sachs. 


Notes on the History, Manufacture, and Properties of Wrought Brass. By Wm. Reuben 


Webster. 

Applications of the Electron Microscope in Metallurgy. By V. K. Zworykin. 

Some Problems in Organizing Industrial Research. By W. M. Peirce. 

A New Microscopy and Its Potentialities. By Charles S. Barrett. 

Electrons, Atoms, Metals and Alloys. By William Hume-Rothery. 

The Separation of Gases from Molten Metals. By Albert J. Phillips. 

Grains, Phases, and Interfaces: An Interpretation of Microstructure. By Cyril Stanley 
Smith. 

The Structure of Cold-worked metal. By Egon Orowan. 
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A High Strength-High Conductivity Copper-Silver Alloy Wire 


By W. Hopcz,* R. I. JAFFEE, 


* Junior Memper, J. G. DuniteAvy* Anp H. R. OGDEN,* 
Juntor MemBer AIME 


(Philadelphia Meeting, October 1948) 


In a search for an improved conductor 
for use in field wire for the U. S. Army 
Signal Corps, an alloy of copper and silver 
was developed from which it was possible 
to obtain 29 B & S ga. strands with tensile 
strengths in excess of 160,000 psi combined 
with an electrical conductivity of over 70 
pet IACS. Such a favorable combination of 
strength and electrical conductivity has not 
been reported previously in the rather ex- 
tensive literature covering this subject. The 
properties obtained from various binary 
alloys of copper and silver, together with 
the method of fabrication of these alloys 
which has been developed to obtain the 
properties desired in fine wire strands, are 
discussed in this paper. 


LITERATURE 


The effect on the electrical conductivity 
of copper of the various elements in solid 
solution is shown in Fig 1, taken from pub- 
lished data by J. O. Linde and others." It 
will be noted that silver in solid solution 
depresses the electrical conductivity to a 


lesser extent than any other element for. 


which data are given, and is followed rather 
closely by cadmium, and then by chro- 
mium. Zinc, which lies between cadmium 
and chromium, has so high a solid solubility 
in copper that the data for zinc are scarcely 
comparable to the data for the other two 
in the range covered. 

Not many data are available on the 


Manuscript received at the office of the Insti- 
tute January 6, 1948. Issued as TP 2366 in 
METALS TECHNOLOGY, June 1948. 
a * Battelle Memorial Institute, 

hi 


oO. 
1 References are at the end of the paper. 
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strain hardening of copper-rich Cu-Ag 
alloys. Corson? reports a 3 pct Ag alloy 
properly cold worked and annealed to have 
100,000 psi tensile strength and go pct 
TACS conductivity. On straight cold work- 
ing, Hessenbruch* reports 101,000 psi for 
a 5s pct Ag, 0.3 pet Be alloy, and 129,000 
psi for a 30 pct Ag, 0.5 pct Be alloy. Here 
it would be expected that much of the 
strain hardening came from the silver 
content of the alloys. 

The copper-rich side of the Cu-Ag dia- 
gram, according to Stockdale,* is shown in 
the upper part of Fig 2. The electrical 
conductivities for copper-silver alloys an- 
nealed at 750 and 350°C, taken from the 
work of Johansson and Linde,® are shown 
in the lower part of Fig 2. The sloping 
line corresponds to the conductivity of 
solid solutions of silver in copper, and the 
horizontal offshoots correspond to the con- 
ductivity of the two-phase alloys in equi- 
librium at the two temperatures shown. 
The electrical conductivities are very high, 
even for the 750°C anneal. The potentiality 
for age hardening from supersaturated 
alpha copper solutions appears to be excel- 
lent from the solubility line, but Smith and 
Lindlief* have shown that the response to 
age hardening of solution-annealed alpha 
alloys is not good. They found that the 
tensile strength of a 5 pct Ag alloy aged at 
various temperatures was not as great as 
in the quenched condition, even though, 
anomalously, the hardness increased from 
R68 to Ry78 by annealing for 4 hr at 
4oo°C after a 750°C quench. Weist’ also 
found that the alloys increased in hardness 
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on aging, a 5 pct Ag alloy increasing from 
70 to 165 Bhn on aging for 9 hr at 420°C. 
Raw MATERIALS 


The copper used in making the first 
melts, covering a range of compositions 
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out with nitrogen. Tests on samples of two 
ingots with 7 pct silver content and no 
deoxidizer added showed oxygen contents 
as follows: 


OFHC copper stock............ 0.0004 pct oxygen 
Tough-pitch copper stock....... 0.0036 pct oxygen 


IN 
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ADDITION-WT. PER CENT 
Fic 1—CONDUCTIVITIES OF SOLID SOLUTIONS OF VARIOUS ELEMENTS IN ALPHA COPPER. 


from 1 to 72 pct silver, was commercial 
tough-pitch electrolytic melting stock. 
Later alloys of 4 to 7 pct silver were made 
from 14-in. diam OFHC rods. All of the 
silver used was granulated fine silver from 
Handy and Harmon. In general, the alloys 
made from tough-pitch copper stocks were 
found to have slightly higher strengths 
and slightly lower electrical conductivities 
than those made from OFHC copper 
stocks, but the differences were very small. 

The alloys were prepared by melting the 
copper and silver together under charcoal 
in a graphite crucible arranged for bottom 
pouring. After melting in a small high- 
frequency electric furnace, the tempera- 
ture was raised to about 2350°F and held 
for 25 to 30 min. The temperature was 
then dropped to about 2075°F, and the 
metal was bottom-poured into a copper 
mold which was coated with acetylene 
smoke and preheated to 220 to 240°F. 
Previous to pouring, the mold was flushed 


Since oxygen determinations at this low 
oxygen content are difficult, the results 
may be in error by +100 pct. No cuprous 
oxide was ever found in any of the speci- 
mens microscopically examined. It was 
later found that the same properties could 
be obtained by adding 0.02 pct of mag- 
nesium as a 10 pct Mg-Cu master alloy 
just before pouring, and then pouring the 
melt in air. However, all data reported in 
this paper refer to strictly binary alloys 
of copper and silver, except where noted 
otherwise. Usually, the ingots poured were 
1 in. in diam and about 6 in. long, with an 
enlarged button at the top. 


FABRICATION 


The ingots were scalped to 34-in. diam, 
either before or after annealing for 2 hr in 
air and quenching in water. They were then 
cold rolled to either 14-in. square or 0.170- 
in. square, but in either case at least two 
more annealing periods of 2 hr each were 
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required to put all the silver in solution. 
The rolled rods were again annealed for 2 
hr in a reducing atmosphere, quenched, 
and cold drawn to o0.128-in. or o.10I-in. 
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Fic 2—THE COPPER-RICH END OF THE Cu-AG 
DIAGRAM, ACCORDING TO STOCKDALE.* 


Below are electrical conductivities of copper- 
rich alloys annealed go hr at 750°C and roo hr 
at 350°C, and hard rolled from the quenched 
condition, according to Johansson and Linde.® 


- diam, bright annealed (preferably for about 
45 min.) and cold drawn to the final diam- 
eter required (usually o.o11 in.), either 
with or without additional heat treatment. 
The preferred annealing temperature in 
each case was 1370 to 1385°F. A surprising 
characteristic of these alloys was the 
amount of cold reduction possible, while 


still being able to obtain fine wire capable . 


of being stranded. 


Work-hardening Characteristics of Copper- 
silver Alloys with up to '72 pet Silver 


Before investigating the effect of heat 
treatment, tests were conducted to find 
what strengths were possible on straight 
wire drawing to 28 B & S ga. Initial mate- 
rial was 10 B & S ga. wire bright annealed 
2 hr at 750°C and quenched in water. 
Tensile strengths on wire drawing from to 


to 28 B & S gage are shown in Fig 3, where. 


it is shown that the rate of work hardening 
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increases with the silver content in the 
single-phase field, and levels off in the two- 
phase field. Without heat treatment, the 
maximum strength obtainable in silver- 
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Fic 3—WoRK HARDENING OF COPPEP-SILVER 
ALLOYS ON WIRE DRAWING FROM 10 B & S 
GAGE ANNEALED TO 28 B & S GAGE. 


copper alloy wires is equal to what may be 
obtained with a 1 pct copper-cadmium 
alloy wire, about 120,000 psi. When full 
annealed, the tensile strength of the copper- 
silver alloy wires drops to about 34,0007 
45,000 psi, depending on the silver content. 


Low-Temperature Heat Treatment for High 
Properties 


Fig 4 shows the tensile strength and 
electrical conductivity of 28-ga. wires 
drawn from annealed 1o-ga. stock, the 
dotted line showing data for wires drawn 
without intermediate reheating, and the 
solid lines showing similar data for wires 
which were reheated for 1 hr at 14 ga. The 
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reheating temperature was 360°C for the 
1 pct Ag wire, 380°C for the 3 pct Ag wire, 
and 400°C for all of the others. The in- 
crease in tensile strength of the 5 pct Ag 
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diam), drawn to 14 ga. (0.064-in. diam), 
heat treated for 15 min., and then drawn 
to 29 ga. It has been found that the tensile 
strength increases with the silver content 


IACS 
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Fic 4— EFFECT OF COMPOSITION ON TENSILE STRENGTH AND CONDUCTIVITY OF 28-GAGE COPPER- 
SILVER ALLOY WIRES, WITH AND WITHOUT A HEAT TREATMENT OF I HOUR AT 14-GAGE (360°C FOR 
1 pcT AG; 380°C For 3 PcT AG AND 400°C FOR REST). 


alloy with this treatment is particularly 
notable. 

Since the 5 pct Ag alloy has shown the 
best response to cold work after aging, it 
was natural to assume, and was soon 
verified, that the alloy could be improved 
by increasing the silver content to the limit 
of solid solubility at temperatures below 
the eutectic melting temperature—approxi- 
mately 8 pct Ag at 779°C. It was found 
that silver in excess of 6 pct had a decreas- 
ing strengthening effect on the alloy in 
proportion to its concentration, and that 
more than 7 pct was quite difficult to get 
into solution. For these reasons, 6.5 pct Ag 
was finally chosen as the optimum composi- 
tion, but there was really no great differ- 
ence found in properties obtainable in the 
range from 6 to 7 pct silver. Fig 5 shows 
results of a single series of tests on wire 
which was annealed at 8 ga. (0.127-in. 


when the 15-min. aging treatment is used, 
while it actually decreases somewhat with 
increased silver content when the reheating 
cycle is increased to 1 hr. The preferred 
amount of cold work to follow the aging 
treatment was determined by a series of 
tests which showed that maximum strength 
with the minimum ductility required was 
obtained by drawing 15 B & S numbers. 
Although the wire may be drawn through 
a few more dies before it becomes too 
brittle to use, there seems to be little more 
gain in tensile strength, with increased 
possibility of making brittle wire. For mak- 
ing 29-ga. wire, therefore, the aging treat- 
ment was placed at 14 ga. Similarly, it was 
found that reduction through at least 6 dies 
was required prior to aging to develop 
maximum properties. This number may 
be increased to 12, and probably to a still 
greater number without, however, obtain- 
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ing appreciable increase in the final tensile 
strength. 

The effect of varying the time and tem- 
perature of the 14-ga. heat treatment is 
shown in Fig 6. 


TENSILE STRENGTH IN 1000 PSI. 
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treatment, a method of control had to be 
found whereby fairly even temperature 
distribution could be depended upon. In 
the laboratory, this was easily accom- 
plished with a nitrate salt bath. The 


CONDUCTIVITY IN %IACS 


7 


6 


%. SILVER 
Fic s—EFrFECT OF COMPOSITION ON TENSILE STRENGTH AND CONDUCTIVITY OF COPPER-SILVER 
ALLOYS, DRAWN FROM ANNEALED 8-GAGE WIRE, HEAT TREATED FOR I5 MIN. AT 400°C IN H»2 ATMOS- 
PHERE AT I4 GAGE, THEN DRAWN TO 29 GAGE WIRE. 


The maximum tensile strength was ob- 
tained with a heat treatment of 3 min. at 
425°C. However, wire drawn from the 
point of maximum strength on any of the 
curves was found to have a tendency to 
become brittle, whereas wire drawn from a 
point on the aging curve slightly to the 
right of the maximum did not. The curve 
drops from the maximum at 42 ina CRVeLY: 
rapidly. At 400°C the curve drops more 
gently and has been found to be readily 
reproducible. For this reason, a heat 
treatment of 12 min. at 400°C was chosen 


as optimum for the production of 29-ga. 


wire strands. This heat treatment is pre- 
ceded by cold drawing to about 77 pct 
reduction of area, following solution 
annealing and quenching, and followed by 
97 pet reduction of area through cold 
drawing. Such a treatment can be depended 
upon to produce wire strands with over 
160,000 psi tensile strength, with over 70 
pet IACS conductivity, and with sufficient 
ductility to be readily stranded into cable 
with commercial machines. 

Since both time and temperature are 
somewhat critical in the foregoing heat 


nitrate salt bath darkens the wire surface 
and presumably corrodes it slightly, but 
the final properties obtained with this 
method have been identical with those 
obtained on single strands heat treated in 
a hydrogen atmosphere tube furnace. The 
wire is removed from the salt bath, 
quenched in water, pickled briefly in a 
nitric acid solution (r:10 by volume), 
washed in water and drawn without 
brightening. 

The remarkable increase in the strain- 
hardening rate of the 6.5 pct silver alloy 
after a 12-min. aging period over that of 
the unaged alloy is shown graphically in 
Fig 7. In drawing this wire, the annealed 
wire was cold drawn through 6 dies to 
0.064-in. diam. The wire was then cut in 
half and one half was reheated for 12 min. 
in a nitrate salt bath at 750°F (400°C). 
Both halves were then drawn through 16 
additional dies. The final 30-ga. (0.0096-in. 
diam) wire from both halves was suffi- 
ciently ductile for stranding, but the 
tensile strength of the heat-treated wire 
was 164,000 psi, while that of the untreated 
wire was only 123,000 psi. 
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The electrical conductivity of the heat- Reproductibility of results from heat to 
treated wire was also slightly higher than heat was found to be good, as is shown in 
the wire which was not heat treated. The Table 1 for three 7 pct copper-silver alloys. 
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Fic 6—EFFECT OF AGING TIME AND TEMPERATURE ON TENSILE STRENGTH AND CONDUCTIVITY OF 
6 pcT AG-94 PcT CU WIRE. 


77 pet reduction in area by cold work prior to anneali 
tion in area to 0.0106 inch. j Oe A834 Boge, ralores by On Polis 


saw-tooth effect in the fine wire end of the Although no better properties can be 
conductivity wire is probably caused by guaranteed than those shown in Table 1 
small errors in determinations of the actual it was later found that at least equchy 
wire diameters, good combinations of strength and con- 
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ductivity could be obtained by making the final anneal. As might be expected from the 
final anneal at about 14-in. diam and using large amount of cold work which follows 
a 12-min. heat treatment at 14 ga. Thishas_ the anneal, the effect of grain size is not 
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Fic 7—EFFECT OF COLD DRAWING ON MECHANICAL PROPERTIES AND ON ELECTRICAL CONDUC- 
TIVITIES OF 65 PCT AG—9g3.5 PCT CU WIRE (HEAT 89) CU ALLOY WIRE, IN THE AGED AND;UNAGED 


CONDITIONS. 
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the obvious advantage of simplifying still very important. When the wire received 
further the wire-drawing schedule, and in _ the final anneal at 0.027-in. diam, or 8 ga., 
addition seems to tend to give slightly maximum strength was obtained with a 
higher strengths. grain size of 0.035 mm (determined by com- 

‘A number of experiments were made to _ parison with ASTM standards). With the 
determine the effect of grain size after the final anneal at 44-in, diam, no relationship 
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could be established between grain size and 
strength of the finished wire. In the labora- 
tory, a grain size of 0.035 mm was attained 
by annealing 8-ga. wire for 45 min. at 


10" GAGE LENGTH 
0.0106"-DIA. WIRE 


LOAD - POUNDS 


o.o11-in. diam, a stress-strain curve was 
made by attaching gage marks to the wire 
with small screwed-on clamps, somewhat 
similar in design to those used for making 
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STRAIN-INCHES IN IO INCHES 
Fic 8—TyPIcAL STRESS-CURVE ON 29-GAGE 7 PCT SILVER—Q3 PCT COPPER WIRE. 


750°C, in a neutral carbonate salt bath. 
When the annealing is carried out in a 
muffle, rather than in a salt bath, the re- 
quired time is longer, of course, because of 
the slower heating rate. 


TABLE 1—Reproduction of Results from 
Three Heats of 7 pet Silver Alloy 


Con- 
Heat _ | Tensile | ,A4¢- 
Treatment |Strength, Barr 


* 
at Gage psi Cent 


IACS 


15 min. at 
400°C 

I5 min, at 
400°C 

I5 min. at 
400°C 


164,000] 73.4 


164,000 | 73.5 


164,000] 71.9 


* Wire from each heat was annealed at 8 ga. 
+ Nominal, not assayed. 


Physical and Mechanical Properties of 
29-Gage Wire 

Tensile Tests—Since it is rather difficult 

to attach an extensometer to a wire of 


high-temperature creep tests. A tared pan 
was then attached to the lower end of the 
suspended wire and lead shot added to the - 
pan in known increments while the elonga- 
tion was followed with an optical microm- 
eter comparator. Although the work was 
carried out as expeditiously as possible, 
work hardening of the wire took place dur- — 
ing testing. The wire used for these tests 
had a uniform and carefully checked tensile 
strength of 164,000 psi when broken by 
continuous loading in the tensile testing 
machine, while the minimum ultimate 
strength that could be found by the method 
of intermittently increased loads was 
174,000 psi, with strengths of up to 180,000 
psi being recorded. Properties of this wire 
are shown in Table 2. Results of a typical 
test to determine the usual mechanical 
properties are shown in Fig 8. No value 
for total elongation is given, because the 
gage marks slipped on the wire at the time 
of failure. It is probable that very little 
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work-hardening effect was evident until 
after the 0.1 pct offset yield point was 
reached. 


TaBLe 2—Mechanical Properties of 7 pct 
Silver, 93 pct Copper Wire Processed 
for Maximum Strength 


As determined by intermittent loading: 


Modulus of elasticity.......... 15.3 X 10° psi 
Proportional limit......5..-.+0. 128,000 psi 
Yield strength, 0.1 pct offset.... 153,000 psi 
Yield strength, 0.2 pct offset.... 163,000 psi 
Ultimate tensile strength....... 174,000 psi 


As determined by continuous loading: 
Elongation, per centin 4in..... 
Yield point by drop of beam.... 


0.5 
1 7 Same as ultimate 
Ultimate tensile strength....... 


164,400 psi 


Creep Tests—Satisfactory resistance to 
sustained loading is shown by the test 
results given in Fig 9, when a nil* minimum 
creep rate at 78°F is demonstrated for loads 
of up to 150,000 psi, and failure under 
160,000 psi load occurred only after 400 hr. 


been reported by Smith and Lindlief* and 
others, while it becomes harder on cold 
working, after which it may again be 
softened by aging, the indentation hardness 
is not a satisfactory method of following 
the progress of fabrication. Table 3 lists 
some of the hardness determinations made 
on various alloys. In accord with the re- 
sults of Smith and Lindlief* and Weist,’ the 
hardness of a quenched 6.5 pct Ag alloy is 
seen to increase on aging at 4c0o°C. Aging 
the alloy after drawing 6 B & S numbers 
decreases the hardness, however. 

Physical Properties—Apart from elec- 
trical resistance which was determined 
with a Kelvin Bridge at a constant tem- 
perature of 78°F on all specimens, the only 
physical properties determined were the 
temperature coefficient of resistance for 


TABLE 3—Hardness of Copper-silver Alloys 


Silver Sy gern Equiva- 
ae Condition Jent 
Per Cent Unit Gee Vickerst 
Effect of variation in silver content 1.0o* | Wire, 0.101 in., | Vickers 5 kg 82 
3.0* annealed 2 hr 80 
5.0* at 750°C 86 
10.0* 126 
30.0* 120 
50.0* 83 
71.9% , 154 
As-Cast and annealed 6.38 | As-cast Brinell, s00 kg] 58 65 
6.38 | As-cast and an-| Brinell, 500 kg] 51 55 
nealed 2 hr at 
: 745°C ; 
Aging quenched alloy 6.5* Wire, 0.127 in., | Rockwell 15-T 72.5 78 
annealed 45 min. 
at 745°C 
6.5* | As above, aged 4] Rockwell 15-T 82.5 84 
? ; hr at 400°C 
Aging drawn wire 6.38 | Wire, 0.064 in.| Vickers 5 kg’ 175 
drawn through 6 
B & S numbers 
6.38 | As above, aged 12| Vickers 5 kg 148 
min. at 400°C 


* Nominal, not analyzed. 


t From ‘‘Hardness Conversion for Cartridge Brass,’’ Metal Progress Data Sheet No. 62, 1943. 


Hardness—A limited number of experi- 
ments were made to determine indentation 
hardness of the copper-silver alloy at vari- 
ous stages in the reduction of the cast in- 
gots to wire. Since this alloy has the 
unusual property of becoming simultane- 
ously harder and weaker on aging, as has 


* Nil: too low to be determined experi- 
mentally. 


the 7 pct silver alloy and the specific 
gravity. A value of a = 0.0034 for the 
temperature coefficient of resistance was 
determined for the temperature range of 
10 to 30°C. Thus: p = po(1 + 0.0034t). 

The specific gravity of the 29-ga. 7 pet 
Ag wire was 9.045. 

The electrical conductivity and strength 
are somewhat interdependent. When the 
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wire is processed for maximum strength 
the electrical conductivity is normally 
between 70 and 75 pct IACS. With decreas- 
ing strength, the conductivity may reach 
88 pct or higher directly after aging. 


DEVELOPMENT OF HiGH CONDUCTIVITY 


Attempts were made to develop the 
highest possible electrical conductivity 
with a minimum of 120,000 psi tensile 
strength. As before, this appeared to be 
obtainable with wire heat treated at 14 ga. 
and then drawn. Using 6.0 pct Ag alloy 
wire, annealed at 8 ga., drawn to 14 ga. 
and aged 4 hr at 375°C, wire strands were 
obtained after drawing 13 numbers hard 
that had 116,000 psi tensile strength and 
85.3 pet IACS conductivity, while at 15 
numbers hard, the strands showed 130,- 
ooo psi strength and 83.9 pct IACS 
conductivity. 

A considerable effort had been expended 
previously to try to make use of a stress- 
relieving treatment, or low-temperature 
anneal, to improve the properties of the 
wire. These attempts had met with indiffer- 
ent success, as at times the results seemed 
favorable, but on being repeated on differ- 
ent heats, no advantage would be shown. 
It had been found, however, that treat- 
ment of the finished wire by reheating 214 
min. at 250°C (480°F) would relieve slight 
brittleness if present, and would usually 
result in a small increase in electrical con- 
ductivity, and might or might not lower 
the tensile strength slightly. The best high- 
conductivity result obtained with 7 pct Ag 
wire was reached by annealing the wire at 
8 ga., drawing 6 numbers to 14 ga., reheat- 
ing for 16 hr at 375°C, and drawing to 29 
ga., followed by reheating 2}% min. in a 
wax bath at 250°C (480°F). Wire produced 
in this manner had a tensile strength of 
128,000 psi with a conductivity of 84.6 
pet TACS. 

From 4 pet Ag wire, a strength of 122,000 
psi with an electrical conductivity of 84.6 
pet IACS was obtained by reheating 14-ga. 


wire for 1 hr 50 min. at 400°C, drawing to 
24 ga. (0.020-in. diam), reheating 2 hr at 
250°C, and then drawing to 29 ga. (o.o11- 
in. diam). The 4 pct Ag wire, however, is 
in a highly unstable condition after heat 
treating for 1 hr 50 min. at 400°C, because 
here the properties are changing very 
rapidly, so that it would be very difficult 
to produce any quantity of wire in this 
manner with properties predictable before 
drawing. 

In making the test on the 4 pct Ag wire, 
time of heat treatment at 14 ga. was varied 
from 1 to 24 hr both with and without the 
250°C treatment at 24 ga. The wire be- 
comes more or less stable after 4 hr at 
400°C. Finished 29-ga. wire after this 
treatment developed 103,000 psi strength 
with 88.1 pet [ACS conductivity. In gen- 
eral, the additional 2 hr at 250°C had no 
effect whatever on the final conductivity, 
but did increase the tensile strength 
slightly in all cases, the minimum increase 
being 1,000 psi, and the average of all tests 
3,000 psi. The maximum conductivity was 
reached after 8 hr treatment, 400°C at 14 
ga., after which the finished wire exhibited 
89.4 pct IACS. The strength continued to 
decrease slowly, however, dropping to 
98,000 psi after 24 hr treatment. 

When the treatment is directed to ob- 
taining maximum strength from any of the 
4 pet Ag to 6 pet Ag wires, no advantage 
whatever can be obtained from a treatment 


- at 250°C at any intermediate stage between 


the main aging step and the production of 
the finished wire, unless the wire shows 
signs of becoming brittle during drawing. 
Slight brittleness may be relieved by a 
suitable treatment without damaging the 
final properties obtained. 


MICROSTRUCTURE OF 6.5 PcT SILVER 
ALLOY 


The microstructure of the cast alloy 
of 6 to 7 pet silver in copper shows rather 
massive dendrites of silver in a copper 
matrix of such a size that they can be 
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almost distinguished with the naked eye. 
The binary alloy, cast in a cylindrical 
mold, shows the normal grain structure 
for copper alloys: a layer of fine crystals 
next to the chill mold, followed by a layer 
of columnar crystals extending toward the 
center, then a layer of finer crystals, and 
in the center a broken appearance where 
the stream of liquid metal was poured into 
the mold. Fig 10 shows a typical field of 
these dendrites. Although the magnifica- 
tion is too great to show the grain size, the 
primary grain size of the binary alloy does 
not tend to be excessive. 

The secondary grain size depends, of 
course, upon the annealing time and tem- 
perature. Recrystallization appears to take 
place rapidly at 750°C, but grain growth 
is not very rapid when appreciable amounts 
of silver remain out of solution. Repeated 
cold working and annealing are necessary 
to put all of the silver into solution. Fig 11 
shows the alloy after annealing 2 hr in the 
cast state, cold rolling from 34-in. diam to 
336 4-In. square, and reannealing 2 hr at 
750°C. The silver component appears as 
irregular light-colored globules with dark 
rims rather evenly distributed throughout 
the matrix. Fig 12 shows the same alloy 
after having been cold worked, annealed 
2 hr at 750°C, again cold rolled and re- 
annealed 45 min. at 750°C, and finally 
drawn to 0.127-in. (8 ga.) wire and rean- 
nealed 45 min. at the same temperature. 
The silver phase has now been almost, 
but not entirely, put into solution. From 
experience with other heats, the silver 
phase would have been entirely dissolved 
if the penultimate annealing period had 
been increased to 2 hr. Grain growth 
is rapid after most of the silver is in solu- 
tion. The wire from which the sample for 
Fig 12 was taken was then cold drawn 
through 6 dies to 0.064-in. diam. Fig 13 
shows the hard-drawn structure at this 
point. The typical fibrous or banded struc- 
ture of hard-drawn metal with transverse 
strain lines is clearly shown. Fig 14 shows 


the change this structure undergoes upon 
being reheated 12 min. at 400°C. Some- 
thing of the banded structure remains, 
although it is less distinct. The strain lines 
are practically all gone, indicating that 
stress relief is well advanced. No definite 
sign of recrystallization can be distin- 
guished, but there are a great many minute 
dots in a sort of stippling effect. These are 
easily seen in the clear areas. Without 
attempting to prove the statement, it is 
suggested that this effect probably indi- 
cates aging, or reprecipitation of the silver 
phase. The breaking up of the banded 
structure proceeds slowly at 400°C. Fig 15 
shows a similar alloy after 4 hr of reheating 
at 400°C. Some recrystallization is evident, 
but it is not very complete. No discrete 
silver globules were found. 


EFFECT OF VARIOUS ADDITIONS 


Although many additions might be 
made to the copper-silver alloy, some of 
which might possibly increase the tensile 
strength of hard-drawn wires, very few 
possible additions may be made which will 
not be expected to decrease the electrical 
conductivity. A few attempts to add a third 
element were made, of which only mag- 
nesium and cadmium showed any promise. 


Magnesium 


Magnesium may be added to the copper- ~ 


silver alloy, preferably in the form of a 
master alloy with about 10 pct Mg, 90 pct 
Cu. An addition of about 0.02 pet Mg to 
the molten alloy shortly before pouring 
permits the melt to be poured in air, rather 
than in a nitrogen atmosphere, with no 
deleterious after-effects. Wire produced 
from melts with this small amount of added 
magnesium develops exactly the same 
properties, both tensile strength, ductility 
and electrical conductivity, as the strictly 
binary alloy. If the magnesium content is 
increased to about o.1 pct, a gain in tensile 
strength is achieved with a minimum loss 
in electrical conductivity. The gain is 
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Fic 10, rr AND 12—MICROSTRUCTURE OF 6.5 PCT SILVER ALLOY. ETCHANT: COLD FECL;-HCL. 


Fig 10o—As-cast, silver-rich dendrites in alpha copper matrix. X 75. 
Fig 11—Rod, *34-in. square, annealed 2 hr at 750°C. Undissolved silver phase appears as 


light globules. X 350. 
Fig 12—Wire, 8 B & S gage, annealed 45 min. at 750°C. Silver phase almost all in solution. 


X 350. 
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Fig 13—6.5 pct Ag wire, 1 
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ALLOY WIRE 


Fic 13, 14 AND 15—ETCHANT: coLD FEC1;-HCt. 


Fig 14—As above, aged 12 min. at 400°C. X 500 


Fig 15—6 pct Ag wire, 14 


4B&S gage, drawn 6 B & S numbers. X 500. 
gage, drawn 7 B & S numbers, aged 4 hr at 400°C. .X 250. 
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about equal with o.1 pct magnesium or 
0.5 pct of silver, when either is added to 
an alloy containing 6 pct Ag, 94 pct Cu. 
In some specimens, wires were produced 
from an alloy of 6 pct Ag, 0.1 pet Mg which 
tested 168,000 psi with 72 pct IACS con- 
ductivity, and 171,000 psi with 69 pct IACS 
conductivity. These are presumably upper 
limit, rather than average properties. How- 
ever, the alloy with o.1 pct Mg is more 
difficult to cast into sound ingots. With 
larger magnesium additions, the alloy 
becomes progressively more difficult to 
cast, until with o.5 pct Mg, the casting 
may be expected to be completely porous 
and also brittle. For these reasons, much 
more than o.1 pct Mg cannot be recom- 
mended as an addition to the 6 pct Ag 
alloy. 


Lithium 


Lithium was tried as a deoxidizer for a 
larger than normal experimental melt. The 
alloy was cast in air without difficulty, and 
rolled and drawn well until very large 
amounts of cold work were impressed upon 
the alloy. Normally, in producing fine 
wire strands from the 6.5 pct silver alloy, 
the wire is drawn through 15 dies (one 
B & S number per die) after aging. With 
0.02 pct lithium, the wire became brittle 
after about 8 numbers reduction, and 
could not be reduced more than 13 num- 
bers without breaking. Stress annealing 
for 114 to 2 hr at 250°C relieved this con- 
dition, but no advantage was gained to 
compensate for the additional processing. 


Phosphorus 


A very small amount of phosphorus can 
produce a pronounced increase in strength 
in the alloy with 5 pct silver. Two alloys 
were made up and treated in identical man- 
ner, except that one contained 0.068 pct P. 
The properties of 29-ga. wire produced 
from these heats are given below. 

- Wire from both heats was sufficiently 
puctile for stranding. The phosphorus 
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El es 
Composition,* onga-! Tensile | ,CUC- 
nee Per Cent by Pet Cine Strength ee. 
Weight in 4 In pst Cent 
IACS 
48 |5.0 Ag 0.5 148,000 vi ie! 
49 | 5.0 Ag, 0.068 P 0.2 162,000 50.4 


* Balance copper. 


addition was noted to coarsen the second- 
ary grain structure notably. Although the 
tensile strength was very notably increased 
by the small phosphorus addition, the elec- 
trical conductivity also decreased sharply. 


Cadmium 


Cadmium alloys readily with silver as 
well as being soluble to about 2 pct in copper. 
When both silver and cadmium are present 
in a copper alloy, solubility of cadmium is 
reduced to a few tenths per cent, and a 
silver-cadmium phase is in equilibrium 
with the alpha copper phase. With as little 
as o.t pct Cd in an alloy, the annealing 
temperature must not exceed 700 + 5°C, 
or internal melting will take place. This 
limits the allowable silver content to not 
over 4 pct. The best result obtained with a 
copper-silver-cadmium alloy was from one 
containing 4 pct Ag and 0.25 pct Cd. This 
alloy was drawn out to 29-ga. wire which 
tested as follows: 


Tensile:strene thieves os hava cele een 150,000 psi 
Electrical conductivity............. 74.7 pet IACS 


The same amount of cadmium added to a 


‘3 pet Ag alloy will produce wire with 


properties about equal to a 4 pct Ag alloy 
without cadmium. When the aging treat- 
ment at 14 ga. was increased from 15 min. 
to 2 hr, the 29-ga. wire produced tested as 
follows: 


28 
3 ’ uc- 
Heat Composition Diam- pense tivity 
No (Bal. Cu) eter, /Strength, Per 
z X Inch psi Gent 
IACS 

47 ct Ag 0.OI1To] 118,900] 85.6 
83 | 3 pct Vet - 25 pct Cd jo.or10} 118,000} 80.5 
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Increasing the amount of cadmium to 0.5 
pct had little effect on the wire properties, 
but at 1.0 pct Cd, both the tensile strength 
and the electrical conductivity decreased. 


Zinc 
Addition of zinc to the 6 pct silver alloy, 
in the range of from 1 to 3 pct zinc had 
very little effect on the tensile strength, 
but the electrical conductivity decreased 


sharply. Zinc was judged to be a distinctly 
unfavorable addition for this reason. 


Zirconium 


Zirconium is difficult to add to copper 
alloys in a plumbago crucible, and when 
added, the zirconium loss is high. The 
principal beneficial effect seems to be to 
promote soundness of the alloy casting. 
Residual zirconium in the ingot requires a 
change in the alloy processing to form hard- 
drawn wire. An ingot made up with 6 pct 
Ag and 0.14 pct Zr was reduced to 8-ga. 
wire and annealed in the usual manner. 
The best method found for processing was 
to age the annealed 8-ga. wire for 16 hr at 
450°C, then draw to 29 ga. without reheat- 
ing. Tested at 27 ga. (13 numbers hard) 
and at 29 ga. (15 numbers hard), the wire 
had the following properties: 

Diameter, Tensile 


Gage Conductivity, 
No 


Inch Strength, psi | Per Cent IACS 
27 0.0141 145,500 74.7 
29 0.OrIr 171,500 68.4 


Although still ductile enough to have been 
stranded, the rapid increase in tensile 
strength with two numbers reduction 
probably indicates a peak value which 
would not be readily reproducible from 
heat to heat. From these data, the addition 
of zirconium to the copper-silver alloy was 
judged to be at best of doubtful value. 


Beryllium 


Beryllium can be added to the copper- 
silver alloy as regularly melted with very 


low loss, when added as the usual 3.5 pet 
beryllium-copper master alloy. However, 
0.4 pct Be in an alloy with 6 pct silver was 
found to reduce the conductivity of the 
finished wire to a maximum of 45 pct IACS, 
and to limit severely the amount of cold 
reduction possible between reheating steps. 
Beryllium is more unsatisfactory than 
phosphorus as an addition to the copper- 
silver alloy.* 


DISCUSSION AND CONCLUSIONS 


The copper-rich copper-silver alloys 
have been found to respond well to cold 
working after a suitable heat treatment. 
When made into fine wire strands, the 
alloy develops a higher strength than any 
other copper alloy in common use, except 
beryllium-copper. Unlike any other alloy 
developing comparable tensile strengths, 
it also retains a relatively high electrical 
conductivity when in the hardened condi- 
tion. The alloy is notably easy to process 
into wire. All of the temperatures used are 
relatively low. After annealing is com- 
pleted, which may be done while the wire 
is still as large as 14-in. diam, the wire may 
be drawn as much as 30 B & S gage num- 
bers without reannealing, and with a 
simple, although perhaps somewhat novel 
(for copper alloys), aging treatment. 

The conclusions of Weist? and of Smith 


and Lindlief,® that the 5 pct silver-copper_ 


alloy may be hardened by aging after 
annealing, with simultaneous loss of 
strength, was verified. Although a some- 
what lesser hardening effect was found 
than by Weist,’ and a greater hardening 
than by Smith and Lindlief,* none of the 
data are strictly comparable. 

The increased rate of strain hardening 
after aging also conforms to accepted 
theory and experience with other alloys. 

Although the first cost of materials for 
this alloy is comparatively high, the proc- 


* We understand a modified copper-silver- 
beryllium alloy has been developed during a 
parallel investigation in another laboratory. 


= 
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essing cost should be rather less than 
average, and for certain uses, the unusual 
combination of high strength and high 
conductivity obtainable should more than 
offset the cost. Since the high strength is 
not retained after annealing, the alloy will 
probably find little use other than in a 
highly strain-hardened condition. 

No substitute for a part of the silver in 
the alloy was found to be entirely satis- 
factory. The addition of a small amount of 
magnesium to the alloy is feasible and may 
often be desirable, either as a deoxidizer 
or as a definite constituent of the alloy. 
The addition of phosphorus in quite small 
amounts might also be desirable if it were 
required to increase the tensile strength 
of the alloy at the expense of severe loss in 
electrical conductivity. 
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A Copper-base Alloy Containing Iron as a High-strength, 
High-conductivity Wire Material 
By Wessrer Honce,* R. I. JAFFEE,* Junior Member, J. G. DUNLEAVY* AND 
H. R. Ocpen,* Junior MemBper AIME 
(Philadelphia Meeting, October 1948) 


INTRODUCTION 


Ear ty in 1946, at the instigation of the 
U. S. Army Signal Corps, the authors 
made an extensive survey of the available 
literature covering high-strength, high- 
conductivity alloys. For the purposes of the 
Signal Corps, the minimum tensile strength 
to be considered was 150,000 psi, together 
with at least 50 pct IACS conductivity. No 
single alloy was found to be in production, 
or mentioned in the literature, which had 
this combination of properties. 

The constitution diagram for the iron- 
copper alloys is not well established in the 
respect to the two-liquid region. Fig 1, 
taken from the 1939 Ed. of the ASM 
Metals Handbook, shows a two-liquid sys- 
tem existing above the liquidus temper- 
ature, but disconnected from it. Although 
Ruer and Fick! and Ruer and Goerens? 
definitely established the fact that two 
liquid layers could occur in the system, 
Ruer*® was not convinced that the line 
of immiscibility was closed in the center. 
Maddocks and Claussen‘ found no liquid 
immiscibility at temperatures up to 1570°C 
in alloys containing almost no carbon. 

Although the diagram would indicate 
age hardening of the copper-iron alloys is 
possible, Hanson and Ford® found that 
little hardening effect could be obtained. 


Manuscript received at the office of the 
Institute March 16, 1948. Issued as TP 2422 
in MeraLs TECHNOLOGY, August 1948. 

* Battelle Memorial Institute, Columbus, 
Ohio. 

1 References are at the end of the paper, 
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However, Gordon and Cohen® reported 
that the response is better if the quenching 
is very efficient. 

Although iron has a potent effect on the 
conductivity of copper, Hanson and Ford® 
have shown that, when hot-rolled copper- 
iron alloys are aged at 1200°F, the electrical 
conductivity decreases sharply with iron 
contents up to 0.2 pct Fe, and then levels 
off at conductivities between 60 to 70 pct 
IACS with compositions to 2.1 pct Fe. 
They also found that aging did not in- 
crease the tensile strength, although in- 
creasing iron content gave a moderate 
improvement in strength. 

High-strength copper-iron alloys, usually 
containing about 60 pct iron, had been re- 
ported by Smith and Palmer.’ They found 
that an alloy containing 56.4 pct copper, 


0.21 pct magnesium, balance iron, would’ 


give a maximum tensile strength of 170,000 
psi and an electrical conductivity of slightly 


over 35 pct IACS. The alloy could also be . 


processed to have 150,000 psi tensile 
strength, and about 41 pct IACS conduc- 
tivity. Decreasing the iron content in- 
creased the electrical conductivity, but 
the long mushy range during freezing of the 
alloy containing 10 to 20 pct iron made the 
production of good castings difficult. 

In spite of the difficulty encountered by 
Smith and Palmer with alloys of around 
20 pct iron, it was decided to make a rather 
complete investigation of this type of alloy. 
As a result of this investigation, a method 
of alloying and fabricating copper alloys 
containing 10 to 15 pct iron was developed 
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Fic 1—IRON-COPPER CONSTITUTION DIAGRAM, GREGG AND DaAnILorr. From A.S.M. MErTALs 
HANDBOOK, 1939 EDITION. 


that would produce a wire strand somewhat 
better than the minimum requirement set 
at the beginning of the project. 


MATERIALS USED 


The alloys were made of electrolytic. 


tough-pitch copper, Armco iron scrap, and 
a magnesium-copper master alloy made by 
dissolving copper in commercially pure 
magnesium under the “Dow 310” flux 


commonly used by foundries in melting 
magnesium. The master alloy, containing 
about 10 pct magnesium—go pct copper, 
was poured in air to obtain a porous, brittle 
ingot. Other materials occasionally used 
were commercial copper-phosphorus (15 
pct P), chromium metal, ferrochrome, anda 
copper-chromium alloy containing about 
13 pct Cr. The analyses of some of these 
materials are given below: 


ee 


Fe Cc 
PAR IMICOMTOM tr etG inte lees se ae 0.03 
Chromium metal..........% Po a ae 0.68 | 0.03 
“Ferrochrome........++++++++++00+ 28.7 


Per Cent by Weight 


Mn Si 12 Ss Cu Cr N 
0.008 | 0.002 | 0.021 | 0.05 
0.27 98.25 
0.86 69.1 0.06 
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For the above reasons and for the pur- 
pose of reducing the number of variables in 
the investigation, an attempt was made at 
all times to prevent carbon pickup during 
melting of the alloys. A slag cover was 
used, consisting of one part alumina and 
one part lime, fritted and ground, to which 
5 pct of fine silica sand was added. 

Although carbon content was normally 
kept low, one melt was made up from 
punchings containing 0.16 pct carbon. 
Using the melting procedure described be- 
low, an alloy with 10.7 pct iron was 
prepared which assayed only 0.007 pct 
carbon and could not be hardened by 
quenching from 900°C, indicating consider- 
able carbon loss during melting. No 
segregation was noted. Another alloy was 
prepared to which sufficient pig iron was 
added to bring the carbon content of the 
charge up to o.7 pct of the iron content. This 
alloy contained coarse iron dendrites, which 
were very hard after quenching and were 
largely segregated in the upper one-third 
of the ingot. The surface of the cast ingot 
appears to improve with increase in carbon 
content. Although the permissible limit of 
carbon content was not established, it is 
probable that the carbon content should 
not exceed o.1 pct of the iron content for 
production of fine wires. 


MELTING AND CASTING 


The alloy charge was weighed in the de- 
sired proportions, and the copper and iron 
were charged together into a crucible of 
magnesium oxide set in a small high-fre- 
quency induction furnace. The usual charge 
in these experiments was 15 lb of metal. 
After charging, the metal was covered with 
powdered slag, then heated to about 
3000°F, after which the temperature was 
allowed to drop somewhat, the magnesium- 
copper deoxidizer added and pushed under 
the surface with an iron rod, while the 
charge was further cooled to the pouring 
temperature. The optimum pouring tem- 


perature found for this size of ingot was 
about 2750°F. Just before pouring, the 
slag was skimmed off, then the metal was 
poured into a tapered cast-iron ingot mold 
provided with a small refractory hot top, 
such as is customary in pouring steel ingots. 
With this method of melting, no evidence 
of two liquid layers was ever noted. Also, 
no evidence of serious segregation of iron 
was noticed with this or larger ingot sizes. 
One ingot, 414 in. sq X 16 in. high was 
cast at 2745°F, and found to be fine grained 
and nearly free from segregation, an aver- 
age of 7 samples giving 89.05 pct Cu, with 
a minimum of 88.3 pct Cu, and a maximum 
of 89.7 pct Cu. Preparatory to pouring, the 
mold was washed with a suspension of 
bone ash and thoroughly dried. The alloy 
seems to be sensitive to moisture in the 
furnace or mold; even after preheating a 
new crucible to redness, it is usually im- 
possible to get a sound ingot on the first 
charge, although succeeding charges are 
normally poured without difficulty. Sound- 
ness of the ingot seems to be favored also by 
remelting, although this was not normal 
practice. On freezing, the alloy tends to pipe 
rather badly. This tendency can be over- 
come to a considerable extent, limiting the 
piping to the hot top, by covering the 
surface of the metal in the hot top with an 
exothermic riser compound shortly after 
pouring. In the experimental melts, a com- 
pound known as “Riser-X”’ was used 
successfully. This practice served the 
double purpose of reducing the extent of 
the pipe formed and also of keeping the 
top molten to allow escape of entrapped 
gases. By following this procedure, with 
careful control of pouring temperatures, 
sound ingots were produced regularly. 


HEAT-TREATING AND FABRICATION 


The alloy can be easily worked by hot or 
cold rolling, or by hot forging. Cast ingots 
have been cold rolled to 50 pct reduction in 
area without prior annealing. The preferred 
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practice, however, is to preheat the cast 
ingot to 1650°F, after scalping, then forge 
until the cast structure is well broken up 
and the ingot is reduced to a size convenient 
to pass through the rod rolls. There appears 
to be no brittle range in forging, but after 
the metal becomes completely black, forg- 
ing is difficult because the alloy does not 
flow readily under the hammer. Hammer 
forging improves the quality of the cast 
metal, apparently by welding shut small 
pores that may have been present in the 
cast ingot, although hot working does not 
increase the tensile strength appreciably. 
Following the forging operation, the alloy 
is again reheated to 1650°F, and then 
hot rolled to any extent that may be 
desirable. There appears to be no brittle 
range of temperature during the hot rolling. 
After hot rolling, the rod is again reheated 
to 1650°F and held at this temperature 
for at least 14 hr, then quenched in water. 
Quenching, however, is not necessary and 
the metal may be slow-cooled if desired. 
It is desirable to protect the work from oxi- 
dation by some suitable atmosphere when 
working with rods having diameters of 
approximately 3g in. and under. After 
annealing, the rod may be cold rolled to at 
least 75 pct of area reduction, and probably 
more. Wire drawing to make a strong wire 
presents little difficulty, but heat treatment 
is required to obtain high electrical con- 
ductivity. The heat treatment required 


depends to some extent on the alloy com-. 


position, but in the preferred range of 
10-15 pct iron, with about 0o.10-0.15 pct 
magnesium, the method used in the follow- 
ing example gave satisfactory results: I. 
Starting with annealed 0.170-in.-sq stock, 
the rod was drawn to about 56 pct reduc- 
tion of area and reannealed as before. 
2. The annealed wire was aged for one hour 
at 1200°F. 3. The wire was drawn 8 B & S 
numbers, or about 84 pct reduction of area. 
4. The wire was aged for 1 hr at 1020°F, 
quenched and re-aged for 1 hr at 840°C. 


(Alternately, the wire may be aged for 
1g hr at 1020°F, furnace cooled over a 
t-hr period to 840°F, held at this temper- 
ature for 14 hr, and quenched. Either 
method will give identical results in the 
final wire.) 5. The wire was again drawn 
8 B & S numbers, or about 84 pct reduc- 
tion of area. 6. The wire was aged for 2 hr 
at 750°F, and quenched. 7. The wire was 
drawn 5 B & S numbers, or about 68 pct 
reduction of area, and was then ready for 
stranding into cable. Properties of two 
29-ga wires produced by this method are 
given in Table r. In addition to increasing 


TABLE 1—Properties of Hard-drawn Cop per- 
iron Alloy Wire 


Resis- 
sae Con- 
Elonga- - tivity 
Heat | Diam, tion, ae at 78°F due- 
Noosa maine Pet in [Strength,| mi. *| “OY 
4 In. crohm- 
dna IACS 
21* | 0.0105 0.25 162,000 3.16 55-4 
21 0.0105 0.50 159,000 3.23 55-9 
86 | o.o1I1 a5 I57,000| 3.12 56.1 
86 0.O1II 0.75 157,000 3.11 56.3 


EEE 


* Contained 89.4 pct copper, 10.1 pct iron, 0.15 pet 
magnesium, and 0.005 pet silicon. 

+ Contained 84.1 pct copper, 15.2 pct iron, 0.10 pet 
magnesium, and no silicon. 
the electrical conductivity, the aging treat- 
ments provide some stress relief during 
drawing. 

The heat treatment described previously 
is not critical either as to time or temper- 
ature, but for improved conductivity it is 
necessary to provide some means of heat 
treating at low temperatures. The authors 
are of the opinion that step (4) might be 
simplified to 2 hr at about 1000°F, and 
that, furthermore, all of the quenching 
might be eliminated, and, instead, the 
work might be furnace cooled to below 
300°F advantageously. If this were done in 
step (2), it is quite possible that step (4) 
might be eliminated entirely. This alter- 
native procedure has not been worked out. 

If the amount of iron in the alloy is in- 
creased to about 30 pct, the total amount of 
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reduction following the annealing step at 
1650°F must be reduced to about 14 B &S 
numbers, since the rate of work hardening 
increases with iron content. The same heat 
treatment is used as with alloys of lower 
iron content. There seems to be no advan- 
tage, however, in using the higher iron con- 
tent for production of fine wire strands. 
Increased iron content tends to decrease 
the electrical conductivity. 


EFFECTS OF VARIOUS ADDED ELEMENTS 


Magnesium 


Magnesium is added as a deoxidizer, but 
a definite residual has been found desirable. 
If the residual magnesium drops much 


Heats 97 and 98 could not be drawn to 29 
ga and remain ductile enough for stranding, 
although the 27-ga wires from these heats 
were usable. 

It was found to be very difficult to obtain 
higher magnesium content in the alloy than 
that shown for Heat 98 in Table 2. The 
high strength found for this latter heat 
probably indicates that the wire is on the 
verge of becoming brittle at 27 ga. 


Phos phorus 


Some attempts to substitute phosphorus 
for magnesium were made. However, the 
resulting alloy was difficult to work cold, as 
it embrittled rapidly. The alloy could be 


TABLE 2—Properties of Copper-iron Alloy Wires with Higher Magnesium Content 


Tensile Resistivity 


sys . Conductivity 
Heat No. Composition Gauge No. Diam, In. Strength, at 78°F, : 
si Microhm-cm Pet IACS 
96 10.2 Fe, 0.27 Mg 20 O.OI1IL 157,000 3.395 51.5 
97 10.3 Fe, 0:46 Mg 27 0.0141 153,000 3.69 47.4 
98 11.4 Fe, 0.57 Mg 27 0.0141 167,000 3.690 47.4 


All data are average of two determinations. 


below o.1 pct, the strength of the resulting 
alloy for a given amount of reduction is de- 
creased, or, alternately, if it is processed to 
as high a strength by additional cold reduc- 
tion, the conductivity is lower. An alloy 
was made with 10.0 pct iron, 0.04 pct mag- 
nesium. The best properties that could be 
obtained with this alloy, when drawn to 
29-ga wire, were 142,000 psi tensile 
strength and 60.4 pct IACS conductivity. 
Another wire with 31.2 pct iron and o.o1 pet 
magnesium could be processed to obtain 
29-ga wire showing 159,000 psi tensile 
strength with 46.7 pct IACS conductivity. 
The residual magnesium may be increased 
to 0.28 or 0.30 pct without encountering 
difficulty. Alloys with up to 0.5 pct Mg 
may be cast and hot or cold worked without 
any trouble, but on drawing out to fine 
wire become brittle sooner than wires with 
lower magnesium content. This is illus- 
trated by the data in Table 2. Wires from 


cast and hot worked in the same manner 
as the alloy with magnesium. Properties of 
wire made from a copper-iron alloy con- 
taining phosphorus are similar to one con- 
taining magnesium. A wire containing 
28.7 pet iron and 0.15 pct phosphorus was 
processed to 29 ga and found to have a 


tensile strength of 181,000 psi with 46 pct ~ 


IACS electrical conductivity. The wire was 
slightly brittle, however. An alloy with 
6.4 pct iron and 0.34 pct phosphorus could 
not be drawn to wire, showing that the 
upper allowable limit for phosphorus is 
quite low. 


Chromium 


Chromium was added to the copper-iron 
alloy to increase the corrosion resistance. 
It was found that although the chromium 
was apparently concentrated in the iron 


phase, as had been expected, enough chro- — 


mium was dissolved in the copper phase to 


ieee 


; 
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reduce the electrical conductivity of the 
alloy to below 50 pct IACS, the minimum 
limit set for this project. However, the re- 
sistance to atmospheric corrosion was in- 
creased, and the strength of the alloy was 
also increased after cold working. An alloy 
containing 28.4 pct iron, 0.92 pct chromium, 
and o.24 pct magnesium was processed 
to 28-ga (0.0118-in. diam) wire having 
a tensile strength of 215,000 psi and a con- 
ductivity of 34.9 pct IACS. In some other 
heats, not drawn to wire, it was found that 
the chromium content should equal 4 to 7 
pet of the iron content to obtain the maxi- 
mum resistance to atmospheric corrosion 
obtainable in a workable alloy. High chro- 
mium content tends to cause the formation 
of relatively coarse, very hard, iron den- 


drites. These coarse hard particles make 
the alloy very difficult to hot forge. It is 
hoped that it may be possible to investigate 
this alloy more thoroughly at a later date. 


RESPONSE TO ALTERNATE AGING AND 
Cotp WorK 


The response of the alloy to alternate 
aging and cold work is well illustrated in 
the data given in Table 3. The most notable 
effect of aging is to increase the electrical 
conductivity. However, some reheating is 
necessary in drawing fine wire, as it is im- 
practicable to draw the alloy containing 
about ro pct iron through more than 10 or 
11 dies (one B & S number reduction per 
die) without reheating. In experiments on 


TABLE 3—Properties of a Copper-iron Alloy* Wire after Alternate Aging and Cold W ork 


Yield Tensile 


Resistivity 


Gauge | Diam, In. | Blgngation, | surength, | Strength, | at 78°F. | CBerTacs 
Annealed 1 hr at 1650°F 

8 | Oak 72 | 20.75 | 41,700 55,400 | 10.09 | 17.3 
Aged 1 hr at 1200°F 

8 | 0.1264 | 25.4 | 41,700 56,500 | 4.62 | 37.5 
As above, drawn to 

16 | 0.0503 | Pais | 96,600 100,000 | 4.90 | Sie 
Aged 1 hr at 1020°F 

16 | 0.0494 | 8.0 | 79,200 80,700 | 3.28 | 53-5 
Aged 1 hr at 840°F 

16 | 0.0492 | 7.5 | taste | 80,000 | 3.090 | 56.7 
As above, drawn to 

24 | 0.0200 | I.0 | | 127,000 | 3.487 | 50.1 


24 | 0.0200 | 


Aged 2 hr at 750°F 


| III,000 | 


AS eee 


29 | 0.o112 | 


* Chemical analysis of heat: 
down from the top, each wire has 


are the average of two tests. 


0.6 


As above, drawn to 


| 153,000 


0.8 pct Fe, 0.12 pct Mg, 0.01 pet Si, be 1e 
the full processing for the preceding line, in addition to that shown. All data 


3 354 52.2 


balance essentially copper. Reading 
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uv 


some similar material rolled to thin strip, MISCELLANEOUS TESTS 


it was found that aging had no effect on A single 230-Ib heat was made and cast 
the Rockwell hardness. Similarly, in wire into two ingots. One of these ingots, cast 


5 


ANALYSIS 
LocaTION Pcr Cu 


SOI AOMPWNH 
oo 
ve} 
MIKO NW OW 


Avefages <0 o Sapa uke ome ties 88. 
Excepting No. 6........ Average 89.05 
All Assays... comene-iaee 89.0 + 0.7 


Fic 2—DIAGRAMMATIC SKETCH OF I13-LB INGOT CUT ALONG CENTER LINE, 


drawing there is little gain in strength in at 2745°F (1505°C), was cut along the 
drawing annealed and aged wire over draw- center line and sampled at various loca- 
ing annealed wire. tions, as shown in Fig 2. The shaded areas 
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at the extreme top of the ingot represent 
the only visible porosity. The analyses, 
shown in the table accompanying the 
figure, indicate some concentration of iron 
near the top of the ingot, but from the data 
previously given in Table 1, no appreciable 
variation in the properties of wire drawn 
from various parts of the ingot would be 
expected. . 

A rod, 1 in. in diam, was machined from 
this same ingot and cut into 2-in. lengths. 
These were hot forged at 1650, 1750, 1800, 
and 1900°F, respectively, to 3¢-in. lengths 
in three hammer blows. Each of these 
forging tests was successful, as the metal 
forged without cracking. Another cylinder 
was heated to 2000°F, but copper began to 
liquate from the cylinder while it was in the 
furnace. 

The tensile strength of wires produced 
from ingots cast in dry sand molds is in- 
ferior to that produced from ingots cast in 
chill molds. Wires produced from a dry- 
sand mold, after drawing to 29 ga with the 
full annealing and aging schedule previously 
illustrated, had a tensile strength of only 
127,000 psi, with 52.0 pet IACS conduc- 
tivity. Since wire bars are not normally 
cast in sand, this is of no significance in 
wire production. The sand-cast ingots, as 
cast, had 74 Bhn. 

Hot-rolled bars made from chill-cast 
ingots were found to have 103-117 Bhn. 
After annealing, these same bars showed 


71.5 to 73.8 Bhn. These bars come from | 


three heats which had a nominal analysis of 
12 pct iron, 0.15 pct Mg, balance copper. 

The electrical conductivity of a chill-cast 
alloy, as cast, was determined as 29.3 pct 
IACS. Similar tests on a sand-cast alloy 
showed 28.0 pct IACS conductivity. These 
bars had the same nominal analysis of 
12.0 pct Fe, 0.15 pct Mg. 

Small (34-in. diam) tensile bars cut from 
the ingots described above showed the 
following properties: Chill cast—17.5 pct 
elongation in 1 in., 64.0 pct reduction of 


area, 20,500 psi yield, 47,000 psi tensile 
strength; sand cast—23.0 pct elongation in 
I in., 69.0 pct reduction of area, 17,500 psi 
yield, 46,000 psi tensile. Hot-rolled bars 
made from the same chill-cast ingots 
showed practically the same yield and ten- 
sile strength, but the elongation increased 
to about 43.0 pct in 1 in., while the reduc- 
tion of area decreased to 32.5 pct. From 
this, it was judged that hot rolling does not 
increase the strength of this alloy. 

Tinning tests on the 29-ga wires showed 
that the alloy could be tinned by the usual 
hot-dip methods with practically no change 
in properties. 


MICROSTRUCTURE 


The alloy, as cast, shows well-developed, 
although somewhat rounded, dendrites of 
the iron constituent evenly distributed 
throughout the copper matrix. Since the 
iron phase is present in an amount far be- 
yond the limit of solid solubility, there is 
no noticeable change on annealing the cast 
alloy. Macrographically, it has been im- 
possible to develop any well-defined grain 
boundaries in the alloy as cast in a chill 
mold. When the casting is made in a dry- 
sand mold, however, well-developed grain 
structure can be brought out by etching 
the surface with nitric acid. The grains in 
a 3-in. diam cylinder cast at 2750°F in a 
sand mold do not exceed 3 in. in diam. 
After cold working, recrystallization in the 
copper phase is known to take place at 
temperatures of 1550°F or over, but no evi- 
dence of recrystallization has been noted 
after aging at 1200°F and under. Fig 3 
and 4 show specimens of the alloy wires 
containing 12.0 pct and 29.3 pct Fe after 
cold working and annealing for 1 hr at 
1550°F at magnifications of tooo diam. 
Well-developed grain boundaries can be 
seen in the copper phase. The high-iron 
dendrites have been stretched into nearly 
parallel bands or wires imbedded in the 
copper matrix. The iron phase also appears 
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as small islands, some distributed at ran- 
dom, and others aligned as if they were the 
rough edges of another more deeply im- 
bedded band. After further drawing and 
aging, the structure of the alloy is quite 
similar to that shown, but the grain 
boundaries are no longer evident. 


CONCLUSIONS 


This work has shown the possibility of 
producing fine wire strands of an alloy of 
copper and iron which are capable of being 
made into stranded cable. Such an alloy 
wire can be made to have a tensile strength 
in excess of 150,000 psi and at the same 
time have more than one-half the electrical 
conductivity of pure copper. The preferred 
analysis for an alloy with these charac- 
teristics is 10.0 to 15.0 pct iron, 0.10 to 
0.30 pct magnesium, balance substantially 
copper. Chromium may be added to the 
alloy to make a high-strength, corrosion- 
resistant alloy with lowered electrical con- 
ductivity. Properly processed alloys of 
copper and iron might be used with advan- 
tage in some installations as conductor 
wires or in applications requiring springs of 
relatively high electrical conductivity. 
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Effect of Grain Size on Tensile Strength, Elongation, and 
Endurance Limit of Deep Drawing Brass* 


Haroitp L. WALKER} Memper AIME, anp Wittiam J. Craict 


(Philadelphia Meeting, October 1948) 


InpustRY has for many years recognized 
the dependence of certain mechanical and 
physical properties, as well as workability, 
upon grain size variations in brass. Al- 
though the dependence of properties upon 
grain size has been recognized there are not 
many instances where a planned program of 
testing has been conducted and where the 
only intentional variable has been grain 
size. In particular the literature is limited 
with respect to the effect of grain size on 
the endurance limit, though there are many 
industrial applications where the brasses 
are subjected to cycles of repetitive stresses. 


LITERATURE 


A number of the physical and mechanical 
properties of a given brass sheet, in the an- 
nealed condition, will depend upon: (1) 
The ready-to-finish grain size before final 
rolling, (2) the percentage deformation by 
cold working, and (3) the time and tem- 
perature of annealing. The first and second 
variables affect the recrystallized grain 
size, and the third variable affects the 
coalesced grain size. Gibbs! has shown the 


* Most of the material presented in this 
paper has been abstracted from a thesis sub- 
mitted by William J. Craig in partial fulfill- 
ment of the requirements for the degree of 
Master of Science, University of TIllinois, 
February 1947. Manuscript received at the 
office of the Institute June 3, 1948. Issued as 
TP 2478 in MeTALts TECHNOLOGY, September 


1948. 

+ Profesor of Metallurgical Engineering 
and Head of the Department of Mining 
and Metallurgical Engineering, University of 
Tllinois. 

$ Former Graduate student, Department 
of Mining and Metallurgical Engineering, 
University of Illinois; now Special Research 
Associate in Theoretical and Applied Me- 
chanics, University of Illinois. 

1 References are at the end of the paper. 


effect of two different ready-to-finish grain 
sizes upon the tensile strength and hardness 
of deep drawing brass strip after a definite 
amount of cold rolling. The smaller the 
ready-to-finish grain size, the higher the 
tensile strength and hardness, but with 
lowered ductility. Gibbs also demon- 
strated, for a given time and temperature 
of anneal, that the tensile strength, hard- 
ness, and elastic limit are higher for the 
smaller ready-to-finish grain size, but the 
elongation is lowered. 

Townsend and Greenall? have reported 
data which show that cold working in- 
creases the tensile strength, hardness, and 
load carrying ability of deep drawing brass 
sheet under reversed stress. Greenall and 
Gohn? have reported data which show that 
the smaller grain sizes have higher tensile 
strength and hardness properties, and the 
data also show that increased cold working 
increases the tensile strength and hardness 
properties of deep drawing brass sheet. 
Kommers‘ has reported data for tests of 
brass of known ready-to-finish grain size, 
a specific amount of cold reduction, and 
annealed at different temperatures above 
and below the recrystallization tempera- 
ture. Kommers’ results indicate that 
annealing below the recrystallization tem- 
perature does not change the tensile 
strength and hardness properties, but the 


‘endurance limit may be increased from 
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22,000 to 28,000 psi. The increased en- 
durance limit is explained as resulting from 
the reduction of internal stresses by a 
stress-relief anneal. Burghoff> and associ- 
ates have reported data on creep tests, over 


= 


a 


HAROLD L. WALKER AND WILLIAM J. CRAIG 43 


a range of temperatures, of deep drawing 
brass. Many other investigators have re- 
ported data on the mechanical properties 
of brass, but they have failed to present 
data on the previous history and the treat- 
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cial spring temper. The coil was given a 
stress-relief anneal for 3 hr at 215°C ina 
Bell type furnace. The hardness was 98 
Rockwell B numbers in what is designated 
the as received condition. 
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Fic 1—CHANGE IN HARDNESS WITH TIME OF ANNEALING AT VARIOUS TEMPERATURES. 


ment of the brass, and the data cannot 
therefore be correlated. 


EXPERIMENTAL MATERIAL 


The chemical analysis of the sheet brass 
was: Copper 67.97 pct, lead 0.05 pct, iron 
0.005 pct, and balance zinc. The ready-to- 
finish grain size averaged 0.012 mm diam. 
The final cold-rolling schedule was 0.200 to 
0.057 + 0.001 in. in Io passes. The final 
cold reduction amounted to 71.5 pct and 
corresponds to 11 B & S numbers or a spe- 


A number of control specimens }4 X I 
X 0.057 in. were annealed in a lead and lead 
alloy bath over a range of times and tem- 
peratures to determine the hardness and 
grain size relationships with annealing. The 
relationship of hardness with time and 
temperature is shown in Fig 1. Microscopic 
examination was conducted for recrystalli- 
zation and coalescence on many of the 
control specimens and from these examina- 
tions it was determined that a suitable 
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(RIGHT) MICROGRAPH 200 X. ELECTROLYTIC ETCH. 

‘Fic 2b—ANNEALED FOR 244 aR AT 377°C, (LEFT) BACK REFLECTION PATTERN, COBALT CHARACTER- 
ISTIC RADIATION, (RIGHT) MICROGRAPH 500 X. ELECTROLYTIC ETCH. 0.004 MM GRAIN SIZE. 
‘FIG 2c-—ANNEALED FOR 244 HR AT 430°C. (LEFT) BACK REFLECTION PATTERN, COBALT CHARACTER- 
ISTIC RADIATION. (RIGHT) MICROGRAPH 200 X. NH,OH-H2O» ETCHANT. 0.008 MM GRAIN SIZE. 
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Fic 2d—ANNEALED For 5}4 HR AT 478°C. (LEFT) BACK REFLECTION PATTERN. CoBALT CHARACTER- 
ISTIC RADIATION. (RIGHT) MICROGRAPH 200 X. NH,OH-H.2O2 ETCHANT. 0.024 MM GRAIN SIZE. 
Frc 2e—ANNEALED FOR 214 HR AT 620°C. (LEFT) BACK REFLECTION PATTERN. CoBALT CHARACTER- 
ISTIC RADIATION. (RIGHT) MICROGRAPH 200 X. NH,OH-H.O2 ETCHANT. 0.070 MM GRAIN SIZE. 
Fic 2f—ANNEALED FOR 214 ur aT 710°C. (LEFT) BACK REFLECTION PATTERN. CoBALT CHARACTER- 
ISTIC RADIATION. (RIGHT) MICROGRAPH 100 X. NH,OH-H.02 ETCHANT. 0.200 MM GRAIN SIZE.} 
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range of grain sizes could be produced by 
the following annealing schedules: 


na Si 

Time Hr Temperature °C pein ay 
24 377 0.004 
26 430 0.008 
5% 478 0.024 
2h¢ 598 0.050 
214 620 0.070 
26 710 0.200 
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pct) than the properties longitudinal to 
rolling direction, which indicates the possi- 
bility of a small degree of preferred orienta- 
tion in the as received brass sheet. In the 
back reflection patterns of Fig 2 the rings 
are of uniform intensity indicating that all 
crystal orientations are present with the 
same frequency. Tensile data which would 
indicate the possibility of preferred orienta- 


Fic 3—TENSILE STRENGTH AND PER CENT ELONGATION AS A FUNCTION OF GRAIN SIZE. 


Micrographs and X ray back-reflection 
patterns for the as received material and 
for each of the grain sizes are shown in Fig 
2. The X ray patterns were obtained from 
Cobalt characteristic radiation excited at 
40 kv and ro ma. 

The tensile properties transverse to 
rolling direction were slightly higher (8.4 


tion in the annealed material were not 
obtained. 


EXPERIMENTAL PROCEDURE AND 
RESULTS 


The tensile tests were made on a 40,000-Ib 
Riehle machine. Strain measurements were 
made with a “C” clamp strain-gauge and 


Cae 
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electronic indicator. A head speed of 0.05 in. 
per min. was used until the limit of the 
strain gauge was reached. The strain gauge 
was then removed and a head speed of 1.5 
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in. per min. was used until failure occurred. 


The percentage elongation was determined 
from changes in distance, before and after 
testing, between diamond shaped indents 
placed 2 in. apart. The values of ultimate 
strength and elongation are given in Table 
1, and for the annealed material are plotted 
in Fig 3. The stress-strain curves for three 
grain sizes are shown in Fig 4. 

Hardness numbers for the annealed 
specimens were made on the Rockwell 
Hardness tester, using a number of load- 
indenter combinations. The Rockwell B, 


STRAIN 


E, F, G, H, and K numbers for the various 
grain sizes are shown in Fig 5. 


The endurance limit for the various 


specimens was determined with the Krouse, 


IN. PER IN. 
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constant deflection, cantilever beam sheet 
machine. The specimens were so designed 
that the stress did not vary more than 2 pct 
from the maximum for a distance of ap- 
proximately o.1 in. on either side of the 
critical section. The type of specimen used 
is illustrated in Fig 6. The endurance limit 
was determined for roo million cycles of 
complete reversal of stress. The stiffness 
apparently changed during testing for it 
was noted that after a few thousand cycles 
of stressing the specimen would deflect 
differently under the initial dead load used 
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TaBLE 1—Effect of Grain Size on the Mechanical Properties of Deep Drawing Brass 


Endurance Ratio of 
Tensile Elonga- Hardness Limit at Endurance 

Condition Strength tion Pct | Rockwell | 100 Million Limit to 
PSI X 1000 in 2 in. oye Ia Cycles Ultimate 


PSI X 1000 Strength 


71.5 pet cold deformation 0.012 mm ready- 
to-finigh wrain SIZ. cx codes. teweueka Cats 105.9 6 98 Fee 0.208 
Haasaled 377°C 24g hr 0.004 mm grain 


Re Ap OR a A ts PES EU eh eR MSY Sear 61.3 47 63 24. 0.391 
Anneaied 430°C 2)¢ hr 0.008 mm grain 

Bee SE i ORT rd tac Meas 55-3 54 45 18 0.325 
Annealed 478°C 514 hr 0.024 mm grain 

satan wie cute Onchst'e ipicaitnge® / 26 ta ah ea os ME ee st.5 61.5 25 14 0.272 
Naachien 598°C 214 hr 0.050 mm grain size 6 


paused 620°C 214 hr 0.070 mm grain 


Fic 5— VARIATION IN ROCKWELL HARDNESS NUMBERS WITH GRAIN SIZE. 
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to determine deflection. It was, therefore, 
necessary to frequently check the load- 
deflection characteristics of the specimens 
and adjust the deflection accordingly. For 
the as received material the deflection in- 
creased, and for the annealed specimens the 
deflection decreased, as the test progressed. 
The results of tests for endurance limit are 
shown in Fig 7. 
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Annealing cold-worked brass causes the 
hardness to decrease during the process of 
recovery, recrystallization, and coalescence 
phenomena. The rate of change in hardness, 
; : Fic 6—TENSILE SPECIMEN AND FATIGUE 
for each of the phenomena, varies with the — sppcrmeN USED IN TESTS. SCALE REDUCED AP- 
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grain size during recrystallization and 
coalescence. The reasons for the change in 
slope of the hardness curves in Fig 1 are not 
well understood, but may be theorized as 
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changes as a result of recrystallization. The 
hardness changes for 477 and 526° anneals 
are caused essentially by coalescence 
phenomena. 


Fic 8—ENDURANCE LIMIT AT 100 MILLION CYCLES OF COMPLETELY REVERSED STRESSING AS A 
FUNCTION OF GRAIN SIZE. 


follows. Recrystallization had not begun 
in 24 hr for the lower temperature anneals, 
therefore recovery was taking place and had 
essentially become complete for each of the 
temperatures as shown by the flattening of 
the curve. For the annealing temperatures 
of 318, 334, and 357° recrystallization was 
taking place, and was accompanied by a 
further loss in hardness which masked out 
the effects of recovery upon hardness. 
Recrystallization began in approximately 
one hour and was complete in 24 hr for the 
357° anneal. For the 377, 412, and 440° 
anneals the hardness curves take an abrupt 
change in slope, and the change in slope 
occurs at hardness values of Rg 55-57, 
corresponding with the completion of re- 
crystallization at 357°C. The hardness also 
changes because of coalescence of grains 
alone. These changes are at a considerably 
decreased rate when compared to hardness 


Fig 3 shows the reduction of the tensile 
strength and increase in elongation as the 
grain size increases. This is in accordance 
with the accepted theory that the smaller 
the grain size, the greater the energy needed 
to cause deformation to take place, because 
of the shorter path of slip and interference 
in individual grains. The major decrease in 
tensile strength, that is, from 105,000 to 
61,000 psi is due to loss of work hardening 
through the mechanism of recrystallization. 
Fig 4 shows that as the grain size decreases, 
the energy necessary for permanent de- 
formation increases. The changes in energy 
of deformation account for the energy 
requirements in cold-deforming processes. 

The effect of decreased grain size in in- 
creasing the load carrying ability, under 
complete reversal of stress, is shown in Fig 
7 and 8. A sixfold increase in grain size 
from 0.004 to 0.024-mm diam reduces the 
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load carrying ability for complete reversal 
of stress by 41.5 pct. A further eightfold 
increase in grain size from o0.024- to 
0.200-mm diam decreases the load carrying 
ability by only 14.5 pct. In other words, 
appreciable improvement in load carrying 
ability, under reversed cycles of stress, is 
only found for the smaller grain sizes. The 
most effective grain sizes are somewhat 
below the range of grain sizes usually 
produced in industrial rolling practices. 
This also accounts for the fact that many 
investigators have failed to find any mate- 
rial improvement in endurance limit be- 
cause they were working with the larger 
grain sizes. It may also be pointed out that 
some of the other investigations have been 
run at constant deflection, rather than at 
constant stress as has been attempted in 
this investigation. A convenient method of 
evaluating the load carrying ability is the 
ratio of endurance limit to ultimate 
strength. For the o.004-mm grain the ratio 
is 0.391 as compared to a value of 0.272 for 
the o.024-mm grain size. 


SUMMARY 


Grain sizes smaller than are usually 
found in industrial rolling practices may 
have a very material and beneficial effect 
upon the mechanical properties, excepting 
the ductility properties, of deep drawing 
brass sheet. An earlier publication® has 
demonstrated that the recrystallized grain 
size is a function of the deformation pre- 


ceding annealing; therefore, rolling sched- 
ules may be adjusted or modified to produce 
smaller grains and take advantage of the 
improved mechanical properties. 

The endurance limit, for too million 
cycles of completely reversed stress, is 
almost doubled when the grain size is re- 
duced from 0.024 mm to 0.004 mm av. 
diam. The control of grain size for such 
applications as diaphragms, or where 
vibration is an important factor, may 
materially improve the life of the metal 
parts. 

This investigation indicates that the 
stiffness of brass changes as the brass, 
either annealed or severely cold-worked and 
stress relieved, is subjected to reversals of 
stress, especially during the first few thou- 
sand cycles. 
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Plastic Deformation of Large Grained Copper Specimens 


By WaAtter R. Hisparp, Jr.,* JuNIoR Memper AIME 


(Philadelphia Meeting, October 1948) 


THE increased strength of a polycrystal- 
line metallic aggregate compared with that 
of its individual crystals generally has been 
associated with complex stress distribu- 
tions at the grain boundaries resulting from 
atomic irregularity between grains. This 
disregistry, together with the necessity for 
adjacent crystals to deform compatibly 
regardless of the single crystal crystallo- 
graphic strain mechanism, complicates this 
mechanism so as to increase the metal’s 
resistance to deformation. 

Although Taylor! has shown from purely 
mechanical considerations the requirement 
for at least five active slip systems to 
absorb the complexities during the homo- 
geneous deformation of polycrystalline 
face-centered cubic metals, experimental 
studies by Barrett and Levenson? indicate 
that this is feasible only in a qualitative 
sense because of deviations from homogene- 
ous deformation. 

Seitz and Read in their review® state: 
“Unfortunately . . . present knowledge of 
the grain boundary influence is not suffi- 
cient to complement the work in single 
crystals and provide us with a good founda- 
tion for treating polycrystals.” 

The purpose of this investigation was to 
attempt to clarify the gap between single 
crystals and crystalline aggregates by an 

This paper is part of a dissertation pre- 
sented to the Faculty of the School of Engi- 
neering, Yale University, in candidacy for 
the degree of Doctor of Engineering, May 
1942. Manuscript received at the office of the 
Institute June 1, 1948; revision received 
June 25, 1948. Issued as TP 2469 in METALS 
TECHNOLOGY, September 1948. 

* Assistant Professor of Metallurgy, Yale 


University, New Haven, Connecticut. 
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analysis of the effects of deformational 
stresses. Some of the results were described 
by C. H. Mathewson in his 1943 Campbell 
Memorial Lecture.” 


PREVIOUS INVESTIGATIONS 


Since the performance of single crystals 
deformed under pure stresses has been rela- 
tively thoroughly investigated, the most 
significant researches are concerned pri- 
marily with deviations from single crystal 
behavior of large grained specimens. 

Qualitative grain boundary effects in- 
volving the observed amount of slip were 
reported by Carpenter and Elam? in 1921. 
Individual crystals in a two or three 
grained aluminum specimen deformed by 
tension acted in the normal manner de- 
scribed by Taylor and Elam* except for 
marked modifications at the grain bounda- 
ries. There the power to withstand deforma- 
tion was considerably increased, leaving a 
ridge on the specimen where decreased slip 
occurred, often noticeable 14 in. from the 
boundary. Adcock,* Yamaguchi,’ Seumel,® 
Hirst® and others have also reported this 
phenomenon as a qualitative trend. Yet 
attempts by O’Neill!® and Ljunggren™ to 
measure a difference in hardness at grain 
boundaries in undeformed specimens were 
unsuccessful. 

Miller’? measured quantitatively the 
reduction in slip near the boundary between 
the single crystal and polycrystalline areas 
of zinc specimens. These effects consisted 
of two parts: 

1. Next to the polycrystalline interface 
the distribution of stresses was so altered 


ee 
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that the shearing stress never reached the 
necessary value for slip. Glide was pre- 
vented as long as the boundary (that is, 
the neighboring grains) maintained its 
shape without deformation. 

2. In the adjacent areas the slip was re- 
strained, leaving a gradient between the 
amount of slip in the remaining unaffected 
areas and the portion where noslip occurred. 

Miller successfully evolved a formula for 
calculating the extent of these areas. Since 
hexagonal zinc has only one slip plane at 
room temperature, these measurements in- 
volve the simplest type of slip interference. 

The simplest type of slip interference for 
face-centered cubic metals was found by 
Burghoff!* in a brass single crystal which 
was critically oriented so that two dia- 
metrically opposite slip systems 
equally favorably disposed. Tensile defor- 
mation began simultaneously on both slip 
systems, forming three zones in the speci- 
men. The central area deformed diamet- 
rically oppositely from the other areas 
leaving two transition zones where little or 
no axis movement occurred. In these 
transition areas slip interference gccurred 
leaving a ridge, which was similar to those 
described by Carpenter and Elam? for 
polycrystals. This ridge probably consisted 
of a slip gradient of the type that occurred 
in Miller’s crystals. A similar deformation 
anomaly was reported in a copper-alumi- 
num alloy single crystal by Elam." 

These single crystal experiments indicate 


that polycrystalline deformation effects are - 


not dependent directly on the atomic config- 
uration of the grain boundary zone between 
the regular crystal lattice of adjacent 
grains, but rather on difference in the defor- 
mation mechanism of two adjacent areas, 
whether they be single or polycrystalline. 

Chalmers!® determined the tensile yield 
strength of rods containing two tin crystals 
with a longitudinal boundary such that 
the angle between their C axes was varied 
in a plane normal to the stress axis, and 
found it to be a direct linear function of this 


were 


angle. Chalmers!® in discussion stated that 
“Crystal boundaries do not themselves 
modify the stress-strain characteristics of 
the crystals; but the proximity of a second 
crystal raises the stress required to initiate 
slip to an extent that depends on the angle 
between the axes of the crystals, without 
altering the planes or directions that are 
effective . . . except, possibly, in the im- 
mediate vicinity of the boundary.” 

Aston!” measured deviations from the 
single crystal type of crystallographic de- 
formation mechanism near grain boundaries 
by X rays. An aluminum rod containing 
three large grains was extended 1o and 
later 20 pct in tension and a series of X ray 
photograms was taken at various distances 
from the grain boundaries. In two of the 
grains, points of analysis which were all 
well within the crystal, showed about the 
same change of orientation of the stress 
axis. Points within 2 mm of the boundary 
showed a smaller axis movement; and the 
point right on the boundary showed least 
slip. In the third grain, however, the axis 
movements deviated markedly from the 
great circle designating their theoretical 
single crystal path. In this grain, the 
amount of slip increased near the bound- 
ary, and here the largest deviations from 
the single crystal type of axis shift were 
observed. 

Andrade and Chalmers!® measuring the 
specific resistance of cadmium during 
plastic flow under constant stress, found 
two distinct stages. In the first, the elonga- 
tion was a cube root function of time and 
the specific resistance decreased in a man- 
ner that suggested that the axes of the 
crystallites were rotating in the manner 
that occurs during glide. In the second 
stage, elongation was a direct function of 
time with no further change in specific 
resistance. Chalmers!® concluded that the 
latter deformation must be of the kind that 
takes place in amorphous materials, shear 
occurring in all directions inclined at 45° to 
the direction of stress. 
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Bakarian and Mathewson!® noted that 
during the elevated temperature tensile 
deformation of a single crystal specimen of 
hexagonal magnesium containing a small 
twin, the glide ellipses from the parent 
crystal extended directly into the twin for 
an appreciable distance. These lines were 
not the traces of a low-index plane in the 
twin, although they were crystallographic 
in nature. 

Treuting®® in a concurrent investigation 
at Hammond Laboratory (summarized in 
C. H. Mathewson’s 1943 Campbell Memo- 
rial Lecture?!) found that during small 
extensions of coarse-grained alpha brass 
and aluminum tensile specimens the most 
frequently observed rotation of the stress 
axis in the various individual crystallites 
was about an axis in the operative slip di- 
rection. In addition, indications of compres- 
sive strains were reported, which, in one 
case, could be correlated with a bending 
moment resulting from the operative slip 
system in the adjacent grain. The interiors 
of the grains developed the greatest amount 
of axis shift, while complex multiple slip at 
the grain boundaries resulted in less axis 
shift but frequent fragmentation as indi- 
cated by X ray analysis. 

Apparently the crux of the problem is 
the choice of slip systems involved in the 
secondary slip forced on the grain less 
favorably oriented for the initiation of 
slip. However, none of the rationaliza- 
tions of polycrystalline textures?*.?5,24,26,26,35 
satisfactorily bridge, the gap between single 
crystal and polycrystalline deformational 
characteristics. 


PREPARATION OF SPECIMENS AND METHODS 
or ANALYSIS 


Copper was chosen for this investigation 
because it was available in oxygen free 
purity (99.985 pct Cu) and because it has 
been shown by von Gdler and Sachs?’ not 
to deviate from normal strengthening on 
secondary slip systems in the manner 
observed for brasses. Such a deviation 


would cause the axis rotation to overstep 
the symmetry position for secondary slip 
and could be confused with grain boundary 
effects. 

Cook and Macquarie?* reported that 
copper straight rolled over 95 pct reduction 
in thickness and annealed at 1to00°C would 
develop very large grains. The above pro- 
cedure was carried out without success 
since it resulted in grains with an average 
diameter only about as great as 0.25 in., 
and numerous twins. 

A useful variety of single, double and 
multi-crystal specimens was prepared by 
direct solidification in a graphite crucible 
under an atmosphere of purified nitrogen 
as described in a previous paper.” All speci- 
mens contained a measurable lineage 
structure. Orientations and X ray analysis 
of deformation effects were made using 
the back reflection Laue method described 
by Greninger.*° The position of the X ray 
beam with respect to grain boundaries 
was determined by placing a thin needle 
in the collimetor and measuring the dis- 
tance from the needle point to the grain 
boundary with a rule divided in o.or in. 
Measurements were reproducible to 0.025 
in. The error in X ray technique and 
plotting was probably less than 2°. 

The gauge section of tensile specimens 
was reduced by alternating polishing with 
various grades of abrasive paper to 0000 
and etching with dilute nitric acid in a 
manner similar to that described by 
Bakarian and Mathewson.!® Compression 
specimens were prepared by cutting the 
desired orientation from cast rods by 
means of a band saw and then preparing 
the compression surfaces by a metallo- 
graphic polish and etch. Observation 
surfaces were also polished and etched on 
the sides of these specimens. Rolling 
specimens were milled from cast rods and 
then given a heavy etch with nitric acid 
to remove worked surfaces. Observation 
surfaces were then metallographically pre- 
pared. Tension and compression specimens 
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were deformed at a rate of about 700 psi 
per min. Compression specimens were 
deformed in the mold and plunger described 
by Pickus and Mathewson,*! lubricated 
with heavy roll oil. Rolling specimens were 
reduced o.oo1 in. per pass in steps of 
10 Or 15 pct reduction in thickness using 
polished laboratory rolls, 37g in. in diam. 

The elongation of tensile specimens was 
measured by means of a series of 14-in. ga 
lengths marked along the element of the 
cylinder used as a reference line for X ray 
analysis. Strain measurements were also 
made by a Huggenberger tensometer with 
a 14-in. ga length as described by Treuting 
and Brick.*? 

Resolved shear stress shear and axis 
shift were calculated by the usual for- 
mulas.*3 In areas near grain boundaries 
where additional slip systems become pre- 
maturely active the resolved shear stress 
loses its significance. The secondary slip 
directions could not be determined by any 
measurement other than by speculatively 
attempting to resolve the direction of axis 
shift into components including the primary 
slip direction. This is hardly satisfactory. 
Resolved shear stress calculated using the 
theoretically active slip system for single 
crystals gives a value which is the maximum 
resolved shear stress since that for all other 
systems must be less than it. The signifi- 
cance of shear calculations in areas of pre- 
mature secondary slip is also questionable. 
Therefore, except where only one slip sys- 


tem was active, the amount and direction of 


axis shift in degrees was considered more 
useful. Axis shift was measured directly on 
the great circle between the original and 
final orientations. 


RESULTS 


Specimen P-1 contained two large grains 
and five small grains disposed as shown in 
Fig 1. X ray analysis and elongation meas- 
urements were made along the elements 
sketched and included the grains labelled 
a, 6, c and d, which were oriented as shown 


in Fig 2. The specimen was loaded to 710 lb 
(4536 psi) resulting in an elongation of 7 pct 
in 2 in., primarily in grain a, which was the 
only grain where measurable changes in 


Pace. 


Fic 1—SPECIMEN P-1. LOCATION OF GRAINS. 


axis orientation were measureable. These 
changes in orientation and microscopic 
examination indicated that only simple 
shear occurred. The results of the mechani- 
cal-crystallographic analysis are in Table r. 

The shear gradient from the interior of 
the grain to the grain boundary indicates 
that slip interference had occurred, proba- 
bly of the type described by Miller.” 
X ray photograms taken nearest the grain 
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boundary contained the start of Debye 
rings, indicative of the start of crystal 
fragmentation. 

The specimen was reloaded to 1280 lb 


cated crystal fragmentation as far as }4 in. 
from the grain boundary. 

A third loading of 2600 lb (15640 psi) re- 
sulted in an elongation of 41.5 pct in 2 in. 


Fic 2—ORIENTATION OF GRAINS IN SPECIMEN P-r. 


(7720 psi) resulting in an elongation of 13 
pet in 2 in. and “measureable shear in all 
grains analyzed except grain d. X ray 
analysis and microscopic observation again 


TABLE 1—Specimen P-1 Grain a First 


Extension 
Distance from oe Resolved Shear Shean 
tain b D egrees Stress psi 
0.000 in. 0.0 2068 0.000 
0.125 3.5 2088 0. FTs 
0.250 ea 2088 0.113 
0.375 4.5 2002 0.148 
0.500 eit 2006 0.167 
0.750 6.5 2006 0.2190 
0.920 8.5 2072 0.300 


indicated simple shear in all cases. The 
results are shown in Table 2. 

Again all of these grain boundary effects 
appear to be slip interference. Grain a 
developed a slip gradient as far as approxi- 
mately 1 in. from the grain boundary with 
the major amount of slip interference 
within the first tenth of an inch. In grain 
6 measurable amounts of shear were pre- 
vented as far as 14 in. from the grain 
boundary with slip interference as far as 
44 an in. In grain ¢ slip interference oc- 
curred primarily within the first tenth of 
an inch. Partially formed Debye rings indi- 


and visible ridges at all of the grain bound- 
aries concerned. X ray analysis and micro- 
scopic examination indicated simple shear 
in grain a near grain b and in grain b near 
grain c. In all other cases investigated 
marked deviations from simple shear be- 
havior were noted. The results are given in 
Table 3. 

Where resolved shear stress and shear 
are not included, measurable deviations 
from single shear behavior occurred. In 
grain c near both grains b and d indications 
of additional slip systems were found only 
within a tenth of an inch of the grain 
boundary. In grain b near grains a and d, 
larger amounts of axis shift resulted near 
the grain boundary than in the interior of 
the grain. This has been termed forced slip 
and indicates the boundary area is no 
longer rigid. Since grain d was within one 
degree of the [112] end position for slip, any 
larger amounts of axis shift occurring in it 
must result from deviations from single 
crystal behavior. In order to trace the path 
of the forced slip, a final extension was 
given the specimen so that the details of the 
irregular axis movement could be better 
analyzed. 

During the fourth extension the specimen 
broke in grain a about one inch from grain b 
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at a maximum load of 2750 lb (16,544 psi) 
and with an elongation of 70 pct in 2 in. 
The break was the double V-type both 
portions of grain a pulling to the shape 


obtainable from this region. Other grains 
showed marked deviation from single crys- 
tal behavior. The results are shown in 
Table 4. 


TABLE 2—Specimen P-1 Second Extension 


Distance Axis Shift : Di i i 
Tnches Degrees’ | R-S-S.psi | Shear eS ee ee AC RS.S.-pei)! |. \Sheas 
a near b b near a 
ovoo? 0.0 3748 0.000 0.02* 0.0 3708 0.000 
6.02% £0 3732 0.022 0.10 0.0 3708 0.000 
wets Lit} 3760 0.300 0.25 0.0 3708 0.000 
0.2 : 8.5 3732 0.353 0.35 2.5 3606 0.083 
eo oe ate e308 0.56 ae 3640 0.170 
: ; 04 0.387 0:27 : 2 0.316 
0.75 10.5 3668 0.437 Z 238 : 
0.90 Ir.5 3648 0.483 
x25 15.5 3480 0.669 
b near c c near b 
0.02 0.0 3708 0 000 0.02* 5.0 3788 0.203 
0.08 0.0 3708 0.000 0. 1r™ 12.0 3532 0.609 
0.25 0.0 3708 0.000 
0.48 2.0 3680 0.103 
0.65 S05 3660 0.125 
b near d c near d 


* Partially formed Debye rings. 


shown in Fig 3. A longitudinal section 
through the break was polished on a plane 
perpendicular to the major axis of the 
ellipse. The angle between the planes form- 


ing the V was 78°. Heavy etching with- 


potassium bichromate developed the flow 
lines seen in Fig 4. The distribution and 
direction of these lines indicate that the 
center of the specimen failed first. The sides 
of the preliminary break pulled together 
forming a small crack at the point of the V. 
Finally the specimen sheared along the 
planes of the V almost simultaneously. 

X ray analysis revealed that all grains 
had undergone forced slip near their grain 
boundaries. Grain a was so fragmented that 
only partially formed Debye rings were 


Fig 5 shows the deformation etch mark- 
ings developed in grain a near its boundary 
with grain b where fragmentation prevented 
X ray analysis. 

Fig 6 is a plot of axis shift at various dis- 
tances from the grain boundaries for the 
four extensions. The inhomogeneity of the 
slip is immediately apparent. Where slip 
interference occurred, smaller axis shifts 
occurred near the boundary (that is, grain 
a near grain 6). Where forced slip occurred, . 
in general, more total axis shift occurred 
near the boundary (that is, grain } near 
grains a, d or c during the 41.5 and 70 pet 
extensions). 

Fig 7 and 8 contain more quantitative 
data on slip interference. In Fig 7, shear 
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TABLE 3—Specimen P-1 Third Extension 


Distance Axis Shift : Distance Axis Shift : 
Inches Degrees RS S. psi Shear Inches Degrees RSartpae ster 
a near b b near ¢ 
0.02* II 7440 0.526 0.00* 5 7512 0.003 
0.13* 17 7072 0.758 0.02* 2.0 7530 0.072 
0.30* 17 7072 0.758 0.07* 3.0 7636 0.088 
0.63* 17 7072 0.758 0.25* S5 7440 0.213 
0.88* 17 7072 0.758 0.39* 8.0 7436 0.339 
1.07* 18! 6780 0.880 
1.40* 17 7072 0.758 
c near b c near d 
0.00 16 0.02* 19 
0.10 18 O.53™ 18 
0.15 18 0.28 Shy 
03:37 18 
b near a b near d Grain d 
Distance Axis Shift, Distance Axis Shift, Distance Axis Shift, 
Inches Degrees Inches Degrees Inches Degrees 
0.00 26 0.o1* 7 0.03? 7 
0.02 2 0.05* 10 0.11 15 
0.09 10 0. 10* II 0.02% 4 
0.20 II 0.25* 10 
0.35 12 0.63* 13 
0.56 I2 ° 


.88 | 12 


' Necking started here. 

2 Measured from grain b. 

3 Measured from grain c¢. 

* Partially formed Debye rings 


FIG 3—SIDE VIEW OF FRACTURE IN GRAIN 4, SPECIMEN P-1. 7 X. 
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Fic 4—CROSS-SECTION OF FRACTURE IN GRAIN @, SPECIMEN P-1. 15 X. 


strengthening curves are plotted for various 
distances from the grain boundary. Curve 
1, at the grain boundary, indicates the 
boundary area withstood a resolved shear 
stress of between 2000 and 3800 psi without 


TABLE 4—Specimen P-1 Fourth Extension 


: Axis Dis- Axis Dis- Axis 
Distance | Shift | tance | Shift | tance | Shift 
Degrees] Inches |Degrees| Inches |Degrees 
6 near a b near c b near d 
0.05 1 0.00 9 0.03 ite) 
0.13 rane) 0.03 6 0.08 9 
0.20 14° 0.06 2 0.13 10 
0.50 Tse 0.09 I 0.23 12 
0.75 1 0.14 3 0.50 I2 
0.30 a 
0.40 8 
| 
c near b d near b d near c 
0.00 I4 0.03 13 0.00 4 
0.02 23 0.06 10 0.03 7 
0.09 10 0.06 Io 
0.09 12 


cnear d 
et ee 
0.02 26 
0.05 16 


1 No Laue spots—partially formed Debye rings. 


measurable slip. This value is roughly at 
least four times the resolved shear stress 
required to produce measurable amounts of 
shear (2 pct) in a single crystal of copper 
and ten times its critical resolved shear 
stress.22 Curve 2 at 0.10 in. from the grain 
boundary is over half way from Curve 1 
toward Curve 3 at 1.00 in. from the bound- 
ary and indicates that the major effects of 
slip interference probably occurred within 
this first one-tenth of an inch. Curve 3 was 
taken at 1.00 in. from the boundary, ap- 
proximately at the fracture area, because it 
is considered that at this point single 
crystal behavior probably was followed. 
Fig 8 indicates the variation in resolved 
shear stress required for one degree axis 
shift at various distances from the grain 
boundary for grain a after the 7 pct exten- 
sion. The experimentally determined curve 
(A) is considered to be primarily affected by 
strain hardening and slip interference at 
the boundary. Since strain hardening is 
proportional to shear, Curve C drawn simi- 
lar in shape to the shear curve, was sub- 
tracted from Curve A leaving Curve B 
representing slip interference. As is indi- 
cated by Fig 7, the major effects of slip 
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interference occurred within the first one- 
tenth of an inch. 

The analysis of forced slip is considerably 
more complicated. Fig 9, point 5 is the 


I, 4, 3 and 2 lie very close to the 
great circle between the original orientation 
and a second slip direction labelled SDp_2. 
Since in this area no previous measurable 


ee pacdinene 


Gack 


Neo 


Fic 5—DEFORMATION ETCH MARKINGS IN GRAIN @ NEAR ITS BOUNDARY WITH GRAIN ). POTASSIUM 
BICHROMATE ETCH. I00 X. 


original orientation of the stress axis with 
respect to grain 6, SDg_; and SP», indicate 
the active slip direction and the pole of the 
active slip plane for single crystals accord- 
ing to Taylor and Elam.‘ Similarly SD4 and 
SP. indicate the original orientation of the 
theoretically active slip system in grain a. 
Point 8 is a typical conformity to single 
crystal behavior occurring during the 13 
pct extension 0.56 in. from the boundary 
with grain a. At the boundary, after the 42 
pct extension, the stress axis moved to 
point one. Away from grain a at distances 
0.02, 0.09, 0.20 and 0.35 in., points* 4, 3, 2 
and 6 were determined, respectively. Points 
. *X ray photogram taken at 0.02 in. showed 
elongated Laue spots covering a range of 


orientation having axis shifts from o to about 
6° with a predominant intensity at about 2°. 


axis shift occurred, it suggests that possibly 
this second slip direction was predominately 
active during the forced slip. This sugges- 


tion was further substantiated by point 6 — 


which lies close to the great circle between 
SDpz_» and point 8, the previous orientation 
for this area. The orientations after the 
fourth extension were points 2, 9 and to 
which were determined 0.13, 0.20 and 0.50 
in. from the grain boundary and are within 
the range between SDzg_;, SDs_2 and the 
original orientation. Point 10, one-half 
inch from the boundary appeared to follow 
single crystal predictions. While this type 
of analysis is somewhat speculative and 
oversimplified, it is believed useful in indi- 
cating potentialities for more thorough 
investigations. 
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Fic 6—VARIATION IN AXIS SHIFT IN SPECIMEN P-I DURING FOUR EXTENSIONS. UPPER HALF 
OPEN CIRCLES 7 PCT, OPEN CIRCLES 13 PCT, CLOSED CIRCLES 41.5 PCT, LOWER HALF OPEN 70 PCT 
ELONGATION IN 2 IN. 


7£00 


RESOLVED SHEAR Sr#ESS - PS/ 


157 0 45 GO 752 90 
%o SHEAR 


FIG 7—RESOLVED SHEAR STRESS-SHEAR CURVES FOR GRAIN @ AT VARIOUS DISTANCES FROM ITS 
GRAIN BOUNDARY WITH GRAIN b. 
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Fig 10 shows the results of the analysis of 
forced slip in grain } near grain d. The un- 
labelled open circle is the original orienta- 
tion of the stress axis with respect to grain 


i 
4 
3 


DEGREE AXIS SHIFT 
S 3 8 
8 3S s 
3 i) Ss 


8 


$ 


RESOLVED SHEAR STRESS(PSH PER 


(oH om? 4 6, 6 10 he 
INCHES FROM GRAIN BOUNDARY 


Fic 8—SHEAR RESISTANCE CURVE FOR 
GRAIN @ AT VARIOUS DISTANCES FROM ITS GRAIN 
BOUNDARY WITH GRAIN } AFTER 7 PCT EXTEN- 
SION. 


b. SPp and SDp, and SPzg and SDz_; are 
the theoretical slip planes and slip direc- 
tions for single crystals having the orienta- 
tions of grains d and 6b respectively. Points 
2 and 5 indicate changes which occurred 
during the 13 pct extension, and are inter- 
preted as slip interference. Point 1 was 
taken at the grain boundary after the 41.5 
pet extension and points 4, 7 and 6 corre- 
spond to the distances 0.05, 0.10 and 0.63 
in. from the boundary, respectively. Points 
3 and 8 are the results at distances 0.03 and 
0.13 in. from the boundary, respectively, 
after the 70 pct extension. The deviations 
from single crystal behavior suggest the 
activity of the second slip direction labelled 
SDz-_2 during the forced slip in grain 6. In 
general the largest deviations occurred 
nearest the grain boundary. 

Similarly, in grain d near grain }, Fig 11, 
after the 41.5 pct extension, points 1 and 2 
at distances of 0.03 and o.11 in. conform 
to the great circle between the original 
orientation (unlabelled circle) and the slip 


direction labelled 110. After the 70 pct 
extension, points 5, 3 and 4 at distances 
0.03, 0.06 and 0.09 in. indicate more slip 
nearer the grain boundary and the activity 
of a second slip system possibly involving 
the secondary slip direction marked SDp_». 
SPp_1 and SDp_1, SPz and SDz are the 
single crystal slip planes and directions for 
grains d and 6 respectively. Another possi- 
ble slip direction is labelled SDp_; and slip 
plane SPp. 

In Fig 12 grain d near grain c, after the 
41.5 pct extension, points 1 and 2 at dis- 
tances 0.02 and o.11 in. from the boundary, 
conform to the great circle between the 
original orientation (unlabelled circle) and 
the slip direction labelled 110. After the 
70 pct extension, points 4, 5 and 6 at dis- 
tances 0.03, 0.06 and 0.09 in. suggest the 
activity of the secondary slip direction 
marked SDp_». SP. and SD, correspond to 
the single crystal slip plane and slip direc- 
tion in grain c. The possible slip systems in 
grain d are labelled the same way as in 
Fig 11. 

In grain ¢ near grain d, there were indi- 
cations of normal slip (including double 
slip) as shown in Fig 13 by the unlabelled 
circles near the [112] end position along the 
theoretical great circle (dashed). Near the 
grain boundary, Point 1, 0.02 in. from 
the boundary after the 41.5 pct extension 
and point 2, 0.02 in. from the boundary after 
the 7o pct extension suggest the activity © 
of the secondary slip direction labelled 
SDe-2. SPp and SDp and SPe¢_; and SDe_, 
are the single crystal slip planes and direc- 
tions in grains d and ¢ respectively. SPc_» 
and SDe-_2 are a secondary slip plane and 
direction in grain c. 

Similarly, in grain b near grain c the re- 
sults of X ray analysis revealed normal axis 
shift along the theoretical great circle for 
single crystals, except, after the 70 pct ex- 
tension, at the grain boundary, an entirely 
reversed change in orientation suggested 
the activity of another slip direction. 

In grain c near grain b the analysis of 
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Fic 9—AXIS SHIFTS IN GRAIN b NEAR GRAIN 4. 
Frc 1o—AXIS SHIFTS IN GRAIN } NEAR GRAIN d, 
Fic 11—AXIS SHIFTS IN GRAIN d NEAR GRAIN ). 
Fic 12—AXIS SHIFTS IN GRAIN d NEAR GRAIN ¢. 
Frc 13—AXIS SHIFTS IN GRAIN ¢ NEAR GRAIN d, 
} Fic 14—AXIS SHIFTS IN GRAIN ¢ NEAR GRAIN b, 
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axis movement shown in Fig 14 suggests the 
activity of slip direction SDe_2 in addition 
to the theoretical one for single crystals, 
SDce_1. The solid circle is the original 


Fic 1 seapesmes Sli GRAINS IN SPECIMEN 
ca 

orientation. SP¢ is the single crystal slip 

plane in grain c. SPz and SDs, are the single 

crystal slip plane and slip direction in 

grain b. 

A second specimen, P-4, containing the 9 
grains shown diagrammatically in Fig 15, 
was alternately polished and etched as 
before to form a tensile specimen. A few 
millilitres of ferric chloride added to the 
nitric acid produced a surface suitable for 
metallographic analysis. The grains were 
oriented as shown in Fig 16 with respect to 
the tensile axis. One-half inch gauge lengths 
were marked along the reference elements 
and the specimen was loaded to 2000 lb 
(13,250 psi) at a rate of about 125 lb per 
min. The total elongation was 12 pct in 2 


in. distributed as follows: 


Grain Other Grains Included 


Elongation Pct 
i Measured | Between Gauge Marks 


in One Inch 


22.5 a None 

20.0 a Part of grain b 
14.0 a Grain b 

14.0 a Grains b, f and d 
10.0 a Grains ¢, f, g 


The presence of neighboring grains re- 
tarded the elongation of grain a as much as 
so pct depending upon the number and 
disposition of them. 

X ray analysis was performed along ele- 
ments including grains a, e and h, g and i, 
and f and a. 

The axis shifts plotted in Fig 17 clearly 
indicate the inhomogeneous nature of the 
deformation of the specimen. 

In grain a near grain e the stress axis 
followed the great circle toward the slip 
direction normally active in a single crystal 
of this orientation indicating simple shear. 
However, the results of the metallographic 
examination throughout grain a indicated 
the activity of a second slip system. The 
theoretically premature activity of this 
second slip plane is not surprising since 
some mechanism other than simple shear 
must be required to accommodate the shear 
gradients developed by the “grip effects” 
of the adjacent grains. This effect was par- 
ticularly noticeable near the boundaries as 
illustrated in Fig 18. 

According to X ray analysis, axis move- 
ments in grain / near e also conformed to 
simple shear, and the differences in orienta- 
tion within 0.25 in. of the boundary were all 
within experimental error of each other. 
The activity of a single slip plane was con- 
firmed by metallographic analysis which 
revealed a single set of slip lines extending 
right up to the boundary. However, a 
larger amount of axis shift was measured by 
X ray analysis near the grain boundary 
than away from it, indicating that forced 
slip had probably occurred on the slip sys- 
tem theoretically active for single crystals. 
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Axis movements in the remaining grains 
deviated measurably from the theoretical 
great circle depicting single crystal be- 
havior, and indicate the presence of forced 
slip. 

Metallographic examination of this speci- 
men produced results of some interest. Fig 
19 illustrates crystal fragmentation in grain 
a at its boundary with grain b. Fig 20, 21 
and 22 illustrate similar strain complexities 
at the junctions of grains. In Fig 20 slip 
lines seem to extend harmoniously from the 
top grain b through the grain boundary into 
the right grain f with only simple slip 
occurring in the former but considerable 
surface “‘rumpling”’ occurring in the latter. 
Three sets of slip lines are seen in the third 
grain a. In Fig 21, single slip appears only 
in the top grain , double slip in the bottom 
left grain f and in the third grain c. Fine 
irregular wavy lines seem to indicate 
severe strain in its apex. In Fig 22 particu- 
larly the lower right grain e illustrates the 
localized activity of several slip planes to 
suit the requirements of strain variables. 
The left bottom grain g contains several 
examples of cross-slip.** 

Grains e and f produced an interesting 
set of bands of slip lines at their vertical 
boundary shown in Fig 23. These bands 
formed at 60° angles and were composed of 
slip lines at slightly different directions 
from the directions of the bands as shown 
in Fig 24. The bands were apparently 
caused by mechanical flow conditions and 


were formed by slip on those systems which ° 


were most favorably oriented to submit to 
the flow. 

The axis of grain c was oriented near the 
cube direction and apparently its critical 
resolved shear stress was not reached since 
no general slip was exhibited microscopi- 
cally. However, as seen in Fig 23, the flow 
bands from grains e and f at several places 
extended through the boundary into grain 
¢ with somewhat diminished intensity. The 
boundary is shown in detail in Fig 25. It 
can be seen that the direction of the slip 


lines changes slightly at the boundary, 
which apparently transmitted the strain in 
a crystallographic manner. In some in- 
stances the flow extended entirely through 


SP 100 
Fic 16—ORIENTATION OF GRAINS WITH RESPECT 
TO STRESS AXIS IN SPECIMEN P-4. 


grain ¢ to form a second combination of 
bands at 60° angles shown in Fig 26. Again 
the slip lines are at a slightly different direc- 
tion from the flow layers. The third set of 
slip lines extended into grain c from its 
boundary with grain a, shown in Fig 27. 
These lenticular flow areas extended into 
grain c from grain a at an angle of nearly 
45° with the stress axis. The slip lines in the 
lenticles were nearly continuous with the 
general slip lines in grain a. The flow layers 
shown in Fig 26 may also be seen at the top 
of Fig 27. 

Grain c is thus a rather outstanding ex- 
ample of forced slip. Eight slip systems 
were nearly equally favorably oriented in 
this crystal, yet none of them operated 
generallv—but at least three operated 
locally following the strain patterns of 
three of its adjacent grains. 

Two compression specimens, each con- 
taining two crystals, were studied by a 
similar technique because: 1. The orienta- 
tions of the two grains and their boundary 
could be controlled. 2. The active slip 
planes might be followed by X ray analysis. 
3. The type of stress might have some 
effect. 

Results were similar to those described 
in tension. Axis shift results indicated the 
two types of phenomena, namely, slip 
interference (that is, less slip at the grain 
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boundary than away from it apparently on 
the theoretical slip system) and forced slip 
(that is, more slip at the grain boundary 


Ss 


AXIS SHIFT ~DEGREES 
5 


40.20 0 RO O «0 


than away from it and apparently on anom- 
alous slip systems). 

A third type of experiment included 
rolling 3 specimens each containing 2 crys- 
tals, one of which was rolled (100) [100]. 
The boundary was oriented (1) parallel to 
the rolling plane, (2) perpendicular to the 
rolling plane and direction, or (3) parallel 
to the rolling direction and perpendicular 
to the rolling plane. The results in the (100) 
[cor] grain were compared with a single 
crystal rolled similarly. The specimens were 
rolled up to 30 pct reduction in thickness. 
Metallographic observations were made on 
2 flats, both perpendicular to the rolling 
plane but one perpendicular and one paral- 
lel to the rolling direction. 

X ray analysis was used to follow the 
change in orientation of the rolling plane. 
Severe strain complexities were found even 
in the single crystal. There the orientation 
scarcely changed but at least 3 slip planes 
were visibly active based on microscopic 
observation on the metallographically pre- 
pared flats. Fig 28 and 29 readily illustrate 
the complexities of the strain even after the 
10.2 pct reduction. In Fig 28 (perpendicular 
to the rolling plane and direction) severe 
flow in grain a (top) had apparently 
strained the grain boundary to form corre- 
sponding groups of double slip lines in 


OR TIES bey 3, 
Distance From kaw Bounpary - Iwas 


Fic 17—VARIATION IN AXIS SHIFT IN SPECIMEN P-4 AFTER I2 PCT EXTENSION. 


grain b. In Fig 29 severe slip in grain 6 
(top) caused continuous ridges in grain a 
near the boundary. 


20 O &O 40 


Unfortunately, the complexities of the 
strains precluded any conclusive analysis so 
this phase of the work was abandoned. 

The final experimental approach in- 
volved small extensions of tensile specimens 
containing two crystals with a longitudinal 
boundary in the reduced section. After 
preparing the gauge length surface for 
metallographic examination, orientations 
were determined by X ray analysis and the 
Huggenberger tensometer was placed so 
the grain boundary was in the center of the 
knife edges. Shear strengthening curves 
were determined and compared with that 
of a single crystal. Axis shifts were meas- 
ured by X ray methods and the specimen 
surfaces were examined for slip bands. 

Single crystal specimen S-5 was used for 
the standard of comparison. It contained 
measurable lineage as reported in a previous 
paper.?® The specimen was extended thir- 
teen successive times, primarily to deter- 
mine the possible effect of interrupting the 
straining for purposes of observation. These 
curves have been previously published by 
Maddin, Mathewson and Hibbard.*4 The 
first two extensions are plotted in Fig 
30-A-1 and 30-A-2. The effect of prior shear 
on the proportional limit is plotted in Fig 
30-A-3. It is noted that the strengthening 
effect was immediate and approximately 
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12 PCT EXTENSION. 75 X. 

DARY BETWEEN GRAINS @ AND b, SPECIMEN P-4, 12 PCT 
EXTENSION. 75 X. 

UNCTION OF GRAINS b (TOP), @ (LEFT) AND f (RIGHT). 75 X. 

b (Top), c (RIGHT), AND f GERD) a75°X. 

(tert), f (TOP) AND ¢ (RIGHT). 75 X. 

) AND ¢ (BOTTOM). 18 X. 


Fic 18—GRrains a (BOTTOM) AND 6, SPECIMEN P-4, 
Fic 19—FRAGMENTED AREA AT BOUN 


Fic 20—SLIP LINES AT J 
Fic 21—SLIP LINES AT JUNCTION OF GRAINS 
Fic 22—SLIP LINES AT JUNCTION OF GRAINS § 
Fic 23—FLOW LAYERS IN GRAIN ¢€ (RIGHT), f (LEFT 
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24—SLIP AND FLOW IN GRAINS ¢ (RIGHT) AND f. SAME AREA AS Fic 23. 75 X. 

25—FLOW PASSING FROM GRAIN ¢ (TOP) INTO GRAIN ¢. 75 X. 

26—SLIP LINES IN GRAIN ¢. 75 X. 

27—LENTICULAR FLOW LAYERS IN GRAIN ¢ AT ITS BOUNDARY WITH GRAIN 4d. 12 X, 

28—ROLLING SPECIMEN, AFTER 10,2 PCT REDUCTION. PLANE PERPENDICULAR TO ROLLING 

PLANE AND DIRECTION. 75 X. 

29—ROLLING SPECIMEN AFTER 10,2 PCT REDUCTION. PLANE PERPENDICULAR TO ROLLING 

PLANE AND PARALLEL TO ROLLING DIRECTION. 75 X. 
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linear. Metallographic analysis indicated 
simple shear, and this was confirmed by 
X ray analysis. 

In specimen TD-1 the two crystals were 
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Fic 30—SHEAR STRENGTHENING CURVES FOR SINGLE CRYSTALS S-5 AND DO 
TD-2z. 


AND 


oriented with their axes very close to one 
another near the cubic portion of the stereo- 
graphic triangle. With the tensometer on 
the grain boundary, the specimen was 
loaded four times as shown in Fig 30-C-1 


through 30-C-4. Since the tensometer indi- - 


cated yielding at the grain boundary, it was 
assumed that in this immediate vicinity 
both grains were extended similar amounts 
and shear strengthening curves were 
plotted for both crystals from the single set 
of data. Comparing curves C-1 with A-1 
in Fig 30, it may be noted that the propor- 
tional limit in the former is measurably 
higher than in the latter. Slip lines along the 
boundary at an area between the tensom- 
eter knife-edges after the first extension 
were found to be traces of the theoretically 
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active slip planes predicted from single 
crystal behavior. Heterogeneous strain was 
noted on the other side of the specimen at 
the boundary where metallographic ex- 


See ay 


UBLE CRYSTALS, TD-1 


amination indicated the slip interference 
type of phenomenon. 

The second extension revealed two inter- 
esting stress-strain phenomena, as shown 
in Fig 30-C-2. First, there was a slight pre- 
mature yielding at the approximate stress 
of the proportional limit of the first exten- 
sion. This yielding indicated that possibly 
the latent slip planes were not all equally 
strain hardened during the first extension, 
and thus sheared locally at the low stress 
value until they were all strengthened to 
withstand the higher predicted yielding 
loads. The major yielding occurred at the 
stress where the previous extension was 
stopped and the plastic portions of the 
curves C-1 and C-2 formed continuous 
straight lines. To conserve space the entire 
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plastic portion of curve C-2 is not plotted 
but the maximum loads are denoted by the 
point at the arrows with the dashed line. 
In curves C-3 and C-4 of Fig 30 there also 
occurred slight premature yieldings at 
about the stress of the previous propor- 
tional limit. These yieldings were less 
pronounced with increasing shear, being 
scarcely noticeable in the curves but quite 
distinct to the operator of the tensile ma- 
chine. Again the plastic portions of the 
curves aligned themselves quite regularly 
except for a slight secondary yielding in 
curve C-3. Metallographic examination re- 
vealed extreme deviations from single 
crystal behavior during the last three ex- 
tensions. Double slip lines appeared pre- 
maturely in both crystals. X ray analysis 
indicated forced slip, which surprisingly 
occurred in a seemingly uncomplicated 
specimen, that is, only two crystals, closely 
oriented, relatively small shears, for ex- 
ample, 0.08, and the purest available type 
of stressing. 

In spec. 7D-2, the two crystals were 
quite differently oriented; grain a near the 
cubic pole and grain 6 near the dodeca- 
hedral pole. The shear-strengthening curve, 
Fig 30-B, contained a proportional limit 
somewhat higher than that of the single 
crystal, Fig 30-A-1. Strangély enough, in 
this seemingly* more complicated speci- 
men (as compared to T7D-1) only simple 
slip occurred as determined metallographi- 
cally and by X ray analysis. 

The mechanical-crystallographic results 
of the single crystal S-5 and the double 
crystals are shown in Table 5s. 

TD-1, the seemingly less complicated 
specimen from the crystallographic stand- 
point, exhibited the more complex shearing 
mechanism and the resolved shear stress 
at the proportional limit was somewhat 

* Degree of atomic misfit at a grain bound- 
ary is dependent upon the relative orientations 
of the crystals about their axes as well as the 
difference in axis orientation. Perhaps it is 
difficult to separate the influence of this factor 


from the difference in orientation of the active 
slip systems. 


higher. Specimen T.D-2, the seemingly more 
complicated specimen, exhibited the less 
complicated shearing mechanism and the 
lower resolved shear stress at the propor- 
tional limit. Apparently in copper, with its 
several available slip systems, no simple 
relationship exists between the crystallo- 
graphic orientation of the pairs of crystals 
and their yielding. If the unresolved pro- 
portional limit is considered, the greater the 
difference in orientation, the higher the 
unit stress value. Perhaps this latter con- 


TABLE 5—Proportional Limits of Tensile 


Specimens 
Proportional Limit Angle Between 
psi Lattices Degrees 
Crystal 
Resolved Not Rot | Trans | Result 
Resolved 
S-5 223 458 o C) r) 
TD-t-a 202 657 290 II 31 
b 327 
T D-2-a 282 673 60 42 69 
b 304 


sideration is the logical one, since the 
tensometer was located at the grain bound- 
ary where deviations from regular crystal- 
lography probably exist. For example, Ké*6 
recently has postulated viscous character- 
istics at grain boundaries. At any rate the 
grain boundary phenomena during plastic 
deformation are extremely complex and 
probably may not be analyzed by an over- 
simplified approach such as the one re- 
ported here. 


SUMMARY 


It has been shown from this work and 
other investigations previously cited that 
the introduction of even a single grain 
boundary into a metal crystal specimen in 
such a manner as to produce areas deform- 
ing differently under stress causes marked 
deviations from theoretical single crystal 
behavior described by Taylor and Elam.‘ 
These deviations take the form of macro- 
scopically inhomogeneous deformation re- 


WALTER R. HIBBARD, JR. gps 


sulting in measurable differences in crystal 
orientations within a single grain, which 
may eventually produce deformation etch 
markings such as those in Fig 5. Although 
an attempt was made, the Taylor theory of 
five operative slip systems! did not suc- 
cessfully predict the rotation of crystal 
axes and must be considered, at most, 
qualitative. This might be expected since 
he assumes ‘‘each grain .. . suffers ex- 
actly the same strain as the surrounding 
material in bulk.’’ This assumption has 
been conclusively shown to be in error. 

The inhomogeneous deformation is ap- 
parent in two ways: 

1. Slip interference usually occurring in 
the early stages of plastic deformation, con- 
sists of no measurable shear at the grain 
boundary, adjacent to an area of shear 
gradient from no shear to a maximum 
amount of shear on that sli» system pre- 
dicted from single crystal considerations. 
Miller!? has quantitatively described this 
phenomenon in zinc, and there is no reason 
to believe that his description is not applica- 
ble to face-centered cubic or other structure 
type metals as long as only one slip system 
is operating. From his measurements, no 
shear occurred on those slip planes which 
intersected the grain boundary. The gradi- 
ent area consisted of those slip planes which 
were affected (to a successively smaller 
extent) by the area where there was no 
shear, in a manner possibly analogous to 
the “grip” effect in a single crystal tension 
test. In the case of face-centered cubic 
metals, there may be small amounts of 
shear on a second system localized in this 
area such as that shown in Fig 18, which 
may be of the same origin as ‘“‘cross slip” 
reported by Maddin, Mathewson and 
Hibbard*! in single crystals of alpha brass. 
Slip interference probably occurs as long 
as the resolved shear stress in the primary 
slip system is not sufficiently large to de- 
form the boundary and/or the resolved 
shear stress on other systems is not large 
enough to permit their operations. 


2. When the resolved shear stress be- 
comes sufficiently large to deform the 
boundary* and/or to cause the operation 
of slip systems adjacent to it, the com- 
plexities of stress and strain are such that 
no simple analysis of the resulting plastic 
deformation is possible from existing infor- 
mation. Probably two or more slip systems 
act to produce more shear at the boundary 
than in the interior of the grain, here 
called forced slip. When the boundary de- 
forms it appears reasonable to believe that 
the choice of operating slip systems in the 
grain boundary area will be substantially 
influenced by the change in shape of the 
boundary and the changes in shape (and 
thus the operating slip systems) of the 
immediately adjacent grains. This main- 
tenance of crystal continuity is strikingly 
illustrated by Fig 25. It has been proposed 
by Hibbard and Yen* in a rationalization 
of polycrystalline deformation textures 
that where change in crystal shape is a 
controlling factor, the orientation of active 
slip directions with respect to the flow direc- 
tion is a critical factor. The experiments 
performed in this research and the available 
data in the literature are not suitable for a 
detailed analysis of this type. Such an 
analysis would require a large amount of 
quantitative data on critically oriented 
multicrystal specimens to permit a sta- 
tistical evaluation of the premise. It is 
unfortunate that so little can be quanti- 
tatively deduced about this phenomenon of 
“forced slip”? which is probably by far the 
most important factor in the deformation of 
polycrystals. 
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Some Factors Affecting the Rate of Grain Growth in Metals 
By J. E. Burxer* 


(San Francisco Meeting, February 1949) 


RECENT investigations have elucidated 
many of the phenomena of the grain 
growth process, but have also revealed 
some conflicting and unexplained results. 
Beck and his co-workers!*}* have shown 
that grain growth continues with con- 
tinued heating at one temperature until 
the average grain size approaches the 
thickness of the specimen. Plotting the 
logarithm of the average grain diameter, 
D, against the logarithm of the annealing 
time, ¢, they find the straight line relation- 
ship given by the equation: 


D= Kt [x] 


with possible small deviations at short 
annealing times. K and m are constants at 
constant temperature. On the other hand, 
Walker? finds that, in alpha brass, the rate 
of growth falls off more rapidly than indi- 
cated by Eq 1 after long annealing, so that 
an equilibrium grain size is approached. 
Burke® showed, using Walker’s data, 
that time and temperature for grain growth 
are apparently related through an activation 
energy, H, according to the relationship: 


H ( I I ) 
{ R 1 T> 
where t; and f¢, are the annealing times 
necessary for the average grain size to in- 
crease from Dy to D at temperatures T; and 


T, and R is the gas laws constant. In the 
case quoted, H had the value 60,000 cal per 
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1 References are at the end of the paper. 
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mol. The apparent validity of this relation- 
ship, at least up to 700°C, and the approxi- 
mate value of H were later confirmed by 
Beck. The results obtained by Beck 
Kremer, Demer and Holzworth? for alumi- 
num and aluminum-magnesium alloys could 
not be satisfied by such a relationship, 
since the slope of the isothermal curves in- 
creased with increasing temperature. 

These data indicate and Beck, Holz- 
worth and Hu® later demonstrated experi- 
mentally that the only apparent factor 
controlling the rate of grain growth at con- 
stant temperature is the grain size. 

While many of the phenomena have been 
elucidated, a reasonably quantitative. ex- 
planation of the process is lacking. There 
exists uncertainty even as to the primary 
driving force for grain growth, although 
there is a considerable body of indirect 
evidence that the interfacial energy of the 
grain boundary is responsible.”:*:1° 

Making implicit use of this assumption, 
several authors!4'® have pointed out that 
grain boundaries should migrate toward 
their center of curvature. Harker and 
Parker? have advanced this concept 
furthest, and show that one can expect 
grain boundary migration to occur only 
when the grain faces are curved, or when 
they meet at non-equilibrium angles. 
When the face is curved toward a grain A, 
for example, the atoms in the surface of 
grain B, on the other side of the boundary, 
are on the average more surrounded by the 
atoms of their lattice than the atoms on the 
surface of grain A. Because of thermal 
motion, the atoms at the interface will 
sometimes be attached to grain A and 
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sometimes to grain B, but since, because of 
the curvature, the atoms are more tightly 
bonded to the surface of grain B than grain 
A, there will be a net migration from A to 
B, and the boundary will migrate toward 
grain A. Using a similar argument, they 
show that if three grain faces meet along 
an edge at an angle other than 120°, the 
grain included by the most acute angle will 
be consumed, and the grain edge will mi- 
grate into that grain. They also point out 
that the rate of this migration should in- 
crease with increasing temperature and 
with increasing displacement from the equi- 
librium configuration. 

While these authors considered that only 
a plane face would have no tendency to 
migrate, Smith® shows that the net curva- 
ture of a face is the sum of two curvatures 
about axes at right angles to each other. If 
the algebraic sum of these two curvatures is 
zero, the face will be equivalent to a plane 
face as far as its tendency to migrate is con- 
cerned. Similarly, Smith has presented 
some evidence that the surface tension of 
grain boundaries is dependent upon the 
relative orientations of the grains on oppo- 
site sides of the boundary. If this is so, the 
surface tension of all boundaries may not 
be equal, and the equilibrium interfacial 
angle may differ from 120°. 

While Harker and Parker show that it is 
geometrically possible to meet their condi- 
tions for equilibrium, with all grain faces 
plane and meeting at angles of 120°, it 
seems extremely unlikely that these con- 
ditions will be satisfied in any real speci- 
men. Local migrations will always be in a 
direction to permit the grain boundaries to 
approach the equilibrium configuration, 
‘but the migration will be accompanied by 
the disappearance of grains and the intro- 
duction of new interfacial angles far 
removed from the equilibrium value, so the 
process will be self perpetuating. 

Little attempt has been made to put the 
theory on a more quantitative basis. Beck 


and his co-workers have shown? that if one 
assumes the rate of grain growth to be 
proportional to the total amount of grain 
boundary present in a specimen, then the 
rate of growth should be inversely propor- 
tional to the average grain diameter. As is 
shown later, a similar relationship can be 
derived, if some additional conditions are 
fulfilled, by assuming the rate of growth to 
be inversely proportional to the radius of 
curvature of the grain faces. From this 
relationship, one would predict the log D 
vs. log ¢ curves to have a slope of 0.5, but 
except for a few data obtained by Beck for 
aluminum and aluminum-magnesium al- 
loys at high temperatures, the observed 
slopes have been much smaller. 

The Harker-Parker hypothesis indicates 
that grain growth should continue as long 
as the grain face is curved. Zener® has 
pointed out that inclusions will inhibit the 
migration of a grain boundary, and when 
the inhibiting force is equal to the growth 
force due to boundary curvature, growth 
will cease. Assuming the growth force to be 
inversely proportional to the radius of 
curvature of the grain boundary, he shows 
this condition will obtain approximately 
when 


=% [3] 


where R is the average radius of curvature 
of the grain face, 7 is the average radius of 
the spherical inclusions and / is the volume 
fraction of inclusions in the specimen. 

In the present paper some further data 
on isothermal grain growth in alpha brass 
are presented. Growth has been studied 
under a variety of conditions and the data 
are used to permit a more complete answer 
to three of the fundamental questions con- 
cerning the process: Why does grain growth 
occur? What are the rate controlling fac- 
tors? What are the time-temperature 
relationships? 


Sm 


1 a a 
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EXPERIMENTAL PROCEDURE 
Preparation of Work Material 


Three lots of alpha-brass were used, and 
the data on them and the specimens pre- 
pared from them are shown in Tables 1 and 
2. Specimens A and B were from different 


TABLE 1—Analysis of Lots of Brass 


Lot Cu Zn Fe 
A 69.0 31.0 0.01 
B 68.5 3075: 0.01 
Cc Fee} ps 


TABLE 2—Preparation of Specimens 


: Re- Re- 
Seed | Tuck | Supe | goal | opstat 
men ness or : ~ 
Number | Diameter | p ete Anneal- Grain 
naan er Cent ing Size 
Temp °C mm 
A-I 13.0 52 450 0.007 
A-2 OnE 80 450 0.007 
A-3 0.225 80 450 0.007 
A-4 1.0 80 450 0.007 
B-t 14.0 46 450 0.008 
B-2 I4.0 46 450 0.19 
B-3 14.0 46 450 0.23 
C-1 9.0 47 400 0.005 


bars of the same lot of commercial car- 
tridge brass, purchased on the open market 
as 34-in. stock. The analysis presented in 
Table 1 shows them to be similar in compo- 
sition. Microscopically, a few inclusions 
were detected in these, some of which were 
assumed to be sulphides. Prior to swaging, 
Specimens A-1 and B-1 were annealed at 
450°C for % hr; Specimen B-2 was annealed 
at 850°C for 24 hr and water quenched; 


Specimen B-3 was annealed at 850°C for 24. 


hr and furnace cooled. These specimens 
were then cold swaged to their respective 
final diameters so that the final reduction 
was as indicated in Table 2. Sheet speci- 
mens A-2, A-3, and A-4 were cold rolled 
from A-r bar stock in a laboratory 
mill, with intermediate anneal at 600°C. 
All A- and B- group specimens were 
finally annealed at 450°C for }4 hr to re- 
crystallize them. The larger recrystallized 
grain sizes shown for Specimens B-2 and 
B-3 result from the large grain size in the 


cold worked material, caused by the long 
time of annealing at 850°C. 

Lot C was prepared in the laboratory 
from spectroscopically pure copper pur- 
chased from the American Smelting and 
Refining Co., and presumably identical 
with that described by Smart, Smith and 
Phillips;1! and from zinc of comparable 
purity. kindly supplied by Mr. E. A. 
Anderson of the New Jersey Zinc Co. The 
alloy was prepared in a crucible of high 
purity graphite obtained from Acheson 
Graphite Co., by melting the copper in 
vacuum by induction heating, admitting 
helium to a pressure of about 1 atm and 
then adding the zinc. Subsequently the 
alloy was remelted in a helium atmosphere 
and allowed to solidify in a 34-in. diam 
crucible. After cleaning the surface it was 
cold swaged to 3 in. with two intermediate 
anneals at 450°C and finally recrystallized 
at 400°C for one half hour. 


Heat-Treatment 


All specimens were recrystallized before 
the growth anneal to eliminate uncertainty 
as to the time required for recrystallization 
and as to the recrystallized grain size. For 
annealing periods up to 25 min. the speci- 
mens were heated in a lead bath; for longer 
times a muffle furnace was used. All tem- 
peratures were checked with thermo- 
couples that had been calibrated against 
each other, and the reported temperatures 
were reproduced to at least plus or minus 
two degrees. 

Specimens annealed in the lead bath 
were protected with a thin layer of aqua- 
dag. Those annealed in the muffle furnace 
were protected either by wrapping in 
several thicknesses of brass foil, or by 
sealing in evacuated glass or fused silica 
tubes, depending upon the temperature. 


Preparation of Specimens and Determination 
of Grain Size 


After annealing, the specimens were 
mounted, sectioned longitudinally along 
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the midline and then prepared metallog- 
raphically. Grain sizes were determined 
by traversing the specimen with the 
mechanical stage of a microscope for a 
known distance and counting all the 
grains that passed beneath the crosshairs of 
the eyepiece. From these data an average 
grain diameter was computed by dividing 
the distance traversed by the number of 
grains counted. Eight to ten counts along 
lines 5 to 1o mm long were made on each 
specimen, so that about 1000 grains were 
counted in most specimens. The average 
deviation of these subtotals from the over- 
all average was about to pct, but the grain 
size for the specimen as a whole could be 
reproduced to about 2 pct. Repeat runs 
under the same conditions could be repro- 
duced to about 5 pct. 

This method of counting has the ad- 
vantage of being reasonably rapid, and of 
covering large areas of the specimen, so that 
local fluctuations in grain size are rendered 
unimportant. Counts were always made 
both longitudinally and across the speci- 
men. The grain diameters in both dimen- 
sions were always nearly the same but 
there was a curious tendency for the grains 
to be a few per cent shorter in the longi- 
tudinal direction than in the transverse 
direction. 


EXPERIMENTAL RESULTS 


Effect of Partial Melting at the Grain 
Boundary upon Rate of Grain Growth 


If a two component alloy such as alpha 
brass is heated just above the solidus, par- 
tial melting will occur at the grain bounda- 
ries, altering them profoundly without 
appreciably affecting the body of the 
grains. A series of specimens from lot B-1 
were heated in a lead bath for the times 
indicated in Table 3 and then water 
quenched. After sectioning longitudinally, 
one-half was reheated to goo°C, just below 
the solidus and held for 5 min. One speci- 
men was heated only at goo°C for 5 min., 


and another specimen was slowly cooled 
from gto to goo°C and held for 5 min. The 
results are reported in Table 3 and micro- 
graphs of some of the specimens are shown 
in Fig 1 to 8. 

Examination of the water quenched 
specimens showed that grain growth con- 
tinued only as long as the specimen was 
completely solid. As soon as melting oc- 
curred, even if only at the grain edges, 
where three boundaries meet, grain growth 
stopped. A comparison specimen heated at 
goo°C for 5 min. showed a much larger 
grain size than was observed in any of the 
specimens heated at only g10°C, which 
indicates that growth was inhibited by the 
melting. Similarly, when specimens that 
had been heated above the solidus were 
reheated at goo°C, just below the solidus, 
grain growth continued, just as if the speci- 
mens had never been heated above the 
solidus. It made no difference whether the 
specimens were cooled to room temperature 
before heating at goo°C or whether they 
were furnace cooled to this temperature. 


TABLE 3—Grain Sizes with Grain 
Boundary Melting 
Average Grain 


Diameter—mm 
Annealing me Melting 


empera- | ‘Geo e- 

ture tected? RNA oh 
Quenched eet 
t 900°C 

910 5 No 0.01 0.60 
910 10 No 0.05 0.52 
910 20 No 0.16 0.54 
910 30 No 0.190 0.52 
910 60 Yes 0.19 0.54 
910 120 Yes 0.19 0.55 
910 360 Yes 0.19 0.60 
900 300 No 0.55 

rere 300 = 
900 300 “45 


* Then furnace cooled to 900°C and held 5 min. 


Effect of Sheet Thickness on Rate of 
Growth 


Beck, Kremer, Demer and Holzworth? 
first demonstrated that under conditions of 
continuous grain growth, the maximum 
grain diameter approximates the thickness 


i ere II 
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Fic 1-4—MIcROGRAPHS OF SPECIMENS IMMERSED IN LEAD BATH AT g10°C FOR FOLLOWING TIMES 
THEN WATER QUENCHED: Fic 1, 5 SEC; Fic 2, 10 SEC; Fic 3, 20 SEC; FIG 4, 60 SEC. 
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Fic 5 AND 6—SAME TREATMENT AS FOR FIG 1-4: FIG 5, 120 SEc; Fic 6, 360 SEc. 
Fic 7—SAME SPECIMEN AS FIG 6, REHEATED TO 900°C FOR 5 MIN. 
Fic 8—5 MIN. AT 900°C ONLY. 
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of the sheet. To investigate this effect 
further, a series of specimens of brass of 
different thickness were prepared as shown 
in Table 2. The isothermal grain growth 


Groin Diameter (m.mJ (log scale) 


25 25 25 


of the sheet, there was little difference. 
With increasing grain size the difference 
developed and became more pronounced. 
Above 600°C all specimens approached an 


250 2500 25000 


Time (min) (log scale) 
Fic 9—IsoTHERMAL CURVES FOR SPEC. A-I, 13 MM DIAM. 


Grain Diameter (m.m.] (log scale) 


25 2.5 25am 
Time (min) (log scale) 
Fic 10—IsOTHERMAL CURVES FOR SPEC. A-2, 0.1 MM THICK. 


curves obtained for them are shown in 
Fig 9, 10, rz and 12, and the essential data 
are summarized in Table 4. Either a 
greater slope or a larger grain size for a 
given annealing time and slope indicates a 
greater rate of growth. In general, growth 
was more rapid in the thick sheets than in 
the thin ones, although at low temperatures 
and short annealing times, where the grain 
size was small compared to the dimensions 


250 2500 25000 


equilibrium grain size at long annealing 
times, which equilibrium grain size in- 
creased with increasing temperature. In the 
thinnest specimens, the equilibrium grain 
size approximated the thickness of the 
specimen, but with increasing specimen 
thickness it increased less rapidly than the 
specimen thickness. It should be finally 
observed that the slope of the grain 
growth curve, and thus the rate of growth, 
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decreases long before the final grain size is 
reached. This is most marked in the 0.1 mm 
specimens, but can be seen in almost all the 
curves. 


sufficiently by annealing at high tempera- 
tures to appreciably alter the subsequent 
rate of growth. While they have not been 
identified, a number of inclusions were 


_ GroinDiameter [m.m.] (log scale) 


Time(min)(log scale) 
Fic 11—IsoTHERMAL CURVES FOR SPEC. A-3, 0.225 MM THICK. 


Grain Diameter [mm] (log scale) 


2500 


25000 


Time (min) (log scale) 
Fic 12—IsoTHERMAL CURVES FOR SPEC. A-4, I.0 MM THICK. 


Effect of Penultimate Anneal at High 
Temperatures 


As will be shown later, the previous re- 
sults indicate that the presence, distribu- 
tion and changes in the distribution of in- 
clusions can strongly influence the course of 
grain growth. The present experiments 
were guided by the assumption that it 
should be possible to coalesce the inclusions 


detected microscopically in the specimens 
of commercial brass. Since bar A had been 
used up, another bar, B, was selected from 
the same lot for this work. A comparison 
between the isothermal growth curves for 
specimens A-1 and B-1 after the same 
treatment are shown in Fig 13. A slight 
difference in the temperature dependence 
of the growth rate, and in the equilibrium 
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TABLE 4—Effect of Sheet Thickness on 
Rate of Growth 


Specimen 

Anneal- F 

a Grain | Equil 

8 C Size at | Grai 

- Tem- urve 1ZE a Tain 

Nadi Thick- metatare Slope | 10 min Size 
ber DESe °C mm mm 

mm 

A-2 QO). 2 500 0.17 | 0.012 | >0.04 
A-3 0.22 500 0.15 | 0.013 | >0.045 
A-4 1.0 500 0.15 | 0.013 | >0.05 
A-I 13.0 500 0.20 | 0.013 | >0.06 
A-2 OT 600 0.15 | 0.029 | >0.09 
A-3 0.22 600 Onr5: 10020382 > 0.11 
A-4 Ts.) 600 0.22 | 0.030 | >0.12 
A-I 13.0 600 0.20 | 0.032 | >0.16 
A-2 ‘Oya 700 0.17 | 0.056 0.10 
A-3 0.22 700 0.15 | 0.064 0.12 
A-4 1.0 700 0.22 | 0.086 0.20 
A-I 13.0 700 0.21 | 0.084 | >0.27 
A-2 0.1 800 0.09 | 0.09 0.115 
A-3 0.22 800 0.17 | 0.135 0.19 
A-4 EO 800 0.18 | 0.170 0.30 
A-I 13.0 800 0.20 | 0.270 0.55 
A-2 0.1 850 0.09 | 0.105 Onr2 
A-3 0.22 850 GO. FS) || 0. 160 0.23 
A-4 F.0 850 0.20 | 0.280 0.40 
A-I 13.0 850 0.18 | 0.420 0.75 


grain size at high temperatures may be 
seen, but the curves are very similar. 
Specimens B-2 and B-3 were annealed at 
850°C for 24 hr to coalesce the inclusions, 
then specimen B-2 was water quenched, 


800°CS 


and B-3 was cooled in the furnace at about 
10°C r hr to below 400°C. Since this an- 
nealing treatment produced a large grain 
size, it was necessary to subsequently cold 
work and recrystallize the material to 
obtain a small grain size. 

The isothermal curves are shown in Fig 
14. At all temperatures, the rate of growth 
in specimen B-3, which was slowly cooled 
from the high temperature anneal, is much 
greater than in B-1 which was never heated 
at the high temperature. On the average, 
the rate of growth, as measured by the time 
required to reach a given grain size, is 
about 20 times greater in specimen B-3, 
although under some conditions, especially 
at 700°C it is about so times greater. At 
low temperatures, the curve for specimen 
B-2 follows that for specimen B-1, at high 
temperatures it follows that for specimen 
B-3 and at intermediate temperatures it 
crosses from one curve to the other. 


Experiments with High Purity Brass 


To further investigate the effect of minor 
impurities, a melt of high purity brass was 
prepared as described previously. The ex- 


Grain Size (mm.) 


001 25 25 


Time Minutes 
Fic 13—COMPARISON OF ISOTHERMAL CURVES FOR SPEC. A-I AND SPEC. B-t. 
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perimental results are shown in Fig 15. The 
slope of the isothermal curves is much 
greater than was obtained with the brasses 
of commercial purity. The slope, m, of the 


ble. It is probable that this limiting grain 
size was largely controlled by the dimen- 
sions of a bar, since grain growth should 
be more inhibited in a cylindrical bar than 


(m m.) 


Grain Diameter 


Time - Minutes 
Fic 14—EFFECT OF PRIOR ANNEALING TREATMENT ON ISOTHERMAL CURVES. (SEE TEXT FOR 
TREATMENT OF SPECIMENS.) 


best straight line that can be drawn 
through the points increases somewhat 
with temperature as follows: 500°C, n = 
0.35; 600°C, m = 0.38; 700°C, n = 0.443 
800°C, m = 0.48; 850°C, n = 0.60. Since 
all the points do not fall on straight lines, 
some variation in measured slope is possi- 
ble, depending upon the weights assigned 
individual points. 

The largest grain size observed was 
about 1.75 mm but at this grain size there 
were so few grains in the 3¢-in. (9 mm) 
diam specimen that an accurate determina- 
tion of the average grain size was impossi- 


in a sheet, when the grain size approaches 
the dimensions of the piece. 


DIscussION OF RESULTS 


In the following section an attempt is 
made to give a semiquantitative explana- 
tion of some of the present results, and a 
more complete qualitative explanation of 
the grain growth process than has hitherto 
been offered. The arguments are based 
upon the following fundamental principles: 

1. The primary driving force for grain 
growth is the surface energy of the grain 
boundary. 


J. E. BURKE 83 


2. The rate of grain boundary migration 
is inversely proportional to the radius of 
curvature of the grain boundary, except 
that: 


melting may be limited to the grain edges, 
but that further heating below the solidus 
will cause further growth. 

If grain growth resulted from differences 


Grain Size (mm.) 


Time - Minutes 
Fic 1 5—IsoTHERMAL GROWTH CURVES FOR HIGH-PURITY BRASS. 


3. Inclusions may inhibit the migration 
of the grain boundary so that it ceases 
while nonequilibrium curvature and angles 
remain. 

4. For grain growth to occur, grain 
boundary migration must lead to the dis- 
appearance of grains. Variations in grain 
size distribution and in grain shape may 
lead to variations in the relationship be- 
tween average grain diameter and rate of 
grain growth. 


Driving Force for Grain Growth 


Two fundamentally different assump- 
tions have been advanced to account for 
grain growth. One claims that the surface 
tension of the grain boundaries is responsi- 
ble for grain growth, the other that dif- 
ferences in internal stability between 
adjacent grains is the important thing. 

The results of the experiments where 
partial melting occurred at the grain 
boundaries show that grain growth stops as 
soon as some melting occurs, even though 


between: the lattice energy of adjacent 
grains, partial melting at the grain bound- 
aries should have no effect on the rate of 
grain growth: the higher energy grains 
would dissolve more rapidly in the melt, 
and the material would crystallize out on 
the lower energy grains, so that growth 
would continue as before. Thus the mere 
fact that grain boundary melting stops 
grain growth seems to rule out the dif- 
ferential lattice energy hypothesis. 

To explain why these results support the 
surface tension hypothesis we must con- 
sider in somewhat greater detail how grain 
growth can occur from this cause. The gen- 
eral mechanism advanced by Harker and 
Parker has already been outlined and the 
new parts of the following argument are 
essentially an extension of it. 

When a grain disappears in a solid metal, 
three faces will meet along a new edge, and 
in general the interfacial angle will not have 
the equilibrium value. The new grain edge 
will rapidly migrate away from the grain 
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included by the most obtuse angle, or to- 
wards the grain included by the most acute 
angle, as shown in Fig 16, so that the inter- 
facial angle will at least approach the 


16 


equilibrium value. This will introduce 
strong curvatures into the grain faces a and 
b near the grain edge. These strong curva- 
tures will smooth out over the grain face as 
growth proceeds, but one would expect the 
curvatures near the edges to be more pro- 
nounced than the average curvature of the 
grain faces at all times. Another factor of 
importance is that any curved grain face 
always abuts against another grain face of 
opposite curvature, since there are no 
voids in the specimen. Thus a face which 
has a strong tendency to lose atoms will 
always be in contact with a face which has 
a strong tendency to capture atoms, since 
their curvatures are of opposite signs. 
Now let us consider the situation when 
some melting has occurred at the grain 
boundaries, as shown in Fig 17. Again the 
atoms at the top of the triangular grain are 
less surrounded by atoms of their own 
lattice than the atoms at the edges of the 
other two grains, thus they will pass more 
readily into the melt. Now, however, the 
surface of this grain can migrate without 


requiring a simultaneous and equivalent 
migration of the surfaces of the adjacent 
grains. The volume that would otherwise 
be empty is filled by the melt. As a result 


17 
Fic 16—ScHEMATIC ILLUSTRATION OF BOUNDARY MIGRATION DURING GROWTH. BECAUSE OF 
ACUTE ANGLE AT TOP OF TRIANGULAR GRAIN, BOUNDARY MIGRATES TO NEW POSITION SHOWN BY 
DOTTED LINE. 
Fic I7— SCHEMATIC DRAWING, SHOWING ROUNDING OF GRAIN EDGES WHEN GRAIN BOUNDARY 
MELTING OCCURS. 


the surfaces of all grains can develop a con- 
vex curvature. Since the curvatures are all 
of the same sign, the tendency for all sur- 
faces to lose atoms will be nearly equal, and 
the rate of transfer from one surface to 
another will be much less than in the solid 
state where this condition cannot obtain. 

It appears that melting is more pro- 
nounced at, and affects the shape of grain 
edges much more than grain faces. This 
may indicate that nonequilibrium condi- 
tions at grain edges are more important in 
causing grain growth than the less marked 
curvatures of the grain faces. 


Limiting Grain Sizes and the Effect of 
Inclusions 


Any factor which interferes with grain 
boundary migration can cause grain growth 
to cease although grain faces and inter- 
facial angles have not attained the equilib- 
rium configuration. An equilibrium grain 
size will thus be observed. Zener has shown 
how immobile inclusions can produce an 
equilibrium grain size, as has already been 
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mentioned. If one remembers that inclu- 
sions can go into solution or coalesce more 
rapidly at increased temperatures, so that 
their effectiveness in inhibiting growth will 
be reduced, this explanation can also 
account for an equilibrium grain size that 
increases with increasing temperature, as 
observed for specimens A-1, A-2, A-3 and 
A-4. This explanation is further confirmed 
by the fact that the high purity brass, C-1, 
which had no microscopically visible inclu- 
sions, had an equilibrium grain size of 1.75 
mm, about three times as great as observed 
for the brasses of commercial purity. 

If a specimen has a fine dispersion of in- 
clusions, these will inhibit grain growth 
even while the grain size is small. If they 
coalesce during growth, the rate of growth 
may be primarily controlled by the rate of 
coalescence of the inclusions. If, on the 
other hand, the inclusions are coalesced by 
a prior anneal, the rate of growth will not 
be subject to the rate of coalescence and a 
higher rate of growth will be observed, 
even though the final equilibrium grain 
size may be the same. These are the condi- 
tions obtaining in specimens B-1 and B-3 
respectively, and as was shown, a much 
higher rate of growth was found in the latter 
specimen. Specimen B-2 was quenched 
after the high temperature anneal while 
specimen B-3 was slowly cooled. The slow 
cooling permits all impurities that tend to 
precipitate to come out in relatively mas- 


sive form, while in the quenched specimen - 


they will be highly dispersed and very 
effective in inhibiting growth. Thus for low 
annealing temperatures and short annealing 
times the growth rate was lower in specl- 
men B-2 than in B-3. At longer annealing 
times, and particularly at temperatures 
approaching that from which the specimen 
was quenched, the inclusions coalesced and 
dissolved, so the growth rates approached 
that found in the slowly cooled specimen. 

Smith? has shown that when grains 
become two dimensional, that is pass com- 


pletely through the sheet, the curvatures of 
their faces decrease and the number of 
edges, which can lead to instabilities in the 
adjacent faces by their disappearance, 
decrease. Thus one would expect a marked 
diminution in the rate of growth. Actually 
a complete cessation is observed. If one 
remembers, however, that inclusions cause 
boundary migration to stop above a certain 
limiting radius of curvature, the effect can 
be completely explained. When grains ap- 
proach the thickness of the sheet, the 
radius of curvature of the grain faces 
increases much more rapidly than the 
average diameter of the grains, and when 
the limiting curvature is reached, growth 
stops. One would predict from this that 
some two dimensional growth could occur 
in very thin sheets, because very thin two 
dimensional grains would still have rather 
small radii of curvature. Some evidence for 
this can be found in the data presented for 
specimens A-2, A-3 and A-4. In specimen 
A-2, the sheet thickness is 0.1 mm and the 
limiting average grain diameter is 1.2 times 
the sheet thickness. Specimen A-3 is 0.225 
mm thick and the equilibrium grain size is 
the same. Specimen A-4 is 1.0 mm thick, 
and the limiting grain size is only 0.45 
times the sheet thickness. These values 
refer to an annealing temperature of 850°C, 
Similar results were obtained at lower 
temperatures, although all the equilibrium 
grain sizes were smaller. 

A corollary of this is that one would 
expect to be able to grow grains whose 
average diameter is much greater than the 
sheet thickness in case large grains are 
growing at the expense of very small ones. 
The dimensions of the grain faces, and thus 
their curvatures, are the important factors 
in grain growth, and the sheet thickness 
effect operates only when grains grow until 
their faces extend through the sheet. If all 
grains are of about the same size, this 
condition will obtain approximately when 
the average grain size is equal to the sheet 
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thickness. If the large grains are surrounded 
by small ones, the diameter of the grain 
faces will be approximately equal to the 
diameter of the small grains, even though 


1 o*3 


107°! 


Log Rate 


850 800°C 700°C jQ00 


value could be compared with assurance 
with the heats of activation for possibly 
related processes such as self diffusion or 
grain boundary relaxation. In the previous 


600°C 500°C 


Fic 18—Loc GROWTH RATE vs. 1/7 FOR CALCULATION OF HEATS OF ACTIVATION FOR SPECIMENS 
A-I AND C-1. 


the large grains have maximum dimensions 
several times the sheet thickness, and the 
large grains will continue to consume small 
ones until most grain faces have dimensions 
comparable to the sheet thickness. The 
sheet thickness will thus be of only second- 
ary importance in controlling the ultimate 
grain size. 


Heat of Activation 


The rate of grain growth increases 
rapidly with increasing temperature and it 
has already been demonstrated for alpha 
brass that at least up to 700°C time and 
temperature are related exponentially as 
shown in Eq 2. The most direct way to 
compute a heat of activation would be from 
the temperature dependence of the rate of 
migration of a single grain boundary of 
definite curvature, in the absence of inclu- 
sions and other inhibiting factors. Such a 


cases, as well as in the present report, it was 
assumed that the average rate of grain 
growth is proportional to the absolute rate 
of grain boundary migration and that no 
other factors, such as solution of inclusions, 
operated to change the rate of growth with . 
increasing temperature. In view of these 
assumptions, there is possible doubt as to 
the physical significance of heats of activa- 
tion computed from these data. 

A convenient measure of the rate of 
grain growth is the reciprocal of the time 
necessary for the grain size to increase from 
a definite starting size, Do, to a final size, D. 
Since extrapolation of the isothermal 
curves to the selected grain size is usually 
necessary at extreme temperatures, the 
precision of this method is not great, but it 
is reasonably satisfactory. Fig 18 shows a 
plot of the logarithm of the growth rate, 
computed in this way, against the reciprocal 
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of the absolute temperature for specimen 
A-1. The points for 500, 600 and 700°C fall 
on a straight line, the slope of which corre- 
sponds to 64,000 cal per mol for the heat of 


rate of growth to increase more rapidly 
with increasing temperature than would be 
predicted from a single heat of activation. 
As was mentioned above, this is probably 


Ol 


REF. TEMP. 


500°C 


500°C 
“600°C 


0.0l 


Grain Diameter- mm. 


700°C 
800°C 
850°C 


10° 10° 10" 108 10? 


Time-Minutes 


Fic 19—ISOTHERMAL CURVE FOR SPECIMEN A-I, WITH TIMES FROM ALL TEMPERATURES ADJUSTED 
TO EQUIVALENT TIMES AT 500°C By EQ 2. 


activation. This is in fair agreement with 
the previously reported values of 60,000 
and 61,500 cal per mol.®? Above 700°C 
however, the points fall on a line of steeper 
slope, corresponding to a much higher 
activation energy. Fig 19 shows all the data 
for this specimen plotted at a reference 
temperature of 500°C, using Eq 2 and 
60,000 cal per mol for H. Comparing all 
data in this way, a better fit is obtained 
using the lower value of H. The spread 
between the two values indicates the 


accuracy of the measurement—about to. 


pet. As might be expected from Fig 18, the 
data from 500, 600 and 700°C fall on a 
single smooth curve, while the data taken 
above 700°C lie well above this curve. 
Similar plots have been prepared for other 
series of data presented in this report, and 
they all indicate that the activation energy 
increases as the temperature rises; fre- 
quently the log rate vs. 1/T curve increases 
continuously in slope from the lowest to the 
highest temperatures. This apparent in- 
crease in activation energy indicates that 
some other factor operates to permit the 


% 


the solution and coalescence of inclusions, 

Further confirmation of this can be ob- 
tained from high purity specimen C-1, for 
which a plot of log rate for a grain size of 
o.1 mm vs. 1/T is also shown in Fig 18. The 
data for all temperatures fall on an excellent 
straight line with a slope corresponding to 
about 43,000 cal’ per mol. Comparing the 
data by Eq 2, a somewhat better fit is ob- 
tained taking H as 40,000 cal per mol. The 
agreement is quite good with the values of 
46,000 cal per mol reported by Jenkins” 
for diffusion of zinc in 70-30 alpha brass, 
and of 40,000 cal per mol reported by Ké"* 
for grain boundary relaxation and reorien- 
tation of zinc atoms in a brass of the same 
composition. 

The much lower heat of activation found 
for this high purity material, and its inde- 
pendence of temperature further indicates 
that impurities influenced the values com- 
puted for commercial brasses. Nevertheless, 
the demonstrated effect of impurities on 
the apparent heat of activation shows that 
some caution is necessary in comparing 
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even this value with values such as those 
reported by Ké and Jenkins. 


Formulation of the Grain Growth 
Process 


Grain boundary migration and grain 
growth can result either from curved grain 
faces, or the intersection of grain faces at 
nonequilibrium angles. The two are in 
principle interchangeable, since if one were 
to mechanically straighten grain faces, the 
interfacial angles would change, or, if all 
interfacial angles were set at the equilib- 
rium values, curvatures would be intro- 
duced in the faces. The effective curvature 
of the faces, active in causing growth, will 
result from some combination of these two 
nonequilibrium conditions. However, if 
geometric similarity of the grain boundaries 
is maintained during growth, that is, if the 
grain size distribution and the average in- 
terfacial angle do not change, then the 
effective radius of curvature of the faces 
will be proportional to the grain diameter. 
It further seems reasonable to assume that 
the rate at which atoms will migrate across 
a boundary will be inversely proportional 
to the radius of curvature of the boundary, 
and thus to the grain diameter.* 

If, in addition, the average surface ten- 
sion of the grain boundaries remains con- 
stant during growth, then the following 
relationship should hold: 


iD tek 
eats [4] 


or integrating and evaluating the integra- 
tion constant at t = o, 


D? — D, = Kt [sl 


where D is the average grain diameter, #, is 
the annealing time, K is a temperature 
dependent constant and Do is the grain size 
when ¢ is zero. A relationship equivalent to 
this was deduced by Beck and his co- 
workers? upon the assumption that the rate 


* Essentially these assumptions were used 
by Zener in deriving Eq. 3. 


of growth is proportional to the total 
amount of grain boundary present in the 
specimen. 

If boundary migration is impeded by 
second phase impurities, migration will stop 
while the boundaries are still curved. 
Similarly, grain growth will stop when the 
average grain size approaches the dimen- 
sions of the specimen. When either of these 
conditions obtains, the rate of grain growth 
will be controlled not by the average grain 
size present, but by the difference between 
this grain size and the limiting one, as 
shown by the following equation: 


G-KG-5) 


where D, is the limiting grain size, and the 
other terms have the same meaning as 
before. Integrating this equation and again 
evaluating the integration constant at zero 
time, one gets: 


From this equation one should be able to 
compute actual growth curves for speci- 
mens where the only factor controlling the 
rate of growth at constant temperature is 
the effective curvature of the grain faces, 
and where the proportionality factor be- 
tween effective curvature and grain size is 
independent of grain size. The rate con- 
stant can be evaluated at any temperature 
by a single measurement of the time neces- 
sary to attain a given grain size. At other 
temperatures it should be given by the 
usual Arrhenius relationship 


K = A-e-uer [3] 


if no other factors such as solution of inclu- 
sions operate to change the rate of growth 
with change in temperature. In Fig 20 a 
calculated series of isothermal curves for 
specimen C-1 are shown as solid lines, with 
the experimental points superimposed. A 
value of 40,000 cal per mol was used for 


* 
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H, 5.31 X 10®for A, and the experimentally 
determined values of 0.005 mm for D, and 
1.75 mm for D;. The agreement for short 
annealing times is excellent, although at 


The ability of inclusions to collect in this 
way at the boundaries will be dependent 
upon the average rate of growth. Grain 
growth is very discontinuous, and bound- 


Grain Diameter (mm.) 


Time - Minutes 


Fic 20—CoMPARISON OF EXPERIMENTAL RESULTS (PLOTTED POINTS) WITH CURVES COMPUTED 
FROM EQ 7. 


the longest times the grain sizes are some- 
what smaller, and at 850°C somewhat 
larger than predicted. Nevertheless, such 
good agreement between the predicted and 
observed curves is taken as good evidence 
that the assumptions underlying Eq 6 and 
7 are essentially correct and fulfilled. 

No such agreement is observed for the 
data from the brasses of commercial purity. 


The general shape of the curves is of 


course the same, but the slopes of the ex- 
perimental curves are much less. In the 
section on limiting grain sizes several fac- 
tors which could influence the rate of grain 
growth were mentioned. Most of these can 
operate to decrease the rate of grain growth 
more rapidly than would be predicted by 
Eq 5 or 7. If the rate of growth is controlled 
solely by the rate of coalescence of inclu- 
sions, no prediction can be made easily 
about the shape of the curve. On the other 
hand, mobile inclusions will tend to collect 
at the boundaries, and thus stabilize them. 


aries move by jumps. While they are 
essentially stationary, inclusions can diffuse 
to them, but since they move much too 
rapidly to permit inclusions or even dis- 
solved impurities to migrate with them, a 
boundary that has just jumped will be 
essentially free of inclusions except those it 
finds upon itself when it stops. When grain 
growth is rapid, each boundary will move 
frequently and there will be little oppor- 
tunity for inclusions to collect upon it. 
When the rate of grain growth decreases, 
boundaries will be stationary for longer 
periods and diffusion can bring more mate- 
rial to the boundaries. This will further 
decrease the rate of growth so that the slope 
of the whole grain growth curve will de- 
crease. The surface tension of the bound- 
aries may also decrease with increased 
annealing time and cause a decrease in rate 
of growth. This may be caused either by 
improvement of lattice matching across 
the boundary as Smith® suggests, or by 
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diffusion of soluble impurities to the 
boundaries as Benedicks!® suggests. This 
latter effect will show the same dependence 
upon growth rate that was outlined above 
for diffusion of inclusions to the grain 
boundaries and will of course produce the 
same result. 

In a two component alloy such as brass 
this effect should be able to operate even in 
the absence of impurities, since the compo- 
sition at the grain boundary can differ from 
the bulk composition of the specimen. 

Changes in grain size distribution and 
interfacial angles can also markedly change 
the rate of grain growth for a given grain 
size, although they will not alter the rate of 
migration of a grain face of given curva- 
ture. Eq 4 and 6 were derived with the 
assumption that the grain size distribution 
and the configuration of the grain bound- 
aries is independent of the average grain 
size. Only under these conditions does a 
strict proportionality exist between the 
average grain size and the average radius of 
curvature of the grain faces. If the distribu- 
tion becomes more uniform as growth pro- 
ceeds, the smaller grains with more highly 
curved faces must be disappearing more 
rapidly. The average radius of curvature 
of the grain faces present will thus increase 
more rapidly than the average grain size, 
and the rate of growth will decrease more 
rapidly with increasing grain size than 
would be predicted from the above equa- 
tions. Since the small grains that are being 
preferentially consumed have more highly 
curved faces than the average grain in the 
specimen, the rate of boundary migration 
will be greater than would be expected for 
the average grain size, and the rate of 
growth will be greater than it would be in a 
specimen of equivalent uniform grain size. 

Harker and Parker® have shown, particu- 
larly in the case of alpha brass, that the 
interfacial angles may approach more 
closely to 120° as growth proceeds. If this is 
so, the condition of geometric similarity at 


all grain sizes is not met, and in effect the 
average radius of curvature of the grain 
faces will be increasing more rapidly than 
the average grain size, so the slope of the log 
D vs. log t curve will be decreased. 


SUMMARY 


It was found experimentally that: 

1. Melting at the grain boundaries stops 
grain growth. 

2. An equilibrium grain size, which in- 
creases with increasing annealing tempera- 
ture is observed in most specimens. 

3. The rate of growth can be markedly 
increased by annealing the specimen at 
high temperature. 

4. High purity brass shows larger equi- 
librium grain sizes than brasses of com- 
mercial purity. 

5. The rate of growth increases more 
rapidly with increasing temperature (a 
higher activation energy) in commercial 
purity brass than in high purity brass. 

6. In brass of commercial purity, the 
apparent activation energy increases with 
increasing annealing temperature while in 
high purity brass the computed activation 
energy is independent of the temperature. 

7. The experimental growth curves for 
high purity brass are in good agreement 
with theoretical curves computed on the 
assumption that the rate of grain growth 
is proportional to the difference between 
the reciprocals of the present and equilib- 
rium grain sizes. Similer curves for com- 
mercial purity brass have much lower 
slopes. 

Item 1 indicates that the interfacial 
energy of the grain boundaries rather than 
differences in lattice energy is responsible 
for grain growth. Items 2 to 6 indicate that 
the presence, distribution and changes in 
the distribution of impurities are of im- 
portance in controlling the rate of growth, 
the maximum grain size, and the tempera- 
ture dependence of the growth rate. 
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The Kappa Eutectoid Transformation in the Copper-silicon 
System* 


By Watrer R. Hreparp, Jr.,f JuNIoR MemBer, GEorGE H. EIcHELMAN, JR.,f 


StupENT AssocrATE, AIME anp WrtttAm P. SAUNDERST 
(Philadelphia Meeting, October 1948) 


INTEREST in the various products of the 
austenite eutectoid transformation in iron- 
carbon alloys, particularly as produced 
by the isothermal sub-critical techniques 
introduced by Davenport and Bain,! has 
resulted in the application of similar heat 
treatments to other eutectoid transforma- 
tions. Studies®:+4 of the beta copper- 
aluminum alloy eutectoid transformation 
revealed microstructures very similar to 
those found in iron-carbon alloys. Investi- 
gations®® of the kappa phase in the 
copper-silicon alloy system have estab- 
lished the eutectoid type transformation of 
this phase into terminal alpha and inter- 
mediate gamma phases. This transforma- 
tion has been reported® as forming a 
eutectoid type structure in a very sluggish 
manner by a long time isothermal treat- 
ment. The purpose of the present investi- 
gation is to study the products of the 
kappa eutectoid transformation as affected 
by transformation temperatures by means 
of microscopic and hardness methods. 


PREPARATION OF ALLOYS 


The copper-silicon alloy equilibrium 
diagram is shown in Fig 1. The kappa field 


*From reports submitted by George H,. 
Eichelman, Jr., and William P. Saunders to 
the Department of Metallurgy, Yale Uni- 
versity, in partial fulfillment of requirements 
for the degree of Master of Engineering. Manu- 
script received at the office of the Institute 
June 1, 1948. Issued as TP pare in METALS 
TECHNOLOGY, September 1948. 

+ Assistant Professor of Metallurgy and 
Graduate Students in Metallurgy, respectively, 
Yale University. 

1 References are at the end of the paper. 
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converges to a minimum silicon solubility 
at the eutectoid composition and all other 
completely kappa alloys are hypereutec- 
toid. Thus, kappa decomposition involves 
first the proeutectoid precipitation of 
gamma, followed by the eutectoid trans- 
formation of a lower silicon content kappa 
(5.2 pct). Smith® has indicated that alloys 
containing between 5.4 and 5.7 pct silicon 
could be hot rolled, but that the latter 
composition was desirable in order to 
permit a wider kappa temperature range. 
The alloy was prepared by adding Baker’s 
commercially pure silicon to an ingot of 
copper-silicon alloy containing 2.34 pct 
silicon remaining from the investigation of 
Brick, Martin and Angier.’ Following the 
casting techniques of Krynitsky, Saunders 
and Stern,’ the ingot was melted under a 
heavy layer of dried charcoal in a clay- 
graphite crucible in a gas-fired pot furnace. | 
Small lumps of silicon were held under the 
melt surface with a graphite rod. After 
the silicon had dissolved, the alloy was 
chill-cast and then remelted without a 
cover, stirred thoroughly, skimmed and 
poured into a preheated cast iron mold. 
The cast microstructure is shown in Fig 2. 
The casting, 10 X 4 X 34 in., was annealed 
at 750°C for 21 hrand bane cooled. About 
146 in. was milled from all surfaces. The 
plate was cut in half longitudinally and 
the bottom half analyzed by A.S.T.M. 
methods.® The composition by weight was 
as follows: copper 94.24 pct, silicon 5.56 
pet, iron o.11 pet. 
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Several analyses from the ends of the 
plate indicated no significant segregation. 
The plate was cut into 3 equal segments, 
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calibrated chromel-alumel thermocouples. 
Temperatures are probably accurate within 
Spat. 
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Fic 1—THE EQUILIBRIUM DIAGRAM OF THE COPPER-SILICON SYSTEM. (Smith®) 


which were successfully hot rolled to- 


55-60 pct reduction in thickness in 
0.002 in. passes with alternate soaking in 
a furnace at 810-830°C. The hot rolled 
strip was then annealed at 750°C for 
20 hr and cut into specimens about 
14 X 3g X 3(¢ in. These specimens were 
found to be free from coring and were used 
for all heat treating experiments. 

Heat treatments were carried out in an 
electrical resistance furnace, a lead bath, 
or a eutectic lead-antimony alloy bath. 
Temperatures were maintained by com- 
' mercial controllers and measured by 


PHASE IDENTIFICATION 


Phase identification was carried out mi- 
croscopically and confirmed by hardness 
measurements. Modified Smith’s etchant 
containing hydrogen peroxide, sodium 
hydroxide,* ammonium hydroxide and 
water was used on all structures and fol- 
lowed by a light staining with ferric 
chloride where necessary to increase the 
contrast between kappa and gamma. Polar- 
ized light was used to aid in the identifica- 
tion of kappa. Hardness measurements 


* Smith’s original etchant contained potas- 
sium hydroxide rather than sodium hydroxide. 
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were also useful since gamma is consider- 
ably harder than alpha or kappa. The 
diamond pyramid micro-hardness (25 g 


AS 


Fic 2—ASs CAST, ALPHA (DARK) DENDRITES, KAPPA (GREY) AND GA 


kappa, which remained untransformed 
after furnace cooling, water quenching, 
or after quenching into a dry ice and carbon 


aa Y, ‘ ty < 


MMA (LIGHT) INTERDENDRITIC 


FILLING. X 100 
Fic 3—KAppPA, WATER QUENCHED AFTER 96 HR AT 630°C. X too. 
Fic 4—CoLp ROLLED 25 PCT REDUCTION IN THICKNESS IN ALPHA-KAPPA CONDITION, ANNEALED 
24 HR AT 630°C, FURNACE COOLED. KAPPA PLUS GAMMA. X 100 
Fic 5—D£ErORMATION MARKINGS IN COLD WORKED KAPPA X I50. 


load) of the 3 phases is approximately as 
follows: alpha 180, kappa 135, gamma 445. 


EFFECT OF COOLING RATE ON THE 
Kappa TRANSFORMATION 


Homogeneous kappa, shown in Fig 3, 
was obtained by soaking the small speci- 
mens for 96 hr at 630°C or by cold rolling 
them about 15 pct reduction in thickness 
and soaking at 650°C for 20 hr. The method 
of cooling the specimens from these tem- 
peratures had no apparent effect on the 


tetrachloride solution or directly onto a 
large piece of dry ice. Microscopic examina- 
tion showed that none of the usual trans- 
formation products formed on cooling. 
Hardness measurements confirmed that no 
changes indicative of the ‘‘martensite”’ 
type transformation occurred. Apparently 
kappa will not transform under ordinary 
rates of cooling and possibly is crystallog- 
raphically unfavorable for the shear type 
martensite transformation because of its 
hexagonal structure, 


BA, 


= Ae 


v. Ty 
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EFFECT OF CoLD WoRKING In addition, cold-working was found to 
Cold working was found to accelerate accelerate the precipitation of pro-eutec- 
the homogenization of kappa. A reduction toid gamma from kappa on cooling. Fur- 
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Fic 6—TIME-TEMPERATURE TRANSFORMATION CURVE OF KAPPA. 
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: 
Fic 7—KAPPA PARTIALLY TRANSFORMED TO ALPHA PLUS GAMMA AFTER 340 MIN. AT 500 C. xX 1000. 
Fig 8—KAPPA PARTIALLY TRANSFORMED TO ALPHA PLUS GAMMA AFTER 4080 MIN. AT 400 Gap 100: 


of 15 pct in thickness by cold rolling nace cooling of kappa formed by the two 
reduced the time required at 650°C to preceding methods developed no micro- 
transform the hot-rolled alpha-kappa struc- _ scopically apparent transformation prod-. 
ture to kappa from 62 to 20 hr. ucts. However, specimens cold rolled to 
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either 25 or 30 pct reduction in thickness in 
the alpha-kappa condition, homogenized 
24 hr at 630°C and then furnace cooled 


Il 


oF ist Bi ane Rs 

Fic 9—TRANSFORMATION AT 540°C AFTER 
60 MIN. KAPPA PLUS GAMMA. X 150. 

Fic 10—AFTER 8280 MIN., ALPHA (DARK) 
KAPPA (LIGHT MATRIX) AND GAMMA (LIGHT 
ISLANDS). X 500. 

Fic 11—AFTER 12,660 MIN. ALPHA (MATRIX) 
PLUS GAMMA (ISLANDS). X 500. 


developed small amounts of proeutectoid 
gamma with kappa, as shown in Fig 4. 

Kappa could be successfully cold rolled 
to about 15 pct reduction in thickness 
between anneals at 650°C. This cold work- 
ing raised the hardness from about Rg 45 to 
75. Larger amounts of cold work invariably 
resulted in edge cracking. Cold working 
produced deformation markings in hexa- 
gonal kappa such as those in Fig 5, which 
have measurable width and may be me- 
chanical twins. Andersen® also reported 
“heavy coarsely spaced striations—appar- 
ently Neumann bands” in kappa quenched 
from 750°C. His markings may also have 
been mechanical twins resulting from 
quenching stresses. 


ISOTHERMAL TRANSFORMATION OF 
KAPPA 


The subcritical isothermal transforma- 
tion of kappa quenched directly to the 
transformation temperature from 650°C 
was carried out at three temperatures: 
540, 470 and 400°C. The resulting trans- 
formation curve is shown in Fig 6. The 
transformation is very slow, requiring over 
a week at the highest and lowest tempera- 
tures investigated. 

In addition to the data in Fig 6, speci- 
mens of kappa furnace cooled from 630 to 
530°C were found to be completely trans- 
formed to alpha plus gamma after 11,520 
min. (192 hr) at the latter temperature. 
This result agrees satisfactorily with the 
curve in Fig 6. 

Since kappa remained untransformed in 
water quenching, specimens could be water 
quenched to room temperature and then 
aged at a constant subcritical temperature 
following the heat treatment methods of 
age hardening. Specimens aged at 500°C 
developed proeutectoid gamma after about 
10 min., developed alpha-gamma euftectoid 
areas after 340 min. and were completely 
transformed after 3000 min. Quenching the 
specimens to room temperature prior to 
aging apparently has very little effect on 
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the transformation rate, since the data at 
500°C fit very satisfactorily into Fig 6, 
except that the proeutectoid gamma ap- 
peared somewhat earlier. 

Smith® reported that cold working ac- 
celerated the transformation to alpha and 
gamma. Specimens of kappa were cold 


12 


14 


5 


than in others, indicating the transforma- 
tion had probably occurred earlier. 


MICROSTRUCTURAL CHARACTERISTICS 
OF THE TRANSFORMATION PRODUCTS 


Smith! developed a ‘“‘pearlite” type 
structure with alpha-gamma formed after 
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Fic 12—ALpHA PLUS GAMMA TRANSFORMED ISOTHERMALLY FROM KAPPA AFTER 11,520 MIN. AT 
. 530°C. X 500. 

Fic 13—ALPHA PLUS GAMMA TRANSFORMED ISOTHERMALLY FROM KAPPA AFTER 3,000 MIN. AT 
500°C. X 100 

Fic 14—ALPHA PLUS GAMMA TRANSFORMED ISOTHERMALLY FROM KAPPA AFTER 4,020 MIN. AT 
470°C. X 100 

Fic 15—ALPHA PLUS GAMMA pee ee a FROM KAPPA AFTER 9,840 MIN AT 
400 C. X 100 


rolled to 25 and 39 pct reduction in thick- 
ness and then annealed at 530°C for 192 
hr, along with undeformed specimens. All 
these treatments produced completely 
transformed alpha and gamma. However, 
in the specimens with the greater amount of 
cold work, the gamma was more coalesced 


ir 


168 hr at 400°C. He also reported an area 
of “pearlite”’ type structure of alpha- 
gamma after 669 hr at 494°C. In this in- 
vestigation, no really ‘“‘pearlite” type 
structures (alternate parallel plates of 
alpha and gamma) were found. At 500, 
470 and particularly at 400°C, alpha and 


98 THE KAPPA EUTECTOID TRANSFORMATION IN THE COPPER-SILICON SYSTEM 


gamma formed simultaneously in adjacent 
areas, but rarely in parallel plates of similar 
thickness such as pearlite formed in steel. 
They were usually found in a mixed struc- 
ture, appearing more like the familiar 
maze-type puzzle. One of the most “pearl- 
ite’’-like areas appeared in partially trans- 


16 


Fic 16—KApPPA AND GAMMA AFTER 340 
MIN. AT 500°C. X 500 

Fic 17—KAppaA PARTIALLY TRANSFORMED 
TO ALPHA AND GAMMA AFTER I140 MIN. AT 
470°C. X 200 


formed kappa after 340 min. at 500°C, 
shown in Fig 7. Another is shown in Fig 8 
after 4080 min. at 400°C. 

At temperatures above 500°C the alpha- 
gamma transformation product appeared 
almost equiaxially in adjacent areas with 
scarcely a hint of the usual plate-like form. 

Typical structures of the transformation 
products are shown in Fig 9 to 15. 


Gamma formed from kappa in a Wid- 
manstatten pattern during the transforma- 
tions at 500 and 470°C as shown in Fig 16 
and 17. The several prominent directions 
indicate that the basal plane in kappa is not 
the transformation plane. Mehl and Bar- 
rett!! noted 12 families of planes in the 
Widmanstatten pattern formed in a 6 pct 
silicon alloy heated at 350°C for 1o hr, also 
suggesting pyramidal or prismatic trans- 
formation planes. 


EFFECT OF THE TRANSFORMATION ON 
HARDNESS 


Since gamma is considerably harder than 
either alpha or kappa, the transformation 
was found to increase the hardness of the 
alloy. The change in diamond pyramid 
hardness during the isothermal transforma- 
tion at 540, 470 and 400°C is shown in 
Fig 18. It is noted that the type of phasial 
dispersion produced at 470°C shown in 
Fig 14 is somewhat harder than that formed 
at 540°C (Fig 11) or 400°C (Fig 15). Since 
the changes in hardness were accompanied 
by changes in the relative amounts of the 
microconstituents, it did not appear that 
hardening was the result of the lattice co- 
herency of the transformation phases. 
Kappa was water quenched from 630°C 
and aged for 114 hr at several temperatures. 
The resulting hardness is shown in Fig 10. 
The maximum rise in hardness was pro- 
duced apparently at 500°C. A hardness 
time curve for kappa transformed at this 
temperature is shown in Fig 20. Again 
indications are that the change in hardness 
is caused primarily by the relative hard- 
ness, relative amounts and dispersion of the 
phases rather than any lattice coherency- 
age hardening phenomenon. 


SUMMARY 


The kappa eutectoid transformation of a 
copper-silicon alloy containing 5.56 pct 
silicon was found to be extremely sluggish 
—requiring over a week at certain sub- 
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Fic r8—CHANGE OF HARDNESS WITH TIME DURING KAPPA TRANSFORMATION AT 540, 470 AND 400°C. 
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Fic 19—EFFECT OF TRANSFORMATION TEMPERATURE ON THE HARDNESS OF KAPPA PARTIALLY 
TRANSFORMED FOR 1% HR AT TEMPERATURE. 
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Fic 20—CHANGE IN HARDNESS DURING THE KAPPA TRANSFORMATION AT 500°C. 
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Mechanism of Precipitation in a Permanent Magnet Alloy 


By A. H. GrIster,* JUNIOR MEMBER, AND J. B. NEWxKirRK,{ StupENT Associate AIME 
(Philadelphia Meeting, October 1948) 


INTRODUCTION 


CERTAIN of the permanent magnet 
alloys provide ideal systems for the study of 
the kinetics of the precipitation reaction and 
the correlation of structure with properties. 
One such system, Cu-Ni-Fe, was found by 
Bradley! to exhibit a coherent transition 
state in the precipitation process analogous 
to that reported for Al-Cu alloys somewhat 
earlier. The attractiveness of some per- 
manent magnet alloys for study lies in the 
fact that vertical sections of the ternary 
phase diagram in certain regions of compo- 
sition (Fig 1) have as their prototype the 
binary Ni-Au diagram. Alloys of this type 
decompose into products that have the 
same crystal lattice type but only slightly 
different lattice parameters. The advan- 
tages that such alloy systems offer for study 
over the usual in which an intermetallic 
compound is formed are many: 1. Since 
the precipitate has the same crystal struc- 
ture as the matrix, complex atomic move- 
ments are not required to form the new 
lattice. 2. Similarly, complex orientation 
relationships are not involved for both the 
matrix and the precipitate would be ex- 
pected to have the same orientation. 3. 
Small disregistry of the decomposition 
products at equilibrium (in contrast with 
Cu-Ag alloys) is conducive to extensive 
coherent growth in the transient state and 
thus the transition lattice can be detected 
~ Manuscript received at the office of the 
Institute May 21, 1948. Issued as TP 2444 in 
METALS TECHNOLOGY, August 1948. 

* Research Associate, General Electric Co., 
Research Laboratory, Schenectady, N. Y. 

+ Research Assistant, Summer 1947. Now 
Metals Research Laboratory Fellow, Carnegie 


Institute of Technology, Pittsburgh, Pa. 
1 References are at the end of the paper. 
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by the usual X ray diffraction methods. 
4. Finally, the relative quantities of pre- 
cipitate and depleted matrix can be varied 
from o to roo pct* thus permitting wide 
freedom for the study of the effect of com- 
position on coherent growth and properties. 

In the Cu-Ni-Fe alloys of appropriate 
composition, the face-centered cubic pre- 
cipitate and also the depleted matrix when 
first formed are coherent with the parent 
matrix..2 The two have the same do 
parameter as the original matrix but they 
are both tetragonal; the precipitate has an 
axial ratio c/a <1 while that of the de- 
pleted matrix is c/a > 1. When coherency 
is lost they assume the normal face-centered 
cubic structure with the depleted matrix 
having a lattice parameter greater than the 
original matrix and that of the precipitate 
less. Such a mechanism would also be ex- 
pected for Cu-Ni-Co alloys because of the 
similarity in constitution but this had not 
been demonstrated. 

The present investigation was con- 
ducted on a Cu-Ni-Co alloy. The constitu- 
tion diagram and magnetic properties of 
these alloys have been fairly well estab- 
lished;*,> however, no previous determina- 
tions of mechanism of precipitation and no 
correlation of structure with properties had 
been made. Thus, an alloy of this system 
was chosen for a comprehensive investiga- 

*If that phase present in minor quantity is 
called the precipitate then it changes its 
identity when the amount exceeds 50 pct of the 
two phase mixture. In the important alloys of 
Cu-Ni-Fe and Cu-Ni-Co the copper-poor ferro- 
magnetic phase is the precipitate; the copper- 
rich decomposition product is the depleted 
matrix because the alloys which have useful 
properties’ are richest in copper although the 


quantity of the two phases may be nearly the 
same. 
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tion of structure and properties using the 
techniques which had been developed in 
studies of aluminum-base alloys. The ob- 
ject of the investigation was two-fold: to 
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Samples for the single crystal, X ray 
diffraction studies were prepared from a 
coarse grained ingot which was frozen dur- 
ing slow cooling. This was homogenized 96 


SECTION OF Cu-Ni-Co 
DIAGRAM AT 20% Ni 
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Fic 1—VERTICAL SECTION OF THE COPPER-NICKEL-COBALT ALLOY SYSTEM FOR A CONSTANT NICKEL 
CONTENT OF 20 PCT. 


compare the characteristics of this type of a 
precipitation reaction with the usual type 
in which an intermetallic compound is 
formed, and to reveal any new contribu- 
tions to the theory of age-hardening. 


EXPERIMENTAL PROCEDURE 


The commercial alloy which is marketed 
under the trade name Cunico was investi- 
gated. This contains 50 pct copper, 21 pct 
nickel and 29 pct cobalt. An appropriate 
section of the phase diagram is reproduced 
in Fig 1 from the work of Dannohl.® 


hr at r100°C and water quenched prior to 
aging. All other samples were prepared from 
rolled sheet. The polycrystalline samples 
for the X ray diffraction work were small, 
square rods cut from 0.020-in. thick sheet 
whereas 0.050-in. sheet was used for de- 
terminations of Vickers hardness, magnetic 
properties and electrical resistance. Sepa- 
rate specimens were used for the various 
aging periods in all cases except for the 
magnetic and electrical resistance tests. 
For the former the specimens were returned 
for additional aging after each test whereas 


a 
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the electrical resistancé was measured con- 
tinuously as aging progressed. Microscopic 
examinations were made on the hardness 
test specimens. The sheet samples were 
solution heat treated for 16 hr at 1100°C 
and quenched in water. All melting was 
done in vacuum, solution heat treating in 
hydrogen and aging in air. The specimens 
were water quenched after aging. 
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RESULTS 


Crystal Structure 


Debye-Scherrer photograms were made 
using unfiltered cobalt radiation and 
samples aged for various periods at tem- 
peratures between 500 to 800°C. A coherent 
state very similar to that reported by 
Bradley for Cu-Ni-Fe was readily detected 
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Fic 2—DEBYE-SCHERRER PATTERNS FOR WIRE SPECIMENS OF CUNICO. UNFILTERED COBALT 


RADIATION. (SLIGHTLY REDUCED.) 
a, As-quenched specimen. 
b. Aged 3 hr at 600°C. 
c. Aged 27 hr at 600°C. 
d. Aged 16 hr at 800°C. 
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when precautions were taken to provide 
optimum resolution of the lines. Four of the 
photograms are reproduced in Fig 2 
whereas lines for the individual states are 
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the coherent structures as illustrated in Fig 
3. Lines adjacent to these correspond either 
to the tetragonal transition structures or to 
the cubic equilibrium phases. They are 
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Fic 3—IDENTITY OF LINES IN THE DEBYE-SCHERRER PATTERNS. COBALT RADIATION. 


TasLE 1—Lattice Parameters of Face-centered Structures in Aged Cunico* 


Cu’ Co’ Catt Co” 
Matrix Cu Co 
ao ao ao 
dao co ao co ao co ao co 
a. As quenched.......... 3.558] 3.557! 3-617] 3.558] 3.505 3.581] 3.537 
c/a = 1.017 | ¢/a = 0.985 
Brag, OO0s Can toe itn. 3.557| 3.5551 3.600] 3.556] 3.506] 3.555! 3.640] 3.5581 3.480 
+0.002| c/a = 1.015 | c/a = 0.986 | c/a = 1.024 | c/a = 0.978 
Gy £00. it 600°C... ann as 3.551| 3.631] 3.551| 3.406] 3.585] 3.527 
c/a = 1.023 | c/a = 0.985 
G.etoihr, 800°C a ewse. 3.586] 3.532 


* The copper-rich phase (Cu) contains 83 pet Cu, 15 pet Ni, 2 pet Co’and represents about 57 pct of the 
two-phase mixture whereas the cobalt-rich phase (Co) contains 64 pct Co, 29 pct Ni, 7 pct Cu and represents 
about 43 pct of the mixture in equilibrium at 600°C, according to the phase diagram. 5 


isolated in Fig 3.* The equilibrium condi- 
tion in which complete decomposition into 
two face-centered cubic products is illus- 
trated is shown in Fig 2d for comparison 
with the earlier stages. The pattern for the 
as-quenched sample, Fig 2a, shows that a 
supersaturated solid solution was not re- 
tained but that decomposition had started. 
The more intense, central line in the cluster 
of lines for each of the designated hkl 
planes corresponds to the parent solid 
solution with a) = 3.557 + 0.002 A. Some 
of these—(200) and (220)—are common to 


* The indices refer to lines for the coherent 
state, 


distinguishable most easily in the case of 
the {113} lines for the pair nearest to the 
parent matrix line correspond to the cubic 
phases whereas the pair more removed are 
for the tetragonal structures (Fig 3). Thus, 
at least in this particular as-quenched 
sample, particles are present that are large 
enough to afford three dimensional diffrac- 
tion in the coherent condition while some 
have broken away to assume the normal 
cubic structures. Presumably, the param- 
eters for the new structures in this sample 
listed in Table 1 are characteristic of some 
compositions stable at an indefinite tem- 
perature below the solution heat treating 
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temperature. When the sample is aged an__1 reveal clearly that the depleted matrix 
additional set of side lines appears as in and precipitate are coherent with the 
Fig 2b. These must be for the compositions matrix on cube planes. 
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Fic 4—BACK-REFLECTION PORTION OF PATTERNS FOR STATIONARY WIRE SPECIMENS. COBALT 
RADIATION. (SLIGHTLY REDUCED.) 
a. As-quenched. . 
b. Aged 3 hr at 600°C. 
c. Aged 27 hr at 600°C. 
d. Aged 16 hr at 800°C. 


appropriate to the aging temperature, for Abin tetragonal structures produce eae 
the original lines disappear in their favor unusual pinhole patterns as illustrated by 
(Cu” and Co” in Table 1)—Fig 2c. The Fig 4. Clusters ofa hexagonal shape appear 
lattice parameter measurements in Table for (111) reflections as indicated by the 
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arrows. Other regular arrangements of 
closely spaced spots are also apparent. 
This is further evidence for the existence of 
such tetragonal lattices. Single, sharp spots 
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planation lies in the kinetics of the precipi- 
tation process. Particles of the new structure 
are continuously nucleated during the 
precipitation process but the parent matrix 


Fic 5—PATTERNS FOR SINGLE CRYSTALS OF CuUNICO. (REDUCED ONE THIRD.) 


a. Laue pattern for as-quenched crystal. [oro] parallel to beam. Copper radiation. 

b. Laue pattern for crystal aged too hr at 600°C [oro] parallel to beam. Copper radiation. 
c. Laue pattern for crystal aged 42 hr at 700°C [oro] parallel to beam. Copper radiation. 
d. Portions of oscillating crystal patterns. [oor] axis of oscillation. Cobalt radiation. 


1. Crystal aged 100 hr at 600°C, Pinhole diam 
2. Crystal aged 100 hr at 600°C. Pinhole diam 
3. Crystal aged roo hr at 600°C. Pinhole diam 
4. Crystal aged roo hr at 600°C, Pinhole diam 


0.040 in. Filtered radiation. 
0.020 in. Filtered radiation. 
0.020 in. Unfiltered radiation. 
0.o1ro in. Unfiltered radiation. 


5. Crystal aged 42 hr at 700°C. Pinhole diam = 0.020 in. Unfiltered radiation. 


appear for the cubic equilibrium phases 
when the reaction is complete as in Fig 
4d. Prior to this the clusters become some- 
what diffuse as in Fig 4c and the side lines 
in patterns for rotated specimens blend 
together somewhat as in Fig 2c. Care was 
taken to eliminate accidental distortion 
of the specimen as the cause. Regardless, 
the blurring occurred as aging progressed 
near maximum hardening. A possible ex- 


is continuously impoverished also. New 
magnitudes of coherency strains must ob- 
tain as aging progresses for the average 
composition of the matrix changes. The 
particles forming first in a particular grain 
would have tetragonal parameters ap- 
propriate to coherency with the original 
matrix whereas those forming later would 
have parameters appropriate to coherency 
with a somewhat impoverished matrix. The 


A. H. GEISLER AND J. B. NEWKIRK 107 


parameters would have to be represented 
by a distribution curve analogous to the 
statistical distribution ~ of particle size 
provided by all nucleation and growth 
processes. On the other hand, a regular 


8 


Fic 6—LAUE PATTERNS OF CuUNICO CRYSTALS. [oor] 


sinusoidal variation in lattice parameter of 
the cubic cell as proposed for Cu-Ni-Fe®’ 
would be quite unnatural. Such an assump- 
tion appears to be unnecessary for both 
alloys, since the presence of lines flanking 


VERTICAL, COBALT RADIATION. (SLIGHTLY 


REDUCED.) a oes 
hed crystal inclinedj20° from [oro] parallel to beam. 
" ne he at 600°C inclined 18° from [oro] parallel to beam. 
c. Crystal aged 27 hr at 600°C inclined 10° from [oro] parallel] to beam. 
d. Crystal aged 27 hr at 600°C inclined 27° from [oro] parallel to beam. 
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each of the parent matrix lines can be 
attributed to the coexistence of parent 
matrix and decomposition products (either 
coherent or equilibrium). 

The Debye-Scherrer patterns reveal that 
the transition state has started to form in 
the as-quenched samples, it predominates 


Ay 


IN A PERMANENT MAGNET ALLOY 


to times greater than 210 hr at 500°C, 
greater than 100 hr at 600°C, and 314 hr 
at 700°C. In less than 42 hr at 700°C the 
structure consists predominately of the two 
cubic lattices. 

X ray diffraction studies of single crystals 
have been found 


particularly useful for 


ba Rin t/t ee high, ; : 4 


Fic 7—LOcALIZED AND GENERAL PRECIPITATION IN MICROSTRUCTURE OF CUNICO. 500 X. ETcH. 
2 PCT POTASSIUM DICHROMATE. (SLIGHTLY REDUCED.) 
a, Aged 1 hr at 600°C, 
b. Aged 14 hr at 600°C, 
c. Aged 4 hr at 700°C. 
d. Aged 16 hr at 625°C, 


a! \\ se 
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investigating the kinetics of the precipita- 
tion process. Even when the quantity of 
precipitate is small and the particles are 
below the size in one or more dimensions 
required for sharp diffraction effects, pat- 
terns may be obtained from single crystals. 
Patterns for a few of the aged Cunico 
crystals are reproduced in Fig 5. No change 
could be detected in the Laue pattern for 
any of the aging treatments. This is not 
difficult to explain for the Laue pattern 
depends only on plane orientation. Spots 
for cubic crystals coincide when the orienta- 
tion is the same. Thus, the precipitate in 
Cunico has the same orientation as the 
matrix. When the tetragonal structures are 
present, the separation between spots in the 
clusters (Fig 4) is so small that they diffuse 
together in Laue patterns of large single 
crystals. The refinement of beam size 
necessary to resolve the spots is illustrated 
by Fig 5d (1 to 4) for a portion of four 
oscillating crystal patterns. High angle 
spots for the fully decomposed sample 
(Fig 5d (s)) are fairly well resolved by 
using an ordinary 20 to 40 mil pinhole but 
the best resolution (still not complete) of 
spots for the transition state requires a 
very fine pinhole (Fig 5d (4)). The other 
alternative is to use a very small crystal and 
that is essentially what has been done in 
making the patterns for polycrystalline 
specimens (Fig 4). The white arcs in the 
background of the Laue patterns* (Fig 
sa-c) are caused by diffraction from the 
divergent cone of secondary cobalt radia- 
tion excited in the specimen by the incident 
copper radiation.® The diffuseness of lines 
for {200} and {113} planes for the sample 
corresponding to the transition state (Fig 
sb) and the doubling of the lines for the 
complete decomposition (Fig 5c) are con- 
sistent with the analyses of Debye-Scherrer 
patterns previously discussed. 

The particular merit of X ray diffraction 
analyses of single crystals has been in 


* These have been traced with ink to improve 
reproduction. 


studies of the early stage of precipitation. 
When the particles are small, streaks 
appear in Laue patterns of many precipi- 
tation alloys as was first demonstrated by 
Guinier and Preston on Al-Cu alloys. In 
Laue patterns of aged Cunico, streaks 
caused by white radiation were not ob- 
served (Fig 5 and 6); however, when a 
more sensitive method of analysis based on 
intense characteristic radiation® was used, 
the diffraction effects for thin plate-like 
particles could be detected. These ap- 
peared as diffuse spots near the (111) and 
(200) Laue spots or short streaks through 
these spots as indicated in Fig 6. The 
analyses suggest that the thin platelets 
are parallel to {100} planes of the matrix 
as would be expected since these are the 
planes of coherency. Only a small quantity 
of the precipitate must be of particle size 
conductive to two-dimensional diffraction; 
otherwise streaks for white radiation would 
be sufficiently intense to be observed. Most 
of the particles rapidly attain the size 
necessary for sharp three-dimensional dif- 
fraction as has been shown by the diffrac- 
tion patterns of polycrystalline specimens. 


MICROSTRUCTURE 


The changes in microstructure of Cunico 
during aging follow the general sequence?® 
of which Al-Ag alloys provide the proto- 
type. The supersaturated alloy exhibits 
homogeneous grains which are occasionally 
twinned as in Fig 7a. In general, the first 
evidence of precipitation is the appearance 
of localized precipitation at grain boundar- 
ies (Fig 7a). Cross-sections of a few of the 
samples displayed strain markings adjacent 
to the sheet surface as in Fig 7b. These 
probably were caused by thermal stresses 
during quenching, and they were also the 
sites of subsequent localized precipitation 
as in Fig 7c. Such striations are not an 
essential part of the precipitation process 
for the process and the accompanying 
hardening progress in their absence. The 
microstructure of 0.008-in. sheet which had 
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been heat treated and aged according to additional information on the Widman- 
the commercial practice is illustrated by  statten figure. 
Fig 7d. Precipitation at grain boundaries, Over-aging of Cunico is accompanied by 


Duell parr ain ol OF 
Fic 8—GENERAL PRECIPITATION AND THE GRAIN BOUNDARY REACTION, ETCH: 2 PCT POTASSIUM 


DICHROMATE, (SLIGHTLY REDUCED.) 


a. Aged 16 hr at 625°C. Electron micr h ili i 
Peete aa oe icrograph of shadow cast silica replica. 12500 X. 
c. Aged 56 hr at 700°C. 2000 X. 


d. Aged 56 hr at 700°C. Electron micrograph of shadow cast silica replica. 7000 X. 


twin boundaries and within the grains is the discontinuous grain boundary reaction 
detectable but the shape of the particles is _ illustrated by Fig 8b. The precipitate 
not resolvable. The electron micrograph of | within the grains that has caused the 
a shadow-cast replica, Fig 8a, provides little hardening is detectable at higher magni- 
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fications (Fig 8c and 8d) but the Wid- 
manstatten pattern is still not well resolved. 
Growth of the lamellar nodules into the 


F1c 9—PROGRESS OF THE GRAIN BOUNDARY REACTION. 500 X. Ercu: 2 


but loss of coherency also occurs within the 
parent grains before they are completely 
recrystallized since cubic structures are 


PCT POTASSIUM DICHROMATE, 


3 E 


(SLIGHTLY REDUCED.) 

a. Aged 14 hr at 800°C. 
b. Aged x hr at 800°C. 
c. Aged 6 hr at 800°C. 
d. Aged 49 hr at goo°C. 


original grains that contained coherent pre- 
cipitate is illustrated by Fig 9 and Io. 
Presumably, the equilibrium cubic phases 
are formed in these recrystallized nodules, 


detected in X ray patterns for single 
crystals before they have recrystallized 
(Fig sd (5)). The shape of the phase 
boundaries in the lamellar regions are not 
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entirely haphazard but sometimes provide The latter also illustrates that the original 
a limited geometric regularity (much less grains are consumed by the nodules that 
perfect than the usual Widmanstitten grow in from the grain boundaries before 
figure). This is evident in Fig 09d and_ the precipitate particles have grown to 
is perhaps clearer in portions of Fig 10. sufficient size to permit resolution of the 


A 


Fic 10—SrrucrurE OF THE RECRYSTALLIZED NODULES AT GRAIN BOUNDARIES AND GENERAL 
PRECIPITATE WITHIN PARENT GRAINS. AGED 48 HR AT 800°C. Ercu: 2 PcT POTASSIUM DICHROMATE. 
a. 500 X. 

b. 2000 X. 
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Widmanstitten pattern. Thus, the Wid- 
manstatten figure suggested by the X ray 
diffraction results (plates parallel to {100} 
planes) could not be confirmed by micro- 
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HARDNESS 
The results of the diamond pyramid 


hardness tests on specimens aged for vari- 
ous intervals at the five indicated tempera- 


ere 
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Fic 11—WIDMANSTATTEN PATTERN DEVELOPED BY SLOW COOLING FROM rr00°C. 1000 X. ETcu: 
2 PCT POTASSIUM DICHROMATE. 


scopic examination of these isothermally 
aged samples. On the other hand, when the 
alloy is very slowly cooled from the tem- 


peratures above the solvus the grain 


boundary reaction is suppressed, and a 
well developed Widmanstatten figure of the 
primary precipitate in the original matrix 
grains (and twins) is observed as in Fig 11. 
The geometry of the traces in various 
grains and in twins (Fig 12) clearly shows 
that the cobalt-rich precipitate forms as 
plates parallel to {100} planes of the 
matrix. 


tures are plotted in Fig 13. At 500°C the 
hardness ‘increases gradually as precipi- 
tation of the coherent structure progresses. 
At 600°C the grain boundary reaction 
begins when maximum hardness is at- 
tained. The microstructure of the sample 
aged roo hr is similar to Fig 7c while 
that of the last sample in the series (2 
weeks at 600°C) is very similar to Fig 
8b. In addition, diffraction patterns for 
samples aged 65 hr and too hr at 600°C 
show that the precipitate is predominately 
in the coherent state but a greater amount 
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Fic 12—ANALYSES OF WIDMANSTATTEN PATTERN. 


a. Microstructure of twinned grain oriented with a cube plane almost parallel to plane of 


polish. tooo x. 


b. Stereographic projection of {100} poles relative to normals to the traces of the precipitate 
plates in (a), 
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has assumed the equilibrium structure at 
the longer aging time. Thus, the softening 
in this alloy is induced both by loss of co- 
herency and by the grain boundary (re- 
crystallization) reaction. 


TES 


These values should be practically zero for 
a single phase solid solution. Alloying 
additions in solid solution do not effect 
magnetic hardening of a pure metal in con- 
trast to the physical hardening. Thus, de- 
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AGING TIME IN HOURS 
Fic 13—HARDNESS OF AGED SAMPLES. 


The localized precipitation would be 
expected to provide the initial hardness 
peak in the aging curve for 700°C; however, 
the data were not suffciently complete to 
establish this with certainty. Hardening at 
this temperature likewise accompanies 
coherent growth of the precipitate while at 
maximum hardness loss of coherency and 
the grain boundary reaction begin (Fig 7c). 
On aging for 56 hr at this temperature, the 
grain boundary reaction is well advanced 
(Fig 8b), and the X ray diffraction pattern 
reveals that much of the precipitate has 


assumed the equilibrium cubic structure. 


At 800°C and 900°C softening accompanies 
the progress of the grain boundary reaction 
as in Fig 9 and to. 


MAGNETIC PROPERTIES 


The changes in magnetic properties ac- 
companying aging are plotted in Fig 14. 
As with also the hardness data, the points 
on the ordinate at o.o1 hr represent the 
data for as-quenched specimens. ‘ihe finite 
values of coercive force and (B,H a) max. 
product are further evidence that decom- 
position had started during quenching. 


pletion of the matrix does not contribute a 
softening effect on coercive force while it 
may be an important contribution to 
physical softening.1° The coercive force in 
Fig 14a increases markedly during the 
coherent growth of the precipitate and 
reaches the maxima at about the same time 
as the Vickers hardness. Loss of coherency 
and the grain boundary reaction provide 
the decrease in coercive force. 

Peak induction (for a magnetizing field 
of H = 3000 oersteds) and residual induc- 
tion are measures of the degree of ferro- 
magnetism. They depend principally on the 
composition and quantity of the ferro- 
magnetic phase. Apparently, they are 
independent of state of the precipitation— 
whether it is coherent or incoherent—in 
this alloy for the values decrease gradually 
and continuously as aging progresses as. in 
Fig 14b. The matrix, which is ferromag- 
netic, decomposes into the more ferromag- 
netic Co-rich phase and the non-magnetic 
Cu-rich depleted matrix. After precipita- 
tion only about half of the total volume of 
the specimen is of the magnetic phase, 
and the decrease in quantity predominates 
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over the increased degree of ferromagnetism 
of the magnetic phase to provide an over- 
all decrease in peak induction and residual 
induction. The energy product depends 
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and ro hr (600°C) probably correspond to 
the slight increase in resistance provided 
by the coherent state superimposed on the 
pronounced decrease for depletion of the 


COERCIVE FORCE, OERSTEDS 


Zes0 ; : one 


RESIDUAL 
INDUCTION 


x 10°* 


ENERGY PRODUCT 


1 AGING TIME, HOURS 
Fic 14—MAGNne_ETIC PROPERTIES OF AGED SAMPLES, 


both on the coercive force and the residual 
induction. Because the latter decreases con- 
tinuously during aging, the maxima in the 
curves for energy product are attained 
before the maxima in the curves for 
coercive force. 


ELECTRICAL RESISTANCE 


The investigation of the change in elec- 
trical resistance was confined to two tem- 
peratures since the object was merely to 
determine whether or not the increase due 
to the formation of coherent precipitate! 
could be detected. Measurements made at 
the aging temperature are plotted in Fig 
15. The upward inflections at 1 hr (650°C) 


matrix solid solution. The downward de- 
flection at 7o hr (650°C) may correspond 
to the decrease in resistance accompanying 
the loss of coherency. Both features are 
similar to those observed with Al-Ag 
alloys.!9 


DiscussION OF RESULTS 


The similarity of the kinetics of the pre- 
cipitation process and the property changes 
of this alloy to those of alloys in which 
intermetallic compounds are precipitated 
has been pointed out throughout the text. 
Here is an alloy in which a relatively soft 
precipitate is formed having the same 
crystal structure and orientation as the 
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matrix (Fig 16). Precipitation is accom- 
panied by a moderate degree of age- 
hardening. The average particle size during 
most of the hardening is greater than that 


Day 


in the original grains is not permitted to 
grow to a resolvable size during isothermal 
aging at temperatures below goo°C. This 
is an intermediate case between that in 
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required for sharp X ray diffraction, and . 


thus most particles must be greater than 
about tooo A in all dimensions. Small 
particles of the sizes that produce diffuse 
diffraction are present only in minor 
amounts and thus must contribute little to 
the hardening of this particular alloy. The 
only difference in the sequence of micro- 
structure compared with that of Al-Ag is a 
minor one of degree. In the latter alloys 
the precipitate grows to a size that can be 
resolved as a well defined Widmanstatten 
pattern before it is consumed by the grain 
boundary reaction. Here the precipitate 


COHERENT STATE 


Fic 16—CRYSTALLOGRAPHIC SEQUENCE DURING AGING ILLUSTRATING SIZE AND ORIENTATION OF 
THE UNIT CELLS. 


EQUILIBRIUM STATE 


which a well-developed Widmanstatten 
figure can be grown (Al-Ag) and that in 
which the general precipitate is detected 
only with difficulty (Cu-Be). 

The suppression of the grain boundary 
reaction by aging first at very high tem- 
peratures (such as occurs in slow cooling 
from above the solvus) is a significant ob- 
servation. Its interpretation is important in 
explaining the varied behavior on aging this 
alloy and others! under different condi- 
tions. If plastic deformation induced by 
precipitation stresses is responsible for the 
grain boundary recrystallization reaction, 
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then this reaction apparently follows the 
normal laws of recrystallization in regard 
to time, temperature and amount of 
deformation. The latter would be expected 
to increase with decreasing aging tempera- 
ture since the amount of precipitate is 
greater at the lower temperatures and 
deformation of the matrix would be ex- 
pected to be more severe. On this basis, the 
absence of the grain boundary reaction can 
be attributed to a low amount of plastic 
strain, below that required to induce re- 
crystallization, and the relief from such 
strain by crystal recovery simultaneously 
with precipitation. The formation of par- 
ticles of the second phase many times the 
size of the original precipitate may be 
regarded as recrystallization of the precipi- 
tate under ‘‘germinative’”’ conditions. The 
rate of nucleation of recrystallized grains of 
the second phase is much slower than the 
rate of nucleation of the primary precipi- 
tate. In addition to temperature, the 
former rate would be expected to depend 
primarily on the amount of plastic strain 
whereas the latter depends upon degree of 
supersaturation. 

Both the physical and magnetic harden- 
ing are limited by loss of coherency and the 
grain boundary reaction. Apparently, the 
depletion of the matrix does not initiate the 
softening after maximum physical hardness 
but only detracts generally from the in- 
crease during hardening.!° On the other 
hand, coercive force is independent of com- 
position of the solid solution and a much 
more pronounced increase is realized by 
coherency hardening. This property is 
actually a better measure of coherency 
hardening since it is not influenced by many 
of the factors that influence physical 
hardness. 

Strains induced by coherency are be- 
lieved to be the principal source of both 
physical and magnetic hardening during 
precipitation. Those in the matrix around 
each of the coherent precipitate particles 
provide a larger and more resistant volume 
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to interfere with the propagation of slip 
than would an incoherent particle of the 
same size. Such strains in the matrix have 
not yet been identified in the usual type of 
precipitation alloy in which the second 
phase represent only 10 or 20 pct at the 
most of the total volume. In such cases 
coherency strains in the matrix are difficult 
to isolate in the diffraction pattern because 
of heterogeneous changes in composition 
and possibly plastic deformation of the 
matrix. But they are obvious when the 
quantity of depleted matrix does not 
exceed the quantity of precipitate as in 
these magnetic alloys. The depleted matrix 
is strained into a tetragonal lattice that is 
coherent with both the parent matrix and 
the precipitate (Fig 16). 

The strains in the ferromagnetic phase 
are the important ones when considering 
magnetic hardness. In this alloy it is the 
precipitate. An interpretation of the effect 
of such homogeneous strains on the mag- 
netic properties is not difficult now that 
they have been recognized. The effect of 
strain is to modify the crystal symmetry of 
the ferromagnetic phase and thus the 
character of its magnetic anisotropy. Cer- 
tain directions become energetically fa- 
vored directions of easy magnetism not only 
because the new lattice has a different 
shape—such as also occurs on ordering— 
but because the interatomic bonds are - 
affected anisotropically. Such effects may 
extend into the atom as far as the 3d shell 
in which ferromagnetism is believed to 
originate. A change in shape of the lattice 
alone induced by atomic packing (without 
straining the equilibrium structure) is not 
sufficient to explain magnetic hardening, 
for high coercive force in alloys that form 
tetragonal superlattices is characteristic of 
a transient state of ordering and not neces- 
sarily of the fully ordered alloy. Strains are 
considered to influence magnetic properties 
by the reaction they provide to mag- 
netostriction. The coherency stresses pro- 
duce a resistance during magnetization 
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when the elementary magnets of the pre- 
cipitate particles* are being oriented 
parallel to the field. On removal of the field 
the direction of magnetization in each par- 
ticle reverts to the easy direction, but a 
component in the direction of the applied 
field is retained to provide permanent 
magnetism. Coherency stresses oppose 
magnetostriction to resist demagnetization 
likewise so that a high field, the coercive 
force, must be applied to realign the ele- 
mentary magnets in the opposite direction. 
The homogeneous strains of coherency are 
unique; they are much greater than the 
elastic strains which can be produced by 
external loading since metals slip and the 
strains are relieved after a very small frac- 
tion of 1 pct strain. They are much more 
effective in producing a coercive force than 
the heterogeneous distribution of residual 
strains provided by cold working. This 
study of the mechanism of precipitation in 
Cunico thus contributes new information 
on the strains that are now considered 
responsible for both physical hardening and 
magnetic hardening. 


SUMMARY 


1. The sequences of crystal structure and 
microstructure during the aging of the 
permanent magnet alloy Cunico follow the 
general pattern provided by studies of 
structural alloys. 

2. Both the precipitate and depleted 


matrix first assume face-centered tetrag- 


onal lattices that are coherent with the 
parent matrix on the {roo} planes. The 
precipitate is oriented with the (oor) plane 
parallel to {100} planes of the matrix. 
When coherency is lost the precipitate and 
depleted matrix assume the equilibrium 
face-centered cubic structures with lattice 
parameters smaller and larger respectively 
than that of the parent matrix. 


* The particles of precipitate are of a size 
less than that associated with magnetic 
domains and thus may be considered as single 
domain particles. 
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3. Precipitation at localized areas such 
as grain boundaries, twin boundaries and 
strain markings precedes general precipi- 
tation in the parent grains. The discon- 
tinuous reaction at grain boundaries later 
consumes the original grains. Slow cooling 
from above the solvus temperature sup- 
presses the grain boundary reaction and the 
cobalt-rich precipitate grows to resolvable 
Widmanstatten pattern of plates parallel 
to {100} planes of the matrix grains. 

4. Magnetic and physical hardening 
accompany the formation of the coherent 
precipitate as particles of sizes sufficiently 
large to afford three dimensional diffrac- 
tion. Softening accompanies loss of co- 
herency and recrystallization of the matrix 
grains by the process that is nucleated at 
grain boundaries. 


ACKNOWLEDGMENT 


The list of contributors to the work re- 
ported here is long. The authors wish to ex- 
press their gratitude to Mr. G. H. Howe 
and Mr. H. W. Becker for supplying the 
material, to Miss J. K. Hill for making the 
hardness tests and some of the X ray 
diffraction patterns, to Mrs. B. E. Strang, 
Miss E.-E. Tillema and Miss M. G. 
Mayotte for preparing the micrographs, to 
Mr. E. F. Fullam and Miss R. Hager for 
preparing the electron micrographs, to Mr. 
D. W. Bainbridge for determining the elec- 
trical resistivity measurements, and to Mr. 
H. S. Round of the General Engineering 
and Consulting Laboratory for making the 
magnetic tests. 


REFERENCES 


. A. J. Bradley: X ray Evidence of Inter- 
mediate Stages During Precipitation 
from Solid Solutions. Proc. Phys. Soc. 
(1940) 52, 80-85. 

2. A. J. Bradley, W. L. Bragg and C. Sykes: 
Researches into the Structure of Alloys. 
Jnl. Iron and Steel Inst. (1940) 141, 

63-142. 

3. G. Wassermann and J. Weerts: On the 

Mechanism of the Precipitation of CuAls 

in a Hardenable Copper-Aluminum 

Alloy. Metallwirtschaft (1935) 14, 605- 


Leal 


609. 7 
4. K. E. Volk, W. Dannéhl and G. Masing: 


I20 


The Precipitation Process in Cobalt- 
Copper-Nickel Alloys in the Solid State. 
Ztsch. Metallkunde (1938) 30, 113-122. 

5. W. Dannohl and H. Neumann: Permanent 
Magnet Alloys of Cobalt, Copper and 
Nickel. Ztsch. Metallkunde (1938) 30, 
217-231. 

6. V. Daniel and H. Lipson: An X ray Study 
of the Dissassociation of an Alloy of 
Copper, Iron and Nickel. Proc. Roy. 
Soc. (1943) 181A, 368-378. 

7. V. Daniel and H. Lipson: The Dissasso- 
ciation of an Alloy of Copper, Iron and 
Nickel: Further X-ray Work. Proc. Roy. 
Soc. (1944) 182A, 378-387. 


MECHANISM OF PRECIPITATION IN A PERMANENT MAGNET ALLOY 


8. A. H. Geisler and J. K. Hill: Analyses and 
Interpretations of X ray Diffraction 
Effects in Patterns of Aged Alloys. 
Acta Crystallographica. 

g. A. H. Geisler, J. K. Hill and J. B. Newkirk: 
Divergent Beam X ray Photography 
with Standard Diffraction Equipment. 
Jnl. Appl. Phys. 

10. A. H. Geisler: Property Changes During 
Aging, TP 2436, AIME, Met. Tech., 
Aug. 1948. 

11. R. F. Mehl and L. K. Jetter: The Mechan- 
ism of Precipitation from Solid Solu- 
tion—The Theory of Age-Hardening. 
Symposium on Age-Hardening of Metals, 
Amer. Soc. Metals (1940), 365. 


Stable Transformation Nuclei in Solids 


By Joun N. Hosstetter,* MrmBer AIME 


(San Francisco Meeting, February 1949) 


Ir is widely believed that the nucleation 
of phase transformations in solid metals is 
accomplished by some type of local atomic 
fluctuations in the parent phase which arise 
from spontaneous diffusion in the metal or 
alloy system. Under appropriate condi- 
tions, these fluctuations are believed to be 
stable in the sense that the free energy of 
the entire system is lowered if the fluctua- 
tions, or nuclei, grow. Under other condi- 
tions they are thought to be unstable in the 
sense that the free energy is lowered if they 
redissolve. 

The criterion for stability is usually taken 
as the size of the fluctuation. This view has 
been rationalized by Becker’ in terms of the 
free energy released by the volume of the 
nucleus and the free energy associated with 
the formation of a new surface surrounding 
the nucleus. The qualitative result of this 
reasoning is shown in Fig 1 where the 
changes in free energy for the surface and 
volume effects are plotted together with 
their sum against the radius of the nucleus. 
There is evidently always a critical size 


r, beyond which the release of free energy 


which is proportional to the volume always 
dominates the increase of free energy which 
is proportional to the surface area. 
Borelius? has also attempted to ration- 
alize the stability criterion for binary alloys, 
but in terms of the internal concentration 
of the fluctuations. He has found that, if 
surface energies are entirely ignored, the 
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fluctuation must still reach a critical con- 
centration if it is to become stable and 
avoid subsequent dilution. 

Although the: Borelius theory fails to 
predict many observed nucleation phe- 
nomena such as the vanishing of the 
nucleation rate at the critical temperature, 
the major premise must certainly be valid. 
In this paper a reconciliation of the Becker 
and Borelius views is made by means of a 
search for nuclei which are at once stable 
with respect to both size and internal 
concentration. 

The increase in free energy per mole 
accompanying the formation of a nucleus 
which is just stable, AF, is independent of 
the path whereby the nucleus is brought 
into being. It is thus appropriate to seek 
critical nuclear attributes without reference 
to the fluctuation mechanism. The rate of 
nucleation, however, cannot be treated 
without a detailed understanding of the 
exact fluctuation process which produces 
stable nuclei. In this and succeeding papers 
the purpose will be to find the size, shape 
and internal concentration of the stable 
nucleus which is formed with a minimum 
increase in free energy in a wide variety of 
systems. 


Tue NATURE OF THE NUCLEUS 


It is necessary to have rather detailed 
knowledge of the nature of a nucleus if 
AF, is to be computed. Fortunately, 
enough facts are known or suspected about 
the nucleus to make possible a detailed 
analysis. 

X ray diffraction studies have shown® 
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that the nuclei of many, perhaps most, 
transformations remain in registry with the 
parent phase until they have undergone 
measurable growth. Thus, there is no true 


SURFACE 


SEREESENERGYeGHANGE: -——> 


VOLUME 
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fluctuations may be classified as follows: 
1. Fluctuations in concentration without 
change of atomic configuration. 2. Fluctua- 
tions in atomic configuration without change 


/ 


Fic 1—FREE ENERGY CHANGES AS FUNCTIONS OF NUCLEAR RADIUS ACCORDING TO THE BECKER 
THEORY. 


bounding surface for the nucleus itself. 
These findings need not invalidate the 
Becker type of analysis, for there are al- 
ways surfaces of transition bounding the 
nucleus because of the necessary difference 
between the nucleus and the parent phase. 
These surfaces act in the same way as true 
surfaces and an apparent surface tension 
can be associated with them. 

The fluctuations which become stable 
nuclei must be such that they are formed 
during the ordinary spontaneous diffusion 
in the metal or alloy system. Without 
other regard for the nature of the fluctua- 
tion process, it is proposed that these 


of concentration. 3. Fluctuations in both 
concentration and atomic configuration. 

A typical fluctuation of the first class 
would be expected in nucleation of the 
Ag-rich solid solution in a matrix of the 
Cu-rich solid solution of the Cu-Ag system. 
Both solutions are built on the face centered 
cubic lattice and the nucleus is alleged to 
be a stable, localized concentration of Ag 
atoms on the lattice points of the parent 
crystal, there being a local change in lattice 
parameter to accommodate these atoms. 

A typical fluctuation of the second class 
would be expected in singulary systems. 
For example, a nucleus of gray tin in a 
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matrix of white tin is alleged to be a 
stable, localized fluctuation in which the 
atoms have moved from the metastable 
lattice points of the parent crystal to the 
more stable points of the precipitate lattice. 
Proof of this allegation will involve demon- 
strating that atoms may move from the 
points in one lattice to those of another in 
the course of simple diffusion. 

Fluctuations of the third class are prob- 
ably the most common ones in binary 
systems. Presumably cases will be found in 
which concentration change precedes, fol- 
lows or occurs simultaneously with change 
of atomic configuration. 

The problem of the shape of the nucleus 
is particularly difficult. Obviously the shape 
of the nucleus will determine the ratio of 
the changes of surface and volume free 
energies and will thus fix the critical size 
as illustrated in Fig 1. The surface free 
energy change, and hence AF, would cer- 
tainly be minimized were the shape spheri- 
cal, but this factor is opposed by certain 
elastic energies. For example, if there is to 
be a local concentration of large Ag atoms 
in the lattice of the Cu-rich solid solution of 
the Cu-Ag system, then as noted above 
the matrix will be strained to accommodate 
the local increase in volume. Nabarro*.* has 
shown that the elastic energy so generated 
is minimized if the fluctuation is plate-like 
and one atomic layer thick. It is reasonable 
to conclude that the competition of the sur- 


face and elastic energies produces an 


ellipsoidal shape bracketed by a sphere and 
a disk. 


CONCENTRATION FLUCTUATIONS 


The balance of this paper will be con- 
cerned with an analysis of nuclei that are 
regarded as stabilized fluctuations in con- 
centration alone. It will be assumed further 
that the alloy system is a binary one in 
which the atoms have nearly the same size 
so that no elastic energies are generated and 
the nuclear shape may be regarded as 
spherical. Later papers will attempt to 
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treat the elastic effect as well “as fluctua- 
tions of the other two classes. 

The sequence of events during nucleation 
can be pictured as follows: within a single 
crystal, fluctuations in concentration are 
produced by some mechanism at random 
locations in the lattice, the fluctuations 
having various sizes, shapes and internal 
concentrations. Most of these will imme- 
diately dissipate themselves, but some of 
them, for their given shape and concentra- 
tion, will be large enough to be stable and 
will subsequently grow. Those stable 
fluctuations which are formed with the 
least increase in free energy will occur very 
much more often and will provide the bulk 
of the nucleation. 


Calculation of the Free Energy Change 


Let us assume that the free energy of a 
crystal of coordination number Z is asso- 
ciated entirely with the atomic linkages 
between nearest neighbors and let us define 
the free energy per linkage f as the ratio 
of the molar free energy associated with 
N, lattice points to the number of linkages 
per mole ZN ,/2. Evidently the molar free 
energy will be a function of the concentra- 
tion in the crystal as will the free energy 
per linkage derived from it. Let the notation 
f(x) signify the average free energy per 
linkage in a region where the fraction of 
B atoms is uniformly x and f(y,z) signify 
the average free energy per linkage across a 
surface of discontinuity in concentration, 
the fraction of B atoms being y on one side 
and z on the other. 

In a large crystal containing WN lattice 
points among which are distributed xN B 
atoms and (1 — x)N A atoms, the total 
number of linkages between nearest neigh- 
bors will be ZV /2. Let us now imagine that 
a fluctuation occurs so that within a small 
group of # lattice points the fraction of 
B atoms is raised uniformly to y, while 
outside in the matrix it is reduced to z. Let 
the shape of this group be such that there 
are S atomic linkages crossing its boundary. 
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The number of linkages within the group 
will then be (Zn — S)/2;the number within 
the matrix will be (ZN — Zn — S)/2. 

In terms of these symbols and definitions 


TEMPERATURE 


(@) x 


we may now write an expression for the 
free energy change when the fluctuation is 
brought about: 


=* p(y) + FA) = § 5) 


+ Sf(y,2) — EN f(x) [1] 


ar = 22 —5 


When simplified, this expression takes the 
form: 


= = info) + W = fle) 
+ > fofly,2) — f0) 


— Nf(z)] 
—f@)] [2] 


It will be shown below that the number 
of atoms involved in a stable fluctuation is 
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very small compared to the number in a 
crystal of ordinary size. The fluctuation 
does not change much the concentration in 
the matrix so that z very nearly equals x 


0.5 ike) 
CONCENTRATION 
Fic 2—CALCULATED PHASE DIAGRAM FOR THE SIMPLIFIED ALLOY SYSTEM. 


and we can write: 
df(x 
f(s) = fla) + (@ — 4 
the derivative being evaluated at x. Count- 


ing B atoms in both matrix and fluctuation, 
we can find: 


or 
N-n 
so that: 
n(x — y) df(«) 
fle) = fle) + "Za 


Substituting this in the first bracket of Eq 
2, we find: 


AF = - = [1@) apie ia naib Dies 
+2 feflv,2) — f) — FO) (gal 
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It can now be shown that the average 
free energies per linkage f in the second 
bracket of Eq 3a can be replaced by 
average internal energies per linkage w. 
By definition, these quantities are related 
through the average entropy per linkage 7: 


Dead Lp 


Suppose there are 2m atoms on both sides 
of the boundary surface of the fluctuation, 
m on each side. The average entropy per 
linkage will be: 
n= ame In W 

where & is the Boltzmann Constant and W 
is the thermodynamic probability, that is, 
the number of ways each group of m atoms 
may be distributed among the lattice 
points on its side of the interface subject 
to an appropriate restriction on the 
concentration. 


m! 2S 
W(y) = { Pali mit 


m! 
WW) = {reali = aif 


m! m! 
W(y,2) = [my]![m(1 — y)]! [mz] ![m(2 — z)]! 


It will be evident that: 
2 In W(4,2) — In Wy) — In W(2) = 0 


so that the surface entropy effect vanishes, 
and each f may be replaced by in Eq 3a. 


This conclusion holds only as long as the 


number of atoms on each side of the fluc- 
tuation surface is the same—a condition 
approximately met by any fluctuation 
shape. 

It can be shown that, unlike the situation 
in the first bracket, we may simply write 
x for zg in the second bracket of Eq 3a with- 
out making an appreciable error. We have 


finally: 


ar = - 4a) -J0)+ 0-9 4? 


2 


+2 [au(y,2) = u(y) — m@)] [3b] 
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It is proposed that this equation can be 
used to find the free energy change accom- 
panying an arbitrary fluctuation of such 
(small) size that m atoms are involved, of 


ye 
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Fic 3—POLYHEDRON PROVIDING MINIMUM 
SURFACE LINKAGES IN A FACE CENTERED CUBIC 
LATTICE. 


such shape that S surface linkages are 
formed and of uniform internal concen- 
tration y. 


Evaluation of the Free Energy Change 


Any evaluation of the free energy change 
based on Eq 3b requires that average free 
energy and internal energy per linkage be 
known as functions of concentration and 
temperature. It is at this point that such 
subtleties of solid state structure as short 
range order and thermodynamic activities 
must be considered. The chief purpose of 
the rest of this paper, however, is to study 
the properties of Eq 3b rather than exact 
magnitudes of predicted free energies 
changes. Accordingly, the simplest possible 
theoretical form of these functions will be 
adopted. It will be assumed that the alloy 
crystal is completely disordered, that the 
internal energy at any temperature is the 
sum of interactions between nearest 
neighbors only and that the energy asso- 
ciated with an atomic pair of given type is 
independent of the concentration in its 
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surroundings. We can then write: 


u(x) = x2?Epp + (1 — x)E aa 
+ 2x(1 — «)Eap 
u(y,x) = yeEee + (1 — y)(t — x) Esa 
+ [y(x — x) + x(1 — y)] Ean 
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and 
(x) = u(«) + a ls Inx + (1 — x) 
In (1 — x)] 
Defining V = Eag — (Eaa + Epn)/2, the 


Fic 4—SURFACE DESCRIBING THE FREE ENERGY CHANGE ACCOMPANYING FLUCTUATIONS OF ANY 
SIZE AND CONCENTRATION. ORIGINAL PHOTOGRAPH REDUCED APPROXIMATELY ONE HALF. 


where Eaa, Epp and Ez are the energies 
associated with the various types of atomic 
pairs at some given temperature. Noting 


that: 
2kT N! 


T(x) = —]- In [Nx] ![V (1 —x)]! 


and using Stirling’s Approximation: 


Inv! =vlnv—v 
we find: 


—Tn(x) = ela Inx + (1 —x) In(1 — x)] 


internal energy may be written 


u(x) = (1 — x) Fag + xE pep 

+ ax(1 — «)V 
For simplicity we shall assume that Eaa 
= Eze = © at all temperatures. Since we 
shall be interested only in isothermal 
energy changes, the variation of the E with 
temperature is of no consequence. Then 

u(x) = 2x(r — x)V 

u(y,x) = (y — aye + x)V 


df(x) _ ss 2h load 
yee: 5) Veen ae 


[4] 
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When the derivative of Eq 4 is set equal to 
zero, the roots give the equilibrium concen- 
trations for the simplified alloy system we 
have adopted. The phase diagram for the 
case of V positive is given in Fig 2. The tem- 
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2kT 
Z 


{x tna + (f—a)in (x —«)} | [5] 


and there is an identical expression for f(y). 


f(x) = 


[ 2x1 = i) —< 
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perature at the top of the solubility gap 


Tm occurs at x = 0.5 and may be found. 


from Eq 4: 
ZV 


ie 


2k 
whence ZV may be written as 2kTu. The 
critical temperature T¢ for any gross con- 
centration x may also be found from Eq 4: 
2(1 — 2x) 


les = <a ee 
ln 


1 ncaa 


The free energy per linkage at concen- 
tration « now becomes 


Substituting in Eq 3b, we obtain 
S: ) i 
= say) (a= 2 
AF 2kT x | (y x) e n Ty 
{x -Y+(y-2) mn = \] [6] 
I—% 


where 


X=ahxe44+(1 —x) (a — x) 
Y=ymyt+(—y)m(t—y) 


Determination of Nuclear Shape 


nN 
Z 


The free energy change given by Eq 6 
will be least if S is minimized for a given n. 
This fact eliminates from consideration all 
nuclear shapes which are not approximately 
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spherical. However, it will be shown below 
that the stable nuclear radius is only about 
ten atomic diameters and it is not possible 
to construct a true sphere from so few 


fo) 
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n and S may be found: 


10473 + cp? + Ulgy ty  [y] 
36r? + 36r + 12 [8] 


n 
S 
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atoms if the atoms are distributed in a 
lattice array. 

Let us restrict our attention to alloy 
systems in which the lattice is face centered 
cubic, for example, Cu-Ag. The planes with 
the lowest interplanar coordination number 
are the octohedral (111) planes. Unfor- 
tunately, polyhedra bounded by planes of 
this form depart widely from spherical 
shape and their increased surface area 
dominates the low coordination number to 
give a relatively large number of surface 
linkages. A polyhedron bounded by both 
(100) and (111) planes, on the other hand, 
does closely approximate a sphere and does 
provide the least number of surface link- 
ages per given size. Such a polyhedron is 
sketched in Fig 3 where its relation to the 
crystallographic axes is also shown. If r is 
the radius of such a pseudo-sphere, meas- 
ured in atomic diameters between atom 
centers in any close packed direction, both 


Determination of Critical Size, Concentration 
and Free Energy Change 


When Eq 7 and 8 are substituted in Eq 6 
there results an expression for AF in an 
alloy of original concentration « as a func- 
tion of the size r and the concentration y of 
any fluctuation and which contains as 
parameters the temperatures JT and Ty. 
This function has been mapped as a series 
of surfaces at different temperatures T for 
an alloy of original concentration 0.1 
wherefor T¢ = 0.728Ty. 

At T = Tc this surface has positive 
slope at all points so that the formation of a 
stable nucleus is impossible. However, just 
under T¢ the surface develops a saddle 
point from which a nucleus can grow with 
decreasing free energy. At high tempera- 
tures this saddle point lies in a deep, narrow 
valley as is shown in the photograph of 
model of the surface at 0.97 ¢ given in Fig 
4. As the temperature falls, the height of 
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the saddle point AF¢ falls as is shown in 
Fig 5, and its position shifts toward 
smaller critical size and more dilute critical 
concentration as is shown in Fig 6. Simul- 
taneously the valley broadens and flattens. 

It will be noted in Fig 5 that AF be- 
comes negligible in the neighborhood of 
0.7Ic. The valley also becomes very broad 
and flat near this temperature so that there 
is no appreciable difference in free energy 
among fluctuations of various sizes and 
concentrations. Under these conditions al- 
most any fluctuation would be expected to 
grow and the nucleation rate should very 
nearly equal the fluctuation rate itself. 
This condition should obtain just below 
the nose of the C curve for the transforma- 
tion. At higher temperatures the C curve 
is turned back and made asymptotic to Tc 
by the narrowing of the valley which re- 
stricts nucleation to ever more specialized 
fluctuations and by the rapid increase in 
AFe which makes these fluctuations ever 
less probable. 


DISCUSSION OF RESULTS 


It is alleged here that for substitutional 
solid solutions wherein nuclei form by con- 
centration fluctuations alone, Eq 3b will 
describe the free energy changes accom- 
panying the fluctuations. Proper evaluation 
of this equation requires knowledge of two 
factors: the fluctuation shape which pro- 
vides a minimum ratio of S to n, this shape 
being given here only for the decomposition 
of a face centered cubic solid solution, and 
the dependence of the average free energy 
per linkage f on the concentration and 
temperature of the solid solution. This last 
requirement may be met either directly, 
by theoretical arguments, or indirectly, by 
deduction from measurements of some such 
property of the solution as its sublimation 
energy. 

There has been no attempt here to find 
the exact average free energy per linkage 
of a specific system. The theoretical func- 
tion that has been used in studying the 
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properties of Eq 3b is the simplest one 
which might be expected to have any 
validity. It is appropriate to discuss 
briefly the probable extent of its validity. 

It may be noted that there is no possi- 
bility of modification of this function 
because of short range order in the solu- 
tion. Precipitations that involve changes 
in concentration without changes in atomic 
configuration, for instance in Cu-Ag, 
necessarily occur only in solutions for 
which V is positive so that the attraction 
of like atoms is greater than the attraction 
of unlike atoms. There is thus no driving 
force toward ordering in the usual sense. 
The opposite tendency whereby B atoms 
tend to surround themselves with other B 
atoms, and the like, is just what is being 
described by Eq 3b, and the results show 
that the free energy of the completely 
disordered solution at first increases as 
the size and concentration of a “reverse 
ordered” patch increase. Such “reverse 
ordering” occurs spontaneously only be- 
yond the critical size and concentration 
and is then entirely equivalent to growth 
of a stable nucleus. 

The assumption that Has = Esp = 0 
was made for convenience only and is 
not appropriate to any real system. Re- 
leasing this assumption causes only a 
linear increase or decrease of AF with y 
and does not change the character of the 
AF surface. 

The assumption that Eas, Ese and Eas 
are independent of the concentration in 
the surroundings of the appropriate atom 
pair is admittedly bad. These interaction 
energies are known to be functions of con- 
centration and their variation makes the 
thermodynamic activities differ from con- 
centrations. The activity coefficients may 
be expected to be so nearly unity that 
the magnitude but not the order of the 
results given here will be changed. Evalu- 
ation of this correction is best made by 
using measured rather than theoretical 
values of f. 
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SUMMARY 


1. A reconciliation of the Becker and 
Borelius theories of nucleation in solids 
has been made and it is shown how both 
the critical size and critical concentration 
of a stable nucleus may be found. 

2. These critical conditions and the free 
energy threshold for nucleation have been 
determined for a pseudo-spherical nucleus 
forming by concentration in a simplified 
binary alloy crystal of the face centered 
cubic lattice wherein the elastic energy 
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accompanying nucleation can be taken as 
negligible. 
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Nucleation of Slip Bands 


By J. G. Lescnen,* Junior Memser, R. P. CARREKER,* AND J. H. Hortomon,* JUNIOR MEMBER 
AIME 


(Philadelphia Meeting, October 1948) 


THE external appearance of a crystal 
which has undergone plastic flow suggests 
that adjacent blocks of the crystal have 
glided bodily past one another along the 
slip planes. However, the great discrepancy 
between the shear stresses calculated to 
effect such a movement and those actually 
observed has for many years stimulated 
searches for more satisfactory interpreta- 
tions of the slip process. Appreciable success 
in these efforts has been realized by assum- 
ing the presence in the crystal of various 
sorts of imperfections and by considering 
the consequences of the presence of these 
flaws when stress is externally applied. The 
theory that has received the most attention 
recently—that of dislocations—postulates 
the occurrence of small, mobile imperfec- 
tions or dislocations which move through 
the crystal along the slip direction, each 
dislocation being attended by a local shear 
displacement of one interatomic distance. 
Thus only that portion of the crystal 
through which the dislocation has passed 
may be said to have slipped. Since each dis- 
location produces a displacement of only 
one interatomic distance, an avalanche or 
train of many dislocations would be neces- 
sary to account for the observed displace- 
ments of several hundred or thousand 
interatomic distances. 

The salient point of the theory of dislo- 
cations is the concept that a slip band does 
not suddenly appear in its entirety. On the 
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contrary, it grows progressively across the 
slip plane as the individual dislocations 
successively appear and advance in a train 
through the crystal. However, the concept 
of growth is not intrinsic only to the theory 
of dislocations, since atomistic mechanisms 
other than that postulated by the disloca- 
tion theory can quite probably also describe 
the growth of a slip band. For instance, a 
slip band might resemble a disc-like inter- 
face that appeared and then grew con- 
tinuously from a small size, producing a 
displacement that increased with the size 
of the disc. Whatever the precise mecha- 
nism, the concept of growth is in itself 
consistent both with the observed low 
values of critical shear stress and with the 
experimental observation that slip bands 
frequently do not traverse the entire 
crystal. 

The likelihood that slip bands grow im- 
plies that they must first be nucleated and 
that the initiation of slip can therefore be 
analyzed in terms of the general concepts 
of nucleation. Indeed, this suggestion was 
advanced! several years ago, but the matter 
does not appear to have been further pur- 
sued. Recent advances in the theory of 
nucleation? 4 have encouraged such a 
treatment of the slip process. As_ will 
presently be demonstrated, this approach 
to the problem not only accounts success- 
fully for the incubation periods that have 
been observed®® to precede slip but also 
predicts certain transient effects in the 
deformation process. The existence of 
these transients apparently has not hitherto 
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been recognized but is now verified by 
experiment.’ 

The theory of nucleation involves the 
analysis of general energy relationships, 
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Fic 1—A SHEARED CRYSTAL CONTAINING A 
SLIT. 


and no precise atomistic mechanism of slip 
need therefore be assumed in an inchoate 
treatment of the problem. The concepts 
can readily be illustrated quite simply and 
still lead to qualitatively valid predictions. 


Basic THEORY 


Suppose a crystal to be elastically loaded 
by a hanging weight in such a manner that 
a constant shear stress 7 acts across a po- 
tential slip plane. Now assume that a grow- 
ing semicircular surface, across which no 
shear stress is supported, advances slowly 
into the crystal. The crystal now resembles 
one that contains a small slit (Fig 1), and 
the shear strain varies continuously from 
zero at each face of the slit to 7/G at ap- 
proximately the surface of a hemisphere 
enclosing the slit, if G is the appropriate 
shear modulus. The external surfaces of the 
upper and lower parts of the crystal are 
displaced by an amount that increases with 
the radius of the disc. The disc is assumed 
to possess a degree of permanence, since it 
grows or contracts only gradually; it does 
not appear or disappear suddenly. 

The changes of energy accompanying 
such a process can be approximated. Before 
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the appearance of the disc the stored energy 
of distortion per unit volume is r?/2G in all 
parts of the crystal. If a disc appears at the 
surface of the crystal and grows to a radius 


AF 


peda s 


Fic 2—CHANGE OF ENERGY OF A SLIP BAND AS A 
FUNCTION OF RADIUS. 


2 
r, the elastic energy W = amr : a stored 
in an approximately hemispherical volume 
about the disc is relieved. An increase in 
elastic energy of roughly 2W, produced by 
the simultaneous rise of stress across the 
remainder of the cross-section of the crystal, 
is neutralized by the loss of potential energy 
of the hanging weight. Meanwhile, the 
rearrangement of the atoms in the imme- 
diate neighborhood of the disc introduces 
a free energy y per unit area of the disc. The 
net change AF of free energy of the system 
accompanying the formation of a semicircu- 
lar disc of radius 7 is thus approximately 


A Ried Clin) Bae ee [x] 


As shown in Fig 2, AF has a maximum 
AF* = ry*G?/6r4 at a critical radius r* 
= 7G/r?. 

The radius of a disc will most probably 
tend to change in such a way as to effect a 
decrease in free energy. A disc that has not 
attained the critical radius will therefore on 
the average tend to contract and ultimately 
to disappear, but one that happens to 
exceed the critical size usually continues to 
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grow indefinitely. Any disc with radius less 
than r* will be called an embryo slip band, 
while one which has exceeded this critical 
size will be called a nucleated slip band. 
One would expect a considerable number 
of embryo slip bands to be present at the 
surfaces of a crystal under any set of condi- 
tions, including that of zero stress, with 
each embryo continually growing or shrink- 
ing. An equilibrium distribution of sizes 
(except for embryos near or exceeding the 
critical size) ns (r) is by thermodynamic 
considerations,” approximately 
AF 
n(r) = ne ®T [2a 


where 7, is the total number of atoms in the 
surface of the crystal, k is Boltzmann’s 
constant and T is the absolute temperature. 
When AF* is sufficiently small to make 
ms (r*) appreciable, some embryos reach 
critical size and continue to grow as slip 
bands. New embryos appear and on the 
average tend to grow toward critical size, a 
constant rate of nucleation at the surface 
being thereby approached. Considerations 
based on the Eyring theory of reactions 
rates® indicate? this constant rate to be 
proportional to Te~4” “eT 

It is possible for embryos to appear in the 
interior of a crystal as well as on the surface. 
Such interior embryos would most likely 
be circular and would relieve the elastic 
energy in a spherical volume. For this case 
the expression corresponding to Eq 1 
shows that the critical radius for an interior 
embryo is the same as that of a semicircular 
disc at the surface but that the change of 
free energy associated with any particular 
radius is doubled. The equilibrium distribu- 
tion of embryo sizes in the interior is then 


approximately 
2AF 


ni(r) = nye eT [2b] 


where n; is the total number of atoms in the 
interior. The corresponding rate of nuclea- 
tion in the interior approaches a value 
proportional to Te~*4” “eT , 


A slip band of the type postulated and of 
radius 7 in a crystal of cross-sectional area 
A can be shown to produce an elongation of 
the crystal proportional to 73/A. Although 
the actual elongation may increase with the 
radius less rapidly because of interaction 
between slip bands and because of other 
complications, the externally observed 
strain can still be taken as a measure of the 
number and the sizes of slip bands in the 
crystal at constant temperature. 

The rate at which a slip band grows, 
once it has passed the critical size, cannot 
be predicted without assuming a more or 
less detailed mechanism of the process. 
However, it is probable that such growth 
occurs quite rapidly—probably with a 
speed approaching that of sound. The strain 
rate will therefore be taken in the present 
paper as at least a rough measure of the 
rate of nucleation. 

From this simplified picture of the nu- 
cleation of slip bands various consequences 
can now be qualitatively developed. Subse- 
quent comparison of these with experiment 
will then constitute a test of the validity of 
the concepts. 


SURFACE VS. INTERIOR NUCLEATION 


If the yield stress rT, is taken to be that 
stress which produces a particular constant 
small rate of nucleation, the qualitative 
dependence of 7, in single crystals on speci- 
men size and temperature can be derived. 

The rate of nucleation at the surface will be 
proportional to the surface area and to the 
exponential factor given in the preceding 
section; the rate in the interior will vary 
with the volume of the specimen and with 
the corresponding exponential. The total 
rate of nucleation W is then 


; _Ar* _2ar* 
N =cPTe #2 + cite *F — [3] 


where / is the average dimension of the 
specimen and c, and c; are the appropriate 
constants of proportionality. It will be 
remembered that AF* varies as G?/r‘. 
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Holding N and T constant leads to a 
relation between 7, and 7. Although the 
expression embodies too many approxima- 
tions to justify an exact solution, the curve 
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| AL 


STRESS IN KG/CM? 


DIAMETER IN MM 


Fic 3—VARIATION OF CRITICAL SHEAR STRESS 
OF ALUMINUM WITH SPECIMEN DIAMETER. 
(AFTER ONO.?) 
of 7, against / can be shown to be convex 
downward and to the left with a negative 
slope at all points. This type of curve has 


if 
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temperature rises, not only will the second 
exponential become appreciable but the 
modulus G will decrease more and more 
rapidly. Thus, a curve of the yield stress 
against 7~-” will fall toward zero as the 
melting point is approached, sometimes 
after breaking sharply from the curve for 
lower temperatures. Data!!! obtained 
with, for example, aluminum confirm these 
expectations (Fig 4). 


THE INCUBATION PERIOD 


When the stress is zero, the second term 
of Eq 1 vanishes and the curve of AF rises 
indefinitely with increasing r. Accordingly, 
the embryos present at equilibrium in an 
unstressed crystal will be relatively few in 
number and small in size. When a stress is 
applied, the curve will be everywhere 
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Fic 4—VARIATION OF YIELD STRESS WITH FOURTH ROOT OF RECIPROCAL TEMPERATURE. 


been found by Ono® in studies of single 
crystals of aluminum (Fig 3). 

Similarly, holding NV and / constant will 
give a relation between rT, and 7. At tem- 
peratures sufficiently low to render insig- 
nificant the second exponential in Eq 3, Ty 
should vary approximately as T-”. As the 


lowered and will have a maximum height 
AF* at radius r*. It is assumed that the 
stress is not so large that r* is exceeded by 
the sizes of any of the original embryos. 
The original embryos, as well as others 
which subsequently appear, will on the 
average increase in size, approaching the 
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new equilibrium distribution. If AF* is 
sufficiently low, the rate at which embryos 
reach critical size and are nucleated will 
gradually increase from zero to a constant 
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melt. Local stresses would thus be con- 
siderably higher than any externally ap- 
plied, nominal stress. The highest of the 
local stresses would tend to nucleate slip 
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Fic 5—CREEP-TIME CURVE FOR A BRASS SINGLE CRYSTAL AT ROOM TEMPERATURE OBTAINED BY 
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value proportional to Te~4?"/*7, In terms 
of elongation of the crystal, the strain rate 
will be zero between the time of application 
of stress and that at which the first embryos 
reach critical size. The rate will then 
gradually increase to a constant value. The 
length of this incubation period should 
decrease with increasing stress and tem- 
perature. Such periods of incubation have 
been observed at low stresses in crystals of 
iron’ and of alpha brass® and are illustrated 
in the left-hand portion of Fig 5. 

The right-hand portion of Fig 5 shows the 
rate to decrease because of strain harden- 
ing, a factor in deformation that the present 
discussion has thus far ignored. In terms of 
the nucleation theory, strain hardening 
may be attributed most simply to the 
presence in the crystal of flaws or initial 
stresses that are introduced by accident or 
by the anisotropy of thermal expansion 
during the cooling of the crystal from the 


and to be relieved almost immediately 
after application of the external load, and 
the smaller stresses would tend to follow in 
order of decreasing intensity. Under con- 
stant applied stress the rates of nucleation 
and of strain would therefore decrease as 
the local stresses were relieved. 

The presence of initial stresses would of 
course alter the initial distribution of em- 
bryos, but an incubation period would still 
be expected. 


TRANSIENT DEFORMATION 


Suppose a crystal to have been deforming 
under a constant stress 7; with a minimum 
of strain hardening. The appropriate energy 
curve will be shown in the upper half of 
Fig 6, and the corresponding distribution of 
embryos as shown in the lower half of that 
figure. The rate of nucleation will be pro- 
portional to Te~4” '/kT and the strain rate 
will be approximately constant, as indi- 
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cated in Fig 7. If at time #, the stress is 
suddenly increased to 72, the energy curve 
will change as illustrated in Fig 6. Since 
embryos change in size relatively slowly, 
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the rate of nucleation will approach a new 
value proportional to Te~“¥2*/#T, The new 
strain rate will accordingly fall gradually to 
€2, as shown in Fig 7. 


Fic 6—ENERGY CURVES AND SIZE DISTRIBUTIONS UNDER TWO DIFFERENT STRESSES. 


the radii of those represented by the shaded 
area in Fig 6 will now exceed the new criti- 
cal radius r2* and will be nucleated auto- 
matically. The strain rate will therefore 
increase discontinuously. As these nu- 
cleated slip bands grow, the subcritical 
embryos will tend toward the new equilib- 
rium distribution represented in Fig 6, and 


If now at time fz the stress is suddenly 
lowered to 7, there will temporarily be no 
embryos of size 7;*. No slip bands will be 
nucleated, and the strain rate will fall to 
zero. As the distribution of embryos returns 
to the equilibrium distribution characteris- 
tic of 71, embryos in increasing numbers will 
reach the new critical size 7,*. Conse-~ 
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quently, the strain rate will rise gradually 
to approximately €,. The interval from fz 
to the time at which the strain rate departs 


STRESS 


STRAIN RATE 


ti 


appreciably from zero thus represents an 
incubation period. 

The dependence of the length of this 
incubation period upon the time of applica- 
tion (t2 — ft) of the higher load can be pre- 
dicted, since this period is a measure of the 
time required for the largest embryos exist- 
ing at tf, to grow to size 7,*. It is assumed 
that the values of 7; and 72 are always the 
same and that the steady state distribution 
of embryo sizes characteristic of 7; is always 
attained before the stress is increased. 
There will of course be no incubation period 
when (t2 — #1) is zero. As (t2 — #1) increases, 
the size distribution existing at f2 will 
change progressively from the steady-state 
distribution characteristic of 7; toward that 
characteristic of 72, and consequently the 
time required for the largest embryos exist- 
ing at t to grow to 7:*, that is, the incuba- 
tion period, will increase. For large values 
of (t2 — t) the size distribution at fz will 
always be essentially the steady-state dis- 
tribution characteristic of tz. A curve of 
the length of incubation period versus 
(t2 — ty) will therefore increase sigmoidally 
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from zero to a constant value. The precise 
shape of this curve will be a measure not 
only of the rate of change of size distribu- 


t, TIME 
Fic 7—PREDICTED VARIATIONS OF STRAIN RATE AT CONSTANT TEMPERATURE. 


tions but also of the increase in rate of 
growth with r for slip bands larger than 
ro* at the stress 72. 

The same sort of transient effects are 
also to be expected following a rapid change 
in temperature. A rise of temperature is 
accompanied by a decrease in the modulus 
G and therefore also in AF* and r* at con- 
stant stress. Thus, an increase or decrease 
in temperature at constant stress will have 
qualitatively the same effect on strain rate 
as an increase or decrease in stress at con- 
stant temperature. 

A recent series of preliminary experi- 
ments’? performed on wires of lead and 
copper confirms the existence of such 
transients. Sudden changes of load on both 
metals at room temperature produced the 
predicted changes in strain rate, and the 
experimental curves resemble those in Fig 
7. The expected sigmoidal shape was 
found in a curve of the length of incubation 
period versus the time of application of the 
higher load. Changes of the temperature of 
lead under constant load led to similar 
changes of strain rate, although here the 
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results were not so clear-cut because of 
difficulties in changing the temperature 
rapidly. 

A third type of transient was observed in 
experiments performed on specimens of 
61ST, an age-hardening aluminum alloy. 
These transients appeared in the stress that 
was required to change the strain rate from 
one constant value to another at constant 
temperature. 

The use of lead at room temperature in 
experiments performed to test a theory of 
slip may be questioned, since this metal 
has been reported to deform at least in part 
by a process of grain rotation.!? However, 
slip bands have also been observed in the 
room temperature deformation of lead,!*:!8 
and it may be assumed that the specimens 
deformed at least partially by the slip 
process. It is of course possible that other 
mechanisms of deformation can be de- 
scribed in terms of nucleation. There is no 
doubt, however, that both aluminum and 
copper deform by slip at room temperature. 


CONCLUSIONS 


The simplified concepts of the nucleation 
of slip bands, as developed in the first por- 
tion of the present paper, not only account 
qualitatively for several well-known experi- 
mental observations but also successfully 
predict the existence of transient phenom- 
ena in deformation. 

The hypothesis that a slip band first 
appears in a limited region of a crystal, that 
it changes size at finite rates, and that it 
must be nucleated in order to attain any 
appreciable size thus appears sound. The 
concepts should therefore warrant addi- 
tional and more detailed investigation of 
both a theoretical and an experimental 
nature. 


SUMMARY 


A slip band is assumed to appear in a 
small, localized region of a stressed crystal 
and to change size at finite rates, rather 
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than to appear suddenly in its entirety. 
The conditions required for the nucleation 
of a slip band are developed on the basis of 
a simplified picture, and their relations to 
the externally observed elongation of the 
crystal are painted out. The concepts are 
shown to account qualitatively for several 
experimental observations previously made 
and to predict successfully the existence of 
transients in the deformation process. 
These transients apparently have not 
hitherto been recognized. 
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Transient Plastic Deformation 


By R. P. Carrexer,* J. G. LescHen,* JuNioR Mremper AIME awnp J. D. Lusaun* 


(Philadelphia Meeting, October 1948) 


Tue formation of slip bands in crystalline 
solids undergoing plastic deformation has 
recently been treated as a problem of nu- 
cleation and growth.! A simplified theory 
was developed and shown to be qualita- 
tively consistent with certain experi- 
mental observations reported in the litera- 
ture, such as the frequent failure of slip 
bands to traverse the entire crystal, the 
effect of specimen diameter and tempera- 
ture on the yield stress, and the occurrence 
of incubation periods in the deformation of 
suddenly loaded crystals. 

The theory further predicts the appear- 
ance of transients in the rate of strain of a 
crystal when the applied stress is suddenly 
changed from one constant value to an- 
other. A transient consists of a discontinu- 
ous change in the strain rate followed by a 
gradual approach to a steady-state value. 
Such transient behavior apparently has not 
been recognized in previous experimental 
work. 

The preliminary experiments reported in 
the present paper were undertaken to 
confirm the existence of the predicted 
transients and thus to determine whether a 
more detailed treatment of the nucleation 
theory of slip might be theoretically and 
experimentally fruitful. 


EXPERIMENTAL PROCEDURE 


A simple creep apparatus was assembled 
as shown in Fig 1. Very little insulation was 
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used on the furnace in order to facilitate 
rapid changes of temperature. Tempera- 
ture was measured with a thermometer 
placed in the center of the furnace and was 
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Fic 1—CREEP TEST APPARATUS. 


controlled by adjusting the Variac setting. 
The specimens were cold-headed in split- 
cylinder grips. The strain was measured as 
total elongation by a dial gauge sensitive to 
1/10,000-in. movement of the weight pan. 
Since the specimen gauge lengths were 
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approximately 16 in., the strain sensitivity 
was of the order of 10~*. The dial gauge and 
its support were electrically insulated from 
the remainder of the apparatus, except for 
the contact between the traveling pin 
and the weight pan. Measurements of elec- 
trical resistance indicated that the weight 
pan was continuously in contact with the 
dial gauge pin. The entire assembly was 
rigidly attached to an I-beam column of the 
building framework. Loads were applied 
after the specimens had been annealed and 
had cooled to room temperature. The lead 
wires were annealed in the creep apparatus 
to eliminate any effect of bending during 
mounting. Care was taken to apply the 
load increments smoothly. A stop watch 
was used in taking the short-time transient 
readings. 

Subsequent creep experiments on lead 
were performed with a creep apparatus 
previously described by Dushman et al.? 
The strain rate was measured optically and 
was continuously recorded. 

Tensile tests were made using a Baldwin- 
Southwark hydraulic testing machine and a 
stress-strain recorder supplemented by a 
time drive for obtaining strain-time curves. 
Thus, continuous automatic plots of stress 
versus strain and of strain versus time were 
obtained simultaneously. The strain rate 
was controlled by adjusting the oil inlet 
valve setting. 


EXPERIMENTAL RESULTS 


1. Effect of Changing Stress during Constant 
Temperature Creep Tests 


The results of a typical experiment are 
illustrated in Fig 2. The 16-in. specimen of 
¥g-in. diam high-purity lead wire was 
strained approximately to pct after mount- 
ing in the furnace of Fig 1 and then an- 
nealed by heating briefly at 124°C. After 
the specimen was loaded to a stress of 456 
psi* and had reached a characteristic creep 


* Throughout this paper, stress is taken as 
load divided by original cross-sectional area. 
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rate of 1.25 X 10-® min!, the stress was 
suddenly increased to 468 psi. The strain 
rate immediately became very large and 
then decreased slowly to a new charac- 
teristic value of 3.5 X 10-§ min“, higher 
than the previous rate at the lower stress. 
The additional load increment was then 
removed, bringing the applied stress back 
to 456 psi. Deformation immediately 
ceased. There was no change in length for 
approximately 1o min. The creep rate then 
increased slowly to 1.20 X 107§ min7}— 
nearly the same as the earlier characteristic 
rate for the same stress. 

Similar experiments were made using this 
and other lead wires. The amount of tran- 
sient deformation and the new characteris- 
tic creep rate both increased with the 
increment of load, the initial load being the 
same in all cases. 

The effect of the time of application of 
the higher load was studied with a lead 
wire in the Dushman apparatus at room 
temperature. The initial load and the load 
increment were the same in all cases, and 
the increment was not added until the 
strain rate had become reasonably constant 
under the smaller load. The length of the 
“incubation period,” that is, the interval 
between the time at which the load incre- 
ment is removed and the time at which the 
strain rate again departs appreciably from 
zero, varied with the time of application of 
the higher load in the manner shown in Fig 
3. The sigmoidal form of the curve was 
predicted.1 This particular curve was ob- 
tained using an initial load of 550 psi 
with an increment of 20 psi. Conditions 
were such that incubation periods of less 
than one minute could not be observed 
accurately. 

In order to investigate flow under cyclic 
loading, two identical lead wires were 
brought to the same creep rate under a 
stress of 456 psi in the apparatus of Fig 1. 
One specimen was allowed to creep under 
this same steady load. The other specimen 
was loaded cyclicly as shown in Fig 4. The 
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cyclic test was conducted so that the aver- 
age stress was the same as the constant 
stress of 456 psi, the actual stress being 
changed at intervals from 446 to 466 psi 
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would have extended only 11.5 X 107 in. 
in the same period of time. At the end of the 
cyclic loading the stress of 456 psi was re- 
established. The creep rate slowly returned 
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and vice versa. The cyclicly stressed speci- 
men extended a total of 12.5 X 107% in. 
over a period of 290 min., while the speci- 
men at constant stress extended only 
8.5 X 107*in. in the same period of time—a 
ratio of 1.5 to 1. A specimen deforming al- 
ways under the higher stress of 466 psi 


to the rate characteristic of the initial 
stress of 456 psi. 

Another experiment was performed at 
room temperature with a o.025-in. diam 
OFHC copper wire that had been annealed 
for 14 hr at 500°C. After the specimen at- 
tained a reasonably constant creep rate of 
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0.20 X 10° min! under a stress of 
13,100 psi, the stress was suddenly in- 
creased to 13,390 psi. The expected tran- 
sient deformation was observed (Fig 5). 
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tions of load and temperature prior to the 
temperature cycle. Fifty-seven hours later 
the specimen was again creeping and had 
deformed 40 X 107‘ in. 


Pe eteiealeid.3 OFF 


TIME, HOURS 
Fic 6—CREEP TEST OF LEAD WIRE, EFFECT OF TEMPERATURE CHANGE. 


After the new characteristic strain rate of 
0.39 X 10~* min—! was attained, the stress 
was reduced to its initial value. The strain 
rate became zero. No further deformation 
was observed during the next 5 hr. Eleven 
hours later the specimen had extended 
"=< 10" in., and the creep rate was 
moron! ming. 


2. Effect of Changing Temperature during a 
Constant Load Creep Test 


A 1-in. lead wire was loaded to 295 psi 
at 29.5°C and attained an apparently 
constant creep rate of 0.80 X 10-§ min“! 
(Fig 6). The temperature was changed to 
54°C in 6 min. The creep rate was observed 
to increase rapidly and then decrease to a 
rate of 2.1 X 10-® min=! during the next 
8s min. The furnace power was then turned 
off and the temperature dropped to 35°C 
in 13 min. and to 29.5°C in 60 min. After 
reaching 29.5°C the length of the specimen 
did not change during the following 6}4 hr, 
although it had been deforming at a definite 
measurable rate under these same condi- 


Although this test was done crudely, 
there was definite evidence of an initially 
high and gradually decreasing creep rate 
following the temperature rise, and of an 
incubation period following the decrease in 
temperature. 


3. Effect of Changing Strain Rate during 
Constant Temperature Tensile Tests 


A specimen of 61ST aluminum alloy was 
deformed to a strain of approximately o.o1 
in a conventional tensile test. The strain 
rate was thereupon adjusted to 8.9 X 1o7* 
min-! and then was suddenly decreased to 
3.0 X 10-4 min~!. The stress was observed 
to decrease rapidly, to pass through a broad 
minimum and to increase slowly. Similarly 
a transient effect was observed upon chang- 
ing the strain rate from 3.0 X 1o7* min“? 
to 8.4 X 107% min“, the increase in rate 
requiring a rapid increase in stress, followed 
by a broad maximum and a slow decrease to 
a flow curve parallel to the previous flow 
curve (See Fig 7). The time required for the 
disappearance of the transient was much 
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longer following the decrease in rate, but 
the associated strain increment was much 
smaller than for the case of the increase in 
rate. Repeated changes in strain rate be- 
tween these same approximate rate limits 
produced similar transient effects. 

A different type of transient was ob- 
served (Fig 8) when the rate was decreased 
iyo 1.1 < 10-* min to-3 X to~* min—. 
The stress decreased even more rapidly, in 
terms of strain, passed through a sharp 
minimum and then increased to the flow 
curve characteristic of the new rate. This 
type of transient has also been observed in 
OFHC copper specimens at room tempera- 
ture when the rate was changed from 
210° min to 4 X 10-* min. 

The conditions that determine the type 
of transient observed have not been estab- 
lished. The ratio of the strain rates em- 
ployed and the magnitude of the slower 
strain rate are suggested as possible deter- 
mining factors. 


DISCUSSION OF RESULTS 


In these experiments transient defor- 
mation predicted by considering slip a 
nucleation process has been observed with 
specimens of three metals. 

Attempts to verify the theory of the 
nucleation of slip bands with experiments 
performed with lead may be questioned, 
since this metal has been reported to de- 
form in part by a process of grain rotation,® 
a mechanism not considered in the present 
nucleation theory. However, slip bands 
have also been observed in the room tem- 
perature deformation of lead,?:4 and it may 
be assumed that the specimens in the 
present experiments deformed at least 
partially by the slip process. It might be 
that other mechanisms of deformation can 
be described in terms of nucleation. There 
is no doubt, however, that both aluminum 
and copper deform at room temperature by 
slip. 

The transient type of deformation must 
be considered in any attempt to analyze the 
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process of deformation in metals. The 
existence of transients limits the usefulness 
of a mechanical equation of state® to rea- 
sonably steady conditions, but does not 
invalidate an equation of state under such 
circumstances. It is still important to know 
the behavior of metals in the absence of 
transient deformation and for many appli- 
cations, where constant conditions of stress 
and temperature are approximated, an 
equation of state may be used as a basis for 
prediction and design. 

These preliminary experiments indicate 
that the magnitude of the transient effects 
may be quite large. Cyclic loading produced 
more deformation than the maximum load 
employed would have produced during the 
same period of time. Temperature cycles 
may be expected to produce similar results. 
Indeed, evidence in the literature® suggests 
that cyclic-temperature creep tests result 
in much greater average creep rates than 
do constant temperature tests carried out 
at the highest temperature of the cyclic 
test. It is to be expected that as the length 
of the cycle becomes greater than the dura- 
tion of the transients, the effect of the tran- 
sients becomes less important. 

The success of the application of nuclea- 
tion theory to the slip process in predicting 
the observed transient effects justifies a 
more careful application of nucleation 
concepts to the deformation process. 


SUMMARY 


Nucleation theory, applied to slip in 
metals, leads to the prediction of transient 
deformation after sudden changes in stress, 
temperature or strain rate. Creep and ten- 
sile tests on specimens of lead, copper and 
an aluminum alloy have established the 
existence of these predicted transients. The 
experimental results are thus qualitatively 
consistent with the nucleation concepts. A 
mechanical equation of state has been 
shown to be a special case of the nucleation 
theory. Evidence is presented that cyclic 
loads or temperatures in creep tests pro- 


146 TRANSIENT PLASTIC DEFORMATION 


duce appreciably greater strains than do REFERENCES 
constant conditions, unless the duration of 1. Jo. G, Leschen, Ro By Carreken and epee 
the transient effects is much less than the Hollomon: Nucleation of Slip Bands. 


length of the cycle. The importance of penmne fre eee 1948), DE#e7s. 
transients to the behavior of metals under 2. S. Dushman, L. W. Dunbar, H. Huth- 


service conditions of variable stress or tem- Poe Glare Bete Jal, Of Aare 


perature has been pointed out. H. F. Moore, B. B. Betty and C. W. 

Dollins: The | ese ae wees of 
Lead and Lea oys. Univ. o ng. 
ACKNOWLEDGMENT Exp. Sta., Bull. No. 272 (Feb. 5, 1935). 
E. N. da C. Andrade and R. Roscoe: Glide 


w& 


. 4. 
The authors wish to acknowledge the in Metal Single Crystals. Proc. Phys. Soc. 
very helpful discussion, criticism and inter- (1937) 49, 152. 
est of the Physical Metallurgy Group of the 5: J. H. Hollomon: The Mechanical Equation 


: of State. Met. Tech. (Sept., 1946) TP 
General Electric Company’s Research 2034; Trans. AIME (1947) 17%, 535. 


Laboratory and in particular to express 6. G. R. Brophy and D. E. Furman: Cyclic 

* * 48 : Temperature Acceleration of Strain in 
their appreciation to Miss Helen Lequear Heat Resisting = Allaya.) cr¥ansaeaee 
for her assistance in experimental work. (1942) 30, IIIS. 


Effect of Composition on Grain Growth in Aluminum-magnesium 
Solid Solutions 


By Louis J. Demer,* JuntoR MrempBer AND Paut A. Becx,} Memper AIME 
(Philadelphia Meeting, October 1948) 


As reported in a previous publication,! 
isothermal grain growth in high purity 
aluminum and in an aluminum alloy with 
2 pct magnesium can be adequately de- 
scribed by means of the empirical relation: 


D, 
D= An (4, +A )* [x] 
or in some cases, by the simpler relation, 
Dia i [2] 


Here, D is the average grain size after an 
annealing period ¢. The annealing period 
includes the time for complete recrystal- 
lization R, and the time for grain growth 
tj; D, is the grain size as recrystallized, 
nm is a parameter depending on the tem- 
perature and on the material. The effect 
of 2 pct magnesium in solid solution was to 
decrease D, and to increase R, A and 
at a given temperature. 

The present work was undertaken in 


order to investigate the above listed effects | 


of magnesium in solid solution, as func- 
tions of the magnesium content. The 
work also includes the study of certain 
anomalous effects observed in the recrystal- 
lization and grain growth of the 2 pct 
magnesium alloy at 350°C. 


Manuscript received at the office of the 
Institute December 2, 1947. Issued as TP 2374 
in METALS TECHNOLOGY, June 1948. ; 

*Formerly Graduate Student, University 
of Notre Dame; now Mechanical Engineer, 
Murray Co., Honesdale, Pa. . 

+ Associate Professor of Metallurgy, Uni- 
versity of Notre Dame. 

1 References are at the end of the paper. 


EXPERIMENTAL PROCEDURE 


The method of producing the ingots 
used in this work was described in detail! 
and need not be reproduced here. The 
materials used were high purity aluminum, 
furnished by the Aluminum Co. of America, 
of lot analysis shown in Table 1 and mag- 
nesium from a high purity distilled stock 
of magnesium crystals. 


TABLE 1—Lot Analysis of High Purity 
Aluminum 
: PER CENT 
DOU c siateveh agate sapeteid s aceie slepa Sievaen senate faire) avalel oye 0.002 
ARO joer ech ctek tater stanaic  s¥erct eaters) owiehe stately 0.002 
Gad Baie hate socete aiersieite agecet avs feral 4 -ag.asstotalon diene 0.002 
INI Sot eotterciotare over wrsie aistore meereciers eleva 0.003 
MA tale esis eaves aos stot os s saVar/siieta euerarerctaice? siepetshs, one.eue 0.001 


Ingots were prepared for a series of 
binary aluminum-magnesium alloys of 
increasing alloy content. The numbers 
used to designate these ingots and their 
magnesium contents by chemical analysis 
are given in Table 2. 


TaBLE 2—Ingot Numbers and Magnesium 


Contents 
Incot NUMBER Pct oF MAGNESIUM 


21 


22 1.80 
24 0.12 
26 0.025 


The analyses showed no difference in com- 
position between the top and the bottom 
of the ingots. Spectrographic analysis of 
the ingots for elements other than mag- 
nesium showed, within the limits of ac- 
curacy of the method, no increase in 
impurities over the amounts given in the 
lot analysis for the high purity aluminum 
in Table 1. Careful microscopic study of 
ingot 21 in the as-cast condition, at mag- 
nifications up to 1500X, revealed a cer- 
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tain amount of coring, but no trace of the 
B(Al,Mg) phase. 

The coarse grained ingots were broken 
down into uniformly fine grained strips by 
a series of alternate rolling and annealing 
operations which led to successively finer 
grain sizes. It was found that a series of 
33 pct reductions by rolling resulted in 
the most uniform grain size. The rolling 
and annealing schedules for ingots 21 and 
22 have been given.! The schedules for 
ingots 24 and 26 are given in Table 3. 
In all cases the final reduction by rolling 
was also 33 pct. 


TABLE 3—Rolling and Annealing Schedules 
for Ingots 24 and 26 
All ingots were 144 in. in diam as cast 


Rolled to in. Annealing 


Annealing 
Temperature, °C 


Time, min. 


For Ingot No. 24 


1.035 60 600 
0.800 30 400 
0.550 30 400 
0.360 30 400 
0.240 30 400 
0.160 30 350 
0.005 ‘ 30 350 
0.063 Jeprags cut from strip as rolled 
| 


For Ingot No. 26 


1.035 60 600 
0.800 30 400 
0.550 30 400 
0.360 30 400 
oO. a49 30 400 
0.160 30 350 
0.100 30 350 
0.067 specsens cut from strip as rolled 
| 


Specimens were cut from the strips and 
annealed in electrically heated and con- 
trolled salt baths at temperatures of 350 
to 600°C in 50°C steps for periods of time 
DF 20. 86C, 35) 6, 853.125, 086,03125 and 
15625 min. After annealing, the speci- 
mens were quenched immediately in 
water at room temperature. They were 
then deep etched to reveal their grain 
structure with the etchant given in Ref. 1. 

The grain size determinations were made 
in the same manner as that described! and 
again the “extremely probable range”’ for 
the mean grain diameter was determined 


EFFECT OF COMPOSITION ON GRAIN GROWTH 


and plotted on the graphs for specimens 
with mean grain diameters less than about 
o.7 mm. For the larger grained specimens 
only one tracing (instead of ten) was made, 
The area traced, however, was large 
enough to include most of the grains in the 
specimen. No range could be determined 
in these cases. 

It was noted that the grain size of the 
specimens changed with distance from the 
rolled surface, reaching a constant value 
for the 0.020 in. specimens at about four 
or five thousandths of an inch below the 
surface, but increasing to the center of the 
specimens of 0.063 in. in thickness and 
above. The thinner specimens, therefore, 
were etched to one-half their thickness 
before making the grain size determinations 
and the thicker specimens were milled, 
ground, and etched on one side so that the 
determinations could be made at the center 
of the specimens. 

The periods of time required for com- 
plete recrystallization were determined for 
the three alloys at temperatures of 350 and 
400°C and for specimens made from the 
alloy of highest magnesium content, ingot 
21, also at 375°C. 


EXPERIMENTAL RESULTS 


The isothermal grain growth data for 
the alloy Al + 2.05 pct Mg, with speci- 
mens of 0.020 in. in thickness, are pre- 
sented in Fig 1, in which the logarithm 
of the mean grain diameter D in mm is 
plotted against the logarithm of the total 
annealing time ¢ in minutes. These data 
were given previously! except for the 
lines at 390, 375 and 350°C. The outstand- 
ing features of the graphs shown in this 
figure were discussed previously.! They are: 
(1) the D = kt» type of relationship be- 
tween the mean grain diameter D and the 
annealing time ¢, (2) the specimen thick- 
ness effect causing a stoppage of grain 
growth at values of mean grain diameter 
just slightly larger than the specimen thick- 
ness, and (3) the increase of the exponent 
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of the above equation with the annealing 
temperature. In Fig 1 the dotted lines 
show deviations from the straight line 
relationship at the longer time periods for 
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expected. A check specimen was annealed 
after remaining three months longer at 
room temperature in the as-rolled condi- 
tion and showed a grain diameter much 
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Fic 1—AVERAGE GRAIN DIAMETER (LOG. PLOT) IN Al + 2 PCT Mg ALLOY VS. ANNEALING TIME 
(LOG. PLOT) AT 350, 375, 390, 400, 450, 500, 550, AND 600°C. 33 PCT REDUCTION BY ROLLING. 


SPECIMEN THICKNESS 0.020 IN. 


temperatures of 390 and 375°C. There are 
two points plotted at 3125 min. for the 
390°C curve. The specimen annealed _ to- 
gether with the shorter period specimens 
at 390°C showed a grain size smaller than 


closer to the straight line connecting the 
points at the shorter time periods. The 
points at 15,625 min. at temperatures of 
390 and 375°C also showed similar devia- 
tions from the straight lines, but checks, 
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similar to the above, were not made at 
these periods. 

The variation of m (the slope of the lines 
in the log-log plot) with temperature is 


lower lines are replots of the data of Fig 1 
for the 0.020 in. specimens. In Fig r and 
2 the points marked R indicate the condi- 
tion of just complete recrystallization. 


0.2 ' 5 25 


shown more clearly in Fig 2 where speci- 
mens made from ingot 22, Al + 1.8 pct Mg, 
were used at a thickness of 0.160 in. for 
the 600 and 550°C lines and at a thickness 
of 0.100 in. for the 500°C line. The three 


125 625 325, 
TIME — MINUTES 
Fic 2—AVERAGE GRAIN DIAMETER (LOG. PLoT) IN Al + 2 pot Mg ALLOY VS. ANNEALING TIME 


(LOG. PLOT) AT 350, 400, 459, 500, 550, AND 600°C. 33 PCT REDUCTION BY ROLLING. SPECIMEN 
THICKNESS 0.020 TO 0.160 IN. 


The data for the alloy, Al + 0.12 pet Mg, 
obtained with specimens 0.063 in. in 
thickness, are given in Fig 3. Here again 
the conformity of the data to the D = hy» 
type of relationship is apparent, as is also 
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the presence of the specimen thickness 
effect in the lines for the temperatures of 
450°C and above. A definite increase of 
the slope of the lines with the temperature 
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shape to those for the alloy of intermediate 
magnesium content, but again the decrease 
in percentage of alloying element has re- 
sulted in a decrease in slope of the curves 


0.2 | 5 25. 


125 625 3125 
TIME — MINUTES 


Fic 3—AVERAGE GRAIN DIAMETER (LOG. PLOT) IN Al + 0.12 pct Mg ALLOy VS. ANNEALING 
TIME (LOG. PLOT) AT 350, 400, 450, 500, 550 AND 600°C. 33 PCT REDUCTION BX ROLLING. SPECIMEN 


THICKNESS 0.063 IN. 


may be noted. It should also be observed, 
in comparing Fig 2 and 3, that the lines 
for the alloy of lower magnesium content 
show a lesser slope than the corresponding 
lines for the high magnesium alloy, except 
_for the line for 350°C. 
In Fig 4 are given the data for the 
Al + 0.025 pct Mg alloy (from ingot 26), 
obtained with specimens 0.067 in. in thick- 
ness. These lines are seen to be similar in 


for corresponding temperatures. Deviations 
from the straight line relationship in the 
specimens at the longest periods for tem- 
peratures of 450 and 400°C are shown by 
dotted curves in Fig 4. The point at 3125 
min. at 450°C was re-run and the same 
value obtained with another specimen but 
the two points at the longest periods were 
not checked. The significance of these 
deviations is not clear. 
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The m values for the three alloys, as 
determined from the slopes of the lines in 
Fig 1, 2, 3, and 4, are given in Table 4 
and are plotted in Fig 5 to a logarithmic 
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points below 500°C satisfy a straight line 
relationship with the line almost parallel 
to that for high purity aluminum. Above 
500°C the curve bends toward the line for 
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Fic 4—AVERAGE GRAIN DIAMETER (LOG. PLOT) IN Al + 0.025 pct Mg ALLOY VS. ANNEALING 
TIME (LOG. PLOT) AT 350, 400, 450, 500, 550 AND 600°C. 33 PCT REDUCTION BY ROLLING. SPECIMEN 


THICKNESS 0.067 IN. 


scale versus the reciprocal absolute tem- 
perature marked in degrees Centigrade. 
The data for high purity aluminum! are 
also shown in Fig 5. Curve B for the 
Al + 0.025 pct Mg alloy is very close to, 
and only slightly higher than, curve A’for 
high purity aluminum. A decided increase 
in the slope value for each temperature is 
seen to result from an increase in alloy 
content to o.12 pct Mg (Curve C). The 


high purity aluminum. This behavior is 
even more pronounced with the alloy of 
highest magnesium content (curve D). 
The tendency for the Al-Mg solid solution 
alloys to approach the same m value as 
pure aluminum, approximately 0.45, near 
the melting point of aluminum, which was 
discussed previously,! is thus confirmed. 
The m values for the alloy highest in 
magnesium, line D in Fig 5, show consid- 
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erable increase over those for the alloy of 
intermediate magnesium content at most 
temperatures. However, the sudden drop 
of curve D at low temperatures deserves 
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magnesium alloy, so that the slope values 
at 350 and 375°C are distinctly lower than 
expected from extrapolation of the line 
connecting the points between 390 and 
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Fic s—ExpoNnENT n (LOG. PLOT) VS. TEMPERATURE (RECIPROCAL ABSOLUTE TEMPERATURE PLOT) 
FOR HIGH PURITY ALUMINUM AND 3 ALUMINUM-MAGNESIUM ALLOYS. 


considerable attention. Between the tem- 
peratures of 375 and 390°C there is a sharp 


decrease in the value for the highest’ 


TABLE 4—Values of n and A. 


0.025 pct Mg.} 0.12 pct Mg. 2 pet Mg. 
SG 
A A A 
z min a min. min, 
350 0.057| 1.7 0.075} II 0.059/66 
375 0.074 
390 0.158) 3.3% 
400 0.090] 0.08 | 0.125] 0.5 | 0.170] 0.8 
450 0.136 0.190 0.265] 0.16* 
500 0.194 0.277 0.376 
550 0.260 0.350 0.410 
600 0.340 0.420 0.445 


* Determined from D, values obtained by linear 
extrapolation according to Fig 14. 


500°C. In fact, the values at 350 and 
375°C are only slightly higher than the 
corresponding # values for high purity 
aluminum. This curious behavior is also 
apparent in Fig 1 where the great decrease 
in slope between the curves at 390 and 
375°C is striking. Discussion of this effect 
is given further below. 

The relative effect of the different mag- 
nesium additions is shown in Fig 6 where 
the values for the slope m are plotted to a 
linear scale versus the magnesium content 
to a logarithmic scale. The data for high 
purity aluminum! are also plotted on this 
graph; the abscissa corresponds to a mag- 
nesium content of 0:003 pct, the amount of 
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magnesium given in the lot analysis for 
the high purity aluminum used. The points 
for the alloy of highest magnesium content 
are plotted at 1.8 pct for the three highest 
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nesium alloys to approach the same x value 
as high purity aluminum near the melting 
point of aluminum, as shown by curve D 
in Fig s. 


MAGNESIUM 2 
Fic 6—EXPONENT ” VS. MAGNESIUM CONTENT (LOG. ere FOR VARIOUS ANNEALING TEMPERATURES. 


temperatures, as they were determined 
using ingot 22, while the points at the three 
lower temperatures, determined using 
ingot 21, are plotted at 2.05 pct Mg. The 
graph shows that an increase of the mag- 
nesium content from 0.003 to 0.025 pct 
causes very little change in the exponent ». 
At 400, 450 and 500°C the m value, be- 
tween 0.025 and 2 pct magnesium, in- 
creases approximately linearly with the 
logarithm of the magnesium content. It 
should be noted that the deviation from 
linearity at 0.12 pct magnesium is not very 
large, but it is systematic, that is, toward 
high m values at all three temperatures. 
The unexpectedly low position of the point 
for 350°C for the alloy of highest mag- 
nesium content is again apparent in this 
plot. At 550 and 600°C great deviations 
from the linearity occur. These deviations 
result from the tendency of the high mag- 


In addition to the m values, Table 4 aiso 
gives the A values determined, for the 
lowest temperatures, from the intersection 
of the extrapolated straight line portion 
of the logarithmic grain growth lines in 
Fig 1, 3, and 4, with the horizontals cor- 
responding to the grain size as recrystallized 
at each temperature. These A values for the 
three alloys are plotted in Fig 7 to a loga- 
rithmic scale vs. the reciprocal absolute 
temperature. The points are connected by 
straight lines which have the same slope 
for all three alloys. The 400°C point for 
the Al + 2 pct Mg alloy is unexplainably 
low. The 350°C point for the same alloy is 
high, in line with the abnormally long 
period of recrystallization discussed below. 
Fig 8 shows A at 350 and 400°C as a func- 
tion of the magnesium content. The 2.05 
pet Mg points on the solid curves corre- 
spond to the straight line in Fig 7; the 
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actually observed abnormally high A value 
at 350°C is used for the dotted line. 

The recrystallization data obtained in 
this work are presented in Table 5. The 
effect of magnesium content on the time 
required for complete recrystallization is 
shown graphically in Fig 9 and 1o in 
which the time necessary for complete 
recrystallization is plotted linearly, versus 
the magnesium content, plotted to a loga- 
rithmic scale. The data for high purity 
aluminum are again taken from Ref. No. 1 
and are plotted at a magnesium content 
of 0.003 pct for the reason given above. 
At 400°C the time required to attain com- 
plete recrystallization is seen to vary in a 
logarithmic manner with the magnesium 
content. At 350°C the straight line relation- 
ship on the semi-log plot is again satisfied 
for all but the alloy of highest mag- 
nesium content. The exceptionally long 
time for complete recrystallization for this 
alloy at 350°C should be noted in connec- 
tion with the unexpectedly low value for 
the slope of the logarithmic grain growth 
line at this temperature as shown in Fig 6. 

The mean grain diameter of each alloy 
in the just completely recrystallized con- 
dition is given in Fig 11 to a linear scale 
vs. the magnesium content to a logarithmic 
scale for temperatures of 350 and 400°C. 
A definite decrease in recrystallized grain 
size with increasing magnesium content is 
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Discussion OF RESULTS 


The effect of the magnesium content on 
the grain size of the Al-Mg solid solution 
alloys is a complex one. Magnesium in 
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Fic 7—PARAMETER A (LOG. PLOT) VS. TEM- 
PERATURE (RECIPROCAL ABSOLUTE TEMPER- 
ATURE PLOT) FOR 3 ALUMINUM-MAGNESIUM 
ALLOYS. 
solid solution decreases the grain size as 
recrystallized (D,) and increases the ex- 
ponent in the isothermal grain growth 


D, 
formula: D = oe (t, + A)". Both effects 


TABLE 5—Time Required for Complete Recrystallization and Recrystallized Grain Diameter 


Temperature of 


* 
Recrystallization °C H.-P. Al 


350 Time | 4-7-+ 0.3 min, 
Gr, Diam. 0.141 mm 

375 Time | 
Gr. Dia. 

400 Time 20/32 2)SeC. 


Gr..Diam. 0.130 mm 


Al 0.025 pct Mg 


Al o.12 pct Mg | Al 2.05 pct Mg 


8 + I min. rr or min, 66 + 4 min. 
0.140 mm 0.127 mm 0.101 mm 
3.5 + 0.5 min. 
0.0190 mm 
25 + 3 sec SOMEeaIsec. Ao" + 5 sec. 
0.129 mm 0.110 mm o 080 mm 


* From Ref. No. 1. 


_ apparent. Another interesting feature no- 
ticeable in this plot is the fact that for all 

alloys the grain size, as recrystallized, is 
smaller for the higher temperature of 
recrystallization. 


are shown by the present data to be very 
small up to a magnesium content of 0.025 
pct. Between 0.025 and 2 pct magnesium 
both effects vary approximately linearly 
with the logarithm of the magnesium con- 
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tent (Fig 6 and 11), at least in certain 
temperature ranges. The time for complete 
recrystallization R increases approximately 
linearly with the logarithm of the mag- 
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cause of the irregular behavior of this alloy 
at 375 and 350°C in regard to both grain 
growth and the time required for complete 
recrystallization, 


the possibility of the 
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Fic 8—PARAMETER A VS. MAGNESIUM CONTENT (LOG. PLOT) AT 350 AND 400°C, POINTS MARKED 
@ WERE OBTAINED FROM EXPERIMENTAL RESULTS. POINTS MARKED + AND X WERE LINEARLY 


EXTRAPOLATED FROM FIG y 


nesium content at 400°C and partly also 
at 350°C. The anomalous behavior of the 
2 pct magnesium alloy at 350°C merits 
detailed discussion. 

The limit of solid solubility of magnesium 
in aluminum, according to Fink and 
Freche,” can be extrapolated to about 0.15 
pet at 20°C and it is 9 pct at 350°C. Be- 
cause of difficulty in obtaining equilibrium, 
however, an alloy of Al+ 2 pct Mg has 
been considered, in practice, to be a solid 
solution alloy at room temperature. Be- 


presence of a second phase was considered. 
Examination of X ray diffraction patterns 
obtained with the Al+ 2 pct Mg alloy 
gave no clue. However, careful microscopic 
study of specimens polished by means of 
the Buehler-Waisman electrolytic polisher, 
using a nitric acid-methyl alcohol elec- 
trolyte, gave considerable support to the 
assumption that precipitation does occur 
in this alloy. Fig 12 is a micrograph taken 
at 1500X with oblique illumination of a 
specimen made from ingot 21 by alternate 
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cold rolling and annealing at 350°C ac- 
cording to Table 2 of Ref. 1, and finally 
annealed at 350°C for 2960 min. Although 
the shape of the small dots in Fig 12 was 
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specimen of the same alloy, cold rolled in 
the same manner, but finally annealed at 
600°C for 195 min. In this specimen the 
number of particles present in the same 


MAGNESIUM — % 
Fic 9 (top)—TIME FOR COMPLETE RECRYSTALLIZATION, R, VS. MAGNESIUM CONTENT (LOG. PLOT) 
AT 400°C, 
Fic 10 (bottem)—“iMe FOR COMPLETE RECRYSTALLIZATION, R, VS. MAGNESIUM CONTENT (LOG, 
PLOT) AT 350°C. 


not revealed even at the highest resolution 
obtainable with visible light, it was possi- 
ble to ascertain that they are projecting 
above the polished surface. Thus they 
appear to be particles of a second phase. 
The number of such particles in an area 
of o.15 mm? of the polished specimen sur- 
face was 424. Fig 13 shows a micrograph 
taken under similar conditions, of another 


area as above was only 13. Specimens of 
the Al + 2 pct Mg alloy, prepared by the 
same procedure, but finally annealed at 
400°C for 40 sec, 25 min., and 15625 min. 
were examined microscopically at 1500X 
and the number of particles in an area of 
0.15 mm? were found to be 302, 249, and 
66 respectively. This would indicate the 
gradual re-solution of the precipitated 
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phase at 400°C. No definite conclusion as 
to the identity of the precipitated phase 
can be offered at the present time. 

Fig 14 gives the logarithm of the re- 
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following values were obtained from the 
slope of the lines in Fig 14: 
44 K cal./g atom for high purity alumi- 
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Fic 11—AVERAGE GRAIN DIAMETER AS RECRYSTALLIZED, D;, VS. MAGNESIUM CONTENT (LOG. PLOT) 
AT 350 AND 400°C, 


crystallization time as a function of the 
reciprocal absolute temperature for the 
three Al-Mg alloys and for high purity 
aluminum. Aside from the Al + 2.05 pct 
Mg alloy, which exhibits abnormally long 
periods of recrystallization at 350 and 
375°C, “heat of activation” values Qe may 
be estimated for the temperature depend- 
ence of the time for complete recrystalliza- 
tion R in the materials investigated. The 


49 K cal./g atom for Al + 0.025 pct Mg 
51.5 K cal./g atom for Al + 0.12 pet Mg 
The temperature dependence of param- 
eter A in Eq 1, determines the displacement 
of the starting point at D, of the logarithmic 
grain growth lines with varying tempera- 
ture.* Since for the alloys investigated 
these lines are not parallel, the displace- 
ment at D, is different from that obtained 


*For details of the interpretation of param- 
eter A see Ref. 6 
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Fic 12 (top) SECOND PHASE IN ALUMINUM ++ 2 PCT MAGNESIUM ALLOY ANNEALED AT 3 50°C FOR 
2960 MIN. ELECTROLYTICALLY POLISHED, UNETCHED. MAGNIFICATION X 1500, OBLIQUE ILLUMI- 


Fic 13 (bottom)—ABSENCE OF SECOND PHASE IN ALUMINUM + 2 PCT MAGNESIUM ALLOY AN- 
-NEALED AT 600°C FOR 195 MIN. ELECTROLYTICALLY POLISHED, UNETCHED. MAGNIFICATION X 1500, 


OBLIQUE ILLUMINATION, : 
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at larger grain sizes. As previously stated® 
for high purity aluminum, this condition 
precludes the determination of a definite 
heat of activation value Q from grain 
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cases, quite different, it is perhaps of 
significance that their temperature de- 
pendence is so similar. 

Several years ago, in a paper by East- 
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Fic 14—TIME FOR COMPLETE RECRYSTALLIZATION (LOG. PLOT) VS. TEMPERATURE (RECIPROCAL 
ABSOLUTE TEMPERATURE PLOT) FOR 
A. High purity aluminum 
B. Al + 0.025 pct Mg alloy 
C. Al + 0.12 pet Mg alloy 
D. Al + 2 pet Mg alloy 


growth data, since the value which might 
be obtained would depend on the grain size. 
However, the temperature dependence of 
parameter A, according to Fig 7, can 
be used to calculate an approximate value 
of Qa = 55 K cal/g atom, at least for the 
narrow temperature range of 350 to 400°C. 
This value is independent of the magnesium 
content. Comparison of Qa with Qe as 
given above, shows that they are almost 
equal, the difference being in the order 
of what may be considered their probable 
range of error. Although the actual values 
of the grain growth parameter A and of 
the time of recrystallization R are, in some 


wood, Bousu, and Eddy® the conclusion 
was reached that the grain size of alpha 
brass, as recrystallized, was essentially 
independent of the temperature of re- 
crystallization. More recently, the work of 
Eastwood, James, and Bell‘ led to a similar 
conclusion for pure aluminum. In the dis- 
cussion of the latter paper it was brought 
out that some decrease of the as-recrystal- 
lized grain size with increasing temperature 
might be expected, particularly at low 
degrees of deformation, and that Eastwood, 
James and Bell’s own data offered some 
indication of such an effect. The present 
data, as given in Table 5 and in Fig 14 
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and 15, show that the effect, although 
small, definitely exists for the alloys in- 
vestigated in the present work, even 
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the logarithm of the magnesium content, 
at least in the temperature range of 400 
to 500°C. Thus, the first addition of 0.1 
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Fic 15—AVERAGE GRAIN DIAMETER, AS RECRYSTALLIZED, D;, VS. TEMPERATURE OF RECRYSTALLI- 
ZATION FOR 
A. High purity aluminum 
B. Al + 0.025 pct Mg alloy 
C. Al + 0.12 pct Mg alloy 
D. Al + 2 pct Mg alloy 


though the deformation used was as high 


as 33 pct by rolling. 
CONCLUSIONS 


Isothermal grain growth data are pre- 
sented for aluminum-magnesium alloys 
with 0.025, 0.12, and 1.8 to 2.05 pct mag- 
nesium, in the temperature range of 
350 — 600°C from 20 sec to II days. 
The results indicate that the exponent 1 of 
the D = ki relationship, which describes 
isothermal grain growth in these alloys, 
changes little up to 0.025 pct Mg, and 
then increases approximately linearly with 


pct Mg in solid solution is relatively much 
more effective than further additions of the 
same amount. 

The grain size, as recrystallized, at 350°C 
and 400°C, is also unaffected by the mag- 
nesium content up to 0.025 pct, and de- 
creases approximately linearly with the 
logarithm of the magnesium content in 
the range of 0.025 to 2 pct Mg. The time 
for complete recrystallization at 400°C 
increases linearly with the logarithm of 
the magnesium content from 0.003 pct 
Mg (high purity aluminum) to 2 pct Mg. 
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At 350°C the time for recrystallization 
of the 2.05 pct Mg alloy is abnormally 
long, and the exponent m is abnormally 
low. It is probable that these effects result 
from the precipitation of a second phase. 
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Effect of a Dispersed Phase on Grain Growth in Al-Mn Alloys 


By Paut A. BEeck,* MEMBER AIME, M. L. Hotzworts,* anp Puitie R. SPERRY* 


(Philadelphia Meeting, October 1948) 


INTRODUCTION 


Tue basic work of Z. Jeffries!?:* has long 
ago established the main features of grain 
growth in the presence of a dispersed second 
phase. Working with sintered specimens of 
initially fine grained tungsten, to which 
various amounts of thoria had been added, 
Jeffries found that grain growth was in- 
hibited, that is, practically prevented, up to 
a certain annealing temperature. When this 
temperature, which increased with the 
thoria content, was exceeded, extremely 
large grains developed abruptly from the 
fine grained matrix. Such a “coarsening 
temperature” was later found by Gross- 
mann!3!4 in certain types of steel, while 
Bain showed! that in other steels grain 
growth was gradual, without inhibition and 
abrupt coarsening. Later work!617.18.19,21 
demonstrated the connection between 
coarsening and aluminum additions. The 
viewpoint that the direct cause of inhibition 
and coarsening in aluminum killed steels is 
a fine dispersion of aluminum oxide! ap- 
pears to be held quite generally, although 
some doubts have been voiced even very 
recently.2° In steels with Ti additions the 
titanium carbide phase is considered re- 
sponsible for the inhibition effects found.” 
The coarsening temperature increases with 
the titanium content. 

That coarsening may occur, as a result of 
certain heat treatments, even in low car- 
bon rimmed sheet steel, was shown by 

Manuscript received at the office of the 
Institute May 17, 1948; revision received Aug. 
3, 1948. Issued as TP 2475 in Merats TECH- 
NOLOGY, September 1948. 

* Associate Professor, Graduate Student, and 
Metallographer, respectively, Dept. of Metal- 


lurgy, University of Notre Dame. 
12,3 References are at the end of the paper. 


Samuels.”? He also detected coarsening ina 
steel ingot of similar composition, after 
giving it the same heat treatment as that 
used by him for the sheet material. In this 
instance the identity of the inhibiting 
phase has not been determined. However, 
Tangerding found” that even the few small 
carbide particles, which occur in carbonyl 
iron, have a very marked inhibitive effect. 
As a result of an oxidizing anneal at 850°C, 
large grains begin to form at the surface of 
the carbonyl iron specimen, and gradually 
grow inward as the subsurface oxidation of 
the carbide particles progresses and elimi- 
nates the obstruction. The carbide particles 
can be removed also by annealing in hydro- 
gen, with similar results. But if the oxidiz- 
ing anneal of ro hr at 850°C in air is followed 
by annealing in hydrogen for 75 hr at the 
same temperature, grain growth is more 
spectacular; usually the whole specimen is 
transformed into a single crystal (approx. 
1.5 cm X 5 cm). The reversed procedure, 
that is, hydrogen annealing followed by 
oxidizing annealing leads to smaller grains. 
Tangerding arrived at the logical conclusion 
that there must have been in his specimens 
some additional obstruction to grain growth 
resulting from a minor impurity, other than 
carbon. It seems likely that this obstruction 
was caused by an oxide formed during the 
oxidizing anneal and gradually reduced 
during the subsequent hydrogen-annealing. 

Other instances of grain growth inhibi- 
tion of varying severity, associated with a 
dispersed second phase, have been de- 
scribed by several authors. Notable exam- 
ples: lead with 0.06 pet Cu or Ni,” cartridge 
brass with 0.12 pct Cr,?® or with up to 0.15 
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pet Fe.25,2627 The coarsening in Mg-Al-Zn 
alloy castings during heat treatment, not 
preceded by intentional deformation, was 
recently described.*® Of particular interest 
here are the methods used to produce 
grains several times longer than the fila- 
ment diameter in the tungsten filaments of 
incandescent lamps. These large grains, 
possessing irregular ‘“‘spliced’”’ boundaries, 
are formed by coarsening when the cold 
worked tungsten wire is heated to the 
operating temperature, provided that the 
tungsten contains a mixture of thoria with a 
less stable oxide.® No satisfactory explana- 
tion has been offered for the effectiveness of 
the mixed inhibitor. 

Masing found’ that coarsening in rolled 
zinc may take place after long periods of 
annealing. Feitknecht showed® that in 
aluminum of commercial purity sometimes 
very prolonged isothermal annealing is 
necessary to produce coarsening. The “‘in- 
cubation period”’ decreases with increasing 
prior deformation. Karnop and Sachs,!* 
working with commercial aluminums of 
varying purity, noted that the coarsening 
temperature after a certain prior deforma- 
tion, and the minimum prior deformation to 
produce coarsening at a certain annealing 
temperature, increased with the impurity 
content. In a very pure grade aluminum 
Feitknecht found no inhibition or coarsen- 
ing, only gradual growth. Correspondingly, 
Matthewson and Phillips, who observed 
coarsening in commercial zinc, found no 
coarsening in zinc of spectrographic purity. 

For many years it was not clear that the 
formation of very large grains directly from 
the deformed material by recrystallization 
after low deformations, as described by 
Sauveur,® Ruder!® and Chappell,!! was fun- 
damentally different from the grain coarsen- 
ing phenomena referred to above. In the 
older publications in this field the terms 
“germination,” “abnormal grain growth” 
and “‘exaggerated grain growth” were used 
indiscriminately to denote both critical 
recrystallization and coarsening. The term 


“coarsening,” and also the alternative 
“discontinuous grain growth,” introduced 
by D.L. Martin,*4 remained free from such 
misuse, and they are to be preferred. That 
coarsening, or discontinuous grain growth 
is different from recrystallization, is shown 
for instance by Feitknecht’s experiments, 
where coarsening took place after long 
periods of incubation at temperatures at 
which recrystallization must have been 
almost instantaneous. 

Dahl and Pawlek?? determined the grain 
size of commercial aluminum and of elec- 
trolytic copper after various amounts of 
deformation and 2-hr anneals at a series of 
different temperatures. Plotting the results 
in the form of three-dimensional ‘‘recrys- 
tallization diagrams,” these authors again 
made very clear the separation between the 
large grained region resulting from critical 
recrystallization (at low deformations) and 
the one resulting from discontinuous grain 
growth (at high deformations). From their 
X ray study, Dahl and Pawlek concluded 
that in aluminum, where the recrystalliza- 
tion texture is of the “mixed” [112] + [111] 
type, the orientation of the large grains, 
formed from this recrystallized texture by 
discontinuous grain growth, is random. 
Since they apparently used a commercial 
grade aluminum, containing the usual 
amounts of impurity phases, the coarsening 
found by them in aluminum is undoubt- 
edly analogous to the phenomena investi- 
gated by Feitknecht and by Karnop and 
Sachs. 

On the other hand, in copper and in some 
dilute Cu-base alloys, where, after severe 
deformations, recrystallization results in a 
well-defined ‘“‘cube texture,” the extremely 
large grains formed upon high temperature 
(1000°C) annealing after severe deforma- 
tions (>8o pct) also exhibited a distinct, 
although different, preferred orientation 
with respect to the strip. The 50 pct Fe-Ni 
alloy was found to behave similarly. Ac- 
cording to Dahl and Pawlek, these mate- 
rials, in sharp contrast to aluminum, are not 
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subject to coarsening at high annealing 
temperatures under conditions (that is, 
penultimate grain size and amount of de- 
formation) which do not lead to the “‘cube”’ 
recrystallization texture at lower annealing 
temperatures. The oriented coarse grains 
forming in Cu and in so pct Fe-Ni tend to 
develop rather unusual shapes and long 
straight boundaries, quite different in ap- 
pearance from the irregular, “‘ragged” 
boundaries of the random coarse grains 
found in aluminum. The formation in 
electrolytic Cu and in Fe-Ni alloys of 
very large grains with a preferred orienta- 
tion has been confirmed by G. Wasserman*? 
and by Cook and Richards,*! although ap- 
parently under certain conditions the 
texture may be different from the one 
described by Dahl and Pawlek. The 
same phenomenon—it might be called 
“oriented coarsening’’—was found by H. 
G. Miiller®? in pure carbonyl nickel. Here, 
as with copper, a large deformation (go pct 
reduction of area by rolling) and a high 
annealing temperature (1100°C in vacuum) 
were required. The extremely large grains 
formed under such conditions had a pre- 
ferred orientation not much different from 
that found in copper. The analogy with 
copper was indeed quite complete, in that 
with nickel, too, a “cube” recrystallization 
texture was necessary for ‘‘oriented coars- 
ening.” Miiller discovered that typical 
random coarsening occurred when car- 


bonyl nickel was annealed at a much lower. 


temperature (600°C, 1-2 hr in vacuum). 
The separation of the two types of coarsen- 
ing in the same material was rather com- 
plete. There was a temperature range be- 
tween that of random and that of oriented 
coarsening, namely from about 800 to 
1000°C, where no coarsening of either type 
occurred. In carbonyl nickel the recrystal- 
lized structure, from which the random 
coarse grains grew, had no noticeable pre- 
ferred orientation. Apparently, random 
coarsening does not presuppose a “cube” 
recrystallization texture or even a preferred 
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orientation of any kind. Under suitable 
conditions, coarsening may occur in com- 
mercially pure wrought aluminum after 
only to to 30 pct reduction by rolling® or 
even in sintered materials? or in cast- 
ings.?”8 Tt is interesting that in electrolytic 
tough pitch copper, as well as in carbonyl 
nickel, there is a second, lower, tempera- 
ture range of coarsening. In copper this is 
connected with inhibition by dispersed 
Cu,0 particles. It has been shown by 
Webster, Christie and Pratt*® that elec- 
trolytic tough pitch copper, which always 
contains particles of the Cu,O phase, re- 
tains a very small grain size up to about 
700°C, although considerable grain growth 
occurs under similar conditions in elec- 
trolytic copper from which the Cu,O phase 
has been removed by phosphorus deoxida- 
tion. In the annealing temperature range of 
750-850°C electrolytic tough pitch copper 
may undergo discontinuous grain growth 
with an abrupt increase of the average 
grain size from about 0.03-0.05 mm to 
0.15 mm, or higher. This often makes effec- 
tive grain size control impossible within 
this rather important grain size range.* 
This type of coarsening, which occurs in 
electrolytic tough pitch copper in the 
presence of the dispersed CuO phase, does 
not lead to the extremely large grain sizes 
resulting from “oriented coarsening” in the 
same material, as described by Dahl and 
Pawlek. Neither does it require such high 
annealing temperatures or large prior de- 
formation as are required for ‘oriented 
coarsening.”’ According to Cook and Mac- 
quarie** oxygen free copper, which does not 
coarsen at 800°C, does respond to annealing 
at 1000°C with what appears to be “‘ori- 
ented coarsening.” (E. R. Parker and C. F. 
Riisness*4 suggest that inhibition and dis- 
continuous grain growth may also occur in 
oxygen free electrolytic copper. Some of 
the impurities in this material, although 


* Personal communication from Mr. J. S. 
Smart, Jr., Superintendent of Copper Develop- 
ments, American Smelting and Refining Co. 
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very low in amount, nevertheless exceed the 
solubility limit and thus form dispersed 
phases.) For further details of “oriented 


temperature range (see Fig 1) and because 
grain growth phenomena in pure aluminum 
and in aluminum-base solid solutions have 
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coarsening” reference should be made to 
the excellent and detailed discussion by W. 
Burgers.*® 

In several cases where discontinuous 
grain growth is connected with inhibition 
by a second phase, the coarsening tempera- 
ture is in the temperature range where the 
second phase is re-dissolved (for example, 
brasses inhibited by iron additions). This 
suggests that, at least in some instances, 
coarsening may be the result of the re-solu- 
tion of the inhibiting second phase. The 
present study was undertaken in order to 
systematically investigate the connection if 
there is any, between coarsening and re- 
solution of the inhibiting phase. It was also 
planned to study any isothermal changes in 
grain size which may take place prior to 
coarsening, that is, under time and tem- 
perature conditions where inhibition pre- 
dominates. The Al-Mn alloys were selected 
for this investigation because the solubility 
of Mn in Al increases from a very low value 
to as high as 1.8 pct within a convenient 
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Atomic Pct. MN., log scale 
Fic 1—SoLip SOLUBILITY OF MN IN AL (AT. PCT, LOG SCALE) VS RECIPROCAL ABSOLUTE TEM- 
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already been explored in considerable 


detail.#® 87 
EXPERIMENTAL PROCEDURE 


The method of producing the aluminum- 
manganese alloy ingots was the same as 
that previously described for pure alumi- 
num.*6 The ingots were made of high purity 
aluminum and of an aluminum-manganese 
master alloy. The chemical analysis of the 
high purity aluminum, as furnished by the 
Aluminum Co. of America, is given in 
Table 1. 


TABLE 1—Analysis of High Purity 


Aluminum 
PER CENT 
FOS, va eorereniale eras pekenene tee aie 0.002 
BBR rtat Socio ae So SY fad Bakes 0.003 
AOR a iirs wine theta erro eite Meier 0.001 
Mig etaertcibtaparu tres, uanieterens aes her cars 0.003 


The master alloy was prepared from the 
same high purity aluminum and from man- 
ganese chloride (Mallinckrodt, Analytical 
Reagent), by dehydrating the manganese 
chloride and slowly melting it together 
with the aluminum in a pure graphite 
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crucible. Manganese recoveries of about 70 
pet could be easily obtained by allowing 
about 3 to 5 hr for the aluminum and the 
manganese chloride to melt. The designa- 
tion of the 6 aluminum-manganese alloy 
ingots, as cast, and the manganese content, 
by chemical analysis of the bottom and of 
the top of the ingots, are given in Table 2. 


TABLE 2—Aluminum-manganese Alloy 


Ingots 
Ingot Designation ys| 6 | 384 « (M34! x I 136 
Manganese pct: 
Bottom eae o oe. 0.26/0. 60/0. 76)0. 74/1. 24]/1.58 
INO Gosges cio doe 0.25/0.59|0. 73]0. 71|I.01|1.70 
No. of grainsascast..| 4 2 I 3 4 3 


The ingots were broken down into uni- 
formly fine-grained strips by means of 
several successive alternate rolling and 
annealing operations. The schedule of these 
operations is given in Table 3, down to a 
thickness of 0.100 in. 


TABLE 3—Rolling and Annealing Schedule 


for Ingots 

Annealing 

Time and 
Inches | Temperature 
Minutes] °C 

Ingot Diameter Las) 
Rolled to thickness........ 1.035 60 600 
Rolled to thickness........ 0.800 30 550 
Rolled to thickness........ 0.550 30 550 
Rolled to thickness........ 0.360 I5 550 
Rolled to thickness........ 0.240 5 530 
Rolled to thickness........ 0.160 5 530 
Rolled to thickness........ 0.100 


The further processing of the strips was dif- 
ferent in the various experiments, as seen 
in Tables 4, 5, 6, and 7. 
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TABLE 5—Final Rolling and Annealing 
Schedule for Specimens of Series B, C, 
and D, Ingot M 34 


Series B Series C Series D 
Rolled to...| 0.100 in. 0.100 in. 0.100 in. 
Annealed...|5 min. at|5 min. at|5 min. at 
530°C 530°C 530°C 
Rolled to...}| 0.067 in. 0.067 in. 0.067 in. 
Annealed...| 3125 min. at | 625 min, at|5 min. at 
500°C 500°C 600°C 
Rolled to...| 0.045 in. 0.045 in. 0.045 in. 
Specimens cut from all strips. 


TABLE 6—Final Rolling and Annealing 
Schedule for Specimens of Series B, 
Ingot 1 
The Strip Was Processed According to 
Table 3 to 0.160 in. 


RGlleditoraroac icra tousiioe nuevas 0.160 in. 

Annealed. . -. 5 min. at 550°C 
Rolled to. . .. 0.016 in. 

Reduction cakeeese eee eeirit 90 pct, specimens cut. 


For all annealing operations a low melt- 
ing nitrate mixture has been used. No reac- 
tion was observed between the salt and the 
specimens. The specimens were milled or 
ground and polished in such a manner that 
the actual grain counting could be carried 
out at the center plane of each specimen. In 
some specimens with very large grain sizes 
only about 0.020 in. was removed from both 
surfaces, and counting was done on two 
polished and etched surfaces. 

Most specimens were prepared by macro- 
etching, and the oriented reflections of light 
from the etch pits were used for determin- 
ing the boundaries of each grain. The 
method of three colored lights, as described 
previously,*® has been used in this work. 
After some experimentation, the following 


TaBLE 4—Final Rolling and Annealing Schedule for Specimens A 
eT 


wN\ 


34 M34 I 1} 


0.100 in. | 0.100 in. 
530°C 530°C 


0.067 in. 0.067 in. 


Ingot Designation 
4 44 
Pie ve evsKoneid 0.100 in. 0.100 in. 0.100 in. 0.100 in. I i 
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Taste 7—Final Rolling and Annealing Schedule for Specimens of Series C, D, E, F, and 
G, Ingot 1 
The Strip Was Processed According to Table 3 to 0.360 in. 


nnn —_—— 


Rolled to...... 0.240 in. 0.240 in. ~ 
Annealed...... 5 min. at 530°C 5 min. at 530°C 
Rolled to...... 0.012 in. 0. 160 in. e 
Annealed...+>. Io min. at 530°C 
Rolled to...... 0.100 in. si 
Annealed...... 10 min. at 530°C 
Rolled to...... 0.067 in. . 
Annealed...... Io min. at 530°C 
Rolled to...... 0.012 in. 
Annealed...... 
Rolled to...... 
Annealed...... 
Rolled to...... 
Annealed...... 
Rolled to... 
Final Reduc- 

tion Per Cent 95 82 


5 min. at 530°C 


0.240 in. 


0.240 in. 
5 min. at 530°C 


0.240 in. 
5 min. at 530°C 


0.160 in. 0.160 in. 0.160 in. 


Io min, at 530°C | ro min. at 530°C | 10 min. at 530°C 


0.100 in. 0.100 in. 0.100 in. 


10 min. at 530°C | 10 min. at 530°C | ro min. at 530°C 


0.067 0.067 in. 0.067 in. 


Io min. at in 0°C I0 min. at 530°C | 10 min. at 530°C 


0.045 in. 0.045 in. 0.045 i 


10 min. at 530°C | 10 min. at 530°C | ro min. at 530°C 


0.030 in. 0.030 in. 0.030 in. 


10 min. at 530°C | ro min. at 530°C | ro min. at 530°C 


0.012 in. 0.020 in. 0.020 in. 
Io min. at 530°C | ro min. at 530°C 
0.0134 in. 0.016 in. 
60 33 20 


etching reagent proved to give the best 
results: 


TABLE 8—Etching Reagents 


. glycerine 

. concentrated hydrochloric acid 

. concentrated water solution of FeCls 
. concentrated hydrofluoric acid 
concentrated nitric acid 


This etchant works very fast so that the 
specimens were usually immersed for only 
about ro to 20 sec. It was found that much 
better results were obtained if the speci- 
mens were given a fairly good mechanical 
polish prior to etching. This was particu- 
larly important with the smaller grain 
sizes, where magnifications of about X 100 
had to be used for counting. 

For grain sizes below about 0.08 mm 
diam, even the best technique of macro- 
etching did not give satisfactory results 
with the microscope and illuminating sys- 
tem used. Specimens with such fine grains 
were, therefore, prepared by electrolytic 
polishing. The electrolytic polishing was 
done by means of the Buehler-Waisman 
Electrolytic Polisher and a nitric acid- 
methyl alcohol electrolyte. Best results 
were obtained with a current of 1.7 amp 
for one minute, when the exposed specimen 
area was a circle of 5g in. diam. The elec- 


trolytic polishing resulted in slight steps, 
or level differences, between the individual 
grains. By using one-sided oblique illumina- 
tion with an ordinary metallographic micro- 
scope (and by changing the direction of 
incidence of the light beam when neces- 
sary), at a magnification of approximately 
X 200, it was usually possible to trace 
almost all grain boundaries in a given field. 
With sufficient care it was, therefore, possi- 
ble to produce tracings suitable for precision 
grain counting. However, in the case of the 
550 and 600°C specimens containing 1.6 
pct manganese, even this procedure was not 
applicable, because of the large number of 
precipitate particles, which obscured the 
grain boundaries. These specimens were 
prepared by means of a technique recently 
described by Hone and Pearson.*® The 
method of counting and of calculating the 
average grain diameter was the same as 
that described in previous publications. 
The microscopic study of the amount, 
distribution, and shape of the MnAlg par- 
ticles in the various specimens was carried 
out at magnifications ranging from X 500 
to X 1500. It was found that the best 
technique of specimen preparation for such 
examinations was electrolytic polishing 


el 
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with the carbitol-phosphoric acid-hydro- 
fluoric acid electrolyte recently developed 
by G. Marshand.*® This electrolyte was 
used in the Buehler-Waisman . machine 
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extended all the way up to 650°C, a tem- 
perature only about 09°C below the solidus 
point. Microscopic examination revealed 
the presence of a large amount of the man- 
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Fic 2—AVERAGE GRAIN DIAMETER (MM, LOG SCALE) VS ANNEALING TIME (MIN, LOG SCALE) FOR 
1.6 pct MN ALLoy (1NGoT 114, SERIES A). 


with a current of about 1 amp for an ex- 
posed circular specimen surface of %g-in. 
diam. The duration of the electrolysis was 
only about ro-r2 sec after the specimen 
became hot and a steady current value was 
reached. Prior to electrolytic polishing, the 
specimens were mechanically polished with 
gamma alumina. 


RESULTS 


Fig 2 shows the results of grain size de- 
terminations after various periods of an- 
nealing at 550, 600, and 650°C of specimens 
containing 1.6 pct Mn, and processed ac- 
cording to Tables 3 and 4 (Ingot 114, series 
A). After a slight initial increase, the grain 
size remained small and essentially constant 
from about 25 min. up to 11 days at all 
three annealing temperatures. It is notable 
that, with this alloy, the inhibiting effect 


ganese compound even after 2 days of 
annealing at 650°C. This suggests that at 
650°C the 1.6 pct Mn alloy was still in the 
two-phase field. 

Of the 1.1 pct manganese alloy speci- 
mens, the series with 33 pct final reduction 
(Ingot 1, series A, Table 4) was annealed at 
550, 600, 625, and 650°C and the series 
with 90 pct final reduction (series B, 
Table 6) was annealed at 600, 625, and 
650°C. The results of the grain size determi- 
nations are shown in Fig 3 and 4. At 550 
and 600°C there was again complete inhibi- 
tion up to rz days, as in the 1.6 pct Mn 
alloy. The grain size was practically inde- 
pendent of the annealing time. This stable 
or “ultimate” grain size, however, in- 
creased with the annealing temperature. On 
the other hand, at 650°C the grain size was 
increasing with time in a manner similar to 
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that previously found for high purity alumi- 
num and for certain solid solutions.***7 Up 
to a grain size somewhat smaller than the 
specimen thickness, the log D vs. log ¢ plot 


was a straight line, and grain growth 
stopped only at a limiting grain size some- 
what larger than the specimen thickness. In 
the thin sections (0.016 in.) with 90 pct 
reduction (series B), this limiting grain size 
was unusually large, namely 70 pct larger 
than the specimen thickness. However, the 
general shape of the curve and the qualita- 
tive aspects of grain growth were the same 
as found previously. Microscopic examina- 
tion at high magnification showed complete 
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Fic 3—AVERAGE GRAIN DIAMETER (MM, LOG SCALE) VS. ANNEAING TIME (MIN, LOG SCALE) FOR 
1.1 pct MN ALoy (INGOT 1, SERIES A), VERTICAL DASH-DOT LINE INDICATES APPROXIMATE START 
OF COARSENING. HORIZONTAL DOTTED LINE CORRESPONDS TO SPECIMEN THICKNESS. 
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disappearance of the manganese com- 

pound in less than 125 min. of annealing. 
The results at 625°C are particularly 

interesting. After either 33 or 90 pct reduc- 


al 
A) 


625 3125 15625 


tion there was complete inhibition during 
an “incubation period” of more than 625 
min., after which extremely large grains 
began to form, producing a typical duplex 
structure. This process is shown in Fig 5, 6, 
and 7 for the specimens with 90 pct reduc- 
tion. As seen in Fig 5, after 1020 min. 
practically the whole specimen was fine- 
grained, with only one or two larger grains. 
After 1665 min., Fig 6, most of the speci- 
men still consisted of the fine-grained 
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matrix, with some scattered large grains. 
After 3125 min., Fig 7, most of the fine- 
grained matrix was consumed by a few 
very large grains, one of which occupied 
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gradual type of grain growth. Comparison 
of Fig 9 and 7 shows that, after 2 days of 
annealing at 650°C, the largest grains were 
actually smaller than after the same period 


D,mm.(log scale) 
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Fic 4—AVERAGE GRAIN DIAMETER (MM, LOG SCALE) VS. ANNEALING TIME (MIN, LOG SCALE) FOR 
1.1 Pct MN ALLOY (INGOT I, SERIES B). VERTICAL DASH-DOT LINE INDICATES APPROXIMATE START 
OF COARSENING. HORIZONTAL DOTTED LINE CORRESPONDS TO SPECIMEN THICKNESS. 


almost half of the specimen area. These 
large grains had several small grains of the 
size of the original fine-grained matrix im- 
bedded and completely surrounded. These 
inclusions, and the remaining few fine- 
grained areas of the specimen serve very 
well to emphasize the tremendous difference 
in size between the fine grains and the 
coarse grains. Fig 7 clearly shows the 
“ragged,” irregular boundaries typical of 
the large grains formed by coarsening. The 
specimen annealed for 3125 min., of the 
series with 33 pct reduction, consisted of a 
single large grain with only a few of the re- 
maining small grains imbedded at the 
surface, as shown in Fig 8. It is charac- 
teristic of discontinuous grain growth (Fig 
s, 6, 7 and 8), that the size of the large 
grains is not limited by the specimen thick- 
ness, in sharp contrast to the continuous or 


at 625°C, because the type of grain 
growth occurring at 650°C was of the 
gradual type, which is limited by the speci- 
men thickness. 

The coarsened specimens shown in Fig 7 
and 8 still contained a fairly large amount 
of the manganese compound, although the 
amount of this phase has decreased in the 
course of annealing at 625°C. Fig 10 shows 
the microstructure after annealing for only 
one minute. The amount of compound here 
was practically the same as in the initial 
condition. As seen in Fig 11 and 12, the 
number of manganese compound particles, 
remaining after 2 days at 625°C, was 
smaller, although some of the particles have 
considerably increased in size (coalescence). 
It is significant that discontinuous grain 
growth took place here while a portion of 
the second phase was gradually re-dis- 


172 


EFFECT OF A DISPERSED PHASE ON GRAIN GROWTH IN AL-MN ALLOYS 


AS te 


4 . a 
ros 


< 


7s 


Se ig 
AS, wh 4 acts o es 
Fic 5—SPECIMEN OF 1.1 PcT MN ALLOy (INGOT 1, SERIES B) ANNEALED 1020 MIN AT 625°C. 
DEEP ETCHED. ORIGINAL: X 5. REDUCED APPROXIMATELY ONE THIRD. 
Fic 6—SPECIMEN OF 1.1 pct MN ALLoy (INGOT 1 SERIES B) ANNEALED 1665 MIN AT 625°C. 
DEEP ETCHED. ORIGINAL: X 5. REDUCED APPROXIMATELY ONE THIRD. 


Fic 7—SPECIMEN OF 1.1 PCT MN ALLOY (INGOT I SERIES B), ANNEALED 3125 MIN AT 625°C. 
DEEP ETCHED. ORIGINAL: X 5. REDUCED APPROXMATELY ONE THIRD. 

Fic 8—SPECIMEN OF 1.1 PCT MN ALLOovs (INGOT 1, SERIES A), ANNEALED 3125 MIN AT 625°C. 
DEEP ETCHED. ORIGINAL: X 5. REDUCED APPROXIMATELY ONE THIRD. 
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solved, but that a certain amount of the 
precipitate was still present even after the 
large grains had formed. The structures 
shown in Fig rr and 12 correspond to the 


but clearly recognizable amount of pre- 
cipitate had formed. This indicates that the 
solvus point of the 1.1 pct Mn alloy was 
above 625°C, in accordance with the data 


DEEP ETCHED. ORIGINAL X 5. REDUCED APPROXIMATELY ONE THIRD. 


fine-grained and the coarse-grained por- 
tions, respectively, of the specimen pre- 
sented in Fig 7. There was no apparent 
difference in the amount of the remaining 
manganese compound between the fine- 
grained and the coarse-grained portions of 
this specimen. 

The amount of precipitate did not appear 
to decrease significantly upon further 
annealing after 2 days at 625°C, suggesting 
that this temperature was below the solvus 
point of the alloy. In order to further in- 
vestigate this point, a specimen of series 
1-A was annealed for 625 min. at 650°C. 
Half of the specimen was cut off, examined 
microscopically in this condition and found 
to contain no manganese compound. The 
other half was then re-annealed for 2 days 
at 625°C and examined. A relatively small, 


by Butchers and Hume-Rothery,*® as 
shown in Fig 1. 

The incubation period of coarsening after 
33 pct and after 90 pct prior deformation 
was about the same in the above experi- 
ment. For a more detailed study of the 
effect of prior deformation on the incuba- 
tion period of coarsening, five series of 
specimens (C, D, E, F, and G, Table 7) 
were prepared with nearly the same final 
thickness (0.012 to 0.016 in.) but with 
varying degrees of prior deformation, 
namely, 20, 33, 60, 82 and 95 pct reduction 
of area by rolling, respectively. Specimens 
of each series were annealed at 625°C for 
25, 3125 and 15,625 min. After the 25-min. 
anneal, all specimens were fine-grained, 
with a grain size of 0.099 to 0.102 mm for 
the specimens reduced 20, 33 and 95 pct, 
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Fic 10—SpECIMEN OF 1.1 PcT MN ALLoy (INGOT 1, SERIES B), ANNEALED I MIN AT 625°C. 
_ ELECTROLYTICALLY POLISHED, UNETCHED. ORIGINAL: X 500. REDUCED APPROXIMATELY ONE HALF. 
Frc 11—SPECIMEN OF 1.1 PcT MN ALLOY (INGOT 1, SERIES B) ANNEALED 3125 MIN AT 625°C. 
ELECTROLYTICALLY POLISHED, UNETCHED. FINE GRAINED AREA. ORIGINAL X 500. REDUCED 
- APPROXIMATELY ONE HALF. an 3 
Fic 12—SPEcIMEN oF 1.1 pcT MN ALLOY (INGOT I, SERIES B) ANNEALED 3125 MIN AT 625°C. 
ECTROLYTICALLY POLISHED, UNETCHED. COARSE GRAINED AREA. ORIGINAL: X 500. REDUCED 
>ROXIMATELY ONE HALF. : 
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and 0.091 mm for the specimens reduced 60 
and 82 pct. Two further specimens of series 
G (95 pct reduction) were annealed for 5 
and 625 min., respectively, and a specimen 
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(INGOT 1), ANNEALED 3125 MIN AT 625°C. 
a, b, c, d, AND € CORRESPOND TO 20, 33, 60, 82 
AND 95 PCT REDUCTION OF AREA (SERIES C, D, 
E, F, anp G, TasLe 7). DEEP ETCHED. ORIGI- 
NAL: X 5. REDUCED APPROXIMATELY ONE HALF. 


of series F (82 pct reduction) was annealed 
for 625 min. at 625°C. In both cases, the 
grain size was constant, within the experi- 
mental error, during the whole period of 
annealing investigated. This indicates that 
the above listed grain sizes represented 
stable or ultimate values for the fine- 
grained materials, under the prevailing 
conditions. It is seen in Fig 13 that after 
two days of annealing the major part of all 
specimens still consisted of the fine-grained 
matrix. Some larger grains were, however, 
visible in the specimens reduced more than 
33 pct, the size of the large grains increasing 
with the prior deformation. The specimens 
annealed eleven days, Fig 14, consisted 
mostly of large grains, except the one re- 
duced only 20 pct. In this specimen, the 
first stage of coarsening appears to have 
just started. The extent of coarsening was 
clearly increasing with the amount of de- 
formation. The results obtained in this 
experiment, with specimens having a rela- 
tively small amount of initial precipitate, 
showed a definite effect of the amount of 
prior deformation on the incubation period, 
in contrast to the specimens previously 
described. The latter specimens contained a 
much larger initial amount of the manga- 
nese compound as a result of their previous 
processing, and had shorter incubation 
periods of coarsening. 

The results obtained with specimen - 
series A of the alloys containing 0.74 and 
0.6 pct Mn (Ingots 34 and 14, Table 4), are 
shown in Fig 15 and 16. At 500 and 550°C 
there was a short but clearly defined initial 
period of grain growth (less than 125 min.), 
followed by a period of anneal during which 
the grain size remained practically un- 
changed up to 11 days. Microscopic exami- 
nation of these specimens, before the grain 
growth anneal, indicated that they initially 
contained only very small amounts of the 
manganese compound. Gradual precipita- 
tion took place during the annealing. The 
increase of the number of particles and the 
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simultaneous increase in their average size 
is shown for the 550°C anneal of the alloy 
with 0.6 pct Mn in Fig 17, 18 and 10. Fig 
17 shows the structure after 1-min. anneal, 
which is identical in appearance with that 
in the initial condition. Fig 18 represents 
the microstructure after 125 min. anneal- 
ing, corresponding to the point where the 
grain growth curve has just become hori- 
zontal. It is clear that during the initial 
grain growth period, up to this point, con- 
siderable precipitation has taken place. As 
seen in Fig 19, the amount of precipitate 
continued to increase even during the later 
part of the annealing period, after grain 
growth has already stopped. A similar in- 
crease of the amount of precipitate is shown 
for the 500°C anneal of the alloy with 0.74 
pet Mn in Fig 20, 21, and 22. There was no 
visible increase in the amount of precipitate 
up to an annealing period of 25 min. so that 
Fig 20 represents the typical microstructure 
also in the initial condition. It is interesting 
that, in this instance, the initial period of 
grain growth ended, and the grain size be- 
came constant, after less than 5 min. 
annealing, that is, long before there was any 
noticeable increase in the amount of the 
manganese compound. 

In many of these samples, the manganese 
compound particles appeared to be prefer- 
entially located along the grain boundaries, 
(see Fig 21 and 22). Perhaps in some in- 
stances this might be interpreted as a result 


of the tendency of the grain boundaries to~ 


come to a halt at the locations where par- 
ticles have been already present. Fre- 
quently, however, many particles were 
observed to line up along a grain boundary 
in an area relatively free from particles 
inside the grains (see Fig 21). This suggests 
a preferential tendency of precipitation 
along grain boundaries already present. 
At 600°C both the 0.74 and the 0.6 pct 
manganese alloys showed continuous grain 
growth similar to that previously found in 
single phase alloys. The logarithmic grain 
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growth lines, Fig 15 and 16, were fairly 
straight up to grain sizes approximating 
the specimen thickness, where the usual 
deviations occurred. 


Fic 14—SPECIMENS OF 1.1 PCT MN ALLOY 
(INGOT 1) ANNEALED 15625 MIN AT 625°C. 
a, b, c, d, AND €, CORRESPOND TO 20, 33, 60, 82 
AND 95 PCT REDUCTION OF AREA (SERIES C, D, 
E, F, anp G, TaBLe 7). DEEP ETCHED. ORIGI- 
NAL: X 5. REDUCED APPROXIMATELY ONE HALF. 
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Fic 15—AVERAGE GRAIN DIAMETER (MM, LOG SCALE) VS ANNEALING TIME (MIN, LOG SCALE) 
FOR 0.74 PCT MN ALLOY (INGOT 34, SERIES A). HORIZONTAL DOTTED LINE CORRESPONDS TO SPECI- 


MEN THICKNESS. 
: eee 
20 leba 


re 
Be " 
SR eet oe ee 


\ 


4-600°C 


HNat 
pL 


1.0 
0.91] 
$08 Co 4 
ee ee ae aA 
au Tes eee 


A-500°C 


0.1 
0.2 { 5 25 125 625 3125 18625 
TIME, min. (log scole) 
Fic 16—AVERAGE GRAIN DIAMETER (MM, LOG SCALE) VS ANNEALING TIME (MIN, LOG SCALE) 


FOR 0.6 pcT MN ALLoy (1ncorT 14, series A). HoRIZONTAL DOTTED LINE CORRESPONDS TO SPECIMEN 
THICKNESS. 
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Fic 17—SPECIMEN oF 0.6 pcT MN ALLoy (INGOT 1g, seRIES A) ANNEALED I MIN AT 5 50°C, ELEC- 


TROLYTICALLY POLISHED, UNETCHED. ORIGINAL: X 500. REDUCED APPROXIMATELY ONE HALF. 
Fic 18—SPECIMEN oF 0.6 pct MN ALLoy (INGOT 1g, seRIES A) ANNEALED 125 MIN AT 5 50 C, 
_ ELECTROLYTICALLY POLISHED, UNETCHED. ORIGINAL: X 500. REDUCED APPROXIMATELY ONE HALF. 
_ Fic 19—SPECIMEN oF 0.6 pct MN ALLOY (incor 14, sERIES A) ANNEALED 15625 MIN AT 5 BOL. 

- ELECTROLYTICALLY POLISHED, UNETCHED. ORIGINAL: X 500. REDUCED APPROXIMATELY ONE HALF. 
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Fic 20—SPECIMEN oF 0.74 pct MN ALtoy (INGoT 34, seRTES A) ANNEALED 25 MIN AT 500°C, 
ELECTROLYTICALLY POLISHED, UNETCHED.ORIGINAL: X 500. REDUCED APPROXIMATELY ONE HALF. 

Fic 21—SPECIMEN OF 0.74 pct MN ALLoy (1NGoT 34, SERIES A), ANNEALED 125 MIN AT 500°C, 
ELECTROLYTICALLY POLISHED, UNETCHED. ORIGINAL: X 500. REDUCED APPROXIMATELY ONE HALF. 

Fic 22—SPECIMEN OF 0.74 pct MN ALLoy (INGOT 34, SERIES A) ANNEALED 3125 MIN AT 


500°C. ELECTROLYTICALLY POLISHED UNETCHED. ORIGINAL: X 500. REDUCED APPROXIMATELY 
ONE HALF. 
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As shown in Table 9, the slopes x for the 
aluminum-manganese alloys at both 650 
and 600°C were not much different from the 
corresponding values for high purity alumi- 
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Additional work has been done with the 
alloy containing 0.74 pct Mn in order to 
investigate the effect of the amount of pre- 
cipitate initially present. Three additional 
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Fic 23—AVERAGE GRAIN DIAMETER (MM, LOG SCALE) VS ANNEALING TIME (MIN, LOG SCALE) FOR 
0.74 PcT Mn atoy (1NcoT M 34, SPECIMEN SERIES B, C AND D, AND INGOT 34, SERIES A) VERTICAL 
DASH-DOT LINE INDICATES APPROXIMATE START OF COARSENING. 


num. An exception is the unexplained low 
value at 650°C for the 0.6 pct Mn alloy. 


TABLE 9—Slope n for Aluminum- 
manganese Alloys 


Schedule of 


Temperature Alloy, Cree 

° pecimen n 

Cc Pct Mn Processing 
650 0.00* 0.43 
650 0.6 A 0.34 
650 ERE A 0.43 
600 0.00* 0.32 
600 0.25 A 0.32 
600 0.6 A 0.32 
600 0.74 A 0.30 
590 0.00* 0.31 
590 0.74 A 0.273 
580 0.00* 0.29 
580 0.74 D 0.20 
580 0.74 B 0.135 
550 0.00* 0.25 
550 0.25 A 0.30 
550 0.6 A 0.16 


* Obtained from Fig 6 of ref 36. 


series of specimens (B, C, and D in Table 
5) were prepared. Series B was processed in 
such a manner that the amount of pre- 
cipitate was large; a penultimate anneal of 
3125 min. at 500°C was used. The resulting 
structure corresponded to that shown in 
Fig 22. Series C had a penultimate anneal 
of only 625 min. at 500°C, producing a 
smaller amount of precipitate, intermediate 
between the structures shown in Fig 21 and 
22. Finally, series D had a penultimate 
anneal of 5 min. at 600°C, which gave only 
a very small trace of precipitate, less than 
that in series A. 

In Fig 23, curves B-580, C-580 and D-580 
show the results of grain size determina- 
tions in the specimens of series B, C, and D, 
after annealing at 580°C for various lengths 
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of time. It is seen that, regardless of the 
initial amount of the manganese compound, 
grain growth stopped at 580°C in less than 
125 min. The stable grain size, reached at 
the end of the initial period of continuous 
grain growth, increased as the amount of 
the second phase decreased. Line B-580 
shows that for the B-series the grain size 
stayed constant from about 125 min. to 2 
days but the 2-day specimen already had a 
few large grains, indicating the beginning 
of coarsening. After eleven days of anneal- 
ing several large grains have developed, as 
shown in Fig 24. In the C-series, with a 
smaller initial amount of the second phase, 
the grain size was essentially uniform and 
small, even after eleven days at 580°C. 
Fig 25 shows that there were only very few 
somewhat larger grains present in this 
specimen. However, after 55 days of an- 
nealing at 580°C, finally a real duplex 
structure developed, as seen in Fig 26. A 
B-specimen annealed for 55 days at 570°C 
consisted almost entirely of very large 
grains, although 11 days of annealing gave 
no trace of coarsening. The C-specimens 
did not coarsen up to 55 days at 570°C. In 
series D there was no indication of any 
duplex structure up to 55 days at 580°C. 
Curve B-590 shows the results for the B 
series, with a large initial amount of the 
second phase, after various annealing pe- 
riods at 590°C. It is interesting to note the 
great difference between the grain growth 
behavior at two annealing temperatures, 
only 10°C apart. At 580°C the inhibition 
was sufficient to stop grain growth com- 
pletely before discontinuous grain growth 
started. At 590°C there was continuous 
grain growth, without stoppage up to 11 
days, and no coarsening. The effect of the 
larger amount of second phase here was to 
reduce the grain size, as comparison of lines 
B-590 and A-5090 shows. 

Microscopic examination revealed that at 
580°C the number of the second phase par- 
ticles decreased in those specimens which 
initially had a large amount, as in series B, 
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Fig 27 and 28 show the microstructure in 
the fine-grained portion, and in one of the 
large grains, respectively, of the specimen 
annealed for 11 days (Fig 24). The decrease 
is not directly observable by comparison of 
these micrographs with Fig 22, which corre- 
sponds to the initial condition, because the 
small area covered by a single micrograph 
is not representative enough of the speci- 
men as a whole. However, the number of 
particles per square millimeter specimen 
surface was counted at a magnification of 
X goo, over a specimen area of about 5 mm 
square, and found to be 143 in the initial 
condition, and 81 after annealing for 2 days 
at 580°C. In the latter condition there was 
no apparent difference in the amount of 
precipitate between the fine-grained portion 
of the specimen and the large grains. At 
590°C, the rate of re-solution of the man- 
ganese compound was very much faster, 
and easily recognized without recourse to 
counting. However, in the B-specimens, 
some of the manganese compound remained 
undissolved, even after 11 days of anneal- 
ing. In the D-series, where the initial 
amount of precipitate was extremely small, 
annealing at 580°C caused precipitation to 
start noticeably between 125 and 625 min. 
Continued annealing for longer periods 
produced a progressive increase in the 
amount of precipitate formed. Finally, 
after 11 days, the amount of the manganese 
compound was about the same as in the 
corresponding specimen of the B-series, 
although in one case (D) the final condition 
was reached by precipitation, whereas in 
the other case (B) it was obtained by re- 
solution. This final condition, reached from 
both sides, may be considered to represent 
equilibrium at 580°C. On the other hand, at 
590°C the manganese compound was com- 
pletely re-dissolved in less than 125 min. in 
the A-specimens, which initially contained 
somewhat more of it than the specimens of 
the D-series. Thus, microscopic observation 
confirmed that the solvus point of the alloy 
with 0.74 pct Mn lies between 580 and 
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Fic 24—SPECIMEN OF 0.74 Pct MN ALLoy (1ncot M 34, SERIES B) ANNEALED 15,625 MIN AT 
580°C. DEEP-ETCHED. ORIGINAL: X 5. REDUCED APPROXIMATELY ONE HALF. 
Fic 25—SPECIMEN OF 0.74 Pct MN ALLoy (1Ncot M 34, SERIES C) ANNEALED 15,625 MIN AT 
580°C. DEEP-ETCHED. ORIGINAL: X 5. REDUCED APPROXIMATELY ONE HALF. 
Fic 26—SPECIMEN OF 0.74 pct MN ALLoy (1NcoT M 34, SERIES C) ANNEALED 55 DAYS AT 580°C. 
DEEP ETCHED. ORIGINAL: X 5. REDUCED APPROXIMATELY ONE HALF. 
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Fic 27—SPECIMEN OF 0.74 pcT MN ALLOoy (1NGot M 34, SERIES B) ANNEALED 15,625 MIN AT 
580°C. ELECTROLYTICALLY POLISHED. UNETCHED. FINE GRAINED AREA. ORIGINAL: X500. RE- 
DUCED APPROXIMATELY ONE HALF. 

Fic 28—SPECIMEN OF 0.74 pct MN ALLoy (INGoT M 34, SERIES B) ANNEALED 15,625 MIN AT 
580°C, ELECTROLYTICALLY POLISHED. UNETCHED. COARSE GRAINED AREA. ORIGINAL: X 500. 
REDUCED APPROXIMATELY ONE HALF. 

Fic 31—SPECIMEN OF 0.74 pct MN ALLoy (INGOT M 34, sERIES B) ANNEALED 15,625 MIN AT 
580°C. ELECTROLYTICALLY POLISHED. UNETCHED. ORIGINAL: X 500. REDUCED APPROXIMATELY 
ONE HALF. 
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590°C, in agreement with Butchers and 
Hume-Rothery.*° 

The observation that, in the D-series, 
precipitation of the manganese compound 
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continuous grain growth stopped after the 
grain size reached a definite limiting or 
ultimate value. For a certain Mn-content 
and a certain schedule of processing (that 
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Fic 29— ULTIMATE GRAIN SIZE (mM) VS TEMPERATURE (°C), FOR VARIOUS ALUMINUM-MANGANESE 
ALLOYS. VERTICAL ARROW INDICATES COARSENING. 


at 580°C started only after 125 min., while 


grain growth stopped well before 125 min., 
is in agreement with the results mentioned 
above in connection with the A-series of the 
same alloy at 500°C. At least in these two 
cases the stoppage of grain growth did not 
result from an increase of the visible 
amount of the inhibiting second phase 
during annealing. The only observable 
change taking place was the increase in 
grain size during the initial period of 
_ growth. This indicates that, even when the 
extent of inhibition remained constant, 


is, for a definite initial amount of the second 
phase), the ultimate grain size increased 
with the annealing temperature. These 
conditions are shown in Fig 29 which con- 
tains some additional data not recorded in 
the other graphs. Curves M-34-D, M-34-A 
and M-34-B of this figure were obtained 
with specimen series D, A and B of the 0.74 
pct Mn alloy, representing different initial 
amounts of the manganese compound, as 
described above. It is seen here again that 
the ultimate grain size decreased with in- 
creasing initial amounts of the inhibiting 
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phase. This effect was even more pro- 
nounced with alloys of different manganese 
contents, for which the ultimate grain size 


amounts of the inhibiting phase, greatly 
exceeding the possible error. Even at 590°C, 
where the manganese compound is being 
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FIG 30—AVERAGE GRAIN DIAMETER (MM, LOG SCALE) VS ANNEALING TIME (MIN, LOG SCALE), 
FOR 0.25 pcT MN ALLoy (INGOT 14, SERIES A). HORIZONTAL DOTTED LINE CORRESPONDS TO SPECI- 


MEN THICKNESS. 


values, obtained with the A-series, are also 
incorporated in Fig 20. 

Since up to the ultimate grain size, even 
in alloys containing an inhibiting phase, 
grain growth was at least qualitatively 
similar to that in pure aluminum, it was of 
interest to make some quantitative com- 
parisons. Table 9 includes slope values 
determined from the initial increasing por- 
tions of some of the logarithmic grain 
growth lines in Fig 16 and 23, which show 
stoppage of grain growth as a result of 
inhibition. The initial grain growth portions 
of these lines were reasonably straight for 
only relatively short distances. As a result, 
the » values could not be determined with 
an accuracy approaching that for pure 
aluminum. However, Table 9 shows very 
large decreases in the slope with increasing 


re-dissolved, the 0.74 pct Mn alloy has a 
somewhat lowered slope. The effect is very 
large at 580°C. 

At 550°C the 0.25 pct Mn alloy behaves 
somewhat abnormally, having a_ higher 
slope than pure aluminum. The maximum 
slope of the S-shaped curve for this alloy at 
500°C (Fig 30) is also higher than the cor- 
responding slope for pure aluminum. An- 
other peculiarity of this curve is that it 
indicates a great decrease in the rate of 
growth at a grain size well below the speci- 
men thickness. According to Fig 1 the 0.25 
pet Mn alloy should not contain any man- 
ganese compound at either the processing 
temperatures of 530°C and higher, or at the 
annealing temperature of 500°C. Micro- 
scopic examination at X 1500 of the speci- 
men annealed for 11 days did not, in fact, 


PAUL A. BECK, M. L. HOLZWORTH AND PHILIP R. SPERRY 


reveal any manganese compound. It is 
possible that some extremely small particles 
have escaped attention. At 450°C precipi- 
tation took place, and the precipitate was 
large enough, after 11 days, to be detected 
readily by the microscope. 

The time for complete recrystallization 
at 450°C was determined by means of 
hardness tests and X ray diffraction. It was 
found to be less than 1 min. for all alloys 
processed according to schedule A. 


DISCUSSION OF RESULTS 


The very considerable inhibiting effects 
resulting from the presence of the dispersed 
aluminum-manganese compound raise the 
question as to the physical nature of the 
“inhibiting force.” Fig 31 shows two in- 
stances of grain boundaries strongly curved 
in the neighborhood of particles of an in- 
hibiting phase. These curvatures indicate a 
tendency of the grain boundary to “‘stick”’ 
to the particles, even to the extent of under- 
going considerable contortion, rather than 
allowing itself to be separated from these 
particles by the “growth forces,” which 
tend to pull it away. Such observations 
give the impression that inhibition is a 
result of the attractive forces operative 
between grain boundaries and individual 
dispersed particles. This attraction is very 
likely of the nature of interfacial tension, 
as discussed recently by C. S. Smith.* Such 
an explanation leads to the formulation of a 


criterion, in terms of interfacial tension, for. 


the degree of effectiveness of various dis- 
persed phases as inhibitors. The difficulty, 
at present, in applying this criterion to 
explain the great observed differences in 
effectiveness between the various dispersed 
phases lies in the lack of knowledge of the 
actual values of interfacial tension at the 
interfaces between various phases in our 
alloys. 

It was repeatedly observed in the present 
work that a period of continuous grain 
growth was followed by complete stoppage 
of grain growth during isothermal anneal- 
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ing. This stoppage was undoubtedly a 
result of inhibition by the aluminum-man- 
ganese compound, since, in any alloy, it 
occurred only at temperatures below the 
solvus point. Also, the ultimate grain size 
reached at a certain temperature decreased 
with increasing amounts of the inhibiting 
phase. These conditions are particularly 
well illustrated by the experiments with the 
0.74 pct Mn alloy, where the amount of 
precipitate initially present was varied. 
When the initial amount of the manganese 
compound was large, grain growth stopped 
at a much smaller grain size than in the case 
of a small amount of initial precipitate. In 
some instances precipitation took place con- 
currently with grain growth, and growth 
eventually stopped when, at the grain size 
attained, the obstruction has just become 
large enough to prevent further growth. 
Continued precipitation after this stage 
had, of course, no effect. Since the ultimate 
grain size reached was thus determined by 
the relative rates of growth and of precipi- 
tation, with only a small initial amount of 
precipitate, it was possible to reach an ulti- 
mate grain size much larger than that 
which would have been obtained if the 
equilibrium amount of precipitate had been 
present from the start. The stoppage of 
grain growth after an initial period of con- 
tinuous grain growth is, however, in itself, 
by no means an indication of increased in- 
hibition. Instances of stoppage of grain 
growth were observed without a micro- 
scopically detectable increase in the amount 
of precipitate. In fact, the phenomenon of 
initial grain growth, followed by stoppage, 
occurred even when the initial amount of 
precipitate was larger than that correspond- 
ing to equilibrium. (Curve B-580 in Fig 23.) 
In such cases, slow partial re-solution of the 
precipitate took place concurrently with the 
initial grain growth, and this process con- 
tinued even after long periods of annealing, 
when grain growth had already stopped. 
It is known that, even in the absence of 
inhibition, the instantaneous rate of iso- 
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thermal grain growth gradually decreases 
as the grain size increases. The interpreta- 
tion of this relationship as an indication 
that the ‘‘growth force” is decreasing with 
increasing grain size is compatible with the 
assumption that the “growth force” or 
better, the driving energy of grain growth, 
is the surface energy connected with the 
grain boundaries. From this point of view 
the above observations may be summarized 
as follows: when the “growth force” is 
large (that is, the grain size is small) in re- 
lation to the inhibiting effect, and the 
temperature is sufficiently high, continuous 
grain growth takes place even in the pres- 
ence of a dispersed phase. Grain growth 
stops when the “growth force” has de- 
creased far enough (with increasing grain 
size) to be just counterbalanced by the 
““inhibitive force’”’ exerted by the dispersed 
phase. With increasing amounts of obstruc- 
tion, grain growth is stopped in the face of 
higher and higher levels of ‘‘ growth force”’ 
(that is, at smaller and smaller grain sizes). 

It is interesting that the ultimate grain 
size, which is practically independent of 
time upon isothermal annealing, does in- 
crease with increasing annealing tempera- 
ture. Part of this increase may be a result of 
the decrease in the amount of the inhibiting 
phase, and hence of the obstruction, with 
increasing temperature. However, in some 
cases, the change in the amount of the man- 
ganese compound appears to be negligible, 
yet the increase of the ultimate grain size 
with the temperature is quite noticeable. 
Apparently, the extent of growth possible, 
even in the presence of essentially un- 
changed obstruction, increases with the 
temperature. 

It was also noted in the present work that 
the stable or ultimate grain size was prac- 
tically independent of the amount of plastic 
deformation, within the range of 20 to 95 
pet reduction of area by rolling. Since the 
grain size, as recrystallized, is well known 
to decrease, in general, with increasing 
deformation, the constancy of the stable 


grain size may be interpreted as an indica- 
tion that the initial grain growth stopped in 
all cases at the same ultimate grain size, 
regardless of the amount of prior deforma- 
tion. The grain size differences, which 
probably existed in the as-recrystallized 
condition, were thus wiped out. 

When the aluminum-manganese alloys 
were annealed at temperatures slightly 
above their solvus point, the manganese 
compound initially present was re-dissolved 
relatively fast. In all such cases, continuous 
grain growth, typical of solid solutions, took 
place. The slope of the logarithmic grain 
growth line was about equal to that for high 
purity aluminum at the same temperature. 

Very pronounced discontinuous grain 
growth, or abrupt coarsening, could be 
produced at will in the 1.1 pct Mn and the 
0.74 pct Mn alloys, under the following 
conditions: 

1. Enough of the finely dispersed man- 
ganese compound was required in the initial 
condition to cause considerable inhibition up 
to temperatures near the solvus point. With 
the 0.74 pct Mn alloy a precipitation an- 
neal of 2 days at 500°C had to be used in 
order to produce enough of the manganese 
compound. With a somewhat smaller 
initial amount of inhibiting phase (shorter 
precipitation anneal) the incubation period 
of coarsening became very much longer. 

2. The inhibition caused by the dispersed 
manganese compound had to be gradually 
decreased by re-solution and coalescence of 
the compound particles during annealing. 
The temperature of the coarsening anneal 
was very critical. With the two alloys 
tested, it was just slightly below their 
respective solvus points. Lowering of the 
temperature by 10°C increased the time 
necessary for coarsening from eleven days 
to 55 days. Raising the temperature by 
10°C caused enough increase in the rate of 
re-solution of the compound particles to 
allow gradual or continuous grain growth, 
instead of coarsening. Obviously, in these 
experiments the rate of decrease of the 
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number of particles of the inhibiting phase 
was very important for the occurrence of 
discontinuous grain growth. 

A simple and clear statement of the con- 
ditions under which discontinuous grain 
growth may take place was given by 
Jeffries and Archer? who stated that: 
“There are always some differences in 
growth force from point to point in the 
metal, and corresponding differences in the 
temperature at which grain growth will 
begin. If the metal is heated at a tempera- 
ture sufficiently high to cause grain growth 
at some points, but not high enough to 
cause general growth all through the metal, 
conditions are favorable for the develop- 
ment of large grains.’’ These authors have 
clearly realized the need for the presence 
of an inhibiting second phase to prevent 
general grain growth and thus to make a 
small grain size stable up to relatively high 
temperatures. In Jeffries’ experiments with 
tungsten!» the presence of a temperature 
gradient in the bar made it possible to 
realize, at certain points in the specimen, 
the exact temperature where inhibition was 
just overcome at a few scattered points and 
only a few grains started to grow. Coarsen- 
ing started in very short periods of anneal- 
ing, practically immediately. 

In the experiments of Feitknecht,*® 
coarsening could be produced at various 
constant and well defined temperatures 
(without a temperature gradient) and long 
incubation periods were encountered. The 


occurrence of these long incubation periods, — 


during which no visible growth took place, 
has never been satisfactorily explained. In 
the Al-Mn alloys investigated in the present 
work, coarsening is connected with the 
gradual decrease of the inhibition initially 
present, as a result of re-solution of part of 
the manganese compound and of coales- 
cence of the remaining particles. Further- 
more, the rate of decrease proves to be of 
decisive influence. The determining factor, 
apparently, is the rate of decrease of inhi- 
bition in relation to the rate of growth of 
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the large grains. Extending the thought of 
Jeffries and Archer, as expressed in the 
above quotation, one might say that, if the 
inhibition is removed slowly enough so as to 
allow the growth of the first few grains 
which start growing, before a great many 
more grains become capable of growing, 
then very large grains are formed. If the 
inhibition is removed at a relatively high 
rate in comparison with the rate of growth, 
under the prevailing conditions of tempera- 
ture and obstruction, then the resulting 
grain size is much smaller, and grain growth 
will be similar to that in the absence of 
inhibition. 

The recognition that coarsening may 
occur as a result of the gradual removal of 
obstruction is helpful in the understanding 
of a number of older observations, men- 
tioned in the introduction. The method of 
producing large grains in tungsten filaments 
by means of a mixture of two inhibitors,® 
one stable, and the other volatile, is very 
likely based on the initially large inhibitive 
effect of both oxides and on the gradual de- 
crease of inhibition during the volatilization 
of one of them. This decrease is actually 
quite fast in a tungsten filament, but so is 
also the rate of growth of the large grains at 
the high temperatures used. The controlling 
factor is the balance between the two rates. 
In the experiments of Tangerding®* the 
oxidizing anneal removes the severe ob- 
struction resulting from the carbide par- 
ticles, but it apparently also produces a 
milder obstruction by means of the forma- 
tion of a dispersed refractory impurity 
oxide phase. This latter obstruction is prob- 
ably removed only very slowly, and proba- 
bly incompletely, during the isothermal 
hydrogen anneal, thus allowing the large 
grains to form. The fact that single crystals 
did not form when the order of the two 
anneals was reversed, is now readily 
understood. 

With the aluminum-manganese alloys, 
under conditions favorable for coarsening, 
annealing periods of the order of one day to 
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55 days were necessary for the appearance 
of the first large grains. During the incuba- 
tion period the size of the small grains 
remained unchanged. Even when a large 
portion of the specimen was already occu- 
pied by a few large grains, the remnants of 
the fine grains have retained their original 
average dimensions. In contrast to the 
rather long incubation periods of coarsen- 
ing, the time for complete recrystallization 
in these alloys was very short, even at 
temperatures well below those used for the 
coarsening anneals. After a deformation of 
only 33 pct by rolling, all alloys recrystal- 
lized in less than one minute at 450°C. 
During the incubation period of over 1000 
min. at 625°C for the 1.1 pct Mn alloy, and 
of 3125 min. at 580°C for the 0.74 pct Mn 
alloy, the specimens were, therefore, in a 
completely annealed condition. Notwith- 
standing this fact, the amount of prior 
deformation had a great influence on the 
length of the incubation period. As found 
previously by Feitknecht® for commercial 
aluminum, the incubation period decreased 
with increasing prior deformation. Feit- 
knecht suggested that the effect of prior 
deformation on coarsening is exerted 
through small residual stresses remaining in 
the recrystallized material. However, any 
slight stresses which might remain after 
recrystallization would be undoubtedly 
relieved by the process of recovery over 
annealing periods several thousand times 
longer than the time for complete recrystal- 
lization. The initial grain growth imme- 
diately following recrystallization may also 
be expected to help remove effectively small 
residual stresses. Therefore, Feitknecht’s 
explanation of the effect of prior deforma- 
tion, based on small residual stresses, can- 
not be accepted. In the following, some 
other possible effects of prior deformation 
are listed, which may persist after recrystal- 
lization and through which the effect of 
prior deformation might be exerted: (1) 
variations in the grain size as recrystal- 
lized, (2) the varying degree of mechanical 
crushing of the dispersed compound par- 


ticles, and (3) changes in the preferred 
orientation of the recrystallized material. 
In the present work the variation of the 
recrystaHized grain size with prior deforma- 
tion which may have been present as 
recrystallized was largely eliminated by the 
initial grain growth long before the start of 
coarsening, so that the first possibility, 
mentioned above, is somewhat unlikely. 
Mechanical crushing of the compound par- 
ticles has never been observed microscopi- 
cally. The effect of prior deformation most 
likely to cause the observed change in 
incubation period is the preferred orienta- 
tion of the recrystallized material, although 
it must be admitted that this question is by 
no means settled as yet. 

A significant difference between con- 
tinuous and discontinuous grain growth 
was clearly shown in the results. As previ- 
ously reported,** continuous grain growth is 
limited by the specimen thickness effect. 
The grain sizes attained in the present 
work by the coarsening mechanism bore no 
relation whatsoever to the specimen thick- 
ness. In fact, some specimens were found 
to consist, after the coarsening treatment, 
of a single large grain, in which only a few 
isolated small grains, approximately of the 
original stable size, remained imbedded. 
Another difference, which is sometimes of 
practical significance, concerns the shape of 
the grain boundaries. The boundaries of the 
large grains formed by coarsening are 
typically “ragged,” irregular or ‘‘spliced.” 
The grain boundaries formed by continuous 
grain growth are smooth and usually quit 
straight. 

_ Finally it should be mentioned that the 
sensitivity of grain growth phenomena to 
very small amounts of a second phase may, 
in some cases, allow the use of isothermal 
grain growth determinations as a means of 
studying solid solubilities. 


CONCLUSIONS 


Isothermal grain growth was studied in a 
series of high purity aluminum-manganese 
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alloys at various temperatures. The results 
allow the following conclusions: 

1. The finely dispersed aluminum-man- 
ganese compound has considerable grain 
growth inhibiting effect. When. specimens 
initially containing dispersed particles of 
this compound are annealed at a tempera- 
ture below the solvus point, continuous 
grain growth takes place only until a defi- 
nite ultimate grain size is reached. The 
ultimate grain size is essentially independ- 
ent from prior deformation, but it increases 
with increasing annealing temperature and 
with decreasing amounts of the aluminum- 
manganese compound. In the presence of 
the second phase, the grain sizes attained 
by continuous grain growth are smaller 
than under similar conditions but without 
inhibition. 

2. If specimens with a considerable ini- 
tial amount of the aluminum-manganese 
compound are annealed at a temperature 
just below the solvus point, where part of 
the compound is slowly re-dissolved and 
noticeable coalescence of the remaining 
manganese compound particles takes place, 
extremely large grains are formed by dis- 
continuous grain growth, after an incuba- 
tion period of the order of one to 55 days. 
The length of the incubation period in- 
creases with decreasing prior deformation, 
with decreasing amounts of the inhibiting 
phase, and with decreasing annealing 
temperature. 


3. If specimens, with dispersed particles 


of the aluminum-manganese compound 
initially present, are annealed at a tempera- 
ture just above the solvus point, where the 
compound is re-dissolved relatively fast, 
continuous grain growth takes place typical 
of single phase aluminum alloys. 

4. Continuous grain growth stops when 


the average grain size is of the order of the: 


specimen thickness. Discontinuous grain 
growth or coarsening is not limited by this 
effect; the whole specimen may be con- 


_ verted into a single grain with only scat- 


tered residual small grains imbedded in it. 
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The Flow and Fracture Characteristics of the Aluminum Alloy 
24ST after Alternating Tension and Compression* 
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INTRODUCTION 


In a previous investigation on the effects 
of repeated strains of large magnitude on 
the aluminum alloy 24ST, it was found 
that the reduction in ductility by straining 
in tension was partially restored by a sub- 
sequent compression.! As illustrated by the 
dashed line in Fig 1,§ the ductility (er) re- 
tained after prestraining in tension by a 
certain amount (€:) and measured in a 
_ subsequent tension test is represented by 
a straight line sloping down under 45°. If 
a compression of the same magnitude as 
the first tension is inserted (€2 = — €1) 
between prestraining and final testing in 
tension, such a “‘balanced” tension-com- 
pression cycle yields a ductility consider- 
ably higher than that present after pre- 
-straining in tension only. 

The results of these tests can be corre- 
Jated with those of an investigation on the 
effects of prestraining in compression.? As 
also shown in Fig 1, the ductility in subse- 
quent tensile tests decreased with com- 
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* This is one of a series of reports in a re- 
search program conducted at the Research 
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§ All strains in this paper are represented 
by the greatest natural strain, that is, € = ln 
Ao/A where Ao and A are respectively the 
cross-sectional areas of the specimen before 
and after straining. 

1 References are at the end of the paper. 


pression, at a rate considerably slower than 
that after prestraining in tension. 

The above discussed testing conditions 
can be considered as special cases of a gen- 
eral straining cycle, consisting of first, 
straining in tension by an amount «1, 
subsequently straining in compression by 
an amount ée, and finally determining the 
retained ductility, €,, in a tensile test. 
Prestraining in tension is then represented 
by €1 > o and €2 = o. Prestraining in com- 
pression is given by €: =o and €2 <o. 
Balanced cyclic straining is defined by the 
condition €, > o andep = —€,. 

In order to obtain further information 
on the effects of straining cycles consist- 
ing of tension and subsequent compression, 
further tests were made, varying both the 
tension strain, €:,, and the compression 
strain, €2, within extreme limits; €,; varied 
between 0.06 and 0.28 and e€, between > 
—o.008 and —o.60 approximately. 

Apparently, such tests have not been 
previously performed. They revealed phe- 
nomena which have not been recognized to 
date. The results of the investigation are 
herewith reported, without attempting to 
correlate them with internal processes 
within the metal structure. However, in 
order to assist in an analysis of this type, 
the results have been represented in various 
manners. 

In addition, further test data on the ef- 
fects of prestraining by, compression were 
provided by using specimens of various 
contours (notched specimens) in the sub 
sequent tensile tests. 
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MATERIAL 


The material selected for this investiga- 
tion was commercial 34-in. 24ST aluminum 
alloy rod. The material was subjected to 
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strain in tension, the second strain in com- 
pression, and the final testing were carried 
out continuously without intermediate 
machining, because within the range of 
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Fic 1—CoMPARISON OF THE EFFECTS OF COMPRESSION, TENSION, AND A BALANCED TENSION- ~ 
COMPRESSION CYCLE ON THE DUCTILITY OF THE ALUMINUM ALLOY 24ST. 


the following treatment before machining: 
(1) re-solution heat treatment at 920 
+ 20°F followed by water quench at room 
temperature, and (2) aging for 4 days at 
room temperature. Any effect of heating 
during machining was minimized by using 
a coolant. 


PROCEDURE 


Threaded specimens with a contour of 
2-in. radius and a diameter of 0.2660 in. 
at the minimum section were used for 
obtaining data on strain reversal. The first 


strain under investigation the contour of 
the specimen after second strain in com- 
pression did, in no case, exceed a cylindrical 
contour. Previous investigations on notch 
effect showed the effect of such very small 
changes in notch sharpness (for mildly 


notched specimens) on the shape of stress- 


strain curve is very small. 

Ordinary tensile testing machines were 
used for this investigation. Concentricity of 
loading in tension and compression were 
ensured by using specially designed fixtures. 
The changes in diameter at the minimum 
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section of specimens were measured by 
means of a radial strain gauge with an 
accuracy of +0.0001 in. The rate of loading 
was kept low enough to allow recording of 
stress-strain curves. 

To investigate the effects of prestraining 
in compression, specimens with contours of 


TaBLE 1—Test Data on Prestraining 


Fracture 

ao Notch Characteristics 

ectore Paias Prestrain 
re- . 

strain, | Lesting, 5S Retained | Fracture 

Tnches Inches Ductility | Stress, 

€F Psi 

2 2 oO 0.376 106,000 
2 2 0.174 0.348 105,000 
2 2 0.320 0.262 102,000 
2 2 0.230 0.315 98,600 
2 2 0.250 0.308 99,000 
2 2 0.207 0.279 99,000 
2 14 Oo 0.209 102,500 
2 A 0.016 0.208 112,800 
2 1¢ 0.150 0.211 116,000 
2 14 0.245 0.172 117,000 
2 i 0.315 0.142 126,000 
2 4 0.480 0.0975 | 117,000 
2 0.0005 (o) 0.057 86,000 
2 0.0005 0.0264 0.043 85,500 
2 0.0005 0.1350 0.016 94,500 
2 0.0005 0.245 0.006 90,500 
2 0.0005 0.332 0.008 90,200 
2 0.0005 0.510 0.006 84,300 
by I (0) 0.348 103,000 
I 1 0.190 0.288 99,800 
I I 0.422 0.154 94,500 
I I 0.465 0.162 96,200 
I I 0.518 O- 153 95,500 
I I 0.045 0.365 100,600 
I I 0.243 0.280 99,600 
I I 0.358 0.208 97,000 
I I 0.390 0.190 96,100 
i I 0.458 0.179 96,500 
I I 0.496 0.184 94,600 
I 2 to) 0.397 ~| 103,000 
BL 2 0.100 0 386 IOI,000 
I 2 0.200 0.332 100,600 
I 2 0.315 0.324 95,800 
I 2 0.395 0.284 08,100 
I 2 0.527 ts) 99,500 


. 241 


1- and 2-in. radius were subjected to com- 


pression and tested to fracture in tension 
after machining to the contours of 2-in., 


t-in., é-in. and 0.0oo6-in. radius. The 
(notch) depth for the sharper contours was 
such that the area removed by the notch 
represented 50 pct of the total cross sec- 
tional area. Because of machining, a period 
of time ranging from one to three days 
elapsed between prestraining in compres- 
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sion and the final testing. Procedure of each 
single test for the notched specimens was 
the same as that described for strain 
reversal. 

Results from several series of tests were 
presented in Table 1 and 2 and interpreted 
in Fig 2 to 8. 


TABLE 2—Test Data on Strain Reversal 


- Y,P.in 
€1 €2 €F SF Persie Com- 
n, . 
De; pression, 
Psi 
0.00 0.000 | 0.381 | 102,000] 43,200 
0.020 | 0.395 | 101,600] 40,150 
0.104 | 0.368 | 100,000} 52,900 47,500 
0.174 | 0.348 | 101,000 
0.192 |'0. 3AT 98,700] 55,800 
0.230 | 0.315 94,600 
0.250 | 0.308 95,000 
0.280 | 0.293 98,500| 57,800 
0.297 | 0.279 95,000 
0.320 | 0.262 98,000 
0.01 41,000 
0.03 45,000 
0.058] 0.010 | 0.343 | 100,800} 49,500 52,000 
0.060 | 0.060 | 0.352 | 100,100] 54,200 
0.060 | 0.116 | 0.348 | 100,600] 55,500 
0.063 | 0.213 | 0.318 99,000 
0.060} 0.216 | 0.307 97,500| 54,900 
0.064] 0.352 | 0.268 95,900] 59,000 
0.007 62,000 
0.124] 0.019 | 0.278 | 101,000} 58,000 
0.120] 0.120 | 0.308 99,000} 53,000 64,800 
0.118 | 0.209 | 0.206 99,600 | 59,700 62,500 
@-515-|).0-.320 || 0. 272 99,400 | 62,000 64,000 
0.118] 0.400 | 0.260 98,500] 61,500 
0.147 64,500 
0.210] 0.008 | 0.170 99,000 | 63,400 71,500 
0.203 | O0.III | 0.234 99,300 | 60,000 | 70,800 
0.200 | 0.130 | 0.255 | 100,200] 68,000 
0.192 0.19387) 0.275 98,600 | 62,000 
0.192 | 0.272 | 0.265 99,090 | 62,000 
0.210} 0.412 | 0.230 97,250| 63,500 
0.207 | 0.476 | 0.243 99,000 | 62,800 
0.289 | 0.035 | 0.135 | 102,400} 70,500 
0.270 | 0.210 | 0.209 | 102,400] 61,500 
0.290 | 0.297 | 0.212 | 100,200 | 62,500 
0.277 | 0.413 | 0.209 99,900 | 63,800 
0.279 | 0.431 | 0.185 | 101,000] 65,500 
0.280] 0.600 | 0.121 93,500] 61,800 
0.20908 65,000 
RESULTS 


Effects of Unbalanced Strain Cycles on the 
Ductility 


Conditions in which the tension strain 
differs from the compression strain, that 
is, €: ~ —€2, may be called unbalanced 
repeated straining. The results of such 
tests can be represented in various ways. 

In Fig 2 the retained ductility, €,, is 
plotted against the second strain, €2, as 
abscissa, with the first strain, €1, as param- 
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eter. If €2 = 0, the retained ductility is 
simply: 


€y = €fo -~ bf 


AHANETLIR SAKSE ~Ltd07S/ 


ASAI MAD OU CTULP ~E, 


maximum, and after very large compres- 
sions the retained ductility decreased with 
increasing compression. Under the latter 
conditions of straining (a large second 
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Fic '2—EFrrect OF COMPRESSION SUBSEQUENT TO VARIOUS STRAINS IN TENSION ON THE FRACTURE 
CHARACTERISTICS OF THE ALUMINUM ALLOY 24ST. 


where €,, is the initial ductility in tension. 
For any value of €:, a subsequent com- 
pression, €2, resulted according to Fig 2 in 
an increase in ductility. This increase was 
found to be larger the larger the first strain 
(tension). Then, at certain second strains, 
€2, each curve in Fig 2 passed through a 


strain), the individual curves came rather 
close together and appeared to approach 
a common asymptotic curve; namely, that 
for prestraining by compression only 
(«1 = 0). Thus, the representation in Fig 2 
reveals two significant facts. First, if a 
metal is prestrained in tension, subsequent 
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compressions up to a certain value reduce _ braic sum of the two strains, €; + €2, which 
the embrittlement caused by tension strain. may be termed ‘‘strain history’’ is used as 
Second, the relation between ductility and abscissa and the first strain, €1, as param- 
compression strains in Fig 1 now appears’ eter. This graph illustrates that for each 


ORY COMPOSED OF VARIOUS TENSION AND COMPRESSIVE STRAINS ON THE RETAINED 


DUCTILITY OF THE ALUMINUM ALLOY 24ST. 
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well established since a similar relation value of 1, a maximum retained ductility 

was obtained if a tension strain (of any is obtained at a value of €1 + €2 close to 

magnitude) preceded the compression. zero, that is, when the original dimensions 
In the representation of Fig 3, the alge- of the specimen are restored. 
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In the representation of Fig 4 the “range 
of strain,’ R, defined by the following 
relation: 


R = €; — €2 
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observed variations in this quantity were 
rather small. It appears that the fracture 
stress decreased slightly at large compres- 
sion and that prestraining in tension pre- 
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Fic 4—EFrrect OF UNBALANCED STRAIN CYCLES ON THE RETAINED DUCTILITY OF THE ALUMINUM 
ALLOY 24ST. 


is used as parameter. The abscissa is the 
compression strain as a fraction of the 
range of strain, €2/(€: — €2). Beside the 
general trend of decreasing ductility with 
increasing range of strain, this representa- 
tion reveals that for a given range of strain, 
the decrease in ductility is large and in pro- 
portion to the prestrain in tension if the 
larger portion of the cycle is tension, €; > 
—é€. On the contrary, the ductility remains 
almost constant if compression is prevalent, 
that is, €1 << —é. 

In Fig 2 the (average) fracture stress 
observed in these tests is also shown. The 


ceding compression reduced this effect of 
compression. 


Effects of Unbalanced Strain Cycle on the 
Flow Characteristics 


If a metal is prestrained by tension, and 
then again subjected to tension, it begins 
to flow at approximately the same stress at 
which the first tension was terminated, as 
illustrated schematically in’ curve a of 
Fig 5. The same applies to prestraining 
by compression followed by compression 
(curve b). The (true) stress-strain curves 
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in tension and compression respectively, 
therefore, illustrate the change in yield 
strength, s,, under such conditions of 
“monotonous straining.” In agreement 
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range, the yield strength is rather pro- 
nounced and it does not require an accurate 
definition. 

On the contrary, if after prestraining by 
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Fic 5—EFFECT OF VARIOUS TYPES OF STRAINING ON YIELD STRENGTH AND STRESS AT A STRAIN, 
€ = 0.02, FOR THE ALUMINUM ALLOY: 24ST. 


with frequent observations.on 24ST*4 (and 
many other metals), the yield strength in 
compression was found to be approximately 
ro pct higher than that in tension for any 
given absolute value of strain. Because of 
the sharp break in the stress-strain curves 
when passing from the elastic to the plastic 


either tension or compression, the direction 
of straining is reversed, the second stress- 
strain curve becomes smoothly curved. 
Such a curve does not exhibit a definite 
yield strength, and it is necessary to select 
an arbitrary value of plastic strain in order 
to define the yield strength. Usually, the 
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yield strength is given for 0.2* pct perma- 
nent set (plastic strain). This phenomenon 
is termed “‘ Bauschinger effect,’’ and it can 
be measured by the difference between the 
yield strength values for reversed and 
monotonous straining, respectively. That 
is, curve @ minus curve c in one case, and 
curve 6 minus curve d in the other case. 

Fig 5 illustrates the dependence of the 
Bauschinger effect upon the magnitude of 
prestraining. The Bauschinger effect in- 
creased first very rapidly with prestrain 
and then at a rather slow rate. Conse- 
quently, the yield strength after a strain 
reversal first decreased with prestrain, in 
agreement with frequent previous observa- 
tions.*.4 It then appeared to approach a 
constant value at very large prestrains. The 
yield strength values determined in com- 
pression were always found to be approxi- 
mately ro pct higher than those in tension, 
for any given absolute values of prestrain. 
This explains the different magnitude of 
the Bauschinger effect for the reversal from 
tension to compression and that from 
compression to tension, respectively. 

Yield strength values, as defined above 
for a very small plastic strain, do not suffi- 
ciently describe the change in flow charac- 
teristics by prestraining. The purpose can 
be achieved, however, in an approximate 
manner by an additional comparison of the 
stresses required for a larger strain, say 
€; = 0.02 or €2 = —o.02. Such values are 
added to Fig 5 represented by the dashed 
curves. These curves illustrate the previ- 
ously observed fact that a metal is strain 
hardened against further straining in the 
same direction considerably more than it is 
hardened against further strain in the re- 
verse direction. 

The yield strength (0.2 pct permanent 
set) values in tension, observed after un- 
balanced strain cycles are assembled in Fig 
6, using the strain history, €: + €s, as 
abscissas and the first prestrain (in ten- 


*e, = 0.2 pet ore: = 0,002. 


sion), €;, as parameter. Each curve in Fig 
6 thus illustrates the change in yield 
strength for a given prestrain in tension, €1, 
caused by inserting a compression, €2, the 
magnitude of which increases to the left. 
For any prestrain, €;, the yield strength 
passes through a minimum and then in- 
creases to assume an almost constant 
value with increasing compression, that is, 
decreasing value of €;-+ 2. The larger 
the prestrain, €1, the more pronounced is the 
reduction in yield strength caused by the 
inserted compression. As a consequence, 
the yield strength values (in tension) after 
large compression, such as €; + €2 < —o.2, 
became only slightly different for large 
variations in the first prestrain, between 
zero and €; = 0.28. 


Effects of Compression on the Ductility of 
Notched Specimens 


The (average) ductility values observed 
in tensile test bars of various contours 
(notched) are summarized in Fig 7. Most 
of the test data assembled in Fig 7 were 
obtained by means of test bars machined 
from compressed specimens having an 
original contour of 2-in. radius. 

In addition, tension specimens with a 
contour of 2-in. radius were machined from 
both cylindrical and from compression 
specimens with a contour of 1-in. radius. 
These variations in the compression pro- 
cedure appear of little significance. The 
three series of tests yielded slightly different 
results, which, however, do not exceed the 
variations expected from slight variations 
in material, heat treatment, and specimen 
shape.* 

According to Fig 7, the effect of mild 
notches, represented by specimens with 
contours of 1- and }¢-in. radius, differed 
considerably from those of sharp notches. 


* The considerable scattering of the values in 
Fig 7 for specimens machined from compressed 
sections with an initial contour radius of 1 in. 
can be explained by the difficulty of locating 
the section which exhibited the greatest strain 
in compression, 
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Confirming previous test results,2 the smaller by a constant amount than that for 
ductility of the specimens with contours of the specimens with a contour of 2-in. 
2-in. radius, and presumably also of cylin- _ radius, after any prestrain in compression. 
drical specimens, decreased with increasing This result may be considered as in agree- 
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compression only at a rather slow rate. ment with the conception that fracturing 
The same trend was retained in the mildly _ of mildly notched tension specimens occurs 
notched specimens, that is, their ductility in the core.* From the test data in Fig 7, 
fora given specimen shape was found to be _ the conclusion can be drawn that cold 
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work reduces the ductility by equal 
amounts in uniaxial, and triaxial tension. 
This conclusion is also in agreement with 
the results of bend tests on 24ST® on speci- 
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Consequently their ductility at the surface 
should be independent of the notch con- 
tour. The decrease in average ductility 
with increasing notch sharpness then 
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Fic 7—EFFECT OF COMPRESSION ON THE DUCTILITY OF VARIOUSLY NOTCHED TENSILE SPECIMENS 
OF THE ALUMINUM ALLOY 24ST. : 


mens subjected to various amounts of cold 
work and tested under various states of 
biaxiality (by varying the specimen width) 

On the contrary, the ductility of the 
sharply notched specimens was found, ac- 
cording to Fig 7, to change approximately 
in proportion to that of the same milder 
notched bar. This may be explained by the 
conception that specimens provided with 
comparatively sharp notches will fracture 
at the surface, which presumably is sub- 
jected to a stress state close to plane strain. 


results simply from the fact that the strain 
distribution becomes less uniform with in- 
creasing notch sharpness. 

These test data are in disagreement with 
those of previous investigations’® in which 
a sudden loss in ductility was observed if 
the compression exceeded a certain limit. 
This brittle fracturing may be explained 
by the observation made in the present 
investigation that after large compressions, 
the test bars become more liable to fracture 
at sharply contoured shoulders than after 
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small compressions. Thus, according to Fig 
8, the specimens with a contour of 2-in. 
radius broke at the shoulder where the 
radius of contour was 1 in., if the compres- 
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UNDER THE SHOULDER. 


sion was high. The ductility value then 
conformed to that of a specimen with a 


contour of 1¢-in. radius, rather than to that 


of a specimen with a contour of 2-in. radius. 
Such test results are then explained by the 
fact that a decrease in ductility will usually 
be correlated with an increase in notch 


* sensitivity. 


CONCLUSIONS 


The strain cycles investigated here con- 
sisted of a first strain in tension of varying 
magnitude and a second strain in compres- 
sion, also of varying magnitude. Stress- 
strain properties were determined in a third 


straining, the final testing. The test data 
reported in this paper and a previous paper! 
appear to comprise the first quantitative 
information regarding the effects of the 
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strain history stated above on the fracturing 
characteristics. From these test data the 
following conclusions can be drawn: 

1. The ductility reduced by a certain 
strain in tension was partially restored by a 
subsequent strain in compression, and the 
amount restored reached a maximum when 
the numerical value of the subsequent 
strain in compression was equal to that of 
the first strain in tension, as shown in 
Fig 3. 

2. When the second strain in compres- 
sion was very large, the flow-stress in 
tension became independent of the second. 
strain in compression and little dependent 
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upon the first strain in tension, as shown in 
Fig 6. 

Qualitative observations by Ludwik® on 
low cycle fatigue indicate that the dis- 
covered phenomena relate not only to 
strain cycles consisting of reversed tension 
and compression and to the aluminum alloy 
245T, but to any type of strain reversal, 
such as alternate torsion (investigated by 
Ludwik) and to any metal. 

It appears that these phenomena may be 
correlated with the nature of fatigue fail- 
ures. The strain hardening resulting from a 
large strain is considerably reduced by a 
reversed strain resulting in an equilibrium 
condition on further reversals as shown 
previously. Thus, the effect of cyclic 
strains on the plastic flow characteristics is 
most pronounced in the first few reversals. 
The fracture characteristics also appear at 
first to be determined by the changes in the 
stress-strain curves, the fracture stress 
being little affected by single strain rever- 
sals. As shown previously, however, sub- 
sequent reversals cause a pronounced 
decrease in both fracture stress and duc-. 
tility, associated with little change in the 
stress-strain relations, except for the last 
cycles preceding fatigue failure. Then, the 
deterioration of the metal also becomes 


apparent as a slight lowering of the stress- 
strain curve and possibly as a yield point 
jog, according to Ludwik’s observations. 
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The Effect of Thermal-mechanical History on the Strain Hardening 
of Metals 


By J. E..Dorn,* Memper AIME, A. Gotpserct anp T. E. Tretzt 


(Philadelphia Meeting October 1948) 


INTRODUCTION 


THE concept that the flow stress for 
plastic deformation of metals in the work 
hardening range is a function of the instan- 
taneous values of the strain, strain rate 
and test temperature was promulgated by 
Ludwick! many years ago. This thought 
has been more or less a guiding principle 
throughout the immediate period of de- 
velopment and growth of mechanical 
metallurgy. It has been tacitly assumed or 
knowingly applied to many investigations 
on the plastic behavior of metals. Spurred 
by the theoretical interest and practical 
importance of the plastic behavior of 
metals, many investigators have attempted 
to determine empirical, semi-empirical, 


and theoretical equations?—!* relating the | 


flow stress with the strain, strain rate, and 
temperature. Although the applications of 
such equations have been extensive, the 
experimental verification of the existence 
of a mechanical equation of state is weak. 
Furthermore, some of the available evi- 


dence on plastic flow appears to suggest. 


that no simple functional relation between 
stress, strain-rate, strain and temperature 
can exist. 

The mechanical equation of state de- 
mands that 


[1] 


Manuscript received at the office of the 
Institute April 30, 1948. Issued as TP 2445 in 
METALS TECHNOLOGY, September 1948. 

* Professor of Physical Metallurgy, Univer- 
sity of California, Berkeley. : 

+ Research Engineer, University of Cali- 
fornia, Berkeley. 

1 References are at the end of the paper. 
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Where o = true stress load/instanta- 


neous area 
true strain 


ao Instantaneous gauge length 
initial gauge length 

€ = true strain rate 

T = temperature 
This formulation implies that do is an 
exact differential. Therefore the flow stress 
(c) is a function of the instantaneous values 
of the strain (e) the strain rate (€) and the 
temperature (7), independent. of the previ- 
ous mechanical or thermal history. Having 
reached a certain strain, strain rate, and 
temperature, by any path whatsoever, a 
definite and fixed value of the flow stress 
should be obtained. 

One check on the validity of the me- 
chanical equation of state is easily ob- 
tained. Consider the following three tests 
on the stress-strain curve at constant 


€ = 


temperature: 

A. Strain at rate € 

B. Strain at rate é2 

C. Strain at rate €; to e, and continue 
test at €2. 
A graphical representation of possible re- 
sults of such tests are shown in Fig 1. If, 
for strains greater than «1, test (C) data 
coincide exactly with the data from test 
(B), as shown in Fig 1a, a limited verifica- 
tion of the mechanical equation of state is 
obtained for the range of strain rates 
from é, to €:. But if the data from test (C) 
differ from those of (B) beyond strain € 
where the strain rate is changed from €, to 
és, the mechanical equation of state is not 
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valid and the plastic properties depend 

upon the past history of strain rates. 
Another simple check on the possible 

validity of the mechanical equation of 


T=CONSTANT 


tempered alloy steel between 70 and goo°F 
(for small strains and a short time interval 
at goo°F) appears to confirm the existence 
of the mechanical equation of state over the 


T=CONSTANT 


Fic 1—HyYPoTHETICAL RESULTS INDICATING VERIFICATION OR FAILURE OF THE MECHANICAL 
EQUATION OF STATE WHEN THE STRAIN RATE IS CHANGED FOR CONSTANT TEST TEMPERATURE. 


a. Verification of a mechanical equation of state. 
b. Failure of a mechanical equation of state. 


state can be obtained from stress-strain 
curves at two temperatures for constant 
strain rates from the following tests: 

A. Strain at 7; 

B. Strain at T2 

C. Strain at J, to €; and continue the test 
at eae 
Possible results of such tests are shown in 
Fig 2. If curve C agrees with A beyond «,, 
as shown in Fig 2a, partial verification of 
the mechanical equation of state is obtained 
over the range of temperatures from 7 to 
T>2. But if the data from test C do not 
coincide exactly with those from test A 
beyond strain €; where the temperature was 
changed from 7: to 7\, as shown in Fig 
2b, the mechanical equation of state is 
invalid and the plastic properties are de- 
pendent upon past thermal-mechanical 
history. 

Hollomon® performed two tests of the 
kind outlined in Fig 2 and concluded that, 
“the stress required for plastic flow de- 
pends only on the instantaneous values 
of the strain rate, temperature and strain, 
and not upon the past history of these 
variables.” His test on a quenched and 


test variables. The broad application of 
these results for formulating an analysis of 
creep, however, is not valid and will be 
discussed in a future report. 

The second test series conducted at 
—1os5 and +70°F on an SAE steel, which 
is reproduced in Fig 3, does not, however, 
appear to present conclusive evidence in 
favor of the mechanical equation of state. 
The sampling was poor since test bar (C) 
exhibited higher stresses than (A) over the 
range of strains to about 0.38. When, how- 
ever, test (C) was continued at —105°F the 
flow stress fell below that for (B) suggest- 
ing that, with careful sampling, the data 
might have yielded a curve analogous to 
that illustrated in Fig 2b. It is, therefore, 
reasonable to suspect that these data are 
inconclusive and that they may actually 
suggest the failure of the mechanical 
equation of state over low temperature 
ranges. 

Kauzmann® and also Dushman et al? 
have shown that when Eyring’s reaction 
rate theory is applied to the secondary creep 
rate of metals, the theoretical size of the 
unit participating in plastic flow, increases 
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with increasing temperature. Disregarding, 
for the present, the possible inadequacy of 
Kauzmann’s theory, the reported effect of 
temperature on the size of the flow unit 


E = CONSTANT 
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dislocations or Kauzmann’s analysis for 
creep are not convincing because reasonable 
doubt persists concerning the accuracy of 
the mechanisms which were postulated for 
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Fic 2—H-YPpoTHETICAL RESULTS INDICATING VERIFICATION OR FAILURE OF THE MECHANICAL 
EQUATION OF STATE WHEN THE TEMPERATURE IS CHANGED FOR CONSTANT STRAIN RATE. 


a. Verification of a mechanical equation of state. 
b. Failure of a mechanical equation of state. 


suggests the failure of the mechanical 
equation of state. If large flow units are 
generated at elevated temperatures, such 
units persist for the first stages of straining 
at lower temperatures, causing the flow 
stress at the lower temperatures to be less 
after prestraining at elevated temperatures 
than they would have been if the entire 
test had been conducted at the lower tem- 
perature. The experimental data reported 
later verifies this prediction. 

Applying the dislocation theory to alumi- 
num single crystals at subatmospheric 


temperatures, Taylor!® concluded that the. 


opaque surfaces, postulated to account for 
work hardening, were closer together at the 
lower temperatures. This statement is 
somewhat equivalent to that given by 
Kauzmann concerning the size of the flow 
unit for creep. ‘Therefore, the pattern of 
dislocations, stopped at opaque surfaces, 
due to prestraining at atmospheric tem- 
perature, would be on a larger scale than if 
the test had been made at lower tempera- 
tures. Consequently a temperature history 
dependence of the plastic properties would 
be expected. 

Deductions based on Taylor’s theory of 


deformation, strain hardening, and plastic 
flow in these approaches. But when other 
data are compounded on these deductions, 
the evidence favoring history dependence of 
plastic properties begins to assume sub- 
stantial proportions. It is necessary merely 
to mention here the well known effects of 
decreasing temperatures and_ increasing 
strain rates on the distances between slip 
bands in single metal crystals. Straining a 
single crystal at a given temperature or 
strain rate produces greater distances be- 
tween the slip bands than would be ob- 
tained by straining the same amount at 
lower temperatures or higher strain rates. 
Undoubtedly the internal structure of the 
metal has been modified in a manner cor- 
relateable with the observed external spac- 
ing of the slip bands. Prestraining at one 
temperatyre or strain rate, therefore, 
should yield a different stress-strain rela- 
tionship when the conditions are changed 
than would have been obtained if the entire 
straining had been conducted exclusively 
under the second set of conditions. 

It is the purpose of this investigation to 
ascertain from tension tests at various 
temperatures and changes of temperature 
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whether a mechanical equation of state 
the past thermal- 
mechanical history affects the plastic prop- 


exists or whether 


erties of metals. 


160 


140 


100 


STRESS (1000 P.S.1) 


gauge yielded strains accurate to +o0.0or. 
All tests were conducted at a true Strain 


rate of approximately 0.oo11 per sec. 


The load was measured by means of a 


OFIRST PART AT |+.70°F 
- 108°F 
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Fic 3—EFFECT OF PRE-STRAINING AT 70°F ON THE TRUE STRESS-TRUE STRAIN CURVE AT —105°F 
(Data by Hollomon). 


MATERIALS AND TESTING TECHNIQUES 


Commercially pure aluminum (2S-O 
annealed at 1000°F for 20 min.) was the 
principal test material. In order to deter- 
mine whether the observed effects were 
peculiar to 2S-O, additional tests were 
conducted on high purity (99.98 pct) alumi- 
num, brass, copper and stainless steel. 

A rack and pinion strain gauge having a 
2-in. ga. length was used for measuring 
extensions. Calibration showed that this 


proving ring containing a dial gauge, 
sensitive to +14 lb. Good reproducibility 
was obtained on duplicate tensile tests. 
The test specimen design is illustrated 
in Fig 4. All specimens were machined 
with their longitudinal axes in the rolling 
direction. The machined edges were care- 
fully polished with 3/o emery paper. The 
extra long 14 in. parallel section at either 
end of the 2-inch ga. length was introduced 
in order to assure uniform tensile straining 
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over the gauge section. The width and 
thickness of the specimens were gauged 
with a o.0ooo1-in. hand micrometer. 

The tests at 292°K were conducted in 


an 
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EXPERIMENTAL RESULTS 


The experimental results are given in 
Fig 6 to 17. All data are recorded in the 
form of true stress (¢ = load per unit 


Fic 4—TENSILE SPECIMEN. 


the atmosphere but the 260, 194 and 
78°K tests were carried out with the speci- 
men mounted in a special dewar container 
in direct contact with ice brine, CO:- 
acetone, and liquid nitrogen respectively. 
Thermocouples on the specimens showed 
that the specimen temperatures were 


within +1° of the reported temperatures _ 


over the 2-in. ga. section throughout each 
test. A typical test set up is shown in Fig 5. 


instantaneous area) vs. true strains (€ = 
natural logarithm of the instantaneous 
length divided by the initial gauge length). 
All strains are recorded as plastic strains 
which were obtained by subtracting the 
elastic strains from the total true strains. 

In Fig 6 is shown a typical set of stress- 
strain curves carried out at 4 temperatures; 
the lowest curve (292°K) was obtained at 
room temperature whereas the highest 
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curve (78°K) was obtained at liquid 
nitrogen temperatures. Duplicate tests 
reproduced the stress to: within about 
+50 psi. The point N refers: to the strain 


at which necking begins, or at which the 
maximum load was obtained. 

Since checking the mechanical equation 
of state demanded that the tests be inter- 
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rupted when a change was made from one 
temperature to another, it was deemed 
advisable to check the effect of such inter- 
ruptions on the stress-strain curve. The 


Fic 5—Typicat Test SET-UP. 


data recorded in Fig 7 reveal that after 
unloading and reloading at a’ strain of 
about 0.15 no discontinuity in the stress- 
strain curve was observable. The inter- 
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rupted stress-strain curve of Fig 7 agrees 
very well with the uninterrupted test 
curve for 78°K. The effect of interrup- 
tions at room temperature, shown in Fig 8, 
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state were valid the curves, after changing 
the temperature to 78°K, should have 
followed the highest broken curve which 
was reproduced from the data of Fig 6 for 


v7 —T= 194° K 
a—T=260°K 
o —T=292°K 


TRUE STRAIN 
Fic 6-——-EFFrECT OF TEST TEMPERATURE ON TRUE STRESS-TRUE STRAIN CURVE FOR 25-0. 


is also negligible proving that within the 
range of temperatures used in this study 
there is no significant effect of interruptions 
on the stress-strain curves. 

Fig 9 to 11 illustrate the effect of pre- 
straining at 292, 260, and 194°K on the 
stress-strain curves at 78°K. The strain at 
which each specimen was unloaded and 
the temperature changed is indicated by 
an appropriate symbol at approximately 
zero stress. If the mechanical equation of 
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the continuous test at 78°K. The difference 
between the broken curve and those ob- 
tained after prestraining at higher tem- 
peratures increases with increasing pre- 
strain. A regular increase in the total 
strain to necking with increasing pre- 
strain at the higher temperature is also 
apparent. pda BE 

In Fig 12 and 13 are shown the effects 
of prestraining at 78°K-on the stress- 
strain curves at 292 and 194°K. Here again 
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the mechanical equation of state is found 
to fail. 

Because the failure of the mechanical 
equation of state for 2S-O might have 
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in the test series because it was suspected 
that it would behave anomolously due to 
the reported formation of ferrite during 
deformation. These suspicions were con- 


SPECIMEN UNLOADED 
AT A STRAIN OF 0.152 


TRUE STRAIN 


Fic 7—EF¥rECT OF UNLOADING SPECIMEN DURING TEST ON TRUE STRESS-TRUE STRAIN CURVE AT 
78°K For 28-0. 


been due to peculiarities of this alloy, tests 
were also conducted on pure aluminum, 
copper, brass and stainless steel (18-8) 
as recorded in Fig 14 to 17 inclusively. 
These data strongly suggest that the fail- 
ure of the mechanical equation of state is 
general for metals that crystallize with 
the face centered cubic structure and that 
similar failure might be expected for all 
other systems. Stainless steel was included 


firmed by the data shown in Fig 17 which 
exhibit several peculiarities that 
worthy of additional study. 


are 


DISCUSSION OF RESULTS 


The data presented in Fig 9 are anal- 
ogous to those shown in Fig 2b and there- 
fore prove that the mechanical equation of 
state is invalid for 2S-O alloy between 
liquid nitrogen and atmospheric tempera- 
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ture. The deviations from the dictates of 
the mechanical equation in the extreme 
case amount to as much as 35 pct. Reflec- 


‘tion concerning the possibilities of sec- 
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discontinuous plastic flow in aluminum* 
reported by McReynolds” suggests that 
2S-O alloy might be susceptible to strain 
aging. For this reason, tests were run at 


SPECIMEN UNLOADED AT 
A STRAIN OF O.118 
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ondary factors entering the analysis to 
promote the failure of the mechanical 
equation of state suggested that more 
extensive studies were required: 

1. Recovery: Obviously the mechanical 
equation of state is invalid where crystal 


recovery is possible. Calvet!® has shown, — 


however, that as the impurities approach 
the concentrations in commercially pure 
aluminum, recovery at atmospheric tem- 
perature becomes excessively slow. Never- 


theless, it appeared to be advisable to 
conduct tests at lower temperatures in , 


order to reduce further possible complicat- 
ing effects of recovery.* 
2. Swain Aging: The yield stress and 


*Long term recovery tests on 2S-O are 
now in progress. 
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lower temperatures and additional tests 
were made on high purity aluminum. 

3. Mechanisms of Deformation: A failure 
of the mechanical equation of state might 
be expected for ranges of temperature over 
which changes in mechanisms of slip occur. 
Although single crystals of aluminum are 
thought to exhibit slip only on the {111} 
planes in [101] directions over the ranges of 


_ temperatures which were studied,” it seemed 


that additional tests over lower, narrower 
ranges of temperature were desirable. 
The data recorded in Fig 9, 10, and 11 
reveal that the failure of the mechanical 
equation of state is equally valid though 
less pronounced for narrower ranges of 
temperature. Furthermore, the test results 
*It is interesting to observe that these 


effects were found to diminish with decreasing 
temperatures in this study. 
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for the high purity aluminum alloy given 
in Fig 14 indicate that the observations are 
probably not attributable to strain aging 
effects. 
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Now the failure of the mechanical 
equation of state presents a fundamental 
problem of serious import to all analyses 
on plastic deformation of metals. Whereas 


Fic 9—EFFECT OF PRE-STRAINING AT 292°K ON o — € CURVE AT 78°K For 28-0. 


In order to determine whether the 
failure of the mechanical equation of state 
is unique for aluminum the series of tests 
recorded in Fig 15 to 17 was conducted 
on copper, brass, and 18-8 stainless steel. 
The data obtained on all of these materials 
confirmed the failure of the mechanical 
equation of state. This evidence appears to 
suggest that the assumption of a mechan- 
ical equation of state will have to be 
abandoned. ‘The flow stress for plastic 
deformation of metals is not only a function 
of the instantaneous values of strain, strain 
rate and temperature, but also depends, 
in a systematic way, on the previous 
thermal-mechanical history of deformation. 


the existence of the function ¢ = a(e, €, T) 
would have permitted the work hardened | 
state to be described in terms of the strain, 
€, independent of the strain rates and 
temperatures which were employed to 
achieve that strain, the history dependence 
of plastic flow no longer permits the strain 
to be used to identify the work hardened 
state. For example, reference to Fig 9 
illustrates that for a strain of 0.16 the 


‘flow stress at liquid nitrogen temperature 


and a constant strain rate of € = 0.0011 
per sec may be 19,300, 23,200, 25,800, 
27,800 or 28,800 psi depending upon the 
previous strain history at atmospheric 
temperature. A strain of o.10 at liquid 
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nitrogen temperatures causes a greater 
degree of strain hardening and therefore 
more pronounced structural changes* than 
the same strain would produce at atmos- 
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which was obtained for strain at € = 0.056 
at liquid nitrogen temperature. Repeating 
this analysis for the other pre-strains sug- 
gests that the strain equivalence is that 
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pheric temperatures.t The new parameter 
which may replace the strain for evaluating 
plastic properties of metals appeared at 


first to be some history modified strain. 


The simplest possibility is that the history 


modified strain is an equivalent strain; 


the prospects for the success of this concept 
appeared to be bright when first reviewed. 

Consider again the data of Fig 9. After 
prestraining € = 0.151 at atmospheric 
temperature the new flow stress at liquid 
nitrogen temperature is equal to that 

* Preliminary tests on structural changes 
have been initiated which reveal that greater 
fragmentation occurs when straining at liquid 
nitrogen temperature than is obtained by the 
same strain at room temperature. 


+A similar influence of strain rate at con- 
stant temperature has been observed. 


shown in Fig 18 for prestraining at 292°K. 
If this thought be correct, the data of Fig 9 
should not have been plotted in terms of 
the actual strains at atmospheric tempera- 
ture but rather in terms of the equivalent 
strains at liquid nitrogen temperature. 
Such a plot is shown in Fig 19. Ordinarily 
such agreement as is obtained between the 
various tests recorded in Fig 19 would be 
adequate to substantiate, if not the 
validity, at least the practical utility of 
the history modified equivalent strain. 
Frequently history dependent phe- 
nomena have the perverse habit of yielding 
different results upon reversals of the path. 
For this reason the series.of tests recorded 
in Fig 12 and 13 were obtained by pre- 
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straining at liquid nitrogen temperature 
and then concluding the test at a higher 
temperature. Here again the data demon- 
strate that the flow stress is dependent 
upon the past thermal-mechanical history. 

Equivalent strains for prestraining at 
liquid nitrogen temperature and _ con- 
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curve obtained by straining exclusively 
at 78°K. Therefore no true equivalence 
of work hardened states exists when pure 
Al is strained at two different temperatures. 

The data contained in this report suggest 
reasons for some previously unexplained 
observations such as the effect of lowered 
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tinuing the tests at atmospheric tempera- 
ture are shown in the upper curve of Fig 18. 
Although the equivalent strains obtained 
by the two alternate paths agree well up 
to strains of 0.04, they begin to diverge 
for larger strains. This failure to agree 
over the entire range of strains proves that 
the concept of equivalent strains is un- 
tenable. The data of Fig 14 also present 
conclusive evidence against the concept 
of equivalence of strain. If the stress- 
strain curve at 78°K, after prestraining 
292°K, is shifted to the left, it will coincide 
at only one point with the stress-strain 


temperatures of cold working on reducing 
the recrystallization temperature. When 
it is realized that the amount of work 
hardening is greater for the same strain 
at a lower temperature, the effect of the 
temperature of cold work on the recrystal- 
lization temperature becomes evident. But, 
in general, the data reported here uncover 
more problems than they solve. The most 
important concerns finding an appropriate 
parameter for identifying the work hard- 
ened state. The present evidence proves 
that no simple history modified strain 
parameter exists. 
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The reasons for the history sensitivity 
of plastic deformation are not yet clear. 
Perhaps the phenomenon is associated with 
relaxations that can occur at low tempera- 
tures during plastic deformation. On the 
basis of this concept less relaxation would 
be activated at the lower temperatures 
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a simple analysis for plastic flow of metals 
based on Eyring’s reaction rate theory. 
When simplified, Kauzmann’s equation 
for plastic flow becomes 


é€ = ATe®™ eB 


TRUE STRAIN 


° 
Fic 12—EFFECT OF]PRE-STRAINING AT 78°K ON TRUE STRESS-TRUE STRAIN CURVE AT 292°K FOR 
28-0. 


and greater amounts of work hardening 
would result for the same strains. By 
the same token, higher strain rates would 
permit fewer relaxations over the same 
strain and likewise give higher amounts of 
work hardening. 

Several years ago Kauzmann’ presented 


Where 
é = strain rate 
o = applied stress 
T = absolute temperature 
R = gas constant 
AH* = activation energy 


A,B = parameters 
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In Kauzmann’s formulation \ = total shear displacement of a flow 
b unit per activation 
= 2k a [3] L = normal distance between flow units 
3Lh g = stress concentration factor 
fopes alg [4] Although existing knowledge on the 
k detailed mechanics of plastic flow in metals 
Where is not yet adequate to either test or ques- . 
k = Boltzman’s constant tion the validity of Eq 3 and 4, numerous 
h = Plank’s constant data agree fairly well with the relationships 
AS* = entropy of activation suggested by Eq 2 over restricted ranges 
a = area of flow unit of temperature and strain rates. 
1 = distance the flow unit must be dis- Eq 2 was proposed principally for 
placed for activation analyses of secondary creep rates. Under 
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4-— PRE-STRAIN AT 292° K 


TEST COMPLETED AT 78°K 


Fic 14—EFFECT OF PRE-STRAINING AT 292°K ON TRUE STRESS-TRUE STRAIN CURVE AT 78°K FoR 
PURE ALUMINUM (99.08 PCT). 


these conditions, the rate of strain harden- 
ing is believed to be equal to the rate of 
softening by recovery. Kduzmann, in 


effect, assumed that A and AH* would. 


have the same values for all conditions 
of strain and temperature where secondary 
creep rates were obtained. The analysis, 
however, should be applicable to various 
work hardened states if A, AH* and per- 


haps B are taken to be functions of strain . 


hardening. 

The data reported here, however, un- 
cover a fundamental difficulty in applying 
Kauzmann’s analysis in the strain harden- 


ing range of plastic deformation. The’ 


parameters A, B and AH* are functions 


of the work hardened state, and therefore 


could have been,evaluated as functions of 
strain if the work hardened state were a 
unique single valued function of the strain. 
But the work hardened state depends upon 
the past thermal-mechanical history, and 
therefore, it is not possible at present to 
determine A, B or AH* as functions of the 
strain. 

It should be emphasized that, whereas 
the experimental results reported here 
disprove the validity of all mechanical 
equations of state where the flow stress is 
assumed to be a function of the strain, 
strain-rate and temperature, they do not 
disqualify Kauzmann’s formulation. This 
is so because Kauzmann’s analysis does 
not contain the strain as an explicit vari- 
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able. Rather it contains the parameters 
A, B and AH* which now should not be 
related to the strain but rather to equiva- 
lent work hardened states. The major 
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that major effort be bent toward finding 
a history modified equivalent strain, the 
prognosis for success in this direction 
appears to be negative. If upon cold work- 
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question then concerns the problem of the 
existence and possible methods of identify- 
ing (or parameterizing) equivalent work 
hardened states. Until this can be done it 
will be impossible to correlate intelligently 
stress-strain data at different strain rates 
or at different temperatures. 

Although the simplicity of analysis that 
would be achieved if equivalent work 
hardened states can be identified suggests 


ing only one internal structural feature 
of the metal is modified, then equivalent 


work hardened states must exist. But if, . 


as appears more likely, work hardening is 
due to the production of two or more struc- 
tural changes, equivalent work hardened 
states (in terms of the meaning being used 
here) are unlikely. 

Consider that_work hardening results 
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from a certain disturbance* of the lattice. 
At least two factors determine the instan- 
taneous work hardened state, namely, the 
number and the distribution of the dis- 
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distribution of slip bands suggests that the 
concept of equivalent work hardened states 
might fail. 

In an attempt to formulate a more sound 
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turbances. The same instantaneous flow 
stress, however, may then be obtained 
for several different sets of concentrations 


and distributions of disturbances. But the - 


rate of strain hardening upon additional 
working at a fixed temperature and strain 
rate may differ for each set of concen- 
_ trations and distribution of work hardening 
- disturbances because the superposition of 
additional disturbances will not necessarily 
again yield new equivalent sets of work 
_ hardened states. The previously mentioned 
effect of temperature or strain rate on the 


*The argument here is perfectly general 


'¢ and the reader may substitute dislocations, 


distortions or any other type of imperfection 
he believes promotes work hardening. 


* 


approach to a theory for creep of metals, 
a work hardened specimen of 2S-O was 
partially recovered at 4oo0°F and _ its 
stress-strain curve was then determined 
and compared with the stress-strain curve 
of a virgin specimen.* Upon applying the 
method of coincidence, by shifting one 
stress-strain curve over the other, it was 
found that the two curves agreed at only 
one point and differed at all others. It 
is therefore apparent that the work 
hardened state, after partial recovery, 
is not equivalent to any work hardened 
state obtained by straining a virgin speci- 


*J. E. Dorn and T. V.Cherian: Unpub- 
lished research stil! in progress. 
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men. From these studies it is known that 
the work hardened state depends upon at 
least two microstructural changes that 
attend deformation. 


compared it is evident that true equiva- 
lence is not obtained. 

Before substantial strides are possible 
from the phenomenological approach to 
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Although this observation shows that 


in general work hardened states cannot be 
identified by equivalent strains, it is yet 
possible that, in the absence of recovery, 
equivalent work hardened states might be 
found. The data given in Fig 19, when 


taken alone, appear to uphold this thought, 
_ but when the two curves of Fig 18 are 


‘va. =.) 


plasticity of metal, a clearer picture of the 
structural changes accompanying work 
hardening, recovery and relaxation will be 
needed. 


CONCLUSIONS 


1. The flow stress for plastic deforma- 
tion of metals is not a simple function of 
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the instantaneous values of the strain, 
strain rate and temperature; it is sensitive 
to the entire thermal-mechanical history. 

2. At lower test temperatures higher 
work hardened states are obtained for the 
same total strains; this factor is probably 
responsible for the well known lowering 
of the recrystallization temperature as the 
metal is cold worked at lower temperatures. 

3. Simple history-modified strains did 
not yield equivalent work hardened states. 

4. The failure of the mechanical equa- 
tion of state is perhaps partly due to 
relaxation phenomena of low activation 
energy which can proceed at low tem- 
peratures and high strain rates. 

5. Future progress in determining the 
plastic properties of metals will be largely 
dependent upon better understandings of 
the structural changes accompanying cold 
work and their effect on the flow stress. 
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Solubility of Iron in Solid Aluminum* 


By J. K. Epcar,f Junior Mremper, AIME 


(Philadelphia Meeting, October 1948) 


For a number of years the production 
and use of super-purity aluminum (better 
than 99.99 pct) has been steadily increas- 
ing. High-grade lots of such aluminum 
show certain outstanding characteristics 
not found in lower grades containing 
principally silicon, iron and copper as 
impurities. One such characteristic is the 
so-called ‘‘self annealing,” that is, the re- 
crystallization of the heavily cold worked 
metal at room temperature.! Interest 
therefore is aroused as to the effects of the 
impurities. It is well known that the 


“amounts of silicon and copper which occur 


in aluminum of better than 99.95 pct are 
completely soluble, at least at elevated 
temperatures (above 200°C). Iron, on the 
other hand, is known to be fairly insoluble 
in solid aluminum. Thus, a knowledge of 
the limits of this solubility would be of 
considerable use in studying the charac- 
teristics of the high purity metal. 

All investigators have agreed that iron 
has very low solubility in solid aluminum. 
Rosenhain, Archbutt and MHanson? re- 
ported traces of an aluminum-iron phase in 
the ‘‘purest samples of aluminum obtain- 


able.” Gwyer and Phillips’ reported that - 


an iron constituent was visible under the 


microscope in metal containing “0088 
per cent iron.” Roth‘ found that in the 


_ solid state the solubility of iron in high 


* This paper is based upon a thesis submitted 
by the author in partial fulfillment of the re- 
quirements for the degree of Bachelor of Science 
at the Carnegie Institute of Technology. 

Undergraduate Prize Paper, Sixth National 
Student Prize Paper Contest, AIME, 1948. 

Manuscript received at the office of the 
Institute Feb. 14, 1948. Issued as TP 2389 in 
METALS TECHNOLOGY, June 1948 _ 

{Research Metallurgist, Aluminum Re- 
search Laboratories, Aluminum Company of 
America, New Kensington, Pa. 

1 References are at the end of the paper. 
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purity aluminum was 0.01, 0.01, 0.017 and 
0.022 pct at 225, 320, 500 and 600°C 
respectively. Dix® working with alloys 
containing less than 0.03 pct impurities, 
concluded from microscopic and chemical 
analyses of eutectic areas that the eutectic 
composition was close to 1.7 pct iron. Dix 
placed the eutectic temperature at 655°C. 
Archer and Fink,® using high purity 
aluminum-iron alloys, found that the 
hypoeutectic liquidus intersects the eutec- 
tic horizontal at 1.7 pct. This is in fair 
agreement with the investigation of the 
aluminum-iron system by Gwyer and 
Phillips who placed the eutectic at 1.89 
pct iron with a freezing point of 653°C. 


PREPARATION AND CHEMICAL 
ANALYSIS OF ALLOYS 


Electrolytically refined aluminum (99.991 
pet aluminum) and a high purity alumi- 
num-iron alloy (11.45 pct iron) were used 
in the preparation of the alloys for this 
investigation. To aid in controlling the iron 
content of the experimental alloys, an alloy 
of lower iron content was prepared first 
from these materials. The high purity 
aluminum was melted and heated to about 
700°C in a plumbago crucible coated with 
alundum cement and the aluminum-iron 
alloy was then added. The alloy was 
thoroughly stirred, fluxed and skimmed 
and then chill-cast into notch bars. The 
analyses of the three materials are given 
in Table tr. 

The alloys for the determination of the 
solid solubility of iron in aluminum were 
prepared by melting 600 g total of the 
aluminum plus the required quantity of the 
aluminum-iron alloy (No. 92531). These 
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were heated to about 700°C, stirred 
thoroughly, fluxed with chlorine gas, 


skimmed and then chill-cast into a cold 
iron mold (50 mm diam by 5 mm) and into 


TaBLe 1—Analysis of Alloys 
Composition—Per Cent by Weight 


| Other 
| Impur- 
Num-| Material Si_| Fe | Cu | ings 
Ca, Ba, 
Mn) 
83825 | High-purity 0.002] 0.002]0.002/0.003 
aluminum 
66579 | High-purity 0.OIO/II.45 
aluminum-iron 
alloy | 
92531 High-purity, 0.54 
aluminum-iron 


alloy 


Composition—Per Cent by Weight 


Aver- 
Composition of Composition of es 
Sheet Ingots As-rolled Sheet pe 
Num- POSS 
ber tion 
a 

Si Fe Cu Si Fe Cu Fe 
92333 |0.003/0.003/0. 00T/0. 0Q3|0.002] 0.002 |0.003 
92334 0.002 0.003]0.002| 0.002 |0.002 
92335 0.003 0.002/0.002] 0.0004|/0. 003 
92336 0.003 0.002]0.002| 0.002 |0.003 
92337 0.008 0.002/0.004| 0.002 |0.006 
92338 0.009 0.002/0.008] 0.002 |0.000 
92339 0.011 0.003/0.010| 0.002 |O. 011 
92340 0.014 0.002]0.010| 0.002 |o.012 
92341 0.018 0.002/0.013| 0.002 |o.016 
92342 0.022 0.002/0.022| 0.002 |0.022 
92343 0.025 0.002/0.024| 0.002 |0.025 
92344 0.031 0.002/0.027| 0.003 |0.029 
92345 0.035 0.002/0. 033] 0.003 |0.034 
92346 0.639 0.002}0.044| 0.002 |0.042 
92347 0.040 0.002/0.044| 0.002 |o.042 
92348 0.052 0.002/0.060| 0.002 |0.056 
92340 0.055 0.002/0.068] 0.002 |0.067 
92850 0.063 0.002]0.066| 0.002 |0.065 
92851 0.074 0,002/0.073} 0.002 |0.074 
92852 0.081 0.002/0.076| 0.002 |0.079 
92853 0.0096 0.002]/0.096| 0.002 |0.006 
92854 0.110 0.002]0.105| 0.002 |0.108 


an ingot weighing approximately 480 g (10 
cm by 9 cm by 2 cm). The chemical analy- 
sis was obtained on drillings from the 50 
mm diam by 5 mm chill cast sample of each 
alloy. The results of these analyses are 
given in Table r. 


SoLip SOLUTION 


The electrical resistivity method was 
employed in determining the solid solubil- 


SOLUBILITY OF IRON IN SOLID ALUMINUM 


ity curve for iron in aluminum and the 
results were checked by microscopic 
examinations. 
The ingots described previously were 
heat treated at 650°C for 24 hr, quenched 
in cold water, scalped (approxfnately 0.5 
mm thickness of metal was removed from 
each face), cold rolled to 13 mm, reheated 


for 24 hr at 650°C, cold water quenched, 


surface finished by etching in concentrated 
NaOH and then cold rolled to 14-gauge 
(1.5-mm) Sheet. A section was cut from 
each as-rolled sheet and analyzed spectro- 
graphically (see Table 1). Conductivity 
specimens, measuring 1.5 mm by 6 mm by 
230 mm, were then prepared for determin- 
ing the electrical resistivity. 

The solution heat treatment of all speci- 
mens was carried out in a.Homo furnace. 
To reduce variation of temperature, all 
specimens were wrapped in aluminum 
foil. While the variation in the temperature 
of the furnace was as great as +5°C, the 
temperature of the specimens varied not 
more than +1°C, either with respect to 
time or location. The procedure followed in 
heat-treating the specimens was as follows: 

Group 1, Nos. 92333 to 92349 inclusive, 
96 hr at 500°C and quenched. 

Group 2, Nos. 92333 to 92349 inclusive, 
72 hr at 550°C and quenched. 


Group 3, Nos. 92333 to 92349 and 92850 . 


to 92854 inclusive, 48 hr at 600°C and 
quenched. 

Group 4, Nos. 92333 to 92349 and 92850 
to 92854 inclusive, 24 hr at 640°C and 
quenched. 

The electrical resistivity measurements 
were made immediately after quenching to 
avoid any errors that might be made by 
possible precipitation in the alloys at room 
temperature. During the resistance meas- 
urements, the specimens were immersed in 
an oil bath thermostatically controlled at 
30°C. The resistance was determined by 
measuring the drop in potential across the 
specimen and a standard o.oo1 ohm re- 
sistance which were connected in series. A 
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Leeds and Northrup type K potentiometer 

was employed for these measurements. 
Fig 1 shows the resistivity-concentration 

curves for these alloys after the heat treat- 
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AGE-HARDENING OF HIGH-PURITY 
ALUMINUM-IRON ALLOYS 


Although iron is only slightly soluble in 
solid aluminum, the change in the solu- 


ATOMIC PERCENTAGE IRON 
04 


RESISTIVITY ——- MICROHM~ CM 


WEIGHT PERCENTAGE IRON 


Fic I— ELECTRICAL RESISTIVITY-CONCENTRATION CURVES. 


ments at 640, 600, 550 and 500°C. The 
breaks in the curves representing the limit 
of solid solubility occur at 0.043, 0.025, 
0.013 and 0.006 pct respectively. 
Microscopic examinations of an alloy 


containing 0.025 pct iron which had been © 
heat-treated at 640, 600 and 550°C for 24, © 


48 and 72 hr respectively, checked the 
results as obtained by the electrical re- 
sistivity method. The 0.025 pct iron alloy 


~ showed only solid solution after the heat 


_ phase a(Al-Fe) after heat treating for 72 hr - 


f 
f 


: 
F 


treatment at 640°C, and the alloy after 
heat treating at 600°C showed practically 
complete solid solution, whereas the same 
alloy showed many small particles of the 
aluminum-rich aluminum-iron intermediate 


at 550°C. Fig 2, 3 and 4 show the struc- 
tures in the 0.025 pct iron alloy. 


bility with temperature is relatively large; 
therefore it seemed probable that these . 
alloys would be susceptible to precipitation 
hardening. A series of alloys (0.002 to 
0.068 pct iron) were given heat treatments 
suggested by the solubility curve. Little or 
no hardening was found. As an example, 
the Brinell hardness number (12.61 kg, 
1.59-mm ball.) of the 0.024 pct iron alloy 
was 16.0 after heating at 600°C and water 
quenching. After the same specimen had 
been artificially aged for 16 hr at 250°C the 
Brinell hardness number had increased to 
only 17.0. 


SUMMARY 


The solid solubility of iron in super- 
purity aluminum has been investigated. 
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The results are summarized in the diagram 
of Fig 5. 
As the curve shows, the solid solubility 


of iron in aluminum decreases from 0.052 


pct at the eutectic temperature to 0.006 pct 
at 500°C. 

It was found that the aluminum-iron 
alloys are not subject to precipitation 


600°C and aging at 250°C. 
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Property Changes during Aging* 
By A. H. Getster,t Junior Memper AIME 
(Philadelphia Meeting, October 1948) 


INTRODUCTION 


THE correlation of property changes 
during precipitation with structure has 
progressed, sometimes rapidly but other 
times more slowly, since the fundamental 
discovery of Merica, Waltenberg and 
Scott.! The predominent factor that ham- 
pered the progress has been limitations 
imposed by the various detection methods. 
Refinements in X ray diffraction tech- 
niques and in metallographic methods, 
which have been extended by the electron 
microscope, have contributed new informa- 
tion within the last few years. These permit 
an extension of the theory as proposed by 
Mehl and Jetter in 1940.2 Now that a 
sufficient number of alloys has been inves- 
tigated to establish a general mechanism 
of the precipitation process, a correlation 
of the facts into a generally applicable 
theory of age-hardening is both warranted 
and desirable. The purpose of the paper is 
to provide an orderly correlation of the 
phenomenological facts of precipitation 
hardening. Speculation on mechanism of 
hardening will be confined to that con- 
sistent with existing theories of hardening. 

Age-hardening accompanies the forma- 
tion of a new structure, the precipitate, as 
provided by an alloy system in which 
solid solubility décreases with decreasing 
temperature. Upon this premise alone all 


* An abstract of this paper was read at the 
New England Conference, Institute of Metals 
Division, AIME, April 16, 1948. Manuscript 
received at the office of the Institute April 9, 
1948. Issued as TP 2436 in Merrats TrEcH- 
NOLOGY, August 1948. 

+ Research Associate, General Electric Re- 
search Laboratory, Schenectady, N. Y. 

1 References are at the end of the paper. 


such systems would be expected to include 
age-hardenable alloys. Alas, this is not 
always the case. Few attempts have been 
made to explain the variable degree of age- 
hardening among different alloys or to 
explain the influence of small alloying 
additions upon the hardening. Dispersion 
hardening as originally postulated’ is not 
adequate.* Coherency hardening—the term 
that will be used to distinguish the proper- 
ties of a two-phase mixture in the unique 
and unstable transition state at which the 
phases are strained into precise atomic 
registry (continuity or coherency) in planes 


* This requires further explanation in order 
to avoid confusion regarding terminology. 
““Dispersion hardening’’ will be used in its 
original sense as the resistance to flow pro- 
vided by a dispersion of a second phase with 
the equilibrium, incoherent structure. In this 
respect it is used to describe the hardening of 
poly-phase non-heat treatable alloys provided 
by composition change. This type of hardening 
increases with number of particles only. 
“‘Coherency hardening’ will be used to 
describe the ‘‘anomalous’’ property changes 


that accompany the formation of a dispersion . 


of a coherent precipitate. The term will be 
used frequently in this general sense as pro- 
viding a ‘‘resistance’’ since accompanying 
increases are observed not only in the physical 
hardness (resistance to flow) but also in the 
resistance to fracture, the resistance to elec- 
tricity and the resistance to demagnetization, 
(coercive force). It increases with number of 
particles and also with size of particle up to 
that at which loss of coherency occurs. The 
distinction may appear to be slight, but it is 
necessary and important in interpreting all 
of the property changes of which resistance to 
flow is only one, The above statement is 
intended neither to refute the slip interference 
theory as a mechanism of hardening nor to 
deny the existence of a ‘“‘critical particle size.’’ 
In regard to the latter, the average particle 
size for any critical point on the aging curves 
(maximum hardness, fracture strength, elec- 
trical resistance, and the like, for example) 
varies with alloy as well as with property. 
The origin of this variation will be presented 
in the paper. 


230 


Somethin 


when 


ee ee ee Ptah mee 


—- ve 


—— 


eas ae Tn” 


— 


A. H. GEISLER 


parallel to the interface—alone does not 
explain the course of the aging curves, but 
only the initial portion. In the present 
work, the principle postulated by Fink and 
Smith* to explain double aging peaks is 
applied to the aging reaction as a whole. 
Brief mention has been made previously of 
the concept that the aging curve represents 
a summation of various hardening and 
softening processes.® A further elaboration 
follows. 

Double aging peaks for binary alloys 
have been satisfactorily explained by a dual 
precipitation process. Accelerated precipi- 
tation at local areas of high energy such as 
grain boundaries and slip bands (resulting 
from quenching strains or cold working) 
provides the first hardness peak.* Super- 
imposed on the aging curve for such local- 
ized precipitation is a curve for general pre- 
cipitation in the grain areas. Hardening 
followed by overaging at these areas ac- 
count for the second or main hardness 
maximum. Consideration of the mechanism 
of the reaction reduced to terms of coherent 
precipitation and accompanying processes 
of well known characteristics provides a 
means of analyzing these aging curves 
further. Such an approach has a much 
more substantial foundation than some 
which have been proposed.® 


THE SEQUENCE 


A general theory of age-hardening is 


facilitated by a general sequence of struc-_ 


ture changes. The sequence for aluminum- 
silver alloys® is proposed as the prototype 
for all precipitation alloys. Variations from 
this are only a matter of degree. The im- 
- portant consequence of this general se- 
quence is that it reconciles the usual 


* This is a more tenable explanation than 
one which attributes the first hardness peak 
to segregation of solute atoms into plates on a 
family of matrix planes with the same struc- 
ture as the matrix.6 The existence of such an 
‘Caggregate’’ or ‘‘zone’’ is in doubt since the 
X ray diffraction effects can be generally 
explained only on the basis of a new structure— 
that of the precipitate.’ 
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precipitation process with “discontinuous 
or heterogeneous precipitation.” Prior to 
the research on aluminum-silver alloys, 
the gap between the two was a source of 
confusion and prevented any common 
theory of age-hardening. Now “discontinu- 
ous precipitation” is recognized as a subse- 
quent reaction which follows continuous 
precipitation at any particular microscopic 
area. While there are yet certain intriguing 
features of the process, sufficient data 
exist® to conclude that this is a recrystalli- 
zation reaction. Thus, it will not be referred 
to as precipitation but as recrystallization 
or the ‘“‘grain boundary reaction,” since 
the process is nucleated predominately at 
boundaries of the original grains much like 
the formation of pearlite from austenite in 
steel. 

The general sequence is illustrated by 
Fig 1. The first evidence of precipitation 
(Fig 1B) is the appearance of precipitate 
particles along grain boundaries, twin 
boundaries and slip bands.* At this stage 
the particles are too small to permit resolu- 
tion of their shape. Later (Fig-1C), the gen- 
eral precipitate throughout the grains is 
detectable, but shape is still unresolvable. 
Maximum hardness in many alloys— 
principally the aluminum-base alloys—is 
attained at a stage between that illus- 
trated by Fig 1B and 1C. The existence of a 
depleted zone along grain boundaries 
(Fig 1C) has been demonstrated for a large 
number of alloys. It is the basis of the 
present theory of inter-granular corrosion 
of the duralumin-type alloys? and will be 
considered as the source of lowered duc- 
tility in the ensuing theory of age-harden- 
ing. Additional aging results in further 
precipitation and growth of the particles, 
and in many alloys. the shape of the par- 
ticles can eventually be resolved. Fre- 
quently, the particles can be identified as 
plates which are parallel to some family of 

* The geometric pattern of slip band traces 


is not to be confused with the Widmanstitten 
pattern for resolvable particles. ; 
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crystallographic planes in the matrix. This 
is the well-known Widmanstatten pattern. 
On further aging the sequence may take one 
of two courses: (1) the particles may simply 


A. SUPERSATURATED 


PROPERTY CHANGES DURING AGING 


the grain boundary reaction does not begin 
until after the precipitation process is 
complete; in others, it starts quite early 
before the general precipitate is resolvable 


B. LOCALIZED 
PRECIPITATION 


cy 


C. GENERAL D,. BEGINNING OF E. FURTHER 
PRECIPITATION \ GRAIN BOUNDARY 
LOCALIZED REACTION RECRYSTALLIZATION RECRYS TALLIZATION 
OVER - AGING PL er vy, 
D, FINAL EQUILIBRIUM STATE 6 


Fic 1—A GENERALIZED SEQUENCE OF MICROSTRUCTURES. IN SOME ALLOYS THE PRECIPITATE 
WITHIN THE GRAINS IS NOT DETECTABLE UNTIL STAGE E. 


coalesce and spheroidize (Fig 1D») as in 
Al-Cu alloys!® in which recrystallization 
does not occur but the plastic strains of 
precipitation are relieved by crystal re- 
covery of the matrix* and (2) the matrix 
may recrystallize by the grain boundary 
reaction (Fig 1D,, E and F), and eventually 
the lamellar precipitate may spheroidize as 
in Fig 1G. The grain size refinement pro- 
vided by the latter reaction has been 
confirmed. The quantity of precipitate can 
be represented as in Fig 2 in which the 
discontinuity of the curves represent the 
start of recrystallization. In some alloys 


*The concept of plastic straining is new; 
the observations are not new. See discussion 
of Ref, 11. 


and before the composition of the.solid solu- 
tion has changed much. Complete decom- 
position of the matrix accompanies this 
recrystallization reaction, thus providing 
the discontinuous changes in properties of 
the solid solution.? The behavior of specific 
alloys is reviewed elsewhere.® 2 All conform 
to the general sequence by suitable adjust- 
ments of the curves of Fig 2 to allow for 
overlapping of the independent reactions at 
grain boundaries and within the grains. 

A general crystallographic sequence is 
desirable. That proposed involves simply a 
coherent transition structure prior to the 
formation of the equilibrium phase accord- 
ing to the reaction: 


ieee 


4 ity! oe 


— 


ee 


a a. ie ce a ee 


A. H. GEISLER 


Parent matrix — (partially) depleted ma- 
trix + coherent precipitate — depleted 
matrix -+ second phase as illustrated in 
Fig 3. Coherent precipitate structures 


NUMBER OF 
PARTICLES 


75) 


25 


AVERAGE SIZE OR NUMBER OF PARTICLES, ARBITRARY UNITS 


AGING TIME, 


+ 
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diffraction effects when the particles are 
very small.’ These results now permit the 
omission of any pre-precipitation stages 
such as “Guiner-Preston Zones” in the 


BOUNDARIES 


COALESCENCE 
0 10000 


100 100 


ARBITRARY UNITS 


Fic 2—CHANGE IN SIZE AND NUMBER OF PRECIPITATE PARTICLES DURING AGING IN THE SEQUENCE 
OF FIG 1. 


A,THE SUPERSATURATED 
SOLID SOLUTION 
Fic 3—CRYSTALLOGRAPHIC SEQUENCE DURING PRECIPITATION. 


STATE 


have been identified for Al-Cu,!* Al-Ag,™ 
Cu-Ni-Fe!® and Cu-Ni-Co!® alloys. Evi- 
dence for transition structures has been 
reported for Al-Mg,"” Cu-Fe,!® Al-Mg,Si’ 
and Cu-Be* alloys, but they have not yet 
been completely identified. The coherent 
transition structure is considered respon- 
sible for the age-hardening of alloys.” It 
produces one-and two-dimensional X ray 


* Discussion to Ref. 11. 


B, THE COHERENT TRANSITION 


CG THE EQUILIBRIUM STRUCTURE 


crystallographic sequence. Further details 
concerning the formation of such a struc- 
ture, techniques for its detection and 
the crystallographic mechanism need not 
be repeated.?.7121419 Tt will suffice to 
add only that the transition lattice is 
considered to be a modification of the 
second phase that is strained into registry 
(coherency) with atomic sites of the 
matrix across the conjugate planes of 
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the Widmanstiatten figure. This likewise 
strains the matrix and hardens it. Elastic 
strain in the matrix is an important feature 
of coherency hardening;!* the greater the 


Cu RICH 


SUPERSATURATED MATRIX, 


TRANSITION STATE 


PROPERTY CHANGES DURING AGING 


at grain boundaries through loss of co- 
herency of the precipitate, gross depletion 
of the matrix solid solution (Fig 1C) or 
recrystallization (Fig 1D,) may be occur- 


Co RICH 


Cu RICH 


COMPLETE DECOMPOSITION 


Fic 4—CHANGES IN STRUCTURE DURING PRECIPITATION IN AN ALLOY OF 50 PCT CU-21 PCT 
Ni-29 pct Co. AT THE TRANSITION STATE BOTH THE COPPER-RICH, DEPLETED MATRIX AND THE 
COBALT-RICH PRECIPITATE ARE COHERENT WITH THE ORIGINAL MATRIX. THE CHANGES IN LATTICE 
PARAMETERS ARE GREATLY EXAGGERATED IN MAGNITUDE FOR CLARITY IN THE DIAGRAM. : 


strains and the greater the extent of 
strained matrix, the greater is the harden- 
ing. Such strains in the matrix are not very 
obvious in Fig 3 and have not been easily 
recognized in studies of precipitation 
alloys in which the quantity of matrix 
greatly exceeds that of precipitate; how- 
ever, when the quantity of precipitate is 
comparable to the quantity of depleted 
matrix as in some of the Cu-Ni-Fe and 
Cu-Ni-Co alloys,* the strains in the matrix 
are obvious as in Fig 4. The depleted matrix 
is strained into-a tetragonal structure that 
is‘coherent with the original matrix and the 
precipitate. 1.16 


THE CONTRIBUTING REACTIONS 


From considerations of the microstruc- 
tural and crystallographic sequences during 
aging, the simultaneous occurrence of 
several reactions is apparent. Overaging 


* Certain vertical sections of the consti- 
tution diagrams of these alloys are analogous 
to the binary Ni-Au diagram. By proper choice 
of compositions, the quantity of decomposition 
product. can be varied from roo pct of the 
Cu-rich to 100 pct of the Fe or Co rich. 


ring at the same time as hardening within 
the grains through the formation of a 
coherent precipitate. In order to interpret 
the aging curves (property vs. isothermal 
dging time), these reactions should be 
considered individually. First, some general 
features of the initial process of coherent 
growth will be reviewed. The extent of 
coherent growth has been correlated with 
crystallographic disregistry between the 


second phase and parent matrix in the case - 


of Al-Ag and Al-Zn alloys. With greater 
subsequent disregistry, breaking away 
of the precipitate occurs at a smaller 
particle size.1%?° Thus, the coherency 
stress* at the interface must increase with 
particle size as illustrated by Fig 5, and 
when it becomes intolerable, breaking 
away occurs with a decrease in quantity of 
effectively strained matrix. Since precipi- 
tation is a nucleation and growth process, 
the particle size must be represented by a 
distribution curve as shown in Fig 5 for two 


* This is the stress at the interface when the 
precipitate is coherent without defining its 
Sh yseaiae in relation to that when coherency 
is lost, 
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isothermal aging intervals, ¢; and te. The lost (C in Fig 5). As the particles are 
maximum hardening effect from coherency nucleated and grow, the effect of the 
stresses alone would be expected when the average coherency stress (and thus the vol- 
maximum number of particles are of sizes ume of strained matrix) increases as in 
slightly below that at which coherency is Fig 6. With growth accelerated at localized 


LIMITING SIZE FOR 
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STRESS 


NUMBER OF PARTICLES OF EACH SIZE OR COHERENCY 


SIZE OF PARTICLE 
Fic 5— RELATION BETWEEN PARTICLE SIZE AND COHERENCY STRAINS SHOWING THAT FOR 
AGING TIME f/f; MOST OF THE PARTICLES ARE STILL COHERENT AND THUS ARE CONTRIBUTING HARD- 
NESS WHEREAS AT TIME fz MOST HAVE BROKEN AWAY TO DETRACT FROM HARDNESS. 
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Fic 6—REACTION CURVE FOR COHERENT GROWTH AT THE GRAIN BOUNDARY AND WITHIN THE GRAIN. 
Loss OF COHERENCY PRODUCES THE DECLINE. 
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areas the limiting stress is reached here 
before it is attained in the general areas. 
These stresses may be released shortly as 
in Cu-Be or they may persist to very long 
aging intervals as in Al-Ag. While their 
formation and the resulting distribution of 
strain in the matrix are considered to be 
the principle hardening reaction, their 
release which induces softening is not the 
only important source of softening. 

Before considering the sources of soften- 
ing, other hardening processes should be 
evaluated. Dispersion hardening provided 
by the equilibrium phase may contribute 
slightly, but it is considered a minor reac- 
tion compared with coherency hardening 
for in no case has the equilibrium phase 
been found associated with pronounced 
precipitation hardening. This type of 
hardening has been based upon the disper- 
sion of a hard phase in a soft matrix. A 
comprehensive study has been made in 
regard to the decomposition products of 
austenite in steel.24 Such hardening as 
originally defined is not applicable to pre- 
cipitation hardening, for hardening may 
occur when both phases are soft (Al-Zn, 
Cu-Ag), while pronounced differences may 
occur in comparable alloy systems. The 
second phase of Al-Si and Al-Mg,Si alloys is 
equally hard. Pronounced age-hardening is 
observed with the latter, whereas the 
former (with similar alloying content) 
exhibits little hardening. Coherent precipi- 
tation has been identified in Al-Mg,Si 
alloys’? whereas no attractive possibilities 
of lattice matching: for coherent growth 
could be postulated for Al-Si.2? Recent 
investigations of numerous aluminum-base 
precipitation alloys revealed that the size 
and number of precipitate particles cor- 
responding to maximum hardness varies 
appreciably among the alloys.%* This 
probably would not be expected on the 
basis of the simple dispersion hardening 
concept (without distinguishing between 
coherent and incoherent precipitates) but 


can be adequately explained for coherency 
hardening. Strains accompanying volume 
changes as the result of precipitation have 
also been advanced as a source of harden- 
ing, but this could similarly be demon- 
strated to be of minor importance. 

The magnitude of the softening reac- 
tions superimposed on that of coherency 
hardening determine the extent of harden- 
ing. Loss of coherency is not always the 
controlling softening reaction. In Al-Ag 
alloys the precipitate is present as the 
coherent transition structure at aging 
periods much longer than those required 
to attain maximum hardness. In this case 
depletion of the matrix solid solution (Fig 
7) restricts the hardening. Here the 
criterion for hardening is whether the solid 
solution with the random atomic dis- 
tribution of Fig 3A or the partially depleted 
solid solution with coherent precipitate 
particles of Fig 3B is more resistant to slip. 
With extensive coherent growth (good 
registry) large strains may be developed in 
the matrix but only by gross depletion of 


the solid solution. On the other hand, — 


restricted coherent growth does not require 
appreciable depletion of the solid solution 
to develop localized stress, but breaking 
away occurs before the matrix is effectively 
strained. The analogy with solid solution 
hardening is reasonably good. Extensive 
solid solution formation occurs when the 
atomic radii are similar. The greatest 
hardening occurs, however, when the 
atomic radii are most dissimilar, but then 
the solubility is restricted. 

Hardening of alloys that exhibit the 
grain boundary reaction before the general 
precipitate is detectable may be restricted 
by the recrystallization reaction. This 
occurs early in the sequence for Cu-Be but 
quite late for Al-Ag (Fig 8). Finally, 
coalescence of the second phase may exert 
a minor softening effect but only after the 
three aforementioned reactions have been 
concluded. The important sources of 
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softening are therefore: loss of coherency, The property changes associated with 
depletion of the solid solution and recrys- softening reactions such as solid solution 
tallization or recovery. Their predomi- 
nance varies from one alloy system , to 
another. 


depletion, recrystallization or recovery and 
coalescence are well known. They are the 


FOR GENERAL 
PRECIPITATION 


25 


FOR LOCALIZED 


PRECIPITATION 


75 


DEPLETION OF MATRIX SOLID SOLUTION, % 
8 


AGING TIME , ARBITRARY UNITS 
Fic 7—CHANGE IN AVERAGE COMPOSITION OF THE SOLID SOLUTION MATRIX DURING AGING. 


RECRYSTALLIZATION AT GRAIN BOUNDARIES, % 


AGING TIME, ARBITRARY UNITS 
Fic 8—REACTION CURVES FOR RECRYSTALLIZATION AT GRAIN BOUNDARIES. 
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counterparts of solid solution hardening, 
strain hardening, and dispersion hardening. 


PROPERTIES OF THE COHERENT 
STATE 


The physical and mechanical properties 
associated with the coherent state (Table 
1) are considered to be characteristic of 
this state in much the same manner as 
certain characteristics are attributed to the 
solid solution, the strain-hardened state 
and the ordered state. On this basis, the 
characteristic changes in properties such 
as electrical resistance, lattice parameter 
or specific volume are no more ‘‘anoma- 
lous” than the increase in hardness. All are 
different from the expected change if the 
properties are considered to change con- 
tinuously and directly from those of the 
supersaturated solid solution to those of 
the strain-free two-phase mixture.* A 
review of the literature on age-hardening 
reveals that there are certain consistent 
changes which can be attributed to the 
formation of a coherent precipitate. These 
are summarized in Table 1 relative to the 
properties of the final equilibrium two- 
phase mixture. The magnitude of the 
changes depend on particle size only in so 
far as it determines the coherency strains in 
the matrix. The changes have been isolated 
for the coherent state of precipitation only. 
Other diffusion-type solid state reactions 
present broad fields for future research. 


TABLE 1—Properties of the Coherent State 
CHANGE 


ATTRIBUTABLE 
ONLY TO 
PROPERTY COHERENCY 
Electrical Resistance Increase 


Increase or decrease 
Increase or decrease 


Lattice Parameter 
Specific Volume 


Coercive Force Increase 
Resistance to Flow Increase 
(hardness, yield strength, 
tensile strength) 
Ductility Decrease 
Resistance to Fracture Increase 


These are the characteristics of either 
the precipitate or the matrix when the two 
*These are the ‘ideal’ changes during 


precipitation reviewed in relation to actual 
changes by Mehl and Jetter.? 


PROPERTY CHANGES DURING AGING 


are coherent relative to their properties 
when they are not coherent. Some proper- 
ties depend only upon the coherency 
strains in the matrix while others depend 
only on those in the precipitate. The char- 
acteristics are empirical facts which must 
be accommodated in existing theories for 
the various properties or must be in- 
corporated in the same manner as proper- 
ties of the solid solution, of the strain 
hardened state or of the ordered state 
when new theories are developed. In this 
respect, a new mechanism of resistance to 
flow does not need to be assumed to explain 
coherency hardening. The fact is that a 
dispersion of coherent precipitate is con- 
ducive to greater hardening than a dis- 
persion of the noncoherent phase. If slip 
interference in its broadest sense is the 
agreeable mechanism of hardening—and it 
must be*—then the coherent precipitate 
with its surrounding field of strained ma- 
trix offers greater resistance to the passage 
of slip than an incoherent precipitate, with 
all other factors being the same. If the 
mechanism of slip is by the propagation of 
dislocations, then the coherent particle is 
a more potent blocking source than the 
incoherent particle. 

The greater resistance to slip offered by 
the coherent particle probably originates 
in the expanse of strained matrix surround- 
ing the particle. No assumption is required . 
regarding the magnitude of either the — 
stress at the interface or the total strain 
energy of the coherent particle relative to 
the incoherent particle. The important 
difference—that of distribution—is known. 
The strains are larger but must be highly 

*The term ‘‘slip interference’ is quite 
ambiguous, for all hardening processes increase 
the resistance to flow which is predominately 
by crystallographic slip. Thus, all hardening 
processes provide ‘‘slip interference.’’ In no 
case is the mechanism of hardening known 
other than in this general sense, but the 
mechanism of the processes—precipitation, 
eutectoid decomposition, super lattice forma- 
tion, solid solution formation and plastic 
deformation—are fairly well understood. Fun- 


damental to all hardening processes, a mechan- 
ism of slip has not yet been agreed upon. 
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concentrated in a narrow region adjacent 
to the surface of the incoherent particle 
since sharp X ray diffraction patterns for 
both the matrix and precipitate are ob- 
tained when coherency is lost. But the 
strains in the matrix about the coherent 
particle are distributed over a sufficiently 
large volume that they may be detectable 
(Fig 4); those in the precipitate are uni- 
form and are revealed by the detection of 
the transition lattice. The strains appar- 
ently. extend into a volume of matrix 
several times that of the precipitate particle 
thus offering slip-resisting volumes in the 
matrix several times the volume of the 
coherent particle. Such a condition must be 
operative for very similar dispersions of 
precipitate (number and size of particles 


the same differing only by the presence or . 


absence of coherency) provide greatly 
differing slip interference.?** 

A mechanism of magnetic hardening can 
be postulated from some of the known 
phenomena of ferromagnetism. For ex- 
ample, high coercive force is obtained when 
a ferromagnetic phase is in a very fine 
state of subdivision. Thus, particle size 
alone may account for the coercive force 
when a ferromagnetic phase is precipitated. 
On the other hand, coherency strains can 
account for coercive force in the general 
case when either the matrix or the pre- 
cipitate is the ferromagnetic phase. This is 


based upon the well-known effect of ex- - 
ternal elastic strain on the ease of magne- - 


tization when magnetostriction occurs. 


_Coherency strains oppose magnetostriction 


to ‘provide a resistance to demagnetiza- 


_tion.t If the matrix is the ferromagnetic 


phase, then coherency strains in the matrix 
are the important source of hardening; if 
the precipitate instead of the matrix is 


* Compare electron micrographs of the 
weakly hardening Al-Si alloy (Fig 56 of Ref. 23) 
with that of the commercial precipitation- 
hardening alloy 24S-T (Fig 6a of Ref. 23). 

For a more complete description see the 


- last part of the ‘‘ Discussion of Results’’ section 


of Ref. 16. 
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ferromagnetic, then coherency strains in 
the precipitate are important; if both 
phases are ferromagnetic, then the co- 
herency strains in both phases are impor- 
tant. Strains in both phases. probably 
contribute to the resistance to flow, to frac- 
ture and to electricity. % 


THE PROPERTY CHANGES DuRING AGING 


The hypothesis relates the overall 
property change revealed by the aging 
curve to an integration of the several 
hardening or softening reactions. Typical 
properties which have been. determined in 
the course of isothermal aging are those 
listed in Table 1. Aging curves for these 
properties shall be considered in order to 
test the validity of the theory and to 
determine its limitations, if any. 


Electrical Resisiance 


At high aging temperatures when gross 
depletion of the solid solution occurs, the 
electrical resistance curve closely follows 
the change in average composition of the 
matrix solid solution. At low aging tem- 
peratures the resistance increase charac- 
teristic of the coherent state predominates. 
Here the depletion of matrix solid solution 
and the attendant decrease in resistance 
are slight. At intermediate aging tempera- 
ture the two factors are combined in suff- 
cient proportions that both influence -the 
aging curve as in Fig 9. In Al-Ag? alloys 
a moderate quantity of Ag atoms must 
leave the solid solution and participate in 
the formation of the coherent precipitate 
before the coherency strains are sufficient 
to influence the electrical resistance. The 
coherency strains are small and are not 
relieved until near completion of the change 
in composition of the solid solution. In 
Cu-Be! alloys loss of coherency and re- 
crystallization at localized regions are 
concurrent with coherency hardening at 
other regions. The absence of the latter 
reaction in single crystals and perhaps a 
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slower rate of depletion delays the subse- 
quent decrease in resistance. Attributing 
the resistance increase to the coherent 
state appears to be more general than 


COHERENT 
PRECIPITATION 
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Lattice Parameter 


When gross depletion of the solid solu-— 


tion matrix occurs, measurements of lattice 
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Fic 9— INTEGRATION OF CONTRIBUTING REACTIONS FOR ELECTRICAL RESISTANCE AT INTERMEDIATE 
AGING TEMPERATURES. 


_associating it with particle size.> The 

maximum resistance may be attained 
rapidly at temperatures as low as room 
temperature. This has been observed for 
Al-Zn alloys*4 which age harden moderately 
at room temperature. At elevated aging 
temperatures the increase was not observed 
for these alloys,!® and hardening did not 
occur. The detection would depend upon 
the magnitude of the contributing curves 
in Fig 9 and their relative positions along 
the time axis as determined by rates of 
diffusion, nucleation and growth. Double 
aging peaks, which are frequently observed 
for hardness, would be expected when only 
slight depletion of the matrix occurs. Per- 
haps the aging curve for the Al-Cu alloy 
aged at 100°C** can be better explained by 
maxima for localized and general precipi- 
tation than by previous proposals.® 


parameter provide a means of following the 
composition change and of revealing the 
heterogeneity of the process. However, the 
measurements are not sensitive to localized 
changes so that in the absence of a change 
the only permitted conclusion is that the 
solid solution depletion is slight. Indeed, 
it should be only slight for maximum hard- 
ening according to the proposed theory. 
While composition may exert the pre- 
dominate influence upon lattice parameter, 
other changes which cannot be explained 
by composition have been reported. In- 
vestigators?® of Cu-Be alloys conclude that 
strain is responsible for some of the diffrac- 
tion line diffuseness. Quenching strains 
have been considered responsible for ab- 
normally large lattice parameters in fully 
precipitated Al-Cu alloys.?728 The lattice 
parameter of some of the Al-Mg alloys 
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exhibit an increase prior to the normal 
decrease for composition change.2® Such 
features. may well be associated with the 
coherent state. Straining of the matrix by 
coherency is expected (Fig 3), and indeed 
it has been demonstrated for some alloys 
(Fig 4) in which not only are parameters 
changed but also crystal symmetry. 


Specific Volume 


As with lattice parameter, the theory 
proposes early changes in specific volume 
which cannot be explained by composition 


changes and precipitation of the equilib- 


rium phase. These have been considered 
for the precipitation of the coherent struc- 
ture in Al-Cu alloys.?5 Straining of the 
matrix at the coherent stage has not been 
considered; it may have equal importance 
with straining of the new phase (Fig 4). 
Such an effect (Fig 3B) is probably of 


_ greater importance than local variations in 


Z 


density around the particles after co- 
herency is lost (Fig 3C). 


Magnetic Properties 


The coercive force is perhaps the best 
indicator of coherency hardening. It is in 
high degree sensitive to strain,” particu- 
larly that of the coherency type. It is 
practically independent of composition in 
solid solution as illustrated in Fig to. It is 
little influenced by dispersion hardening. 
For example, it increases only slightly with 
increasing carbon content in annealed 
steel.* Finally, it is little influenced by 
strain hardening. Thus, of all these factors 
which exert prominent influences upon 
physical hardness, only coherency harden- 


ing effects pronounced magnetic hardness 


i 


ee ee eee 
ve .- 


(coercive force). The one _ limitation, 


* The values of coercive force developed in 
permanent magnet alloys of the precipitation 
type are at least 100 fold greater than those in 
soft magnetic alloys. Thus, influences which 
are considered minor in regard to the precipi- 
tation alloys are of extreme importance in the 
field of soft magnetic materials. 
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naturally, is that its use in studies of pre- 
cipitation is restricted to ferromagnetic 
alloys. On the other hand, studies of such 
alloys are contributing tothe knowledge of 
the mechanism of precipitation.!516 In the 
example illustrated by Fig 10, loss of 
coherency and matrix recrystallization 
commence before the decomposition is 
complete. Alloy additions and mechanical 
or thermal treatments which will separate 
the two controlling curves by shifting them 
to the left and right along the time axis 
should permit the development of greater 
magnetic hardening. ; 

Other magnetic properties, such as 
Curie temperature, intensity of magnetiza- 
tion at saturation and residual induction, 
which are measures of the degree of ferro-. 
magnetism, depend principally on alloy 
composition as it controls the composition 
and relative amounts of the decomposition 
products. They are useful in following 
“ideal” precipitation in ferromagnetic 
alloys.? The influence of coherency strains 
on the degree of ferromagnetism has not 
been very evident. A dependence would be 
expected since interatomic distance is be- 
lieved to be an important factor in deter- 
mining the exchange forces between atoms 
that align the electron spins. A favorable 
atomic spacing of manganese atoms in the 
Heusler alloys is considered responsible for 
the development of ferromagnetism. In all 
modifications of elemental manganese the 


_ atomic spacings are too small to provide 


ferromagnetism. Possibly, the observations 
for the precipitation of iron in the alloy 
Cu-Fe!8 provide an example of this type as 
the result of coherency strains. The precipi- 
tate formed during hardening was found to 
be nonmagnetic. A coherent body-centered 
tetragonal precipitate of unfavorable inter- 
atomic distances may be first formed and 
later breaks away into the ferromagnetic 
body-centered cubic phase. This is essen- 
tially in agreement with proposed explana- 
tions,®° but the preference is to ascribe a 
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body-centered lattice to the precipitate in 
order to affix its identity with the equilib- 
rium phase a iron rather than face-centered 
cubic y iron. Thus, the coherent state may 
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properties, the theory assumes no new 
mechanism of hardening.* 

When the influence of all the reactions 
that have been identified during aging are 
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ING REACTION. 


be further characterized by an increased or 
decreased degree of ferromagnetism based 
on this singular observation. 


Resistance to Flow 


To have practical utility a theory of age- 
hardening must be capable of explaining 
changes in mechanical properties to such a 
degree that predictions can be made for 


future alloy development. While these 


properties have been extensively investi- 
gated, there has been a certain reluctance 
to attempt specific explanations of any 
property other than hardness. With the 
proposed theory, an attempt is possible. 
It will present new channels of investigation 
—for only by such means has progress been 

made in the past. As with the physical 


superimposed as in Fig 11 the shape of the 
aging curve certainly cannot be attributed 
to any single process. The rate of hardening, 
the time to attain the maximum and the 
magnitude of the maximum all depend 
upon the integrated reactions. In some 
alloys the maximum is reached when de- 
pletion of the solid solution first becomes 
pronounced, while in others hardening 
continues throughout the decomposition. 
The magnitude of the various reactions and 
their positions on the time scale vary with 
the alloy and with all the factors that 
influence the precipitation process. This is 
well illustrated by the typical age-harden- 
ing curves of Fig 12 in which only the 


*The ‘‘slip interference’ theory is adequate 
as previously, pointed out. 


ee a 


~e 


ee eee 


— oe 


M Maa 


a 


a a 


A. H. GEISLER 


three reactions are considered: coherency 
hardening, loss of coherency and depletion 
of the solid solution. In Fig 12A, C and E 
the influence of the depletion is varied 
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Double aging peaks for binary alloys* 
can be analyzed as in Fig 13. Here some of 
the processes of Fig 11 have been omitted 
for clarity. Perhaps the influence of local- 
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Fic ri1—INTEGRATION OF ALL CONTRIBUTING REACTIONS THAT INFLUENCE RESISTANCE TO 
FLOW. IN THIS CASE, CHANGE IN COMPOSITION OF THE SOLID SOLUTION IS ASSUMED TO BE THE 
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assuming the same degree of coherency 
hardening, with loss of coherency occurring 
only after complete precipitation. In Fig 
12B, D and F coherency is assumed to be 
lost when the particles are small before 
precipitation is complete. The greatest 


hardening occurs in Fig 12A, whereas no © 


hardening appears in Fig 12F. Precipita- 
tion at low temperatures provides aging 
curves which closely follow that for co- 
herency hardening alone as in Fig 12G and 
H. The solid solution depletion is unde- 
tectable in duralumin aged at room tem- 
perature. This is to be expected, since less 
than 1 pct of the total solute atoms is 
required to form particles of sizes indicated 
by X ray diffraction data and of the num- 
ber or distribution revealed by the electron 
microscope. 


ized precipitation is exaggerated, particu- 
larly when that at grain boundaries alone 
is considered. Then the initial peak may 
not appear. Regardless, overaging at grain 
boundaries is known to precede that within 
the grains particularly at elevated tem- 
peratures. The significance will become 
apparent when ductility is considered. 

Of the “resistance to flow” properties, 
hardness and yield strength are not easily 
correlated quantitatively. On the other 
hand, yield strength and tensile strength 
may be compared, since they are both 
properties of the stress-strain curve. The 
yield strength of aluminum alloys is in- 
creased to a greater extent than the tensile 

* Multiple aging peaks for complex alloys 
such as duralumin have been attributed to 


the precipitation of more than one structure— 
CuAl: and MgSi. 
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strength by elevated temperature aging 
as illustrated by Fig 14. During isothermal 
aging the yield strength approaches the ten- 
sile strength concurrent with a pronounced 


LOCALIZED 
DEPLETION 


RESISTANCE TO FLOW ———» 
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temperature before maximum hardness is 
attained must be caused by overaging at 
grain boundaries (Fig 15). A thin film of 
overaged and depleted solid solution at 


GENERAL 
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AGING TIME, ARBITRARY UNITS 
Fic 13—ORIGIN OF DOUBLE AGING PEAKS. 


decrease in ductility.?*:*! This decrease in 
ductility could be restricting or masking a 
further increase in tensile strength, since 
the latter property is influenced by the 
amount of strain hardening during the 
tensile test. When ductility is little affected, 
the amount of strain hardening as meas- 
ured by elongation in the tensile test is 
unchanged, and tensile strength and yield 
strength increase in a parallel fashion dur- 
ing aging. 
Ductility 


The pronounced decrease in ductility 


- does not originate wholly in the coherent 


state. Aging at room temperature promotes 
little or no change. At somewhat higher 
aging temperatures a slight decrease 


- occurs. This is considered to be the change 


associated with coherency hardening. On 


the other hand, the pronounced decrease 
which occurs during aging at elevated 


grain boundaries would be expected to. 
produce the intergranular, brittle fracture 
illustrated in Fig 16 B and D for an aged 
aluminum alloy of large grain size.* The 


* The fracture changes in appearance with 
aging time. The fracture characteristic of 
short aging times and high ductility was of the 
ductile, highly necked type (Fig 16A and C). 
At the longest aging times and minimum duc- 
tility the fracture had a conchoidal texture 
quite similar to that observed on heating 


_ under stress to promote grain boundary melt- 


ing.*2 Intermediate aging times provided 
combinations of the two types and inter- 
mediate values of ductility. Some grains 
necked down while others fractured at bound- 
aries. Presumably, the latter were so oriented 
that the resolved shear stress for flow exceeded 
the normal stress at boundaries for fracture. 
With continued aging the grains become 
stronger and the boundary zones weaker, and 
the brittle tendency becomes more pronounced. 
Temper brittleness of steel is believed to be a 
mild form of the same embrittling process, 
that is, precipitation of carbides at grain 
boundaries; but according to the views above, 
the important factor is not the presence of 
particles of precipitate (which seldom make a 
continuous film), but the continuous film of © 
impoverished solid solution incidental to 
precipitation. 
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development during aging of an inter- 
granular fracture has been investigated for 


this alloy only. The large grain size per- 
mitted unaided visual inspection later 
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confirmed by metallographic examination. 
Fracturing at grain boundaries has also 
been reported for aged Cu-Be alloys." 
These alloys likewise exhibit markedly 
reduced ductility during aging.** The 
commercial importance of this property 
warrants further research. 

Recovery of the ductility, characteristic 
of the final state, requires very long aging 
times after thte prominent decrease. Diffu- 
‘sion is required to equalize the distribution 
of solute and second phase at the depleted 
zones and grain areas. In some alloys, the 
ductility which is characteristic of ®the 


. 
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annealed (from cold rolled) temper is very 
difficult to attain when solution heat 
treated stock is annealed to fully precipi- 
tate the second phase. 


Resistance to Fracture 


The resistance to fracture or breaking 
stress is even more dependent than tensile 
strength on ductility and strain hardening 
in the tensile test. The few existing data 
indicate that the coherent state is charac- 
terized by an increased resistance to 
fracture. Fracture strength increases dur- 
ing the room temperature aging of dural- 
umin*! when ductility is little changed. 
For elevated aging temperatures 
fracture stress of Al-Cu alloys first in- 
creases and then decreases concurrent with 
the decrease in ductility prior to maximum 
tensile or yield strength®® (Fig 17). There 
is little doubt that the decline in ductility 
and in fracture strength during aging are 
related. A lowered fracture stress can be 
reconciled with an increased resistance to 
fracture in the usual manner as in Fig 18. 

Much emphasis has been placed on the 
significance of the overaged and weakened 
layer of solid solution adjacent to grain 
boundaries of alloys aged at elevated 
temperatures. The question may be asked: 
how can the weakening at grain boundaries 
be consistent with the increased resistance 


to flow that accompanies subsequent gen-. 


eral precipitation? The analogy with butted 
joints formed by a thin layer of copper be- 
tween steel or of solder between copper is 
excellent. With good joints the resistance 
to flow in tension is comparable to that of 
the metals being joined—much greater 
than that of the bonding metal. But duc- 
tility is low, and fracture occurs after little 
plastic straining. The state of stress after 
the start of flow during the tensile test is 
the controlling factor. The normal stress 
attains the critical value for brittle failure 
before the shear stress attains the critical 
value for flow. On this basis, the yield 
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strength is the best measure of resistance 
to flow during age-hardening for little flow 
is involved (0.2 pct or less) and the value is 
less affected by localized overaging at 
grain boundaries. 


DUCTILITY ——= 
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herency hardening* occurs throughout the 
decomposition of both solid solutions, 
although the aging curve for Al-Mg reaches 
its maximum when the solid solution 
depletion first becomes prominent. The 
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Fic 15—CONTRIBUTING REACTIONS FOR DUCTILITY IN THE TENSILE TEST. THE PREDOMINANT 
REACTION IN MANY INSTANCES IS THE PRONOUNCED DECREASE CAUSED BY LOCALIZED OVERAGING 


Some EXAMPLES 


Aging curves for an Al-Cu alloy?® and 
an Al-Mg alloy! are analyzed in Fig 19 
and 20. For this purpose, the properties of 


the initial and final states were obtained _ 


from the corresponding plots of composi- 
tion vs. properties of quenched or annealed 
alloys similar to Fig 14.°° The curves for a 
continuous change between these states— 
‘depletion of solid solution”—were plotted 
using the reported lattice parameter 
measurements as the indication of the time 
for the beginning and end of general deple- 
tion of the solid solution. Adding this curve 
to the aging curve for yield strength pro- 


vides a better measure of the hardening 


reaction than the aging curve alone. Co- 


- AT GRAIN BOUNDARIES, REGARDLESS OF THE OTHER REACTIONS. 


latter reaction in combination with a more 
feeble hardening reaction restricts the 
maximum yield strength of the Al-Mg 
alloy. Loss of coherency? and matrix re- 
covery from the hardening reaction pre- 
sumably contribute to the softening also, 
but are prominent only after the composi- 
tion change is complete. 

In both alloys the elongation begins to 
decrease before the lattice parameter 
changes but after localized precipitation at 
grain boundaries has been detected. Thus, 
it appears to be associated with localized 
overaging in these alloys also. This is a 

* Some of the reactions indicated in Fig 11 


are combined in this treatment of the actual 


data. 
+ The coherent lattice in this alloy has not 


been identified. 
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microscopic heterogeneity of the process 
which can not be treated as the yield 
strength by considering only general pre- 
cipitation. Localized depletion concurrent 


t 
BE: 


PROPERTY CHANGES DURING AGING 


AN EVALUATION 


In the proposed theory the only new 
quantities are the characteristics of the 
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with overaging imparts an_ increased 
ductility locally, but the attendant de- 
crease in strength causes the ductility of 
the polycrystalline sample as a whole to 
be impaired. 
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coherent state. These combined with well- 
known reactions—solid solution hardening, 
recrystallization, dispersion hardening and 
coalescence, some of which can be isolated 
—are used to define the aging curves. A 
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logical objection will be that the theory is 
so flexible that by arbitrary manipulation 
of the curves for the contributing reactions 
(Fig 11) any aging curve can be reproduced. 
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effort. That some of the accompanying 
reactions may contribute to the property 
changes has been recognized for a number 
of years. This is the first attempt to cor- 
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AT 200°C. Data from Fink and Smith.28 


This is not a justifiable objection judging 
from our knowledge of structure—limited 
as it is compared with the great mass of 
data which has accumulated on the changes 
in mechanical properties of the many pre- 
cipitation alloys. To make a series of 
hardness measurements and thus establish 
an aging curve is a simple matter. But to 
determine the mechanism of precipitation 
for an alloy system or the rates of diffusion, 
nucleation and growth—all fundamental 
to the reaction—involves_ considerable 


relate the many factors as in Fig 11 and to 
illustrate them in their relative proportions. 
Whether or not the quantitative treatment 
of the data in Fig 19 and 20 is valid is still 
“a matter for future research. Nevertheless, 
an important objective has been accom- 
plished—to show that the aging curve is 
complicated, that numerous relatively 
commonplace reactions may contribute 
to its shape and that little significance can 
be’ attached to the maximum in terms of 
any one of the contributing reactions. Co- 
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herency hardening is believed to be essen- 
tial for pronounced age-hardening. The 
coherent state has been identified for a 
number of age-hardenable alloys. For this 
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source of age-hardening. Instead, it pro- 
poses that the coherent particle with its 
surrounding volume of strained matrix is a 
more potent source of slip interference. 
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FIG 20—DIFFERENTIATION OF AGING CURVES FOR AL-10.3 PCT MG ALLOY SHEET (0.040 IN.) AGED 
AT 200°C. Data from Fink and Smith.” : 


reason, the role of coherency hardening has 
been emphasized; on the other hand, dis- 
persion hardening by the equilibrium phase 
has not been completely excluded. It is the 
basis of hardening for a number of non- 
heat-treatable commercial alloys. In the 


absence of coherency hardening and of any 


accompanying prominent softening reac- 
tions, dispersion hardening would provide 
its expected increase in hardness. 

The theory is in agreement with the 
proponents of simple precipitation in that 
a new ‘structure is formed in the matrix 
during the hardening. It does not advocate 
the old concept of simple dispersion harden- 
ing (by the equilibrium phase) and the so- 
called mechanical keying action of hard 
particles alone (without any matrix-pre- 
cipitate interaction) as the predominate 


The evidence presented by Fink and 
Smith*’ in support of their explanation of 
double aging peaks can hardly be disputed. 
While precipitation along slip bands is not 
always prominent, preferential precipita- 
tion at grain boundaries is quite common. 
A natural consequence is the proposed 
explanation of the sharply reduced ductility 
that accompanies aging at elevated tem- 
perature and the attendant influence on 
tensile strength and fracture strength rela- 
tive to the yield strength. A thin layer of 
recrystallized matrix would be expected to 
have the same effect in alloys which ex- 
hibit the grain boundary reaction early in 
the aging. 

New channels for systematic research in 
alloy development are suggested. This may 
be directed along two lines: (1) to increase 
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the magnitude of the hardening reaction 
and (2) to decrease the effect of the soften- 
ing reactions either by decreasing their 
magnitudes or by extending them to 
longer aging times. More specifically, the 
recrystallization reaction in alloys such as 
Cu-Be and Mg-Al if retarded, should per- 
mit greater hardening. Alloy additions that 
raise the recrystallization temperature 
would be the obvious remedy if simple 
strain-hardening were involved. Regard- 
less of the purpose of the addition, the 
choice must be made carefully in order that 
the basic hardening reaction is not ad- 
versely affected by the formation of in- 
soluble phases involving the solute. This 
was found to occur when Mg was added to 
Al-Ag alloys; it happens when Fe is added 
to Al-Cu alloys.*” In the absence of phase 
diagrams, the guiding principles involve 
atomic radii and the other factors eluci- 
dated by Hume-Rothery. Alloy additions 
that strengthen the matrix and precipitate 
should permit the generation of greater 
coherency strains by extending the size at 
which breaking away occurs. 

The requirements for optimum degree of 
coherent growth are reasonably well under- 
stood. The disregistry between the equilib- 
rium phase and the matrix should be such 
that the particle of average size breaks 
away shortly after conclusion of the pre- 
cipitation reaction at the aging tempera- 
ture that provides a practical aging time.* 
The requirements are rather exacting but 
could be attained by alloying additions; 
they are illustrated by the comparison of 
Al-Ag, Al-Cu, Al-Mg and AI-Zn alloys. In 
Al-Ag alloys the coherent structure persists 
much longer than is necessary. A greater 
degree of disregistry to increase the co- 
herency strains could be tolerated and 

* This now defines a ‘‘critical particle size.” 
It varies from one alloy to another as con- 
trolled by crystallographic considerations. On 
the other hand, the average particle size at 
maximum hardness depends upon the many 
reactions that are integrated in the aging curve 


and the individual influences of nucleation 
and growth rates on the rates of these reactions. 
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should provide greater hardening. The 
same is true for Al-Cu alloys, and possibly 
the addition of Mg accomplishes this. In 
Al-Mg alloys breaking away apparently 
follows closely after the end of. precipita- 
tion, but the decrease in hardness attending 
the depletion of the solid solution is more 
prominent than the coherency hardening. 
Alloying additions to strengthen the 
matrix and increase the disregistry of the 
equilibrium phase may promote a more 
pronounced age-hardening reaction. Fi- 
nally, in Al-Zn alloys the precipitate 
breaks away quite early in the decomposi- 
tion process, so that aging at elevated 
temperatures promotes only softening. 
On aging at room temperature, the many 
small but coherent particles provide a 
rather prominent increase in hardness. 
Coherency hardening is favored not only 
by size of the particle as restricted by the 
limit for coherent growth, but also by 
number of particles. Any factor that will 
increase the rate of nucleation should pro- 
mote greater hardening, for then the range 
in size of particles would be constricted. 
By an appropriate aging treatment, more 
particles of the size at the optimum limit of 
coherent growth and fewer of the less 
effective sizes above and well below this 
limit (Fig 5) could be obtained. The prac- 
tices of controlled cooling from the solution 


heat treating temperature, of cold working 


prior to aging and of aging at more than 
one temperature are consistent with this 
viewpoint. 

In the past, fundamental research has 
been confined to binary alloys in which only 
one new phase is known to form. Identifi- 
cation of the phases and the mechanism of 
their simultaneous formation would be 


‘desirable for some of the complex alloys. 


On the other hand, the studies need not be 
confined to binary alloys for simplicity. The 
mechanism of precipitation in Al-Mg-Si is 
no more complex than in Al-Cu; the de- 
composition of 5 component alloys of 
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Fe-Ni-Al-Co-Ti or Cu is no more complex 
than the alloys of the Ni-Au system. In re- 
gard to the magnetic alloys, research is in 
progress along the channels outlined. The 
theory suggests possibilities of making any 
precipitation reaction a prominent one, 
limited only by the practicability of the 
92 elements as alloying additions and the 
mechanical or thermal] treatment. 


SUMMARY 


Investigations of the mechanism of pre- 
cipitation in numerous alloy systems have 
provided a general sequence of “micro- 
structural and crystallographic changes 
which now permits a general explanation 
of the course of property changes during 
aging. Certain changes in properties, such 
as the increase in electrical resistance and 
in hardness, that accompany the formation 
of a coherent precipitate are proposed as 
characteristics of the “coherent state” 
without assuming any new mechanism of 
hardening. The aging curves represent an 
integration of hardening and softening 
reactions. Coherency hardening is con- 
sidered to be the principal source of harden- 
ing, whereas depletion of the solid solution 
matrix, loss of coherency and recrystalliza- 
tion of the matrix (‘‘discontinuous pre- 
cipitation’) are the principal sources of 
softening. The pronounced decrease in 
- ductility during aging at elevated tempera- 
tures is accompanied by a tendency for 
intergranular fracturing; 
tributed to localized over-aging at grain 
boundaries. This has little or no influence 
on yield strength but conceals some of the 
increase in tensile strength and fracture 
strength provided by coherency hardening 
within the grains. Thus, the mechanism of 
aging requires the recognition of two basic 
_ phenomena (1) a sequence of reactions 
_ which progress by nucleation and growth 
and thus their progress at any time must be 
represented by individual statistical dis- 
tributions and (2) greatly accelerated rates 


both are at- . 
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‘of these reactions at localities of high 
energy such as grain boundaries. 
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Some Effects of Applied Stresses on Precipitation Phenomena 


By WALTER L. Fintay,* Memper AND WALTER R. Hipparp, Jr.,f Juniog MemBer AIME 
(Philadelphia Meeting, October 1948) ; 


INTRODUCTION 


Tue’key feature of the lattice coherency 
theory of precipitation hardening!~® is the 
forced coherence between matrix and pre- 
cipitate which elastically strains both 
lattices and is believed to be the major 
source of strengthening in precipitation 
hardening. In systems exhibiting age 
hardening, the atom movements leading to 
precipitation are not at all extensive and 
are such as to require the minimum amount 
of energy to produce the interface; that is, 
the new lattice forms in such a way as to be 
as nearly as possible a continuation of the 
old with a matched, coherent plane at the 
interface at least during the initiation of 
the precipitation. 

The crystallographic sequence whereby 
regions of the matrix change to the precipi- 
tate lattice usually can be resolved into a 
set of shearing operations.®® Conversely, 
the perhaps novel speculation is made that 
solution of a second phase is accompanied 
by shearing movements which are possibly 

the reverse of the precipitation shearing 
movements. A basic premise of the investi- 
gation reported in this paper is that pre- 
cipitation and solution shearing movements 
constitute structural weaknesses which 
might cooperate with applied stresses to 
facilitate plastic deformation. . 
This paper is part of a dissertation presented 
“by Walter L. Finlay to the Faculty of the 
Graduate Division of the School of Engineering 
of Yale University in partial fulfillment of the 
requirements of the degree of Doctor of Engi- 
neering, May, 1948. Manuscript received at 


the office of the Institute July 2, 1948. Issued 
as TP 2470 in METALs TECHNOLOGY, Septem- 
ber 1948. 
g peer visor. Metals Research, Remington 
Arms Co., Inc. Bridgeport, Conn. 
_ + Assistant Professor of Metallurgy, Ham- 
‘mond Laboratory, Yale University, New 
_ Haven, Conn. ' 
1 References are at the end of the paper, 


Another basic premise of the investiga- 
tion is that the application of hydrostatic 
pressure to a precipitation hardening sys- 
tem will significantly alter the degree of 
disregistry across the matrix-precipitate 
interface and thereby significantly affect 
the course of age hardening. 

Two binary precipitation hardening sys- 
tems were investigated: 12 pct zinc in 
aluminum which undergoes transforma- 
tions, both precipitation and solution, by a 
simple crystallographic mechanism; and 
4 pct copper in aluminum which undergoes 
a complex transformation in precipitating 
and dissolving a second phase. The effects 
of the application of uniaxial tensile creep 
stress during elevated temperature aging 
of both systems and of hydrostatic pres- 
sure during the elevated temperature 
aging of 12 pct aluminum-zinc were then 
investigated. 


Previous Investigations 


Van Wert in 1935,’ studied the effect of 
hydrostatic pressure on the room tempera- 
ture age hardening of a few precipitation 


-hardening systems. The latter were rather 


unfortunately selected since none is known 
to exhibit any marked volume change on 
aging and the majority were complex com- 
mercial alloys the precipitation mecha- 
nisms of which are not known. Jenkins, 
Bucknall and Jenkinson,® in 1944, applied 
tensile creep stresses to a complex copper- 
nickel-silicon alloy at various tempera- 
tures. The complexity of the alloy and the 
industrial objective of the work did not 
permit an appreciable addition to the 
theoretical understanding of either defor- 
mation or precipitation hardening. 
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PREPARATION OF SPECIMENS 


The alloys were melted under dry nitro- 
gen in a graphite crucible and were cast 
into a nitrogen-filled graphite mold with a 
slightly tapered cavity 13g in. diam at the 
bottom and 1o in. deep. High-purity 99.996 
pct aluminum, purchased from the Alumi- 
num Co. of America, high-purity electri- 
cally refined copper, available from Ham- 
mond Laboratory, and chemically-pure 
zinc, purchased from the New Jersey Zinc 
Co., were employed. The as-cast ingots 
were packed in flake graphite, sealed with 
fire clay in a steel container and homogen- 
ized over a period of 4 weeks in a fur- 
nace whose temperature, starting at 300°C, 
was gradually raised to 500°C at which 
temperature it was maintained during 
the last week. The ingots were then 
quenched into cold water and. }¢ ‘in. of the 
diam, as well as any pipe, was removed 
by machining. They were hot forged at 
450°C to 3 in. diam and were hot rolled at 
450°C to a }4 in. square cross-section bar. 
This bar was solution heat treated and 
quenched and immediately cold rolled, with 
intermediate solution heat treatments and 
quenching as required, to 0.100 in. thick- 
ness. Tensile creep specimens with a 6-in. 
ga length and 0.400 X 0.100 in. cross-sec- 
tion were then machined. Hardness speci- 
mens were either cut from o.100 in. bar or 
were machined transversely to form 0.100 
in. thick specimens from the 14 in. thick 
bar. All data reported in the present paper 
were obtained on o.100 in. thick specimens 
and, except where otherwise stated, were 
water-quenched in a positive manner using 
a submerged-jet quenching fixture. This 
technique produced uniformly solution heat 
treated and quenched specimens. 


AGE HARDENING AND RETROGRESSION* 
RESULTS 


The hardness data obtained on the 
aluminum-zinc alloys in the present investi- 


* Retrogression is the softening which occurs 


gation are summarized in the following 
paragraphs. 


Aging at Room Temperature 


Insofar as hardness measurements are 
concerned, precipitation hardening at room 
temperature is very nearly complete o.1 
hr after quenching and the peak itself is 
reached within one hour. This is shown in 
Fig 1. As a result of this behavior, the o.1 
line on many of the aluminum-zinc retro- 


gression aging curves may be used as both | 


the line representing 0.1 hr aging at room 
temperature and the line representing the 


o.t hr aging at the higher tempera- 


ture with which the particular graph is ~ 


concerned. 
Retrogression 


After reaching the 22°C age-hardening 
peak, aging at a higher temperature in the 
neighborhood of 1oo°C causes rapid and 
marked retrogression in the hardness of 
aluminum alloys containing from 8-16 pct 
zinc. The 25 pct zinc alloy treated similarly 
did not show any retrogression dip. Curves 
for the 12 pct zinc alloy are shown in Fig 
2 through 5 (curves labelled “atmospheric 
pressure”’ in Fig 4 and s). 


Second Hardness Valley 


An interesting second hardness valley in 
the 100°C aging curve of a 12 pct alumi- 
num-zine alloy is shown in Fig 4 (atmos- 
pheric pressure). The second hardness 
valley occurred at a time when the other 
tests had been terminated so its results are 
not inconsistent with them. Results of the 
one other long aging test are plotted in 
Fig 2. Unfortunately, hardness determina- 
tions on this specimen were not made at 
close enough intervals to make the course 


when a specimen that has been fully hardened 
at a given temperature (for example, room 


temperature) is further treated at a higher © 


temperature (for example 100°C.). Subse- 
quently this loss in hardness may be sub- 
stantially regained. See for example Ref. 6. 
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Fic 1—12 PCT ALUMINUM-ZINC PRECIPITATION HARDENING (ROCKWELL F). SOLUTION HEAT 
TREATED FOR 14 HR AT 470°C, COLD-WATER QUENCHED AND HARDNESS CHECKED AFTER VARIOUS 
INTERVALS AT 25°C. EACH POINT ONE HARDNESS DETERMINATION ONLY. 
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FIG 2—12 PCT ALUMINUM-ZINC AGE HARDENING AT THE TEMPERATURES INDICATED. EACH POINT 
THE AVERAGE OF 5 DETERMINATIONS. 
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Fic 3—12 PCT ALUMINUM-ZINC AGE HARDENING AT 100°C, EACH POINT THE AVERAGE OF 5 DETER- 
MINATIONS ON SPECIMENS FROM 7 DIFFERENT INGOTS, ALL OF THE SAME COMPOSITION. 
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Fic 4—I12 PCT ALUMINUM-ZINC AGE HARDENING UNDER 100,000 PSI HYDROSTATIC PRESSURE. 
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POINT THE AVERAGE OF 10 DETERMINATIONS. 
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of hardness after tooo hr certain but the 
dotted line shows how these data may be 
interpreted so as to be consistent with Fig 
4. This sequence might indicate the follow- 
ing behavior: 


HARDNESS (Rockwell F) 
g 
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what complex behaving 12 pct aluminum- 
zinc system in the neighborhood of 100°C. 

The results of simple aging of the alumi- 
num-copper alloy obtained in this inves- 
tigation are consistent with previously — 


toe 7007 10,000 
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Fic 5—12 PCT ALUMINUM-ZINC AGE HARDENING UNDER 100,000 PSI HYDROSTATIC PRESSURE 
AT 100°C. FULL CIRCLE, 100,000 PSI HYDROSTATIC PRESSURE; OPEN CIRCLE, ATMOSPHERIC PRES- 
SURE. EACH POINT THE AVERAGE OF 5 DETERMINATIONS. 


22°C peak—precipitation of nuclei co- 
herent with the matrix and stable at room 
temperature. 

First retrogression valley—solution of 
nuclei stable at room temperature, but 

unstable at 100°C. 

First retrogression peak—growth and/or 
precipitation of some coherent nuclei stable 
at zoo C. 

Second hardness valley—overaging of 
some nuclei stable at 100°C. 

Third hardness peak—growth and pre- 
cipitation of new, additional nuclei stable 

mat 100 C. 
It would appear that much information of 
scientific interest and value is promised by 
a thorough investigation of retrogression in 
€ the crystallographically simple but some- 


published data (see for example Fig 6). 
Fig 7 shows a typical retrogression curve 
for aging at 100°C and then 200°C. As in 
the aluminum-zinc alloy, retrogression of 
4 pct aluminum-copper to the valley and 


‘then aging at the original temperature 


reduced the rate at which recovery to the 
retrogression peak occurred. 


TENSILE CREEP AGING 
Rationale of Test 


In conceiving of precipitation and 
solution shearing movements as_ struc- 
tural weaknesses cooperating with external 
stresses to effect slip, it was surmised that 
when such shearing movements were in 
progress, particularly on slip planes, during 
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Fic 6—4 PCT ALUMINUM-COPPER AGE HARDENING AT 100°C. EACH POINT THE AVERAGE OF 5 
DETERMINATIONS ON SPECIMENS FROM 5 DIFFERENT INGOTS, EACH OF THE SAME COMPOSITION. 


HARDNESS (Rockwe)l 1ST) 


i] 
' 
1 
1 
i] 
' 
' 
t 
' 
' 
' 
‘ 
‘ 
‘ 
' 
‘ 
' 
' 
' 
' 
' 
‘ 
i] 
{ 
' 
i] 
' 
i] 


TIME (nours) 
FIG 7—4 PCT ALUMINUM-COPPER RETROGRESSION AT 200°C AFTER 100°C AGING. EACH POINT THE 
AVERAGE OF 5 DETERMINATIONS. 
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the application of externally applied simple 
stress, the rate of plastic deformation would 
be increased; conversely, that when such 
shearing movements did not occur, or possi- 
bly if they occurred on planes other than or 
not affecting the slip planes, the rate of 
plastic deformation would be relatively 
unafiected. Thus the relative degree of 
creep extension for several important stages 
of a typical age hardening sequence would, 
in decreasing order, be: 


Shearing Movements 
Cooperating with Slip as a Result of 
Applied Stress 


1, As-quenched (intermediate hardness) 
2. Fully hardened (hardest) 
3. Overaged (softest) 


Shearing Movements Nonexistent or 
Not Cooperating with Slip as a Result of 
Applied Stress 


1. Overaged (softest) 
2. As-quenched (intermediate hardness) 
_ 3. Fully hardened (hardest) 


_ Equipment 


The same creep equipment as that de- 
scribed by Miller? was employed with a few 
minor modifications. Essentially this ap- 
paratus applies, through a 6:1 lever arm, a 
dead weight load to the specimen held in 
axially-aligning grips. The specimen is 
surrounded by a furnace controlled to 
‘within +1.0°C. Its extension is determined 
‘over a 6-in. ga length by an optical ex- 
- tensometer estimated by Miller to have an 
accuracy of +3.3 X 107° in. per in. 


Standard Tensile Creep Aging Procedure 


The following standard procedure was 
rigidly followed for all tensile creep aging 
testing reported in this paper: 

1. Thecreep furnace was allowed to come 
to equilibrium at the tensile creep aging 
temperature. 

- 2. The specimen was mounted in its 
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grips with a chromel-alumel thermocouple 
wired to the specimen with its bead at the 
center of the specimen. 

3. The specimen-grips assembly was then 
placed in the furnace. 

4. Three minutes after the specimen had 
been placed in the furnace was arbitrarily 
designated “zero time” for the tensile 
creep aging test. The three-minute period 
was selected because it allowed, with some 
safety factor, sufficient time for mounting 
the specimen. The desired stress was ap- 
plied to the specimen at zero time by plac- 
ing the proper weights in the load bucket. 

5. Three minutes after the stress had 
been applied, the first reading was taken of 
extension and temperature. A period of 
three minutes was arbitrarily selected be- 
cause, again, it allowed, with some safety 
factor, sufficient time for applying the 
stress and selecting and recording the 
fiducial marks; three minutes was also a 
convenient part (0.05) of an hour, and so 
facilitated plotting of results. 

6. During the first hour, the temperature 
rise was found, for a given tensile creep 
aging temperature, to be quite uniform 
from specimen to specimen. The specimen 
temperature, for the testing temperature 
of 100°C employed in this work, became 
constant about one hour after zero time. 

7. To correct for thermal expansion, 
several overaged specimens of each alloy 
were run at the tensile creep aging tempera- 
ture with no load. This extension, caused 


‘simply by thermal increase was subtracted 


from all the tensile creep aging extension 
data. Any expansion or contraction caused 
by precipitation phenomena was not cor- 
rected for in the tensile creep aging test and 
is believed to be negligible in effect. As 
pointed out by Mehl and Jetter® aluminum- 
copper alloys expand and/or contract de- 
pending upon the aging conditions, and 
aluminum-zinc alloys contract. The mag- 
nitude of these dimensional changes is, 


_ however, relatively small at the tempera- . 


ture used in these tests, the former requir- 
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EXTENSION (inches per inch x 10°) 


0.2 


TIME (iene ) 


lo 


Fic 8—4 PCT ALUMINUM-COPPER TENSILE CREEP AGING AT 20,750 PSI STRESS AND 100°C, 


TESTED IMMEDIATELY AFTER COLD WATER QUENCHING TO 66 ROCKWELL 15T. DATA PLOT 
EXPANDED ORDINATE SCALE AT LEFT, WITH CONTRACTED ORDINATE SCALE AT RIGHT. 
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TED WITH 
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Fic 9—4 PCT ALUMINUM-COPPER TENSILE CREEP AGING AT 20,750 PSI STRESS AND 100°C. 


TESTED IN STABILIZED, FULLY HARDENED (FOR 100°C) CONDITION BY 550 HR AT 100 
ROcKWELL 15T. : 


°C TO 79 


— 
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ing an especially sensitive dilatometer to 
record. 


Results 


The following tabulation is presented 
giving the extension at several common 
time intervals: (Typical extension curves 
are included to illustrate the characteristics 
essential to the thesis. These are correlated 
with hardness curves). 

From Table 1 it may be observed that: 

As-Quenched 10°C Water—(Spec. 68 and 


Nevertheless, if shearing movements were 
occurring as the as-quenched specimen 
hardened, it should have extended much 
more than the overaged specimen. Thus in 
the absence of such increased extension on 
the part of the as-quenched specimens com- 
pared to the overaged specimen, one would 
conclude that shearing movements were 
either absent or ineffective in so far as slip 
was concerned during precipitation. To 
check this point further, another specimen 


TaBLE 1—4 Per Cent Al-Cu Tensile-creep. Aged at 100°C and 20,750 psi 


Extension (in perin X 107-4) after} . q; 
RisT Hours Indicated Figure 
Spec. a43 Hardness 
Se Condition at Start of Creep ig rats 
of Creep 0.5 I 2 4 8 be oe Creep 
69 As-quenched (10°C water) 66 de OuS) | 32=5e 5 67 6 8 
68 As-quenched (10°C water) 67 ony 7.6 | 20 3 38 
65A | Fully too°C hardened by 550 hr 
at. r00°C 719 0.8 1.2 22 Bes 6 9 
Overaged by 550 hr at 100°C 
plus oie hr at 200°C plus 70 hr ; 
at 100°C. 65.5 34 62 98 7 Io 
65C | As-quenched (100°C oil) 62 0.4 |) 32 53 72 II 
22B | As-quenched (100°C oil) 62 6.7 | 32 
66 Climbing out of retrogression 
valley 69 0.9 Sas 8.8 | 14.7 7 


69). Although these two specimens differed 


appreciably they nevertheless are suffi- 
ciently close to each other and sufficiently 
far apart from specimens in other conditions 
to establish a satisfactory comparison 
standard. 

Fully 100°C Precipitation Hardened— 
(Spec. 65A). Both because of its stabilized 
condition with respect to precipitation 
(that is, there were presumably few if any 
precipitation shearing movements occur- 
ring during the creep test) and because of 


_ its high hardness level, there was compara- 


- tively very little extension. 


Overaged—(Spec. 64B). This specimen 
exhibited a very marked increase in exten- 


‘sion compared to the as-quenched speci- 
mens despite their comparable hardnesses. 


i 


eo 
- 
> 
4 


Of course, during the creep test the as- 
quenched specimen continually hardened 
presumably according to the curve of Fig 7. 


was quenched into 100°C oil so that precipi- 
tation hardening would start at a hardness 
appreciably lower than that of the overaged 
specimen. 

As-Quenched 100°C Oil—(Spec. 65C and 
22B). These two specimens exhibited good 
duplication. Very significantly, despite an 
appreciable initial lower hardness than both 


-the overaged specimen and the as-quenched 


10°C water specimens, their extensions 
were much less than that of the overaged 
specimen and only somewhat more than 
that of the as-quenched 10°C water speci- 
mens. The explanation for the 100°C oil- 
quenched specimens extending more slowly 
than the overaged specimen is two-fold: 

rt. Precipitation shearing movements in 
the former are either nonexistent or do not 
cooperate with deformation shearing move- 
ment (slip); and 

2. Despite the fact that the oil-quenched 
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Fic 10—4 PCT ALUMINUM-COPPER TENSILE CREEP AGING AT 20,750 PSI STRESS AND 100°C, 
TESTED AFTER OVERAGING AT 100°C TO 65 ROCKWELL 15T. DATA PLOTTED WITH EXPANDED 
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FIG 11—4 PCT ALUMINUM-COPPER TENSILE CREEP AGING AT 20,750 PSI STRESS AND 100°C. 
TESTED IMMEDIATELY AFTER QUENCHING INTO 100°C OIL TO A HARDNESS OF 62 ROCKWELL 15T. 
DATA PLOTTED WITH EXPANDED ORDINATE SCALE AT LEFT, WITH CONTRACTED ORDINATE SCALE 
AT RIGHT. 
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specimens were initially softer, the hard- 
ness of the oil-quenched specimens rapidly 
increased to a hardness higher than that of 
the overaged. 

Climbing out of Retrogression Valley— 
(Spec. 66). It appears accurate to consider 
this specimen to be in somewhat the same 
structural condition with respect to the 
occurrence of precipitation movements as 
Spec. 68 and 69 (as-quenched 10°C water), 
except that it is slightly harder and its rate 
of precipitation, as judged by its rate of 
hardening, is somewhat slower. From this 
viewpoint extension should be somewhat 
less than Spec. 68 and 69 but somewhat 
greater than Spec. 65A (fully 100°C hard- 
ened). This is seen to be the case. 

Intermittent Creep Rate—100°C oil- 
quenched specimens tensile creep tested at 
15,000 and 20,750 psi exhibit periodic 
slowing of extension whereas the 12,250 psi 
stressed specimen did not. This is reminis- 
cent of results obtained by Smith’? on lead. 
The two higher stresses on this initially 
(that is, at the first application of creep 


load) weaker material resulted in a greater 


immediate extension than the others. This 
means that there were probably regions in 
the specimen more strain hardened than 
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others. Using Spec. 65C (Fig 11) as an 
example, it might be considered that 
initial extension took place in less strain- 
hardened regions. When these had been 
strain hardened to a uniform value at 1.1 
hr there was a decrease of extension rate 
until r.5 hr when it appeared that softening 
occurred possibly as the result of some re- 
crystallization or perhaps recovery in the 
most highly strain-hardened region and the 
extension rate increased. At 2.1 hr there was 
another deceleration until there had been a 
sufficient combination of time and tem- 
perature that, at 3.05 hr, extension again 
accelerated. 


12 pot Aluminum-Zinc 


A very pertinent fact regarding this sys- 
tem is the previously mentioned one that 
full hardening at room temperature is vir- 
tually complete within 6 min. after quench- 
ing. Hence, it is not possible to apply the 
tensile creep stress technique to the initial 
aging stage in this system. However, it is 
believed that the period of climbing out of 
the retrogression valley is structurally 
equivalent. The results obtained are out- 
lined in the following table: 


TABLE 2—12 Per Cent Al-Zn Tensile-Creep-A ged at 100°C and 11,500 psi 
Sn eS 


Rast 
ae Condition at Start of Creep Bee 
a of Creep. 
Fully 20°C hardened 75 
238 Overaged by 1772 hr at 100°C 67 
45 Overaged by 1167 hr at 100°C plus 
597 hr at 120°C . 69 
49. Overaged by 1739 hr at 100°C 
plus 242 hr at 120°C 62.6 
56 Retrogressed 2 hr at 100°C near to 
bottom of valley 71.4 
58 Retrogressed 11 hr at 100°C to 
bottom of valley F 71 
59 Climbing out of retrogression 
valley after 34 hr aging at 100 Cc 73.8 
61 At retrogression peak from 183 hr 
aging at 100°C 76 
46 At retrogression peak from 184 hr } 
aging at 100° Chic} 


Extension (in. per in. X 107) after 


Hr Indicated Figure 
0.5 I 2 4 8 end: Creep 
2.8 Baw ae tel 2a02 21 20: z 12 
0.3 ined 2.4 | 93.0] 4 2 13 
2.0 Sas! 4.4 BIA 6.6* 
78s) er 
1.7 | 3:9]: 6.2] 7-9 | 14.4 3 
1.1 2.8 4.0 6.6 z 14 
2.1 3.8 5-3 8.9 3 
0.6 1.6 B27 3 
0.2 0.8 2.0 Bed. 3.2 


a 


* By short extrapolation. 


266 


Fully 20°C Hardened—(Spec. 44). It 
will be observed that this specimen, despite 
its initial peak hardness of 75, exhibited the 
greatest extension as, undergoing partial 


1 


EXTENSION (inches per inch x 10-4 ) 


TIME 


(hours) 
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59). From the 100°C age-hardening curve 
it is known that these retrogressed speci- 
mens are substantially harder than the 


overaged specimens (71-74.5 compared to 
100 


Fic 12—12 PCT ALUMINUM-ZINC TENSILE CREEP AGING AT 11,500 PSI STRESS AND 100°C, TESTED 
IN THE FULLY ROOM-TEMPERATURE-AGED CONDITION TO 75 ROCKWELL 15T. UP TO 5.5 HR, BOTTOM 
ABSCISSA AND LEFT ORDINATE; AFTER 5.5 HR, TOP ABSCISSA AND RIGHT ORDINATE. 


solution of its precipitated phase, it retro- 
gressed to perhaps 71 R 15T within an hour 
or two of creep testing at 100°C. 

Overaged—(Spec. 24B, 45 and 49). The 
striking fact is evident that, despite hard- 
nesses (67, 69) significantly lower than 
those of the fully 20°C hardened specimen 
(75 initially, falling to perhaps 70 by the 
second hour of creep) the extension of the 
two harder, overaged specimens was less 
than 14 that of the comparison standard 
(Spec. 44, hardened at 20°C) and even 
when one specimen was very substantially 
overaged to an R 15T hardness of 62.6, its 
extension did not exceed that of the hard- 
ened material which was undergoing partial 
solution of its precipitated phase due to 
retrogression. 

Retrogression Valley—(Spec. 56, 58 and 


67-69 R 15T); but that, unlike the over- 
aged specimens, some solution and some 
precipitation of the second phase are 
probably occurring during the creep. Thus 


the observed slightly greater extension ” 


than those of the overaged specimens is 
understandable. The t11-hr_ retrogressed 
specimen, 58, is relatively stable insofar as 
solution and precipitation -are concerned 
since it is in the center of the retrogression 
valley, whereas Spec. 56 is just entering and 
Spec. 59 is just leaving the retrogression 
valley. These last two accordingly show a 
higher extension rate than Spec. 58. 
Retrogression Peak—(Spec. 46 and 61). 
Undergoing little if any solution or pre- 
cipitation and being relatively hard (71- 
76), it is understandable that the extension 
of these specimens should be low as shown. 


we 


WALTER L. FINLAY AND WALTER R. HIBBARD, JR. 267 


100 000 
2 
+ 
‘ 
2 18 
x 
“ 
a 16 
a 
& 
® L 
“ 
oe 
=z 
c 
iu 
3 
iJ OD 
” 
& 
& 
a har 
re ° 
y 
i: = ° o 
d é 
6 e 
0d poo 
o, Fe) 10 
TIME (hours) 


Fic 13—12 PCT ALUMINUM-ZINC TENSILE CREEP AGING AT I1,500 PSI STRESS AND 100°C. TESTED 
AFTER OVERAGING AT 100°C TO 67 ROCKWELL 15T. UP TO Io HR, BOTTOM ABSCISSA AND LEFT 
ORDINATE; AFTER I0 HR, TOP ABSCISSA AND LEFT ORDINATE, < 
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Fic 14—12 PCT ALUMINUM-ZINC TENSILE CREEP AGING AT I1,500 PSI STRESS AND 100°C. TESTED 
AFTER BEING RETROGRESSED BY II HR AT 100°C To 71 ROCKWELL'I5T. 
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Nature of Fracture—It was noted that, 
when fracture occurred during tensile creep 
aging of 12 pct aluminum-zinc, it took place 
along an intergranular path. This appears 
to be new information in view of Bleak- 
ney’s!! recent statement that “Very well 
informed sources were asked whether they 
could cite references to cases of intercrystal- 
line failure in light alloys at elevated 
temperatures. They replied that they did 
not know of any examples of this type of 
failure in the materials specified.” 


Summary 


Based on the considerations contained in 
the “Rationale of Test,” it appears that in 
the aluminum-zinc alloy shearing move- 
ments caused by precipitation cooperated 
with slip caused by applied stress, while in 
the aluminum-copper alloy shearing move- 
ments caused by precipitation, if they oc- 
curred, did not cooperate with slip caused 
by applied stress? 


HypROSTATIC PRESSURE AGING 
Rationale of Test 


‘The central tenet of the lattice-coherency 
theory is that the major portion of lattice 
strengthening during precipitation harden- 
ing is the result of forced coherency between 
conjugate planes of matrix and precipitate. 
Presumably, for a given amount of precipi- 
tate, there is an optimum combination of 
degree of disregistry and of size distribution 
of conjugate plane areas for maximum 
physical properties. Accordingly, placing 
the science of alloys on a quantitative basis 
will require, among other things, the quan- 
titative determination of the effect of 
degree of disregistry. Alteration of dis- 
registry by hydrostatic pressure offers a 
readily controllable testing procedure. 


Equipment Employed 


The objective of the equipment develop- 
ment phase of the hydrostatic pressure’ 


aging work was to secure a convenient, 
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safe device which, preheated to the aging 
temperature, could be: loaded in a testing 
machine to a hydrostatic pressure of 100,000 
psi; mechanically locked at that pressure; 
transferred to a safety box; and the whole 
placed in an aging oven and maintained at 
the aging temperature for periodic testing 
of hardness and/or of tensile properties of 
the specimens. Much of the time which was 
available for hydrostatic pressure aging was 
required in developing equipment so that 
only relatively few.data were secured. 
Basically, the hydrostatic pressyre aging 
vessel contained a Bridgeman seal at the 


end of a moving piston, pressed by a testing 


machine into a tightly fitting hole in the 
pressure vessel until the desired pressure is 
built up in the fluid contained in the pres- 
sure vessel chamber holding the specimen. 
A line drawing of one of the vessels used is 
shown in Fig 15. 

Silicone fluid No. 610 was employed as 
the hydrostatic pressure medium. The as- 


sumption was made that it does not solidify | 
under the pressure and temperature condi- — 


tions employed. 


Standard Hydrostatic Aging Procedures 


Suitably dimensioned specimens were 
solution heat treated and quenched while 
the high pressure aging vessel and its safety 
can were heated to the aging temperature. 
The atmospheric pressure control speci- 
mens were then placed in the safety can and 
the hydrostatic pressure specimens in the 
fluid in the hydrostatic pressure aging 
vessel. 

According to the standard procedure 
developed for use with these vessels, 
maximum load was applied by the testing 
machine, the nuts on the eight bolts were 
individually turned until, with light but 
uniform torque, each was snug. The testing 
machine load was then reduced and the 
bolts stretched and supported the fluid 
pressure. The testing machine load and 
initial snugness of the bolt nuts were se- 
lected so that, based on Hooke’s Law cal- 
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culations from an SR4 strain gauge attached 
to the compression ram, the hydrostatic 
fluid pressure, neglecting Bridgeman seal 
friction, was 100,000 psi. Unloading and 
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at best, only be regarded as preliminary 
because of the paucity of data but it 
appears, contrary to the results of Van 
Wert’ on other systems, that the appli- 


Fic I5—VERTICAL CROSS-SECTION OF HYDROSTATIC PRESSURE AGING VESSEL. 


reloading the hydrostatic pressure aging 


vessel required from 1-2 hr depending upon 
the difficulties encountered, particularly 


with damage to the Bridgeman seal. 


Results 


12 pet Aluminum-zinc—The results of the 


: three tests made on this system are 
_ graphed in Fig 4 and 5. The findings can, 


cation of 100,000. psi hydrostatic pres- 
sure during the 100°C aging of 12 pet 
aluminum-zinc increases the precipitation 
effect by: (1) accelerating the hardness re- 
covery from the retrogression valley; (2) 
increasing the height of the retrogression 
peak; and (3) delaying the onset of over- 
aging after the retrogression peak. These 
observations may be made on the two 
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separate tests run at 100°C with mate- 
rial from two different ingots although of 
essentially the same composition. These 
effects are perhaps to be ascribed to more 


105 


8 


HARDNESS (Rockwell F) 


O.t 1.0 10 
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breaking away) with a lesser area might 
effect greater strengthening. In the cases 
illustrated in Fig 4 and 5, however, it 
appears that increased coherency area has 


10,000 


100 1000 


TIME (nowrs) 
Fic 16—ALUMINUM ALLOY 75S AGE HARDENING AT 100°C UNDER 100,000 PSI HYDROSTATIC 
PRESSURE. FULL CIRCLES, I00,000 PSI HYDROSTATIC PRESSURE; OPEN CIRCLES, ATMOSPHERIC 
PRESSURE. EACH POINT THE AVERAGE OF 5 DETERMINATIONS. 


extended coherency between the aluminum 
solid solution matrix and the zinc precipi- 
tate as a result of compression of the 
aluminum matrix lattice spacings nearer to 
those of the matching zinc planes. It will be 
recalled that the equilibrium structure 
lattices differ by 7 pct so that coherency 
between aluminum and zinc requires that 
the aluminum be in compression and the 
zinc in tension. Under these conditions, 
hydrostatic pressure would be expected to 
reduce the compressive stress in the alumi- 
num matrix and relieve the tension stress in 
the zinc precipitate thereby increasing the 
area of coherent matrix-precipitate inter- 
face. It does not necessarily follow from 
increased coherent area that increased 
physical properties will result since a 
greater degree of disregistry (short of 


resulted in slightly increased hardening and _ 
has shortened the time required to reach the ~ 
hardness peaks. 

Room temperature aging of 12 pct alumi- — 
num-zinc at atmospheric pressure and 
under 100,000 psi hydrostatic pressure is 
graphed in Fig 4 and shows virtually no — 
significant difference between the two, al- 
though what numerical difference does 
exist is consistent with the tentative con- 
clusion that greater coherency hardening 
accompanies hydrostatic aging in this — 
system, 


Commercial 75S 


Fig 16 shows a preliminary test which 
was made to determine the effect of hydro- 
static aging on solution heat treated and 
quenched 75S at 100°C. Somewhat in con- 
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trast to the experimental alloys, it was found 
that the reproducibility of hardness meas- 
urements in 75S alloy was quite good, five 
readings often falling within one Rockwell 
point. Accordingly, it is believed that the 
somewhat different aging behavior of 75S 
under differing hydrostatic pressures as 
shown in Fig 16 is significant. In contrast 
to the enhanced hardening effects of hydro- 
static pressure on 12 pct aluminum-zinc, it 
will be noted that, even though the hydro- 
static pressure sample had initially a 
slightly greater hardness than the atmos- 
pheric pressure standard, it nevertheless 
hardened less rapidly than the atmospheric 


standard. 


SUMMARY 


The foregoing considerations and experi- 
mental results may be summarized as 
follows: 

1. Evidence for the existence of solution 
shearing movements is adduced and 
emphasis is placed on it as an important 
factor in the plastic deformation of cer- 
tain, and perhaps all, precipitation harden- 
ing systems. 

2. The concept that precipitation shear- 


“ing and solution shearing movements can 


cooperate with externally applied stresses 
to facilitate plastic deformation is proposed 
and supported experimentally. 

3. Two novel investigating techniques 
were shown to have some value in the study 
of precipitation hardening systems. These 


have been termed Tensile Creep Aging and - 


Hydrostatic Pressure Aging, respectively. 

4. By Tensile Creep Aging it was shown 
that tensile creep extension of 4 pct alumi- 
num-copper is not increased by precipita- 
tion. Therefore, the aging and retrogression 
of aluminum-rich, aluminum-copper alloys 
at 100°C either does not involve shearing 
movements or else, if precipitation shearing 
movements do occur, they take place on 
planes other than the {111} slip planes and 
do not expedite slip on the latter. 

5. By Tensile Creep Aging tests it was 
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shown that the tensile creep extension of 
12 pct aluminum-zinc was increased by pre- 
cipitation and by solution. Accordingly, it is 
concluded that, at t1oo°C, fully-20°C- 
hardened 12 pct aluminum-zinc first 
undergoes solution shearing movements on 
{11} slip planes with substantially no 
precipitation shearing movements, followed 
by the onset of predominantly precipitation 
shearing movements subsequently ceasing 
at the retrogression peak and finally fol- 
lowed by overaging. 

6. Equipment was designed and built for 
the application of hydrostatic pressure to 
specimens during aging. With its use some 
evidence was secured of extended coherency 
by aging 12 pct aluminum-zinc under 
100,000 psi hydrostatic pressure, resulting 
in greater hardness; conversely, data 
obtained with aluminum alloy 75S indicate 
that 100,000 psi hydrostatic pressure 
probably reduces the extent of coherency 
and, with it, the hardness. 

7. Study of the aluminum-rich end of the 
aluminum-zinc system resulted in the dis- 
covery of a marked retrogression phenom- 
enon which was explored using hardness, 
Tensile Creep Aging, and Hydrostatic 
Pressure Aging techniques. A comparison 
study of 4 pct aluminum-copper retrogres- 
sion was also made. 
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Hydrogen in Aluminum 


By Yves DarpDEL* 


(San Francisco Meeting, February 1949) 


INTRODUCTION 


Since the first determination of Dumas} 
in 1880, many authors have tried to meas- 
ure the solubility of hydrogen in solid 
aluminum, or at least the amount of dis- 
solved gas in it. However, the interpreta- 
tion of the results which have been obtained 
is still difficult. 

Sieverts,? then Baukloh and Oesterlen,® 
during their gassing experiments could not 
determine any solubility of hydrogen in 
solid aluminum. 

On the other hand, Portevin, Chaudron 
and Moreau,‘ leaving the determination of 
the hydrogen solubility beyond the scope 
of their experiments, measured only the 
amount of gas that they could extract by 
high voltage positive ion bombardment 
and found up to 151 cm® of gas per 100 g 
of metal. Winterhager,® by repeated vac- 
uum extraction during severe cold rolling, 
extracted up to 161 cm? per too g. In both 
series of experiments, the extracted gas 
contained chiefly hydrogen with a small 
amount of nitrogen, carbon monoxide, 
carbon dioxide and methan. 

Later, Schmidt and von Schweinitz® as 


well as Chaudron and Moreau’ showed the - 


importance of the adsorbed layer of hydro- 


-gen, the extracted quantities being propor- 


tional to the surface and not to the weight 
of the sample, when its cleaning was not 
perfect. In earlier experiments, Steinhauser® 
extracted from more massive samples noth- 


ing but a little amount (<o. 5 cm® per 

*Centre de Documentation Sidérurgique, 
Paris, France. 

Manuscript received at the office of the 
Institute January 15, 1948; revision received 
August 31, 1948. Issued as TP 2484 in METALS 
TECHNOLOGY, December 1948. 

1 References are at the end of the paper. 


too g) of hydrogen, carbon monoxide and 
methane. 

Thus, according to these experiments the 
quantity of dissolved gas is probably very 
small and the effect of the surface could 
falsify the results of the extraction. How- 
ever, Owing to the care taken by Chaudron 
and his coworkers, it was clear that all the 
hydrogen extracted could not come from 
the superficial layer, or that the links 
which bound hydrogen to the surface were 
so strong that the usual method of cleaning 
could not destroy them.. 

After the main parts of the experiments 
reported here had already been carried 
out, Eborall and Ransley® published the 
results which they obtained with an 
analysor having an accuracy of 0.03 cm* 
per 100 g, while that of the usual apparatus 
was only about 0.2 cm? per 100 g. During © 
all their experiments the adsorbed layer 
would have been a difficulty, for the value 
of the adsorbed hydrogen was approxi- 
mately equal to that of the dissolved 
amount. 

TaBLE 1—Amount of Adsorbed and Dis- 


solved Hydrogen 
(After Eborall and Ransley) 


Extraction He Adsorbed : 
Temperature Calculated in ae es taal 
eG Cm per 100 G Pp 
500 0.057 0.050 
600 0.062 0.096 


ee EEE 


Since always keeping the same adsorbed 
layer is very difficult, an error in the cor- 
rection for the adsorption can be made 
when using the apparatus of Eborall and 
Ransley, as well as the earlier apparatus. 
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In order to avoid this drawback, the 
author has developed another method of 
determination in which the effect of the 
adsorbed layer is practically eliminated. 


PRINCIPLE OF THE NEw MertTHOD 
Generalities 


The principle of the new method is based 
on Sievert’s law: 


m= K.VWPu, [1] 


m.being the amount of dissolved hydrogen, 
Pu, the partial pressure of hydrogen in the 
gas phase, K, a constant depending upon 
the temperature. 

However, since, at the same equilibrium, 
the hydrogen pressure must be equal in the 
gas and the liquid phase, the symbol Pu, 
also means the internal pressure of dis- 
solved hydrogen. 

When the metal surface is covered by a 
film which is proof to any diffusion, the 
internal pressure is independent of the 
partial pressure in the gas phase and 
the dissolved hydrogen can escape from the 
metal into the atmosphere only if the gas 
appears inside the metal in molecular form, 
that is, in bubbles. It is well known that the 
pressure inside a bubble placed under hy- 
drostatic pressure P4 equals: 


pu, = Pa + a [2] 
where P,4 is the hydrostatic pressure, n the 
surface tension and r the radius of the 
bubble. The term + is never nil, for the first 
bubble which appears is at least formed by 
a molecule, the radius rm of which is neces- 
sarily the minimum one. 

On the other hand, the actual radius 
ro is usually greater than the minimum 
radius, for the metal usually contains 
oxides or other nonmetallic impurities 
which are in suspension in the bath and 
which are not wetted by it. On the irregu- 
lar surfaces of these impurities there are 
always cavities, the radius r, of which is 
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much greater than rm. These cavities act 
as nuclei, and the difference between the 
hydrostatic pressure and the internal 
pressure is less than when no nuclei are 
present. Eq 2 still shows that the difference 
between pu, and pa is constant and inde- 
pendent of the average pressure when 7, is 
constant. The relative error due to the 
hypothesis that pu, is equal to p4 increases 
when the pressure decreases. 

Up till now it has been supposed that the 
radius of the nuclei was constant. In fact 
this is not true and such radius varies from 


one determination to another, for the hy- 


drogen atoms are in perpetual motion, 
giving punctual segregations which make 
the hydrogen atoms diffuse into the closest 
cavities. The last term of Eq 2 introduces a 
dispersion factor owing to the variation of 
To. 

Consequently, when the dispersion of the 
determinations is equal to the dispersion 
caused by the inaccuracy of the tempera- 
ture and pressure measurements, it is 


2 
possible to certify that the term a of the 


equation can be neglected. 

Further, when the dispersion of the de- 
terminations is greater than the inaccuracy 
due to the errors of measurements, the un- 
observance of the term 2n/r introduces a 
supplementary error which can be deter- 
mined by experiments. 


In the new method of hydrogen determi- 


nation, it has been supposed as a basic 
hypothesis that 


pu = Pa [3] 


and the inaccuracy which may result will 
be carefully studied later. 

On the basis of Eq 3, the relation between 
the internal pressure of dissolved hydrogen 
and the content m of this gas can be applied 
to the hydrostatic pressure. As the constant 
Kz; of Eq 1 can be calculated from the 
results published by Réntgen and Braun,!° 
Roéntgen and Méller,! Bircumshaw,! 
Baukloh and Osterlen,? as well as Winter- 


oe 


oe 
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hager® (Fig 1), the amount of dissolved 
hydrogen is given in function of the hy- 
drostatic pressure by the equation: 


4702 
log m = — ~~ + 2.844 + 34 log pus [4] 


+ 
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Practically this is carried out by means of a 
chart (Fig 2). 

The application of the method to the 
engineering aluminum alloys is also valid, 
for the values of the hydrogen solubility 


log Hy (Hp in em3/100 gr. Met.) 
se) 


© Réntgen & Braun 


¢ Bircumnshaw 


+ Réntgen & Moller 
4 Winterhager 


O Réntgen &Mall. Al+ 3 % Cu 
witets 


Z 8 


9 10 


{0000 
ay 


Fic 1—SOLUBILITY OF HYDROGEN IN LIQUID ALUMINUM. 


__ m being incm*per 1oog Al when p mzis given 
 inmm Hg. 
an The determination of the amount of dis- 
solved hydrogen can then be carried out as 
follows: 

The pressure is regularly decreased on 


the sample of liquid aluminum, which is 


being held at an equal temperature T, 
while the surface of the metal is observed. 
~ When the first bubble appears in the metal- 
q lic bath, the pressure is determined. The 

solving of Eq 4 gives the value of m. 


which has been published by Réntgen and 
Moller," Baukloh~ and Osterlen,’ and 
Baukloh and Redjali!* for.such alloys, are 
in the zone of dispersion of the hydrogen 
solubility in pure aluminum. For instance, 
on Fig 1 the hydrogen solubility in an 
Al-Cu alloy with 3 pct Cu has been 
reported. 


Description of the Apparatus 


The apparatus (Fig 3) consists of an iron 
cylinder A, containing a small electric fur- 
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nace B holding the sample at constant manometer F for the lower pressure (100-1 
temperature. The vacuum is applied either mm Hg). The temperature is measured by 
by means of a two stage rotating pump C, an iron-constantan thermocouple of o.5 mm 
or a one stage rotating pump. The crucible diam. 
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Hydrostatic pressure (in mm Hg) 
Fic 2—CHART FOR DETERMINATION OF HYDROGEN CONTENT. 

D is either of iron or porcelain, and is used _ Sources of Errors 

after degassing by heating to about 800°C The errors may be caused by inaccuracy 
under less than 1 mim Hg, during more than jn measuring as well as erroneous basic 
14 hr. The pressure is measured by a mer- hypothesis 

cury column £ for the higher pressure As to inaccuracy in measurements, we 
(400-100 mm Hg), and by a simple mercury have to examine the measurements of tem- 
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perature and of the hydrostatic pressure. 
As basic hypothesis, we have to consider if 
the gas in the bubble consists only of 
hydrogen and the internal pressure in the 


hb 


cury column, the accuracy of reading was 
about +1o mm Hg for an average pressure 
of 200 mm, while on the manometer it was 
about +4 mm Hg for an average pressure 


Fic 3—APPARATUS FOR THE DETERMINATION OF HYDROGEN, 


bubble is equal to the hydrostatic pressure. 
According to the derivation of Eq 4 the 
total relative error is equal to: 
- _ [4702 X dT 
m\| T? 


|+ 


ig ae ak iH [s] 


when df represents the errors caused by 
erroneous basic hypothesis. 

Further, when hydrogen determination 
is carried out from solid samples, the possi- 
ble effect of the adsorption layer, which can 


‘dissolve during melting, must be studied. 


Measurement of the Temperature—The 


temperature was read at the beginning and | 


at the end of each determination. The 
average value was considered as the tem- 
perature of the bath at the time of bubble 
formation. The accuracy was estimated to 
about +5°C. Therefore, as T was approxi- 
mately equal to 1000°K: 


dT 
| — 5 pct 


Measurement of Pressure—The pressure 
in the cylinder was diminished regularly by 
gradually closing the tap G. On the mer- 


of 50 mm. The relative error was therefore 
as follows: 


TABLE 2—Relative Error Caused by the In- 
accuracy of Pressure Measurement 


Pressure in 


Mm Hg 400-100 


dp. 
— in pct 8 
p pe > 


Composition of the Gas in the Bubble— 
For the calculation of the internal pressure 
in a bubble, only the internal pressure of 
hydrogen has been considered, although 
the pressure consists of the sum of the par- 
tial pressure of nitrogen, carbon monoxide 
and dioxide, hydrocarbides, and hydrogen. 
But the dissociation pressure of nitride 
(nitrogen being present as nitride! as well 
as the formation pressure of carbon monox- 
ide and dioxide are infinitely small at about 
700°C. . 

Further, at the same temperature, the 
internal pressure of methane, the most 
stable hydrocarbide, formed by the reac- 
tion of hydrogen on aluminum carbide, is 
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almost one hundred times smaller than that 
of hydrogen (Fig 4) according to: 


AlsCs, cot, 15 6H (aise) 


= 4Ahiv. + 3CHz,,, [6] 
—A°Fr = 272,998 — 82.767 X T. [7] 
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each about soo g, of Al-Cu-Mg, AI-Si, 
Al-Mg engineering alloys, as well as of 
99.99 and 99.5 pct aluminum have been 
melted either in a gas furnace or an electric 
one. Four determinations have been quickly 


H, pressure 


H,=O,001 in wt % 


=O,000&5 1 
=0,0001 


=0,00001 " 


=0,000001 1 


O.000 
1p 


Fic 4—INTERNAL PRESSURE OF HYDROGEN AND METHANE FOR DIFFERENT HYDROGEN CONTENT, 


Difference Between Hydrostatic Pressure 
and Internal Pressure in the Bubble—It has 
been shown at the beginning of this paper 
that the dispersion of the results could be 
taken as a measure for evaluating the 
difference between hydrostatic pressure and 
internal pressure in the bubble. 

The dispersion measure has been carried 
out in the following way: Small charges, 


carried out during the holding of the metal 
in an electric furnace. The total time of each 
experiment was less than 15 min.; however, 
the loss of hydrogen by diffusion, which 
cannot be avoided, was taken into account. 

The dispersion range, but not the stand- 
ard deviation, has been determined, as each 
series of experiments consists of four deter- 
minations only; therefore the data of the 


a 
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standard deviation would not represent 
with much more accuracy the dispersion 


zone of an infinite number of experiments. 


For the different engineering alloys (Fig 


50 


in %, 


ispersion range 
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The dispersion range obtained with the 


99.5 pct aluminum seems to be a little 
greater, and a few determinations present 
irregularities. Above a hydrogen content of 


half d 


ispersion range in 


half d 


Ha (in ert / 100 gr) 


Fic s—RELATIONSHIP BETWEEN HALF DISPERSION RANGE OF THE DETERMINATIONS AND HYDROGEN 
CONTENT. (ABOVE) ALUMINUM ALLOYS. (BELOW) ALUMINUM 99.5. 


s), the dispersion range, which is about 
+5 pct above 0.100 cm’ per Ioo g, increases 
quickly with decreasing hydrogen content. 
It is about +7 pct for 0.080 cm? per Ioo g 


and can reach +20 pct for the smallest 


f 


Pea TA AS 


values which have been determined. 


about 0.100 cm? per too g the dispersion 
could not be determined owing to the rapid 
escape of dissolved hydrogen. 

Some experiments have also been carried 
out with 99.99 pct aluminum, but they are 
not reported as the dispersion was such that 
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any hydrogen determination with an 
acceptable accuracy was impossible. For 
instance, in a few experiments, 99.99 pct 
aluminum melted in a gas furnace gave no 
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Therefore the hypothesis that the in- 
ternal pressure is equal to the hydrostatic 
pressure, does not introduce any supple- 
mentary error. 


TABLE 3—Effect of Pre-treatment on the Results of Hydrogen Determination on Solid 
Aluminum Alloy 


Time be- 
: tween 
Form of Weight | Surface | Preparation of Samples before a3 3 
State Samples G the Determinations Prepara- |H2Cm# per 100 G 
tion and 
Analysis 
ASicast jist Cylindrical Turned, not touched by hand. 2 days 0.045 
¢ #40 mm 0.048 
0.045 .050 
0.059 
0.051 
L #80 mm Turned, held in clean hands. 0.058 
0.042 
0.047 .046 
0.039 
0.046 

Hot rolled] Pieces of Entirely surfaced, not touched 0.052 
down to 8] sheets by hand. 0.040 -045 
mm 0.043 

Entirely surfaced, covered with 0.005 -0905 
oil, cleaned with CCl4, passed 
through a flame. 

Cold rolled] Pieces of Entirely surfaced, not touched 0.042 046 
from 8mm | _ sheets by hand. 0.040 : 
down to 3 ee 
mm Entirely surfaced, not touched 0.087 078 

by hand. 0.070 ? 
Entirely surfaced, held in clean 0.007 004 
ands. 0.081 z 
Entirely surfaced, held in 0.046 
hands, cleaned with CCl, 0.062 .069 
passed through a flame, not 0.100 


touched by hand after being 
cleaned. 


bubble although the metal necessarily. con- 
tained hydrogen. 

According to the above measurements, 
the dispersion decreases when the purity 
of the bath decreases and when the 
hydrogen content increases; but the mathe- 
matical value of the correlation between 
dispersion range of the determinations and 
hydrogen content has not been determined. 

The results of the experiments can be 
summed up in the following way: 

When the hydrogen content is superior to 
0.080 cm* per too g, the dispersion of the 
results (+5 pct) is equal to the relative 
error of the temperature and pressure 
measurements (+5 pct): 


Hs 


On the other hand, when the hydrogen 
amount is less than 0.080 cm® per too g, 


the assimilation of the hydrostatic pressure 


to the internal pressure introduces a sup- 
plementary error which increases and may 
reach about +13 pct for the lowest hydro- 
gen content: 


ana 
o< Hi <eisls Cts 


Effect of the Adsorbed Layer—The new 
method can be applied to the determination 
of hydrogen in solid aluminum. The sample 
is first melted as the solubility of hydrogen 
in solid aluminum is smaller than in liquid. 
Afterwards, the determination is rapidly 


Ane 


ee es ae 


carried out as shown above. However, it _ 


must be proved whether the adsorbed 
layer hinders or helps the determination. 


Ee 
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To this effect, one heat of 120 kg dural- 
umin was cast continuously, surfaced, hot 
rolled down to 8 mm and finally cold rolled 
down to 3 mm. 

The determinations are reported in 
Table 3. ss 

The amount of hydrogen is independent 
of the surface if freshly surfaced samples 
are used. However, for a sample of a given 
weight, the influence of the surface is 
directly proportional to that surface. 
Therefore, holding in one’s hand a cylin- 
drical sample is of no value, whereas this is 

- not valid for a 3-mm thick sheet. Keeping a 
thin sample in the air acts in the same way. 
Also when samples have been in contact 
with oil, washing them with carbon tetra- 
chloride,-or passing them through a gas 
flame is not in any way sufficient to de- 
stroy all trace of adsorbed gas. The oil 
seems to have been absorbed by the metal. 

If the following conditions are observed, 
the most important sources of error can. 
be avoided: employ only carefully surfaced 

_ samples, as thick as possible and rapidly 
melted, and perform the analysis as quickly 
as possible. 

The above proposed process has a slightly 
limited use for solid metal, because it is not 
possible to determine the amount of gas in 
samples which have a very large surface, 
such as thin sheets or scrap. © 


4 Limits of Measurements 


new method are limited primarily by the 
lowest pressure that the pump can reach 
rapidly in order to avoid the diffusion of 
hydrogen before the formation of bubbles. 
Secondly, they are limited at the lower con- 
centrations by the difficulty in dissolved 


hydrogen gathering and forming a bubble. . 


With the method and the apparatus used 
by the author, the lowest amount of hydro- 
gen which can be determined corresponds 

_ approximately to o.or cm? per Ioo g. 

In the case of an alloy containing a 

volatile constituent, the vapor tension 


oan ais 


The possibilities of measurement by the 
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of this constituent limits the zone of 
determinations. 


DETERMINATION OF THE SOLUBILITY 
OF HyDROGEN IN SOLID ALUMINUM 


Method of Experiments 


An attempt has been made to estimate 
the solubility of hydrogen in solid alumi- 
num at the melting point, under the pres- 
sure of one atmosphere of hydrogen. 

To this effect, three heats of 4 kg each 
were melted, gassed as indicated in Table 4, 
poured into an iron crucible of 80 mm diam, 
and vertically dipped in water. Thus the 
expulsion of hydrogen in overtension was 
obtained, while the gas in chemiphysical 
equilibrium under pressure of one hydrogen 
atmosphere at melting point remained 
dissolved in the solid metal. The analysis of 
the metal gives the amount of hydrogen in 
solution at 659°C under one atmosphere. 


TaBLE 4—Amount of Dissolved Hydrogen 
(in Cm? per too G) after Casting 


X ray He 


Alloys|Treatment| Pouring | Exami- | Cm? per 
nation 100 G 
A Gassing by] Slow dip-| Non- 0.070 
bubbling | ping of] porous 0.056 
wet Hoe. crucible 0.060 
into 0.062 
water 
Avg. 0.062 
B Gassing by| Slow dip- | Non- 0.059 
bubbling ping of porous 0.050 
dry He crucible 0.051 
into 0.056 
water 
2 Avg. 0.054 
Cc Gassing by] Fast dip- 0.125 
bubbling | ping of 0.130 
dry He crucible 0.122 
into 
water Avg. 0.125 


Bubbling wet A or dry hydrogen B gives 
the same results. On the other hand, C ends 
with too high a value, because besides the 
dissolved atomic hydrogen there was molec- 
ular hydrogen enclosed in the pores. 


Interpretation of the Results 


The comparison of the- solubility of 
hydrogen in solid metal as well as in liquid 
shows that the ratio between both at 


282 


melting point is proportionally greater as 
the absolute value of the solubility de- 
creases (Table 5). 
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In Table 6 the amounts of hydrogen 
extracted by Eborall and Ransley® from 
aluminum and Al-Mg alloys after heating 


TABLE 5—Relationship between the Solubility of Hydrogen in Solid and the Change in 
Solubility at Melting Point, 


Ratio of solubility........... Meats BAO ar Frorh grit 
Log He in solid metal at melting point (Wt. pct)...... 


Mn Fe Ni Cu Al 
1.80 2.07 2.14 2.73 2.93 
—2.415 | —2.922 | —2.789 | —3.753 | —5.282 


According to Fig 6 the dispersion of the 
different values is small. 
On the other hand a first run of experi- 


of the sample in a hydrogen atmosphere at 


500 and 600°C have been reported. The 
amount of hydrogen coming from the ad- 


mlig 


msol 


at melting point 


Log of the solubility in solid state at melting point (in weight per cent) 


Fic 6—RELATIONSHIP BETWEEN THE SOLUBILITY OF HYDROGEN IN SOLID METAL AND THE CHANGE 
IN SOLUBILITY AT MELTING POINT. 


ments carried out after heating of the 
samples in hydrogen atmosphere at 625, 
~ §00 and 550°C shows that in first approxi- 
mation the equation of solubility is equal to 
(Fig 7) ‘ 


log m = — aes + 1.898 + 7 log pu, [8] 


m being in cm$ per 100 g and pin mm Hg? 
when it is admitted that Sieverts law is also 
valid for solid aluminum. 


TABLE 6—Solubility of Hydrogen in Solid 
Aluminum According to Eborall and 
Ransley 


Lemipetatnre. °C. 1g ties cnn one eee, 


Dissolved hydrogen (cm? per 100 g)....|0.006 0.058 
0.043 
Adsorbed hydrogen (cm? per 100 g)....]0.062/0.057 


_ Ch 
‘ 


sorption layer is of the same magnitude as 
that being dissolved. 
In spite of their important correction 


factor, the values of Eborall and Ransley 


are not very different from ours. 


EXAMINATION OF THE PRECEDING 
MeEtHops oF HypROGEN DETERMINATION 


In Liquid Aluminum 


Pancakes—In the earlier days of alumi- 
num metallurgy, the use of pancakes was in 
great favor. The metal was poured into a 
little mold and during solidification hydro- 


’ gen distributed itself between the solid and 


liquid parts according to Nernst’s law. 
When the internal pressure of hydrogen in 
the liquid part of the metal reaches one 
atmosphere, bubbles appear on the surface 
of the pancake (Fig 8). 
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When « is the part of solidified metal, K, 
the solubility constant of hydrogen in the 
liquid metal, K; the solubility constant of 
hydrogen in the solid metal, the percentage 
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which appear on the surface are often de- 
stroyed by the dendrites, so that it is 
necessary to observe the surface of the 
sample during solidification. The estimation 


pt 
ONO 


4.8 
47 


(in cm3/100gr. Met.) 


¢ According to the author 
eAccording to Eborall and 
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c (in weight) of hydrogen in the metal is 
equal to: 
oo 2K o\/P 2 + (1 — «)KeV Pw [9] 

C 2 
oor, Pz, = eee fy oa ane [ro] 

: 2.93 XC€ 2 
with Pu, = ee ace [x1] 

The internal pressure is then smaller 
than one atmosphere and the bubbles do 
not appear as long as the amount of hydro- 
gen is less than 0.0000052 pct (in weight), 
corresponding to the solubility of hydrogen 
in solid metal (0.058 cm? per 100 g). 

Therefore, the pancakes are useful only 
when the metal is strongly loaded with 
gases, for instance when it is melted ina gas 
furnace. Their appearance allows a rough 
estimate of the hydrogen content of the 
metal. The amount of hydrogen corre- 
sponding to the aluminum pancakes of 
_ Fig 8 has been reported in Table 7. 
Pancakes have still another drawback. 
In aluminum alloys, the small bubbles 


of the hydrogen then depends very much on 
the observer. ? 

Vacuum Sample—The “vacuum sam- 
ples” are used in almost all aluminum 
foundries. This method is very sensitive, 
for the pressure of solidification is usually 
about 1 mm and the value of c as given 
by the equation is theoretically 760 times 
smaller than that of the pancake method. 
Practically, however, the accuracy is not 
so great owing to the dendrite formation 


mentioned above. According to the author, 


this method allows measurement to 0.001 
—o.ooo1 cm? per too g. It is therefore more 


TasBLe 7—Hydrogen Content of the Pancakes 
of Fig 8 


sensitive than the method suggested by the 
author, the sensibility limit of which is 
about o.or cm* per too g. However, the 
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- “vacuum sample” method is only qualita- 
tive, for some gas escapes during the 
solidification and the surface of the pores 
in a sample longitudinally cut into two 
parts is not proportional to the gas content. 


In Solid Aluminum 


- Heretofore the determination was carried 

out by the following methods: (1) extrac- 
tion at high temperature; (2) chemical 
dissolution; (3) positive ion bombardment. 

In all cases, the values found are greater 
than those which correspond to the 
solubility. 

In fact, the gas extracted from the metal 
may be: in solution and in true equilibrium 
in the metal; in solution and in labile equi- 
librium in the metal; adsorbed on the out- 
side surface of the sample; adsorbed on the 
inside surface of the sample. 

As has been already pointed out, the 
amount of dissolved and in true or labile 
equilibrium hydrogen (< 0.06 cm* per 
too g) is by far inferior to the amount 
extracted. Therefore the hydrogen amount 
usually measured must come from the 
_ adsorbed layers. 

The experiments of Chaudron and 
Moreau,’ Schmidt and von Schweinitz,® 
and finally Eborall and Ransley®-show the 
importance of the preparation of the sam- 
ple before the determination. However, 
the author’s experiments raise the question 
~ as to whether all the adsorbed gas is really 


eliminated before the extraction, even ~ 


when using the most careful technique of 
sample cleaning. It is possible that a part 
of the gas remains adsorbed on the super- 
- ficial oxide layer and becomes free only 
under the action of high vacuum allied to 
high temperature or under the effect of 
_ positive ion bombardment. In the author’s 
apparatus, with the pressure remaining 
high (p > 1 mm Hg), it is possible that the 
adsorbed gas remains bound to the oxide 
and does not come into solution to disturb 
the determination, the dispersion of the 
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values obtained with solid metal being of 
the same magnitude as that obtained with 
liquid. 

Besides the adsorption on the outside 
surface, hydrogen can be adsorbed on the 
inside surface. According to the experi- 
ments of Tamman and Bredemeier,! all 
metals contain cavities, the volume of 
which varies from o.1 to 2 pct of the sam- 
ple volume. Kljatschko!® suggests that 
water comes into the canals by capillarity 
and reacts with the metal to give oxide and 
adsorbed hydrogen. According to the calcu- 
lations of this author 10 cm® He per too g 
could come from this source. The results of | 
the experiments of Guichard and Jourdain'® 
as well as those of Gehrka, Kardakow and 
Ljubomiskaya!’ confirm this suggestion. 
The amount of extracted hydrogen depends 
upon the medium in which the sample has 
been held. 

Hanson and Slater!® have noticed that 
samples exposed to atmospheric corrosion 
and whose corroded layer has been elimi- 
nated by turning, give porous ingots after 
melting in an electric furnace. In this last 
case, the results obtained by the new 
method would be similar to those obtained 
by the other methods, as experiments on 
porous samples have shown. 


CONCLUSIONS 


A new method has been suggested to de- 
termine the amount of dissolved hydrogen 
in liquid as well as in solid aluminum. 

The sample is first melted if solid, then 
held at constant temperature, and the 
hydrostatic pressure above is slowly 
lowered. When the first bubble appears, the 
pressure is read and a chart gives the cor- 
responding hydrogen amount. 

The solubility of hydrogen in solid 
aluminum is very small. It varies from 
0.058 cm$ per too g at 659°C to about 0.015 
cm? per too g at 550°C. 

The new method of hydrogen determina- 
tion has proved useful in studying the de- 
gassing methods’*-*° as well as the effect of 
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dissolved hydrogen on the properties of 
the aluminum alloys. Hydrogen has no 
appreciable effect on the physical proper- 
ties, while it is responsible for the appear- 
ance of blisters during heat treatments and 
welding of sheets and sections and it is one 
' of the causes of the formation of the wood 
fiber fracture on extruded rods. The rela- 
tionship between the maximum dissolved 
hydrogen amount which can be tolerated 
by the alloy, the heat treatment tempera- 
ture, and the alloy composition, has been 
determined. ° 
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The Room and Elevated Temperature Properties of Some Sand 
Cast Magnesium-base Alloys Containing Zinc 


By Tuomas E. Leontis* Junior Mremper AIME 
(Philadelphia Meeting, October 1948) 


INTRODUCTION 


THE importance of magnesium alloys in 
the manufacture of aircraft engines has 
been realized for many years. A concen- 
trated effort has been exerted in the labo- 
ratories of the Dow Chemical Co. to 
develop magnesium-base alloys with im- 
proved properties at elevated temperatures 
whereby greater advantage can be taken 
of the inherent lightness of these materials. 
In an earlier publication,’ attention was 
called to the superior tensile properties and 
resistance to creep of cerium-containing 


magnesium alloys at temperatures up to , 


700°F. More recently, additional data on 
magnesium-cerium alloys have been fur- 
nished by Murphy and Payne.’ The present 
paper deals with the mechanical properties 
of sand-cast magnesium alloys containing 
zinc, at temperatures up to 500°F. The 
study includes binary Mg-Znjf alloys con- 
taining up to 10 pct zinc and several 
ternary and some polynary alloys based on 
the Mg-1Zn,t Mg-3Zn, Mg-4.4Zn, Mg-6Zn, 
and Mg-r1oZn binaries. The compositional 
variation in the tensile properties, hardness, 
and creep at room and elevated tempera- 
tures, and in the electrical conductivity at 
room temperature has been determined. 
The results of these tests show that many 
“a Manuscript received at the office of the 
Institute December 19, 1947. Issued as TP 2371 
in Merats TECHNOLOGY, June 1948. j 

* Metallurgist, Magnesium Laboratories, 
The Dow. Chemical Company, Midland, 
Michigan. : 

+ Hereinafter, alloy systems are designated 
by listing the chemical: symbols of the con- 
stituents; for special alloys, weight percentages 

of the components other than magnesium are 
indicated by figures preceding the chemical 


ymbol. i 
"1 References are at the end of the paper. 


zinc-containing magnesium alloys exhibit 
resistance to creep at elevated temperatures 
significantly higher than that of present 
commercial magnesium alloys, but lower 
than that of alloys of the magnesium- 
cerium type. In addition, they have high 
tensile properties at room and elevated 
temperatures and high conductivity. This 
combination of mechanical properties and 
conductivity indicates that these alloys 
should be given serious consideration for 
commercial applications involving exposure 
to temperatures higher than those to which 
present commercial magnesium alloys can 
be taken safely. 


LITERATURE 


The properties of sand-cast magnesium 
alloys containing zinc as a principal alloy- 
ing element have not been investigated very 
extensively, especially at elevated tempera- 
tures. The following remarks, which are 
confined to sand-cast alloys, will serve as a 
summary of the most important references 
on this phase of magnesium metallurgy. 
The first recorded determination of the 
tensile strength of binary Mg-Zn alloys as 
a function of zinc content was reported 
by Aitchison.? Similar studies, including 
the measurement of elongation and hard- 
ness, have been performed by Gann and 
Winston, Dumas and Rockaert,> Haugh- 
ton and Prytherch,® and by Spitaler, the 
last being reported by Beck.’ A slight 
superiority in the tensile strength of chill- 
cast Mg + 8 Zn alloy over the sand-cast 
alloy was noted by Maybrey.® That alloys 
of magnesium containing 5 to 12 pct zinc 
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TaBLE 1—T ypical Analysis of Electrolytic Magnesium 


Al Ca Cu Fe Mn i Pb Si Sn Zn 


<0.01 <0.01 <0.01 0.03 0.05-0.10 <0.001 <o.01 <o.001 <o0.01 


TABLE 2—Chemical Analyses, Heat Treatment, and Grain Size 


Chemical Composition 


Allo . Grain Size 
No. Heat Treatment 0.002 Ee 
Pct Zn Pct X Pct X Pct X 
z 0.71 20-40 
2 oe 600°F (2 Hr) + 640°F (14 Hr) ‘- 
4 1.7 4-10 
5 1.8 
: 26 600°F (2 Hr) + 640°F (14 Hr) 15-50 
8 3.35 5-30 
9 3.8 7-30 
10 4.6 10-20 
II 5.6 600°F (2 Hr) + 640°F (14 Hr) 15-20 
12 6.0 2-20 
13 6.4 4-10 
14 ist 8-15 
15 9.0 600°F (2 Hr) + 640°F (14 Hr) 6-12 
16 10.0 8-12 
Pct Zr 
17 0.68 1000°F (2 Hr) + 1100°F (14 Hr) 4-8 
18 1.0 0.52 5-6 
19 2.8 0.57 {oor (2 Hr) + 650°F (14 Hr) 4-5 
20 2.8 0.71 3 
2I 4.8 0.68 © i 6- 
~ aie 0:50 675°F (2 Hr) + 725°F (14 Hr) | 79 
24 10.0 Oo. —12 
Pct Zr Pct Ce* , 
25 ack 2.8 20 
26 6.0 3.5 20 
27 10.2 2.4 750°F (2 Hr) + go00°F (14 Hr) I0-I2 
28 3.2 0.45 a7 4 
29 4.4 0.59 0.8 5 
30 4.4 0.64 1.7 750°F (2 Hr) + go00°F (14 Hr) 5 i 
31 4.3 0.58 2.8 800°F (2 Hr) + oso0°F (16 Hr) 4 } 
32 re 0.55 SoF 800°F (2 Hr) + o50°F (16 Hr) 4 } 
33 Be 0.66 2.9 Ag 750°F (2 Hr) + 875°F (14 Hr) 3 
34 2.9 0.41 2.5 2.8 Ag 800°F (2 Hr) + 950°F (14 Hr) 7 4 
Pct Ca % 
35 0.39 oT (24 Hr) Columnar — 
30 1 Geis 0.42 750°F (2 Hr) + 825°F (14 H:) 50 
3 arn ate {67s°F (2 Hr) + 725°F (24 Hr) pcr c ae 
39 72:0 ae eh 675°F (2 Hr) + 725°F (24 Hr) 10 
tC) 3 ; ‘ 
Se a one a {675°F (2 Hr) + 760°F (16 Hr) 3 
Pct Mn 
42 3.1 oe 15-20 
.0 . fo! 
= ae 0 Ae 680°F (2 Hr) + 740°F (24 Hr) EE | 
45 5. 0.58 
Pct Sn ‘d 
46 3-4 5.0 775°F (2 Hr) + 850°F (14 Hr) 9 : 
47 6.1 5-4 675°F (2 Hr) + 725°F (14 Hr) 20 
48 10.2 AP 600°F (2 Hr) + 650°F (24 Hr) Io 
c 
49 2.8 4.9 650°F (2 Hr) + 700°F (14 Hr) 10-12 ; 
50 5.7 §.1 650°F £ Hr) + 700°F (14 Hr) 10-15 | 
51 10.5 Bp a 600°F (2 Hr) + 650°F (24 Hr) 8-10 
c 
52 2.8 5.8 625°F (2 Hr) + 675°F (14 Hr 20 
53 4.6 5.5 600°F (2 Hr) + 650°F (14 Hi) 15 
54 10.4 oe . 575°F (2 Hr) + 625°F (14 Hr 10 
Pct Al 
; 2.1 
ss 5:9 pti {6o0°F (2 Hr) + 650°F (14 Hr) | 20 


* Pct Ce represents total rare earth content. 
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are amenable to heat treatment was noted 
first by Stoughton and Miyake® by means 
of hardness measurements and by metal- 
lographic observation of the attendant 
changes in microstructure. Gann! sub- 
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alloys containing 1 to 15 pct zinc, both 
cast and rolled, Amsterdamski™ found by 
hardness measurements that all alloys con- 
taining more than 2-3 pct zinc exhibit 
significant age hardening. 


O——-_ BINARY Mg-Zn ALLOYS 
@---- Mg-Zn-!Zr ALLOYS 


PERCENT 


STRESS~—IOOOPSI 


O©—-—- Mg-Zn-l.6Mn ALLOYS 
@— — Mg-Zn-3Ce ALLOYS 


ELONGATION 


4 
PERCENT ZING 


Fic 1—TENSILE PROPERTIES OF BINARY AND SOME TERNARY ALLOYS VS. ZINC CONTENT. AS-CAST 
CONDITION. 


- stantiated these findings by more extensive 


heat treating and aging studies on alloys 
containing 1 to 8 pct zinc; and Haughton 
and Prytherch® demonstrated an increase 
in tensile strength and a corresponding 


- decrease in ductility following heat treat- 


ment and aging in alloys containing more 


than 4 pct zinc. In an investigation of 


4 


co oe Ny 


The tensile properties of sand cast binary 
Mg-Zn alloys containing up to 6 pct zinc 
in the as-cast, heat treated and in the heat 
treated and aged conditions have been 
studied recently by Fox!? as part of an 
extensive study of the properties and po- 
rosity tendency of Mg-Al-Zn alloys in the 
compositional ranges of o to 12 pct alumi- 
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num and o to 6 pct zinc. More detailed 
information on the Mg-Al-Zn alloys, in- 
cluding constitutional data, foundry char- 
acteristics, heat treating data, as well as 
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istics of alloys containing 2, 3, and 5 pct 

zinc to which a wide variety of other 
elements were added in ‘amounts up to 
2 pct were investigated by Naguro.14 Simi- 


O—— Mg-Zn-5Sn ALLOYS 


@--- Mg-Zn-5Cd ALLOYS 


PERCENT 


STRESS— IOOOPSI 


©——- Mg-Zn-STi ALLOYS 
@— — Mg-Zn-2Ca ALLOYS 


4 6 
PERCENT ZING 


FIG 2—TENSILE PROPERTIES OF SOME TERNARY ALLOYS VS. ZINC CONTENT. AS-CAST CONDITION. 


tensile properties and hardness at room 
temperature and 300°F, has been furnished 
by Busk and Marande.'® However, it 
should be pointed out that in this work, 
all the alloys contained 0.1 to 0.2 pct man- 
ganese in addition to aluminum and zinc; 
the alloys reported as “binary Mg-Zn” 
that were used for room-temperature ten- 
sion tests had a manganese content of 0.4 to 
0.7 pct. The hardness and aging character- 


lar studies on ternary alloys containing 1 to 
ro pct cadmium and o to 6 pct zinc have 
been conducted by Obinata and Hagiya.1® 
Mondain-Monval and Paris,16-17-18 in addi- 
tion to a thermal investigation of the 
Mg-Zn-Ca system, have measured the ten- 
sile strength and hardness of Mg-1Zn-1Ca 
and Mg-2Zn-2Ca; Késter and Kam,!® in 
conjunction with a constitutional study of : 
the Mg-Zn-Tl system, determined the age 
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hardening characteristics of these alloys 
over a wide range of both zinc and thallium 
contents. Magnesium alloys containing 3 
pet zinc and o.5 pct zirconium have been 
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More detailed information on the. com- 
mercial sand-cast Mg-Al-Zn alloys, which 
contain up to 3 pct zinc, may be found in 
a number of sources. Room- and elevated- 


O——— BINARY Mg-Zn ALLOYS 
@-——-—-Mg-Zn-!Zr ALLOYS 
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‘mentioned by Beck;’ more recently, the 


exceptional tensile properties and tough- 
ness of this alloy have been discussed by 


‘Dineen and Benson,?° and limited creep 
tests at 200°C (392°F) on this composition 
as well as on Mg-2.3Zn-2.6Ce-o.7Zr have. 


been performed by Murphy and Payne.’ 


_ The characteristics of Mg-4.5Zn-o.7Zr have 
been discussed by Ball.?! 


4 . 


©——- — Mg-Zn-1.6Mn ALLOYS 
o— — Mg-Zn-3Ce ALLOYS 
| 
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Fic 3—TENSILE PROPERTIES OF BINARY AND SOME TERNARY ALLOYS VS. ZINC CONTENT. SOLUTION 
HEAT TREATED CONDITION. 


temperature tensile properties, and creep 
and stress rupture data for the American 
compositions have been reported by Moore 
and McDonald.?2 The corresponding in- 
formation on the German casting alloys 
has been presented by Vosskiihler®* and by 
Beck; these results have also been sum- 
marized, with a few additions, by Fisher.*4 
General articles comparing the Ameri- 
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can magnesium casting alloys with the 
British and the German compositions have 
been written by Hanawalt, Nelson and 
Busk,?5 Fox,?6 and Eastwood, Davis and 
DeHaven.?? 
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so-lb melt was prepared. This yielded 
about 48 test bars of 6}4 in. length with a 
214 in. reduced section having a }4 in. 
diam. The bars were cast in sand molds 
using a 4-bar pattern. 


O——  Mg-Zn-5Sn ALLOYS 
@——— Mg-Zn-5CGd ALLOYS 


PERCENT 
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F'1G 4—TENSILE PROPERTIES OF SOME TERNARY ALLOYS VS, ZINC CONTENT. SOLUTION HEAT TREATED 
CONDITION. 


EXPERIMENTAL WORK 


Alloying and Casting 


The alloys used in this investigation 
were prepared on a laboratory scale ac- 
cording to the melting, alloying, and pour- 
ing procedures described as the ‘crucible 
method’ by Nelson.?* For each alloy, a 


©—-— Mg-Zn-5T!I ALLOYS 
@— — Mg-Zn-2Ca ALLOYS 


10 


Electrolytic magnesium was _ used 
throughout; Table 1 gives a typical analy- 
sis of this grade of magnesium. After the 
magnesium was melted, the temperature 
was raised to 1350-1400°F and the alloying 


‘ingredients were added. Commercial grades 


of zinc (intermediate), aluminum (99.75 pct 
grade), tin, cadmium, and thallium were 


ee 
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employed to introduce these elements, 
respectively. Calcium was added as an 
80Ca-20Mg hardener and cerium was in- 
troduced as Mischmetal, which contains 
cerium and lanthanum as the principal 
constituents. The special precautions to be 
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observed in the alloying of cerium with 
magnesium have been described in previous 
publications.!?9 The alloying of manganese 
was achieved by the use of a MnCl.-con- 
taining flux.28 Similarly, zirconium was 
added through a chloride flux containing 


TABLE 3—Tensile Properties of Some Additional Alloys in the As-Cast and in the Solution 
Heat Treated Conditions 


As-Cast Solution Heat Treated 


Composition 
Alloy 
No. 
Pct Zn Pct X Pct X | Pct X 
17 0.68 Zr 
35 0.39 Ca 
30 EE 0.42 Ca 
40 E1 0.28 Ca | 0.64 Zr 
4I 3.5 0.37 Ca | 0.65 Zr 
28 Zur 2.7 Ce 0.45 Zr 
33 3.6 0.66 Zr | 2.9 Ag 
34 2.9 2.5 Ce 0.41 Zr | 2.8 Ag 
45 5.6 0.58 Mn 
55 5.9 2.1 Al 


=] 
w& 


4. 
ze 
3: 
Si, 
2. 
4. 
38 
6. 
7. 


YStf YSt TSt 
I 4 -5 -6 5.6 24.6 
2 -6 AR 5 5.4 14.6 
° -9 oa -4 8.7 27.2 
5 -9 .8 -4 14.2 30.2 
5 +4 +3 +3 17.5 32.5 
7 9 4 8 12.0 22.6 
8 -0 at ae I5.2 37-5 
3 -4 8 .6 11.6 23.6 
5 .9 73 10.1 3353 
I 5 .2 II.o0 29.5 


* Pct elongation in 2 in. 
{+ 1000 psi. 


TABLE rt of Direct Aging from the As-Cast Condition on the Tensile Properties of 
Various Alloys 


* Composition As-Cast Aged: 350°F (24 Hr) 
Bice 
oO. 
Pct Zn | Pct Zr | Pct Mn| Pct Ce} Pct X | Pct E* YST TSt Pct E* YStT TSt 
18 1.0 0.52 18.5 6.5 26.7 I5.5 10.8 29.9 
20 2.8 jae bay / Tea7 SeIeG; 9.5 20.0 35.3 
2I 4.8 0.68 6.2 18.7 33.5 4.2 22.5 36.1 
22 5.8 0.82 Fak 20.3 34.5 Sj8Y/ 24.2 38.5 
‘ 1.6 719 7.5 24.5 2.5 14.9 25.0 
ie hes 1.6 2.5 13.5 21.6 0.5 24.9 20.7 
44 ‘10.0 ra 1.0 T5200 21.1 0.5 28.7 31.5 
45 5.6 0.58 6.5 12.9 28.2 AwT 18.9 33.0 
2.8 0.5 II.o 16.3 6 10.9 I4.9 
20 eta Sa: r.2 II.1I 15.8 a7 Thay. 15.9 
27 10.2 2.4 0.5 T2207, L753 , 2.0 20.3 aa.8 
28 mR 0.45 Qo7, 2.7 TE.9 18.4 ooo 12.6 19. 
é oO. 0.8 4.5 14.5 26.9 53 18.4 29.0 
eg Ho ha 2 yf 2.3 13.4 2205 2.6 I5.1 24.1 
31 4.3 0.58 2.8 1.t Ta)27 18.3 1 De 14.4 20.2 
32 4.4 0.55 se7 1.0 13.4 18.4 I.0 14.3 19.3 
Pct Ag 

.6 0.66 2.9 4.8 21.0 3345 Sion 2A 34.9 
a et 0.41 2.5 208 3.3 II.4 19.8 2.3 11.8 18.8 
Pct Ca ie are ae ar 

ied 0.6, 0.28 13.5 I2.9 : A : 
44 3.5 Seer 0.37 5.5 15.4 25.8 5-5 17.6 27.3 


+ 1000 psi. 


* Pct elongation in 2 in. 
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50 pet ZrCl, and 50 pct alkali chlorides; 
this procedure has been described by Doan 
and Ansel.*° 

The test bars of all the alloys were radio- 
graphed. Examination of these radiographs 
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chemical and spectrographic analyses. 
Complete analyses of all impurities were 
carried out spectrographically; the princi- 
pal alloying elements were determined 
chemically. The results of the chemical 


ASCAST + 350°F(24HR) AGE 
SOLUTION HEAT TREATED 
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Fic 5—EFrrect OF CERIUM CONTENT ON THE TENSILE PROPERTIES OF Mg-4.4ZN-1ZR ALLOY. 


showed that binary alloys containing more 
than 2 to 3 pct zinc and the ternary 
Mg-Zn-Mn alloys containing more than 
4g pct manganese have a high porosity 
tendency. All the other ternary and poly- 
nary alloys investigated were essentially 
free of porosity. 


Analysis 


Separately cast samples poured imme- 
diately before the test bars were used for 


analyses are tabulated in Table 2.. The 
spectrographic analyses showed little, if 
any, variation in the impurity content 
from that reported for cell magnesium in 
Table 1; some contamination of lead and 
manganese resulted from the addition of 
calcium, cadmium, and thallium. It will be 
noted that the zirconium analyses vary 
from 0.5 to 0.8 pct in the ternary Mg-Zn-Zr 
alloys and may be as low as 0.4 pct in some 
of the more complex alloys. As the in- 
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tended zirconium content in all the alloys 
was 1 pct, this figure will be used for con- 
venience in referring to the percentage of 
zirconium in these alloys. The addition of 
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atmosphere of the furnace was rendered 
protective by the maintenance of a con- 
centration of approximately. 0.5-1.0 pct 
sulphur dioxide. 
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Fic 6—TENSILE PROPERTIES VS. ZINC CONTENT FOR BINARY MG-ZN ALLOYS AT ROOM TEMPERATURE, 
300°F AND 400°F. HEAT TREATED AND AGED CONDITION. 


zirconium effects a remarkable decrease 
in the iron content of magnesium; this has 
been demonstrated also by Doan and 
Ansel.?° 


Heat Treatment and Grain Size 


All the heat treatments were carried out. 
in circulating-air furnaces, electrically 


heated and controlled to +5°F. The 


Preliminary experiments were conducted 
on metallographic specimens in order to. 
determine the proper heat treating tem- 
perature for each alloy: The temperatures 
established by these tests are reported in 
Table 2. Since many of the alloys investi- 
gated contained a high percentage of alloy- 
ing elements, it was necessary to heat treat 
such compositions at temperatures close 
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to the solidus in order to effect the maxi- 
mum amount of solution of the interme- 
tallic phases. Alloys of low alloy content 
were heat treated at the lowest tempera- 
ture which would result in effective homo- 
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partly, segregated areas that are often 
present in complex alloys as a result of 
non-equilibrium freezing. 

The grain size of each alloy is also re- — 
corded in Table 2. Each value represents 
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Fic 7—TENSILE PROPERTIES VS. ZINC CONTENT FOR MG-ZN-IZR ALLOYS AT ROOM TEMPERATURE, 
300°F AND 400°r. HEAT TREATED AND AGED CONDITION. 


(For comparison the curves for binary Mg-Zn allo 
and in Fig 11, 12, 


genization. Long-time heat treatments 
were avoided for two reasons: (1) they 
may lead to excessive grain growth; and 
(2) they are impractical for commercial 
applications. It will be noted that each heat 
treatment is preceded by a preheat of 2 
hr at a temperature of 50 to 150°F below 
the heat treating temperature. This is 
necessary in order to homogenize, at least 


ys as shown in Fig 6 are reproduced in this figure 
13, 14, 15 and 16), 


the average of several measurements taken 
on specimens from different bars both in 
the as-cast and in the heat treated condi- 
tions. The measurements were made ac- 
cording to the comparison method estab- 
lished by P. F. George.*! In some cases a. 
range is shown when consistent differences 
were detected among specimens of the 
same alloy. No indication of grain growth 
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during heat treatment was observed in any 
alloy. 


Testing 


The room- and elevated-temperature 
tensile properties reported in this paper 
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@—_ Mg -0.4Ca 
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10, 17 and 18 comparative curves for Mg-Zn and Mg-Zn-1Zr alloys 
are shown as derived from Fig 6 and 7 respectively. 


In this figure and in Fig 9, 


were obtained on cast test bars without 


machining the surface. The yield strength 


was determined from the stress-strain 


~ curve by the offset method; all values are 
based on 0.2 pct offset. The elongation 
values are all based on extension measure- 


-} 
1 


+ 


ae 


ments over a 2-in. gage length. The method 
of tension testing at elevated temperatures, 
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as described elsewhere,” conformed to the 
procedures given in Recommended Practice 
for Short-Time Elevated-Temperature Ten- 
ston Tests of Metallic Materials (ASTM 
Designation E21-43).°2 The time at tem- 
perature was reduced to ro min. instead of 


300 400 500 


ALLOYS. HEAT 


the 1 hr recommended. All values at room 
temperature represent the average of four 
tests; at elevated temperatures, two bars of 
each alloy were tested at each tempera- 
ture. 

The equipment for creep testing and the 
method of evaluating the creep data have 
been described in detail in previous publi- 
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cations.!.22 The procedure followed was in 
accordance with that given in Recom- 
mended Practice for Conducting Long-Time 
High-Temperature Tension Tests of Metallic 


made on a Riehle machine with a ro mm 
steel ball under a load of 500 kg applied for 
30 sec. At elevated temperatures an oil 
bath controlled to +1°F was used for 


—---— Mg-3.5Zn 
——-Mg-3.5Zn-iZr 
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FIG 9—TENSILE PROPERTIES VS. TEMPERATURE FOR MG-3.5ZN-IZR-0.4CA ALLOY. HEAT TREATED 
AND AGED CONDITION. 


Materials (ASTM Designation E22~41).*2 
All the results presented are based on tests 
of 1oo-hr duration. In addition to the 
“creep limit,” defined as the limiting stress 
required to give 0.1 pct creep in 100 hr, the 
following quantities are given: (1) exten- 
sion in loading, (2) creep extension in 100 
hr, and (3) creep rate between 48th and 
96th hr of test. 

Bh values were determined at room and 
elevated temperatures from impressions 


maintaining the specimens at constant 
temperature during testing. The steel-ball 
and holder were kept submerged in the oil 
at all times. A preheating period of 10 to 20 
min. in the ojl-bath was given to all speci- 
mens prior to application of the load. 

The electrical conductivity was deter- 
mined from resistance measurements made 
with a Kelvin bridge in a constant-tem- 
perature room held at 95°F. The bars were 
left in the constant-temperature room for 
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at least 1 hr before recording the resistance 
values. All measurements were made on 
bars that were machined to a uniform 
diam of 0.450 in. The reported conductivi- 


30 
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in the as-cast and in the solution heat 
treated conditions at room temperature 
are plotted as a function of zinc content in 
Fig 1 and 2 and Fig 3 and 4, respectively. 
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ties are accurate to +0.003 reciprocal 


microhm-cm. 


RESULTS AND DISCUSSION 


Tensile Properties 


As-Cast and Solution Heat Treated Con- 
ditions—The tensile properties of binary 
Mg-Zn alloys and ternary Mg-Zn-1Zr, 
Mg-Zn-1.6Mn, Mg-Zn-3Ce, . Mg-Zn-2Ca, 
Mg-Zn-5Sn, Mg-Zn-5Cd, and Mg-Zn-5Tl 


The corresponding properties on alloys for 
which insufficient data are available to plot 
the compositional variation are summa- 
rized in Table 3. The conditions of heat 
treatment for each alloy have been pre- 
sented in Table 2. In order to obtain more 
reliable curves, data are included in the 
graphs on a few compositions from earlier 
work of the laboratory; these alloys have 
not been listed in Table 2. 
The yield strength of binary Mg-Zn 
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alloys in the as-cast state increases gradu- 
ally with increasing zinc content from a 
value of 2,500 psi for magnesium to 14,000 
psi for the alloy containing 10 pct zinc. The 
tensile strength, on the other hand, rises 


of zinc. Heat treatment causes a significant — 
increase in the tensile strength of Mg-Zn 
alloys, especially at higher zinc contents, 
without appreciably changing the yield 
strength and the ductility. 
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sharply from 13,000 psi to 26,000 psi by 
the addition of 2 pct zinc and remains at 
that level up to 7 pct zinc beyond which 
there is a gradual decrease with increasing 
zinc content caused by the embrittling 
effect of the increasing amount of inter- 
metallic compound. The elongation rises 
to a maximum value of 12 pct at 2 pct zinc 
and then decreases with increasing amounts 


Of the various elements added to Mg-Zn 
alloys to form ternary and more complex 
alloys, zirconium is the only element that 
markedly enhances the strength properties 
in the as-cast and in the heat treated con- 
ditions. Zirconium also improves the 
ductility. The addition of either 2 pct cal- 
cium or 3 pet cerium effects a pronounced 
decrease both in the tensile strength and 
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in the elongation. Mg-Zn alloys containing 
0.5-1.6 pct Mn, 5 pct Sn, 5 pct Cd, or 5 
pet Tl do not differ significantly from the 
binary Mg-Zn either in the as-cast or in 
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alloy are shown in Fig 5. In the as-cast 
condition both the strength properties and 
the elongation decrease with increasing 
cerium content. Heat treatment improves 
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the heat treated conditions. Calcium added 


in amounts of 0.3-0.4 pct to Mg-Zn-Zr 


ae % 


alloys enhances the yield strength without 


markedly affecting the tensile strength; the 
elongation is decreased somewhat by this 
addition. The properties of Mg-6Zn-2Al 
alloy are not very different from those of 
the binary Mg-6Zn alloy. The results of a 
more detailed study of the effect of cerium 
on the tensile properties of Mg-4.4Zn-1Zr 


RATURE, 


the tensile strength and elongation and 
decreases the yield strength, but the de- 
creasing trend with increasing amounts of 
cerium still prevails. 

Effect of Aging on the As-Cast Properties 
of Some Alloys—The strength properties 
of certain ternary and polynary magnesium 
alloys containing zinc were found to in- 
crease upon aging at 350°F for 24 hr 
directly from the as-cast condition. The 
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properties of these alloys in the as-cast 
and in the as-cast + aged conditions are 
given in Table 4. The greatest increase 
both in tensile strength and in yield 
strength is exhibited by the alloys con- 


the alloy containing 10.2 pct zinc was 
strengthened by aging from the as-cast 
state. 

Heat Treated and Aged Condition—The 
tensile properties of the several alloys under 
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taining manganese; the Mg-Zn-rZr alloys 
are improved somewhat less by this aging 
treatment. Fig 5 as well as Table 4 show 
that increasing amounts of cerium decrease 
the extent to which Mg-4.4Zn-1Zr alloy 
age hardens. Similarly, the addition of 
0.3-0.4 pet calcium to Mg-Zn-1Zr alloys 
suppresses this aging effect. Of the three 
ternary Mg-Zn-3Ce alloys studied, only 


investigation have been determined in the 
heat treated and aged condition (HTA) at 
room temperature, 300 and 4oo°F, The 
heat treatments applied to the various 
alloys have been discussed previously. Two 
aging treatments were used: (1) 350°F 
(16 hr) and (2) 4oo°F (16 hr). The prop- 
erties of the binary Mg-Zn alloys at room 
as well as elevated temperatures were 


ee Tee 
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determined on material aged at the lower 
of the two temperatures; this phase of the 
work had been done at an earlier date. 
Most of the ternary and polynary alloys, 
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are considerably smaller at 300 and 400°F 
so that comparison of these alloys with the 
binary Mg-Zn alloys is justified. Further- 
more, the higher aging temperature results 
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however, were tested at room temperature 
- after aging both at 350°F and at 400°F 
whereas for tests at elevated temperatures 
these alloys were aged at 4oo°F. A few 
exceptions to this statement will be indi- 
cated in the discussion. Although differ- 
ences as large as 6000 psi will be noted in 
the strength values between material aged 
at 350°F and that aged at 4oo°F, previous 
experience has shown that these differences 


in greater stability at elevated tempera- 
tures and renders the alloys in a state 
more representative of the service condi- 
‘tions to be expected in applications where 
exposure'to temperatures up to 400°F is 
expected. Where sufficient data are avail- 
able to show the compositional variation 
in the properties, the results are so pre- 
sented in Fig 6, 7, 11-16. For the remaining 
alloys, the data are presented in the form 
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of property vs. temperature curves in Fig 
8, 9, 10, 17, and 18. The curves in the com- 
posite plot in Fig 19 showing the variation 
of the tensile properties of the binary and 
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spondingly. Whereas the greatest increase 
in tensile strength occurs between o and 3 — 


pet zinc, the yield strength rises rapidly 


between 3 and 5 pct zinc. Comparison of 
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ternary alloys with temperature were de- 
rived from Fig 6, 7, 11-16 for three values 
of zinc content, namely, 3, 6, and 10 pct. 
Fg 6 depicts the tensile properties of 
binary Mg-Zn alloys at room temperature, 
300 and 4oo°F as a function of zinc content. 
At all temperatures, the strength proper- 
ties increase with increasing amounts of 
zinc and the elongation decreases corre- 


Fig 6 with Fig 3 shows the pronounced 
degree to which age hardening occurs in 
this system. The strength properties of 
Mg-Zn alloys decrease rapidly with in- 
creasing temperature as shown in Fig 109. 
Both the strength properties and the 
ductility of Mg-Zn alloys are enhanced 
over a wide range of zinc content by the 
addition of a nominal 1 pct zirconium more 
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markedly than by any of the other elements 
investigated. The curves in Fig 7 show that 
at room temperature, increases in yield 
strength and in tensile strength as high as 
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zirconium is exhibited in alloys containing 
6 pct or less zinc. Fig 8 and 9 show the 
effect of the addition of 0.3-0.4 pct calcium 
to Mg-Zn and Mg-Zn-Zr alloys. Whereas 


5ST! ALLOYS 


| | 
ELONGATION 
L— 


=. 
Sees 
iit Ser ee 


—— 
aa = 


\ 
\ 


6 8 10 


PERCENT ZING 


Fic 16—TENSILE PROPERTIES VS. ZINC CONTENT FOR MG-ZN-5TI ALLOYS AT ROOM TEMPERATURE, 
300°F AND 400°F. HEAT TREATED AND AGED CONDITION. 


10,000 psi can be realized with an accom- 
panying improvement of several percent 
in elongation. The effect of zirconium at 
300 and 4oo°F is not as pronounced as it 
is at room temperature, but the association 
of high strength with high ductility is 
maintained even in alloys containing 10 
pet zinc; this is more clearly illustrated by 
the curves in Fig 19. The greatest effect of 


there is a significant improvement in the 
properties of alloys containing 1 pct zinc, 
the 3 pct zinc alloy is not affected with the 
exception of the considerab'y higher 
elongation at elevated temperatures. 
Strength properties and ductility com- 
parable to those of Mg-6Zn-1Zr can be 
attained at all temperatures in an alloy 
containing 6 pct zinc +0.5 pct manganese. 
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These results are shown in Fig 10. This 
alloy is of particular interest inasmuch as 
it has been found to be considerably easier 
to cast into commercial articles. Fig 10 
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ties than the binary Mg-Zn alloys or the 
ternary Mg-Zn-1Zr and Mg-6Zn-o.5Mn 
alloys. Three pct cerium, for example, 
added to Mg-3Zn (Fig 12) improves the 
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includes the data for Mg-6Zn-2Al alloy; 
the properties of this alloy at room tem- 
perature are inferior to those of the binary 
Mg-6Zn alloy. The two alloys included in 
Fig 10 were aged at 350°F for all tests. 

Of the various other elements added to 
Mg-Zn alloys to form ternary alloys, none 
was found to yield a better combination of 
room- and elevated-temperature proper- 


strength properties at 300 and 400°F but 
is very detrimental to the room-tempera- 
ture strength. The addition of 3 pct zinc 
to Mg-3Zn to make Mg-6Zn alloy, how- 
ever, results in still higher properties at 
elevated temperatures than those of the 
alloy containing cerium and at the same 
time is beneficial to the strength at room 
temperature. The same condition obtains 
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in the case of the alloy Mg-3Zn-2Ca as 
shown in Fig 13. Additions of 1.6 pct man- 
ganese (Fig 11), 5 pct tin (Fig 14) 5 pct 
cadmium (Fig 15), and 5 pct thallium 


Pe Ae 


3OF 


were obtained from the addition of any of 
the other elements to Mg-6Zn alloy. The 
pronounced temperature resistance of the 
alloys containing cerium and calcium is 
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(Fig 16) to Mg-3Zn result in no greater 
improvement of strength properties than 
is produced by an increase in the zinc con- 
tent of an equivalent amount on the at. pct 
scale. In alloys containing 6 pct zinc, the 
presence of either 3 pct cerium or 2 pct 
calcium is very injurious to the properties 
at all temperatures. With the exception of 
a high yield strength in Mg-6Zn-s5Sn at 
room temperature, no significant effects 


shown by the flatness of the curves in Fig 
19; however, the property level in these 
alloys is much lower than the binary alloys 
at all temperatures even though the latter 
lost strength rapidly with increasing tem- 
perature. The relative insensitivity of 
Mg-Zn-Ce alloys to temperature is typical 
of magnesium alloys containing cerium; 
similar strength vs. temperature curves 
have been shown for Mg-Ce and Mg-Ce- 
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if same material; otherwise, elevated-temperature 
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Mn alloys, which retain much of the 
strength up to 500°F.1 There is some in- 
crease in strength in going from 6 to 10 pct 
zinc but it is small compared to the rapid 
increase accompanying the addition of 
zinc up to 6 pct. The effects of the various 
elements added to Mg-Zn alloys are the 
same at the ro pct zinc level as those dis- 
cussed for alloys containing 6 pct zinc. 

Fig 17 depicts the tensile properties of 
Mg-4.4Zn-1Zr alloy containing various 
amounts of cerium from o to 3.7 pct. These 
alloys were aged at 350°F for 16 hr after 


heat treatment. The predominant effect of . 
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cerium is to render the alloys resistant to 
changes in strength properties with in- 
creasing temperature. However, the level 
of the properties is markedly reduced 
particularly at room temperature. The. 
yield strength is even lower than that of 
the binary Mg-4.4Zn alloy at all tempera- 
tures for all the cerium contents investi- 
gated; the tensile strength at 300 and 
400°F increases somewhat with cerium 
content after falling to minimum value at 
0.8 pct. Correspondingly, elongation goes 
through a maximum at about the same 
cerium content. Similar characteristics are 


_TaBLe 5—Brinell Hardness at Room and Elevated Temperatures 


oD 


Brisell Hardness Number 


Pe EEEIEEIIEE EEE EEE ESSENSE 


Room Temperature 


Elevated Temperatures—°F 


oer 
°. 
Heat aes and Heat Treated and Aged,* 
As Heat 
Cast Treated 
1* 2* 200 | 300 | 400 | 500 
Binary Mg-Zn Alloys 
Magnesium 29.6 22.3 17.2 3.3 10.0 
3 42.7 38.6 38.8 32.0 24.7 I9.1 13-4 
8 49.2 40.9 Sres 44.2 30.2 29.0 16.5 
II 54.0 44.1 55.6 48.6 Alva 33.1 19.6 
15 Be 49.7 70.9 58.6 47-3 36.7 21.9 
16 74.1 Cena 13.4 61.9 50.7 38.5 22.9 
Mg-Zn-1Zr Alloys 
I 8 35.8 35.6 25.0 18.8 14.9 10.5 
a aoce 42:7 44.6 34.4 28.0 233 rca 
19 46.9 51.1 54.7 40.7 38.2 31.8 21.3 
20 63.8 52.9 61.3 60.5 49.6 41.0 32.6 21.0 
Is2 % 68.8 63.8 52.9 44.5 34.4 24.0 
22 $7.9 coe 62.5 : 53-8 44.6 31.7 22.8 
23 55.1 iS2r 62.9 52.8 44.6 36.3 22.4 
24 b hfiass 60.5 17-4 73.6 60.1 47.9 36.4 22.8 
Mg-Zn-Ce and Mg-Zn-Ce-1Zr Alloys 
1 
aa 45.9 50.1 2.1 45.0 38.7 34.6 27.9 
a6 ae 8 53-7 55.2 50.4 44.6 36.0 26.5 
27 62.5 49.7 70.5 65.5 54.9 47-5 37-5 a8 
28 53-4 50.8 53.9 40.7 41.8 36.3 2 2 
20 52.1 50.0 52.3 45.6 39.9 RE ay 22% 
4 6.1 
. 50.3 53-4 47.2 40.4 34.3 2 
ie pear SSean 56.8 49 3 42.9 38.1 30.1 
32 50.6 56.4 59.5 49.4 43-5 39.7 coe 
Baus 63.6 52.8 58.2 51.6 41.2 31.2 20. 
34 57-3 54.0 57.9 50.6 46.0 40.2 30.5 


* 1 = Aged at 350°F for 16 hr. 
2 = Aged at 400°F for 16 hr. 


Whi = e hardness is given for aging treatment (2 1 
11 Be ee acieves : hardness is on material given aging treatment (I). 


), elevated temperature hardness is for 
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exhibited by Mg-3Zn-1Zr alloys containing 
3 pct cerium and 3 pct silver, separately 
and jointly, as shown by the property 
versus temperature curves in Fig 18. Again 
the alloys containing cerium maintain both 
tensile strength and yield strength with 
increasing temperature but the values of 
these properties, especially at room tem- 
perature, are drastically lowered by the 
presence of cerium. 


TABLE 5— 


Brinell Hardness 


The results of Bh determinations on all 
the alloys in the as-cast and in the solution 
heat treated conditions at room tempera- 
ture and in the heat treated and aged con- 
dition at temperatures up to s500°F are 
presented in Table 5. In general, there is a 
decrease in the hardness of all the alloys 
upon heat treatment. Aging subsequent to 
heat treatment results in pronounced age 


(Continued) 


Brinell Hardness Number 


Room Temperature 


Elevated Temperatures—°F 


alloy 
Oo 
x Heat Treated and 
re Heat. Aged Heat Treated and Aged,* 
Cast Treated 
1* 2* 200 | 300 | 400 | 500 
Mg-Zn-Ca and Mg-Zn-Ca-1Zr Alloys 
35 38.5 36.2 38.1 32.0 24.8 209 12.0 
36 50.3 44.3 50.9 47.8 40.9 36.7 32.8 21.0 
37 56.8 40.7 51.2 51.5 44.5 39.8 35-4 25.6 
38 61.3 55.2 59.9 57.0 50.3 46.4 39.9 20.9 
39 Ota 51.2 68.8 61.5 52.8 45.4 36.90 24.8 
40 43.6 42.2 44.9 41.2 35.3 30.9 23.7 
41 47.6 50.3 53.4 48.4 41.7 36.1 24.2 
Mg-Zn-Mn Alloys 
42 54.1 42.0 50.0 52.1 41.7 34.1 26.3 18.9 
43 60.6 48.1 72.5 66.8 53.4 45.5 34.1 23.0 
44 72.5 52.8 74.6 70.1 59.9 49.8 38.1 24.6 
45 49.2 46.4 61.7 53.2 45.0 34.9 20.5 
Mg-Zn-5Sn Alloys 
46 58.6 39.8 56.8 56.5 46.2 40 0 29.7 18.9 
47 61.7 49.2 714-3 71.5 55.6 48.4 37-7 23.3 
48 75.4 55.8 82.0 74.1 61.3 50.7 36.4 21.5 
Mg-Zn-5Cd Alloys 
49 52.4 39.3 ac 49.2 42.0 36.2 26.8 bg ied 
50 60.9 44.1 6.8 62.5 Sing 43.0 32.8 20.4 
51 74.1 52.0 81.4 72.8 60.5 50.3 37.8 20.9 
Mg-Zn-5T1 Alloys 
52 56.8 38.7. 53.5 50.9 42.6 38.6 28.5 18.6 
53 62.5 45.0 64.8 60.9 49.8 43.9 32.9 19.3 
54 74.3 48.9 74.1 69.1 55.1 47. 34.9 20.3 
Mg-Zn-2Al Alloy 


* 1 = Aged at 350°F for 16 hr. 

2 = Aged at 400°F for 16 hr. 

Where room-temperature hardness is given for aging treatment (a) 
same material; otherwise, elevated-temperature hardness is on materia 


, elevated temperature hardness is for 
given aging treatment (1). 
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hardening in most of the alloys as has 
already been demonstrated by the attend- 
ant changes in the strength properties. The 
degree of age hardening increases with 
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entire composition range whereas in: the 
alloys containing zirconium, the hardness 
increases rapidly up to 6 pct zinc beyond 
which there is little further change particu- 
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Fic 20—BRINELL HARDNESS VS. ZINC CONTENT FOR BINARY MG-ZN ALLOYS AT ROOM AND ELE- 
VATED TEMPERATURES. HEAT TREATED AND AGED CONDITION. 


increasing zinc content. The addition of 


manganese, tin, cadmium, or thallium 


markedly increases the extent of hardening 
accompanying aging whereas the presence 
of either cerium or calcium both in Mg-Zn 
and in Mg-Zn-1Zr alloys suppresses this 
effect. 

-Fig 20 and 21 show the change in hard- 
ness of Mg-Zn and Mg-Zn-1Zr alloys, re- 
spectively, in the heat treated and aged 
condition as a function of zinc content at 
temperatures up 500°F. The hardness of 
the binary alloys increases regularly with 


zinc content at all temperatures over the 


larly at elevated temperatures. The hard- 
ness of Mg-Zn-1Zr alloys containing 6 pct 
or less zinc is considerably higher than that 
of the corresponding binary alloy at all 
temperatures. It is of interest to note that 
the hardness values of Mg-Zn-1Zr at 
elevated temperatures fall on the same 
curves regardless of whether the alloys 
were aged at 350 or 400°F.; at room tem- 
perature, the scatter in the data prevents 
distinguishing between the two aging 
treatments. The hardness of both Mg-Zn 
and Mg-Zn-Zr alloys decreases rapidly: 
with increasing temperatures. 
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Of the various other elements added to 
Mg-Zn alloys, cerium and calcium were 
the only ones found to effect a significant 
increase in hardness at elevated tempera- 


BRINELL HARDNESS NUMBER 


greater the higher the temperature and the ~ 


lower the zinc content. The pronounced 
effect of cerium on the hardness at elevated 
temperatures is further illustrated in 


Q AGED AT 350°F 
© AGED AT400° 
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Fic 21—BRINELL HARDNESS VS. ZINC CONTENT FOR MG-ZN-IZR AT ROOM AND ELEVATED TEMPERA- 
TURES. HEAT TREATED AND AGED CONDITION. " 


tures. Whereas alloys containing man- 
ganese, tin, cadmium, or thallium have 
higher hardness at room temperature as a 
result of age hardening, these alloys are 
no more temperature-resistant than the 
binary Mg-Zn alloys and their hardness at 
elevated temperatures is no greater than 
that of binary alloys of equivalent alloy 
content. Cerium and calcium, on the other 
hand, contribute markedly to the hardness 
at elevated temperatures. Examination of 
Table 5 shows that the increase in hardness 
at elevated temperature as a result of the 
addition of either cerium or calcium is 


Fig 22 where the change in hardness of 
Mg-4.4Zn-1Zr-Ce alloy is plotted as a 
function of cerium content. 


Creep Resistance 


Creep tests of roo-hr duration were per- 
formed on all the alloys in the heat treated 
and aged condition. Tables 6 and 7 present 
the data of each individual test at 300 and 
400°F, respectively. The 1oo-hr creep test 
is admittedly too short for obtaining data 
of great engineering significance; however 
it is useful in evaluating a large number of 
alloys in a short time. Furthermore, it has 
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been shown”? that the creep limit based on 
the 1oo-hr test rates the materials in the 
same order as does the creep limit based 
on a tooo-hr test. 
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Mg-3.0Zn-0.78Zr alloy tested at a stress 
of 4480 psi. This point. was plotted with 
the data of this paper on log-log coordi- 
nates. Extrapolation from this point 
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_ Fic 22—EFFECT OF CERIUM CONTENT ON THE BRINELL HARDNESS OF MG-4.4ZN-1ZR ALLOY AT ROOM 


AND ELEVATED TEMPERATURES. HEAT TREATED AND AGED CONDITION. 


The creep limit, defined as the limiting 


stress required to give a creep extension of 
0.1 pct in roo hr of test, is plotted for 
binary and the various polynary magne- 
sium-zinc alloys in Fig 23 and 24 as a func- 
tion of zinc content. The resistance to creep 
of Mg-Zn alloys at 300°F increases with 
increasing zinc content as shown in Fig 23. 
The addition of 1 pct zirconium to Mg-Zn 
alloys raises the creep limit over the entire 
range of zinc content investigated. Murphy 


and Payne? have reported a creep extension 


of 0.53 pct in 100 hr at 200°C (392°F) for 


parallel to the curves for higher zinc con- 
tents leads to a creep limit, as defined in 
this paper, of 2600 psi. If the curve in Fig 
23 for Mg-Zn-Zr alloys tested at 400°F is 
extended to pass through this point, the 
trend of the resulting curve conforms to 
that of the curve depicting the change in 
creep limit of Mg-Zn-Zr alloys with zinc 
content at 300°F. The strength properties 
and elongation given by Murphy and 
Payne for this alloy are in good agreement 
with those of a similar composition pre- 
sented in this paper. 
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TABLE 6—Creep Data on Individual Tests TABLE 6—(Continued) 
at 300°F 
aban Creep 4 Coen 
) xtension ate 48t 
Initial Creep Alloy | Stress Elastic + Extension to 96th Hr 
Extension eel Rate 48th No. Psi Plasti in r00 Hr, |" pot 
Alloy | Stress . Extension a astic Per Cent ot Pee 
No. psi ape + | in 100 Hr A ake: Hr Per Cent Hr X to" 
astic ct per 
Per Cent Per Cent Hr x ro! a aah ike ae = Kc > © 
29 7000 0.122 0.056 Qua 
ee Sa Paes ER oe ht ee 8000 0.158 0.073 3.9 
Mag- 9000 0.178 0.118 4.4 
nesium 500 0.011 0.021 0.5 
1000 0.027 0.113 5.0 30 8000 0.138 0.035 oe) 
9000 0.221 0.100 2.6 
6 2000 0.031 0.041 1.2 10000 0.202 0.108 2.5 
3000 0.072 0.257 8.6 T1000 0.407 0.204 7.0 
850 0.10 0.680 ; 
So2 3 25.40 31 8000 0.158 0.026 0.6 
8 5500 0.007 0.075 3.1 10000 0.254 0.078 Vad 
12000 Off Scale During Loading PESO: he 0; 200 S-a8 2 
12000 0.462 0.235 8.2 
II 4500 0.082 0.053 2.8 
7000 0.133 0.087 5.7 32 8000 0.163 0.030 0.6 
9000 0.133 0.142 8.0 10000 0.239 0.063 0.8 
10500 0.244 0.780 30.0 12000 0.582 0.123 7 Ace: | 
13 5500 0.080 0.044 Res 
12000 0.200 0.348 20.6 33 1090 0.128 Lede 16.9 
8000 0.152 0.446 30.8 
16 5500 0.086 0.036 1.6 8000 0.168 0.610 31.3 
12000 0.182 0.176 Tics woe 0.175 o.74o 26.0 
17 1500 0.047 0.065 Les 34 7000 0.127 0.014 0.1 
2000 0.063 0.222 2.0 10000 0.208 0.038 £6 
3000 0.102 0.300 5.0 I1000 0.245 0.008 r.5 
4000 0.424 2.26 3rd Stage BzCCo 0.305 C7300 nO 
at 80 Hr 
35 5000 0.178 0.035 PS 
18 4000 0.070 0.076 2.0 5500 0.414 0.247 18.0 
5000 0.119 0.154 6.6 6000 0.390 0.750 56.0 
6000 0.159 0.680 28.2 
6 8000 0.240 0.050 I 
I 6000 0.11 0.10 3 5 “5 
: 6500 Ree hence vee 2000 Oh a07 0087 etl 
bea A ee i pu 3 10000 0.499 0.523 3rd Stage 
8500 0.160 0.188 7.5 at 40a 
20 5000 0.095 0.071 3-7 37 6000 0; £35 a0 1.3 
6000 0.118 0.104 4.0 8000 0.199 0.109 3.8 
10000 0.170 0.160 7.4 10000 0.295 0. 309 10.8 
21 6000 0.095 0.034 5h 38 6000 0.099 0.055 Siz 
8000 0.141 0.083 36 7830 0.208 0.0890 Pas 
10000 0.192 0.239 11.7 10000 0.237 0.289 12..§ 
000 . : 
22 oes rye rage eS 39 6000 0.005 0.050 1.8 
aaak met a ainot the 10000 0.182 0.127 5.2 
SGbod onsen aaah a 12000 0.255 0.527 34.6 
6000 0.001 0.016 
23 6000 O.III 0.02 ae 9 phe) 
“yes ta ines ais Cee 0.113 0.036 1.6 
11000 0.205 0.118 5.1 eae 2 333 S047. And 
I 6000 0.100 0.054 
24 8000 0.121 0.046 1.6 7 3-3 
10000 | 0, 181 0.121 5.2 wae a.xey boce ne 
12000 0.219 0.256 13.2 2 oi ais dO 
5 6000 0.079 0.068 6 
25 6000 0.116 0.006 oe : 2 
Soae a seak pp o ares 0.166 0.289 16.6 
bach 01437 0.247 “4 000 0.246 0.750 48.0 
26 6000 0.139 0.039 2.7 ae 488 See mi aot 
8000 0.181 0.102 ats M4 Saas mega Xi 5:8 
TonGa bade cane ae 10000 0.164 0.175 Lit 
6000 0.006 0.051 
27 6000 0.108 , si a] Sie 
10000 0.167 3 aA 3 0 Poent ett oes es 
: 0,063 2.2 
2000 0.193 0.232 14.0 12000 0.183 0.203 20.3 
28 8000 0.178 0. 
9000 3 Obl oe oe ae {Bae eee Dees it 
} 9000 0.176 0.037 0.4 Soon . Ph: eck aa 
: 10000 0.260 0.115 t.3 10000. 0.170 0.154 a 
ea PN eae eS i eg De 
Se Se | See 
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TABLE 6—(Continued) * 


Initial Cree 
: Creep Pp 
Allo St Extension : Rate 48th 
low | Stress | Plastic + | P*temsion |to goth Hr 
Plastic Deni Cant Pct per 
Per Cent Hr X 104 
46 6000 0.102 0.051 Zs0 
8000 0.137 0.112 5.0 
10000 0.228 0.990 82.5 
47 10000 0.169 0.0901 4.1 
12000 0.220 0.197 TOM 
I5000 0.287 2.04 3rd Stage 
: at 16 Hr 
48 6000 008 0.046 1.5 
8000 0.143 0.110 3.8 
10000 0.161 0.150 8.3 
49 5000 0.085 0.045 T0 
6000 0.101 0.099 Bia 
8000 0.143 0.905 44:7 
50 6000 0.097 0.060 1,0 
8000 0.129 0.158 1.9 
10000 0.156 0.305 16.6 
51 6000 0.091 0.048 2.6 
8000 0.128 0.070 207 
10000 0.157 0.205 I2.5 
52 6000 0.116 0.115 5.0 
8000 0.133 0.240 10.5 
8000 0.156 0.241 TA 
10000 0.194 I.68 3rd Stage 
at 45 Hr 
wet 6000 0.085 0.039 1.8 
8000 0.142 0.096 5.0 
10200 Onr7 x 0.271 14.0 
54 6000 0.089 0.053 nea) 
8000 0.118 0.086 4.2 
10000 0.176 0.351 23.5 
55 5000 0.085 0.026 T 5 
6000 0.103 0.106 7.8 
7000 0.117 0.066 322 
7500 0.118 0.083 4.4 


Mg-Zn and Mg-Zn-1Zr alloys containing 
0.3-0.4 pct calcium exhibit exceptionally 
high creep limits. The beneficial effect of 
calcium on Mg-3.5Zn-1Zr is considerably 


less than on Mg-1Zn-1Zr. Unfortunately - 


these alloys have not been investigated 
over a wide range of zinc content; indica- 
tions are, however, that the effect of cal- 
cium will diminish with further increases 
in zinc content. There appears to be no 
significant effect on the creep limit of Mg- 
Zn alloys resulting from the addition of 1.6 
pet manganese. The presence of 0.5 pct 
manganese in the Mg-6Zn alloy raises the 
creep limit at 300°F from 6500 psi to 
8400 psi. Inasmuch as three alloys con- 
taining 1.6 pct manganese and only one 
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TABLE 7—Creep Data on Individual Tests 


at 400°F 
Initial Cre 
. Creep ee 
Alloy | Stress eae Extension pate fee 
No. Plastic. | 12 100 Hr ne er 
Per Cent Per Cent H z Trek 
© 10 
yy 2500 0.039 0.084 3.8 
3000 0.051 0.108 3.9 
4000 0.085 0.231 11.8 
4500 0.005 0.260 12.0 
21 3000 0.055 0.045 I.5 
4000 0.059 Oner2 4.7 
4500 0.082 0.120 78 
5000 0.108 0.192 I2.5 
22 4000 0.085 0.093 4.0 
5000 0.006 0.197 Es 
6000 0.122 0.351 257 
24 4000 0.076 0.034 to) 
5000 0.005 0.118 725 
36 3000 0.047 0.029 3 
4000 0.100 0.107 9.4 
4500 0.140 0.480 3rd Stage 
at 45 Hr 
40 3500 0.068 0.086 4.1 
4000 0.084 0.115 7.6 
4500 0.085 0.110 6.6 
5500 0.107 0.310 28.1 
45 4000 0.085 O.I5!I 8.7 
4500 0.062 0.153 10.9 
5000 0.090 0.147 4 
6000 0.123 0.540 50.0 
47 2000 0.038 0.026 1.8 
4000 0.063 0.054 S03 
5000 0.001 0.129 8.5 
5500 0.090 0.100 627 
5500 0.102 0.158 TTPO 
5500 0.080 0.100 6.4 
55 3000 0.051 0.031 1.6 
4000 0.067 0.088 4.4 
5000 0.087 0.164 0.7% 


having 0.5 pct were investigated, further 
tests will be necessary to establish the 
superiority of the alloy containing the 
lower amount of manganese. It may be 
that the creep data of all the Mg-Zn-Mn 
alloys investigated lie in the same scatter 
band. Whereas the addition of 2 pct 
aluminum to Mg-6Zn does not affect the 
creep limit at 300°F, it increases the value 
at 400°F from 2800 psi to 4300 psi. 

The creep limit of Mg-Zn-3Ce alloys 
decreases rapidly with increasing zinc con- 
tent in the range between o and 6 pct zinc; 
the value for Mg-10Zn-3Ce is the same as 
that for the binary Mg-10Zn. This means 
that zinc has a harmful effect on the creep 
resistance of Mg-Ce alloys. Beyond 6 pct 
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zinc, the predominance of zinc makes the 
alloy behave as a binary Mg-Zn alloy with 
the cerium having no effect. Increasing 
amounts of cerium increase the resistance 


alloys i§ independent of zinc content. The ~ 


variation in creep limit with zinc content 
in alloys containing 5 pct tin, 5 pct cad- 


mium, or 5 pct thallium is illustrated in © 


18 
O—— BINARY Mg-Zn ALLOYS 
@——— Mg-Zn-!Zr ALLOYS 
16 ©—-- Mg-Zn-L.6Mn ALLOYS 


@—--: Mg-Zn-2Ca ALLOYS 
@— — Mg-Zn-0.4Ca ALLOYS 

14 @—- Mg-Zn-IZr-0.4Ca ALLOYS 
R Mg-Zn-0.58Mn ALLOY 


CREEP LIMIT—1O0OPSI 
o @ 


4 
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Fic 23—CREEP LIMIT VS. ZINC CONTENT FOR VARIOUS ZINC-CONTAINING ALLOYS AT 300°F AND 
400°r. HEAT TREATED AND AGED CONDITION. 


to’ creep of Mg-4.4Zn-1Zr-Ce alloys at 
300°F as shown in Fig 25. In the absence 
of complete data on the creep resistance 
of Mg-Ce alloys at 300°F, the curve show- 
ing the variation of creep limit with cerium 
content at 400°F is included in Fig 25. The 
creep limit of Mg-Ce alloys at 400°F is 
approximately equal to that of the Mg- 
4.4Zn-1Zr-Ce alloys at 300°F. The effect of 
cerium in a few other alloys is shown in 
Fig 24. The creep limit of Mg-Zn-2Ca 


Fig 24. No significant changes result from 
the presence of these elements in Mg-Zn 
alloys with the exception of the high 
values exhibited by the alloy Mg-6Zn-s5Sn 
both at 300 and 400°F. Creep tests at 
300°F on binary magnesium alloys con- 
taining 5 pet tin, 5 pct cadmium, or 5 pct 
thallium have been run at one stress level. 
From these very limited data, the creep 
limit of each of these alloys is estimated 
between 1000 and 2000 psi. 
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The creep data of Murphy and Payne 
on Mg-Ce-Zr alloys tested at 200°C 
(392°F) in the as-cast condition have been 
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creep resistance can be obtained at 400°F 
in alloys of corresponding cerium content 
when tested in the heat treated and aged* 


BINARY Mg-Zn ALLOYS 
O--—- Mg-Zn-5Sn ALLOYS 

16 @—— Mg-Zn-5Cd ALLOYS 
©—-Mg-Zn-5TI ALLOYS 
@—---Mg-Zn-3Ge ALLOYS 


14 5 


CREEP LIMIT—IOOOPSI 
@ 


Mg-Zn-2.1Al ALLOY 
zn Ag Ge Zr 


29 0.66 
2.7 0.45 
28 25 04! 


6 8 10 
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Fic 24—CREEP LIMIT VS. ZINC CONTENT FOR VARIOUS ZINC-CONTAINING ALLOYS AT 300°F AND 
400°F. HEAT TREATED AND AGED CONDITION. 


analyzed according to the method used in 
this work with the following results: 


ALLOY CREEP LIMIT 
CoMPOSsITION (1000 Pst) 
Mg-2.67 Ce-0.40 Zr. ...----++s- 7.0 
Mg-2.57 Ce-0.49 Zr......--200++> 6.7 


These creep limits are higher than any 


value obtained at 400°F on a zinc-con- 
taining alloy. However, comparison with 
the results on Mg-Ce alloys depicted in 
Fig 25 shows that considerably higher 


condition. Murphy and Payne also noted, 
on the basis of a single creep test however, 
that the creep resistance of Mg-2.5Ce- 
2.32Zn-0.71Zr alloy at 200°C is equivalent 
to that of the zinc-free alloys as given 
above. All the results presented in this 
paper indicate that the presence of zinc 
both in Mg-Ce and in. Mg-Ce-Zr alloys 
lowers the creep limit. 


* Heat treated at 1070°F-(16 hr) and aged 
at 400°F (16 hr). 
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TABLE 8—Electrical Conductivity at 95°F 
(35°C) 


Electrical Conductivity—Reciprocal 
Microhm-cm (95°F 


Alloy Heat Treated 
No. Heat daeAged 
As-Cast and Agec 
Treated i* at 
Binary Mg-Zn Alloys 
2.0 Zn 0.199 0.105 0.194 | 0.194 
3.6 Zn 0.179 0.171 0.183"| 0.187 
5 6Zn 0.160 0.153 0.179 | 0.179 
6.0 Znt 0.163 0.154 0.180 | 0.183 
6.1 Zn 0.159 0.152 0.179 
7.8 Znt 0.159 0.147 0.181 | 0.179 
+ Mg-Zn-1Zr Alloys 
I 0.176 
is 0.168 0.184 0.186 
19 0.152 Onin 0.182 
20 0.152 0.181 0.184 | 0.1905 
21 0.152 0.161 0.181 | 0.184 
22 0.152 0.160 0.179 
23 0.151 0.163 0.181 
24 0.151 0.145 0.174 | 0.182 
Mg-Zn-Ce and Mg-Zn-Ce-1Zr Alloys 
25 0.166 0.163 0.168 | 0.160 
26 0.158 0.162 0.1590 | 0.158 
27 0.143 0.143 0.162 | 0.163 
28 0.146 0.160 0.184 
29 0.148 0.173 0.177 
30 0.143 0.172 0.176 
31 0.139 0.159 0.163 
32 0.132 0.151 0.154 
33 0.143 0.170 0.184 
34 0.142 0.152 0.158 
Mg-Zn-Ca and Mg-Zn-Ca-1Zr Alloys 
35 0.208 0.204 0.215 
36 0.192 0.187 0.211 | 0.217 
37 0.168 0.167 0.170 1 0.177 
38 0.150 0.147 0.149 | 0.153 
39 0.146 0.147 0.166 | 0.164 
40 0.161 0.184 0.193 
41 0.150 0.187 0.1902 
Mg-Zn-Mn Alloys 
42 0.131 0.166 0.171 | 0.184 
43 0.122 0.139 0.1690 | 0.177 
44 0.117 0.138 0.174 | 0.175 
45 0.142 0.139 0.167 
Mg-Zn-5Sn Alloys 
46 0.102 0.090 0.0909 | 0.005 
47 0.0908 0.099 0.109 | 0.109 
48 0.096 0.110 0.118 | 0.119 
Mg-Zn-5Cd Alloys 
49 0.158 0.157 0.161 | 0.174 
50 0.147 0.135 0.153 | 0.155 
51 0.133 0.131 0.150 | 0.151 
Mg-Zn-5T1 Alloys 
52 0.126 0.121 0.133 | 0.133 
53 0.124 0.115 0.128 | 0.132 
54 0.114 0.108 0.121 | 0.121 
‘ Mg-Zn-2Al Alloy 
56 PUOrtT SS US Jor Melon on | 
* 1 = Aged at 350°F for 16 hr, 
{ 2 = Aged at 400°F for 16 hr. 
High purity alloys. 


Electrical Conductivity 


The results of electrical. conductivity 
measurements on all the alloys in the as- 
cast, heat treated, and in the heat treated 
and aged conditions are tabulated in 
Table 8 


Metallography: 


The metallographic structures of all the 
alloys have been carefully examined in all 
conditions of heat treatment. Many 
interesting features were noted. However, 
a detailed discussion would entail the use of 
considerable space and the presentation of 
many micrographs. This phase of the sub- 
ject will be left for a subsequent publica- 
tion. Suffice it to say at the present time 
that new intermetallic phases are intro- 
duced into the structure of Mg-Zn alloys by 
the addition of manganese, calcium, cerium, 
tin, or thallium in the amounts used in the 
alloys reported in this pape. 


CONCLUSION ‘ 


It has been shown that the tensile prop- 
erties, hardness, and creep resistance of 
Mg-Zn alloys at temperatures up to 500°F 
increase progressively with increasing zinc 
content within the composition range of 
o to ro pet zinc. In general, the beneficial 
effect of zinc is most pronounced in the 
range between o and 6 pct. Both the tensile 
properties and the creep resistance of 


Mg-Zn alloys can be improved by the 


addition of any one of a number of ele- 
ments to form ternary or more complex 
alloys. The effects of the following ele- 
ments added to Mg-Zn alloy either sepa- 
rately or in combinations, have been 
investigated: aluminum, cadmium, calcium, 
cerium, manganese, silver, thallium, tin, 
and zirconium. The results presented have 
shown that the addition of either zirconium 
or manganese produces alloys having the 
best combination of tensile properties at 
room and elevated temperatures and 
creep resistance at elevated temperatures. 
Whereas Mg-Zn alloys containing either 
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Fic 2 5—CoMPARISON OF THE CREEP LIMIT OF MG-4.4ZN-IZR-CE ALLOYS AND MG-CE ALLOYS. HEAT 
TREATED AND AGED CONDITION. 


TABLE 9—Comparison of the Properties of Magnesium Alloys Containing Zinc with those 
of Commercial Alloys and of Magnesium Alloys Containing Cerium 


All AGondin ra a Creep Elect. Conduc. (95°F) 
Oyaen ondition | Pet E | YS TS | Limit? | Reciprocal Microhm-cm 

: 4 Room Temperature 
Mg-6Zn-1Zr (HTA)........-.-- 4-9 23.9 39.5 0.1 
Mg-6Zn-0.5Mn (HTA) nes 4.7 24-1 37.9 oO. tee 
PNG 2 EL AR. uth o arelsis wis) ies v0 415 9 avis o:0ts 2 23 40 0.072 
NTO SS EVD SE. Pie i Basors, 9\0iF  Syaremr'e'> 7 17 40 0.092 
BNNO AEP DACs ethene cise «cre oe ae i-2 17.7 TO.3 ourgs 
DEER A aes Bie See og coor Toman 1.0 17.0 20.4 0.157 

j 300°F 

Mg-6Zn-1Zr (ATA)... eee ee ee eee 20.8 17-4 24.6 8.1 
“RT oo SET ANAN) A ego erstotohasotase a euethae"2: 6 14.5 18.0 23.9 8.4 
BS) 2 FA Acre oie, ih ois ai ch -sbiake sil se) oniefity sl essere) s 35.0 18.0 28.0 353 
FAO SEL On shaenbibyoisie,wicieti essere mia: exeuchernesgare 40.3 14.2 27.0 4.1: 
TD ESR PEON ore aie an Geacwenaher icc Gack Caine ao Pr 15.6 19.7 TS.0 
E6-HTA } 2.0 14.9 19.3 14.8 


Mg-6Zn-1Zr (HTA).... 2.20 sees ee eee eee BIS Tsor 18.1 vie 
Poco GETSIWAC) aoe choise fe vayotstet evita sii 9.0 15.2 18.3 4.0 
ZG ZELDA. See uatste os Span sie sc ihn sre a ee :| 36.0 10.9 16.9 0.9 
WAGE AIS DAR Rar hs Se pODmcr Og aa eDnO tea 12.0 L725 T3 
DW eis GWG A ere o Bio. oc Olen Omicron: rez 14.4 19.3 10.4 

4.0 14.7 18.6 10.8 


@ 1000 psi. ‘ 

Stress for 0.1 pct creep extension in 100 hr; 1000 psi. 

¢ Mg-oAl-2Zn-0.2Mn: Heat treated and aged to hr at 425°F. 

4 Mg-6Al-3Zn-0.2Mn: Heat Treated and aged 4 hr at 500°F. 
cs ¢ Mg-6Ce-2Mn: Heat treated and aged 16 hr at 400°F. 

J Mg-6Ce: Heat treated and aged 16 hr at 400°F. 
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cerium or calcium exhibit marked tem- 
perature resistance as manifested by rela- 
tively little change in strength with 
increasing temperature, the level of the 
strength properties of these alloys is very 
low compared to the Mg-Zn-Zr alloys. 

In Table 9 are compared the tensile 
properties, creep resistance, and electrical 
conductivity of Mg-6Zn-1Zr and Mg-6Zn- 
0.5Mn alloys with the corresponding 
properties of two commercial sandcasting’ 
alloys, AZg2-HTA and AZ63-HTS, and 
two alloys of the Mg-Ce type. Typical 
properties are given for the two commercial 
alloys at room temperature; all the other 
values are the results of determinations 
on a single batch of each material. 

An outstanding feature of the zinc- 
containing alloys is clearly demonstrated 
by the tensile properties at room tempera- 
ture. Both of these alloys have tensile 
strength and yield strength values equiva- 
lent to those of the stronger commercial 
alloy, AZo2-HTA, and at the same time 
exhibit more than double the elongation of 
AZg2-HTA. At 300°F, the Mg-Zn alloys 
may be considered equivalent in tensile 
properties to the commercial alloys; how- 
ever, they show a definite superiority to 
the commercial alloys at 400°F. Compared 
to the Mg-Ce alloys, the alloys containing 
zinc have markedly higher strength and 
ductility at room temperature and 300°F; 
at 400°F both types of alloys are equivalent 
in strength but the Mg-Zn alloys are con- 
siderably more ductile. : 

More significant differences between the 
Mg-Zn alloys and the commercial alloys, 
as well as the Mg-Ce alloys, exist in their 
relative resistance to creep. It can be seen 
from the tabulated creep limits that the 
creep resistance of the new alloys is higher 
than that of the commercial alloys but is 
definitely lower than that of the cerium- 
containing alloys. Both of the zinc-con- 
taining alloys exhibit at least a two-fold 
superiority at 300°F and a four-fold 
superiority at 400°F over the commercial 


alloys. In other words, the Mg-Zn alloys 
can withstand prolonged loading at 400°F 
at stresses equal to those which can be sus- 
tained by either AZg2 or AZ63 alloys at 
300°F to the same degree of creep exten- 
sion. Alloys of the Mg-Ce type, on the 
other hand, can sustain still higher stresses 
at temperatures even higher than 400°F. 
For applications requiring exposure to 
elevated temperatures, the conductivity 
of the material is another property that 
must be considered. The data in Table 9 
show that the electrical conductivity of 
both of the zinc-containing alloys is at 


least double that of the commercial alloys — 


and higher even that that of EM62 or of © 


E6 alloy. 


The results presented in this paper have 


established that certain zinc-containing 


magnesium alloys have considerably higher — 


tensile properties and creep resistance at 
elevated temperatures than present com- 
mercial magnesium alloys and at the same 
time exhibit tensile properties at room 
temperature at least equal to those of the 
commercial alloys. Materials with such a 
combination of properties are of consider- 
able interest in the manufacture of aircraft 
engines, especially with the present trend 


toward higher operating temperatures ° 


However, selection of one of these alloys 
for commercial application and establish- 
ment of its composition requires consider- 
able further study of factors which have 
not been covered very thoroughly in this 
investigation. In particular, the relative 
foundry characteristics, including fluidity, 
porosity tendency, cracking tendency, and 
grain size in large castings, must be evalu- 
ated for a number of compositions. 
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Factors Affecting the Tensile Notch Sensitivity of Magnesium 
Alloy Extrusions 


By I. Cornet,* MremBer AIME 
(Philadelphia Meeting, October 1948) 


INTRODUCTION 


Wiru the greatly expanding use of mag- 
nesium during the war, it appeared neces- 
sary to the War Metallurgy Committee 
that the notch sensitivity of magnesium 
alloy extrusions be further investigated and 
the influence of various factors upon notch 
sensitivity be noted. Accordingly, the 
National Defense Research Committee of 
the Office of Scientific Research and De- 
velopment placed a research contract with 
the University of California, supervised by 
the War Metallurgy Committee. The work 
discussed herein was done under “Re- 
stricted’? Project NRC-21, reported in 
Dec. 1943}; it has been released for publica- 
tion by the O.S.R.D. 


_ SCOPE OF THE INVESTIGATION 


The notch sensitivity of various mag- 
nesium alloy extrusions was determined 
under axial tension, and also under several 
conditions of nonaxial tension. Hardness, 
grain size and other metallographic fea- 
tures were observed; stress-strain data were 
obtained, and the chemical compositions 
of the alloys were determined, in order to 
correlate these quantities with the notch 
sensitivity. 

Notch sensitivity under axial tensile load 
was determined for a few specimens which 
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Institute July 209, 1947: revision received 
Jan. 9, 1948. Issued as TP 2419 in Merrars 
TECHNOLOGY, August 1948. 

* Assistant Professor, University of Cali- 
fornia. 

1 References are at the end of the paper. 


had been cold worked to various degrees by 
tensile prestraining. ; 

_ Magnesium alloy extrusions studied in- 
cluded Dowmetal O, X, J, and M. For 
comparison, extrusions of aluminum alloy 
24S-T, cast bars of aluminum alloy 122-T2, 
and cast bars of magnesium alloy C were 
also tested. The specified chemical compo- 
sition of these alloys is given in: Table 1. 
All bars. tested were within specification 
limits of composition. 

Investigation of the tensile notch sensi- 
tivity of various magnesium alloy extru- 
sions, under conditions of axial and 
eccentric load, showed little or no correla- 
tion with stress-strain or othe entional 
data. Since the many uncontrolled variables 
present might mask significant relation- 
ships, one alloy was selected for intensive 
study. Magnesium O alloy extrusions 
were subjected to experimental heat 
treatments, and the changing hardness, 
tensile strength, microstructure, and notch 
sensitivity observed. 


EXPERIMENTAL TECHNIQUES AND 
PROCEDURES 


Tensile Testing 


Bars used for axial loading were ma- 
chined with 3¢ in.- and with 14-in. mini- 
mum diam, and included specimens with 
60° V notches (Fig 1 and 2). Each V- 
notched specimen was roughed out care- 
fully and then finished with a honed tool. 
These V-notched bars were sampled 
frequently, sectioned, polished, and ex- 
amined at 500 X magnification to control 
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the sharpness of the notch. The radius at _ the tensile strengths of notched bars is well 
the root of the representative notch shown known.’ Therefore the notched bars for 
in Fig 3 was approximately 0.0002 in. axial testing were placed in a specimen 


TasLE 1—Nominal Composition of Materials Tested 


A.S.T.M. Nominal Composition, Per Cent 
Alloy ne ae = 1 e Form Condition 
esig- pecifi- ag- : an- . op- 
nation cation nesium Aluminum ganese Zinc per 
a i AZ61X | Bro7-45T | Remainder 6 0.2 I Extrusion As received 
x I5 Bro7-41T | Remainder 3 0.2 3 Extrusion As received 
O AZ80X | Bro7-45T | Remainder 8.5 0.2 0.5 Extrusion As received 
M Mi Bro07-45T | Remainder 2/5 Extrusion As received 
: AZo2 B80-45T | Remainder 9 0.2 2 Sand casting} As cast 
Al 24S-T. | CGatr Bar1-46T D5 Remainder| 0.6 4.5 | Extrusion Solution heat 
treated and 
aged 
Al 122-T2 | CGr B26-46T 0.2 Remainder ae) Sand casting | Annealed 


Bieta eae eg 2 


For nonaxial loading only the bars of _ holder (Fig 4) similar in design to one 
3¢ in.-minimum section, unnotched or with recommended by Gensamer.’ 


60° V notches, were used. For nonaxial tensile loading, a fixture 
1" 
| es 
aie J 
ae iris 
4 et 


at 2 sta! 


SPECIMEN FOR 


MICROSTRUCTURE 
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Fic 1—CyLINDRICAL TEST BAR DESIGNS FOR BARS WITH 14 INCH MINIMUM DIAMETER. _ 
These bars were submitted to axial loading only. The lower design, with a 1245 in. diam 
between the fillets and notch, was used only for cast test bars. Note: All threads 5¢ in.-18-NF. 


Standard testing procedures were used was designed to furnish eccentricities of 
for the unnotched bars. The unreliability 46, 346) 246 and 6 in. (Fig 5). 
of self-aligning grips alone in determining In the study of heat treated bars of O 
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alloy, axial tensile tests were made on 
3g-in. bars shown in the two upper speci- 
mens of Fig 2; these heat treated bars 
were not subjected to nonaxial load tests. 


FACTORS AFFECTING THE TENSILE NOTCH SENSITIVITY 


This composition is commonly used in 
Europe.‘ After solution treatment, some of 
the specimens were cooled in air; others 
were quenched in water at 30°C (86°F) or 


SPECIMEN FOR 


MICROSTRUCTURE 


pea 
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feeb 


Fic 2—CYLINDRICAL TEST BAR DESIGNS FOR BARS WITH 3¢ INCH MINIMUM DIAMETER. A 
These bars were used for both axial and nonaxial loading. The lower design, with a 13¢5 in. 
diam between the fillets and notch, was used only for cast test bars. Note: All threads 34 in. 


16-N. 


Notched bars were tested in the specimen 
holder designed to maintain alignment. 


Prestraining 


Notched and unnotched test bars ma- 
chined from prestretched J, O, and M 
alloys were subjected to axial tensile load, 
to determine the effects of cold work on 
tensile notch sensitivtiy. 


Solution Heat Treatment 


In the heat treatment studies, solution 
heat treatments were performed in salt 
baths of the following composition (by 
weight): 30 pct potassium dichromate, 69 
pet sodium dichromate, 1 pct sodium 
chromate. 


at 95°C (203°F). Temperatures of 780 and 
795°F were used in the solution heat treat- 
ment study, and a solution treatment 
temperature of 795°F was used in the 
aging study. 


Aging 


Aging was performed at 375, 400, 425, 
and 450°F in air, in furnaces maintained at 
temperature + 1°F by a refluxing mixture 
of ethylene glycol and water. Bars removed 
from the aging furnace were quenched in 
water at 30°C (86°F). 


Hardness and Grain Size 


Hardness was determined on a Wilson- 
Maeulen Rockwell Hardness tester. 


le 


Oe 


Ses SS 
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Grain size was obtained by projecting the 
microscope image on a ground glass and 
counting the number of intersections of 
grain boundaries with the circumference of 
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RESULTS 


The results of axial loading tests on 
14-in. and 3¢-in. bars in the ‘‘as received” 
condition are shown in Table 2. 


| 


i 


i ea x 


Frc 3—X ALLOY CROSS 


SECTION OF 60° NOTCH. 500 


sc 
Carbon arc light, numerical aperture is 0.65. Cut with a heat treated steel tool freshly honed 


on a hard Arkansas stone. 


the circle of view, and also the number of 
wholly included grains, using 500 X mag- 
nification. Knowing the area of the circular 
field of view, it was possible to determine 
the average grain diameter. 

Both hardness and grain size were deter- 
mined on the inside 14-in. diam core of the 
extrusions, as this core in O alloy was 
found to have a smaller grain size and 
harder Rockwell ““E” hardness than the 
outer-edge. The inside core has an increased 
concentration of beta constituent. The 
beta constituent appears as long stringers, 
paralleling the direction of extrusion, and 
concentrated at the inside of the rod. A 
micrograph of such stringers is shown in 
Fig 6. Examinations of O alloy rods have 
indicated that the inner 14-in. diam 
core is relatively uniform in hardness, 
grain size, and amount of beta constituent. 


In Fig 7 is shown the effect of eccentricity 
of loading on tensile notch sensitivity of 
various alloys in the “as received” 
condition. 

In Fig 8 is shown the effect of prestretch- 
ing on tensile notch sensitivity of J alloy. 

In order to study the effect of different 
microstructures on notch sensitivity in 
tension, O alloy extrusions were subjected 
to various heat treatments to obtain a 
range of microstructures. Data are pre- 
sented in Fig 9, 10, and 11 for the pre- 
liminary studies of solution heat treatment 
carried out in dichromate salt baths at 780 
and 795°F for various solution times. 

For the aging study, a solution heat 
treatment in a dichromate salt bath at 
795°F for 16 hr was selected, to be followed 
by a quench in water at 86 or 203°F. The 


rapid quench did not result in microcracks, 
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SPECIMEN HOLDER 
FOR AXIAL LOADING... 
OF NOTCHED BARS 


A 


OUTER SLEEVE 
MILD STEEL 


\\ 
(LLLLL LLL LALLA LLL LL 2 


TOP GRIP 
MILD STEEL 
oh 
1 
INNER COLLAR 
MILD STEEL 


AYARAANA 


GRIP 
MILD STEEL 


BOTTOM 


L_—— ] 


AAMAS 


Fic 4—SPECIMEN HOLDER. 
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Thread N.C, 
1"-8 


Thread N.F, 
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2 1/4" Pin of 
3/8" i0)p- 


+| L'+ 2° -42"|- 


END ATTACHING 
TO TESTING MACHINE 


PLleX OU RE Ui sS.2 DPOF lo R 
=i Wek PLA 
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ee, END ATTACHING TO 


SPECIMEN 
is ie Round 
8 Fé ea 
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Fic 5—ATTACHMENT FOR NONAXIAL LOADING IN TENSILE TESTING. 
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radial networks, or loss in tensile properties 
of the bars. Aging was performed in air, at 
temperatures of 375 to 450°F, using 25° 
intervals. Aging was followed by quenching 


FACTORS AFFECTING THE TENSILE NOTCH SENSITIVITY 


tions and metallurgical conditions have 
been of great interest and importance, 
particularly because some high strength 
alloys exhibit a high degree. of notch 


Fic 6—O EXTRUSION, 34 INCH ROUND ‘‘AS RECEIVED.”’ LONGITUDINAL SECTION. 100 X. PHOSPHO- 
PICRAL ETCH. : 
Shows numerous stringers parallel to the axis. The area shown is } in. from the center line; 
the same condition exists throughout to within about 1¢ in. of the edge. 
The stringers consist of small particles of the beta phase. 


in water at 86°F. Microstructures were 
examined and hardness determined. Data 
, are presented in Fig 12. On the basis of the 
microstructures obtained and the indus- 
trially practical time involved, an aging 
temperature of 450°F was selected for 
detailed investigation. 

Bars were aged in the solution heat 
treated condition and also in the ‘‘as 
received” condition. Notched and un- 
notched bars were machined after aging, 
to reduce the possibility of warping. Data 
showing the effects of aging solution heat 
treated bars on tensile notch sensitivity are 
presented in Fig 13 to 15. The changes in 
microstructure which accompanied these 
heat treatments are shown in Fig 16 to 30. 


DISCUSSION OF RESULTS 


The embrittlement and loss in strength 
found in notched tensile test bars of ferrous 
and nonferrous alloys of certain composi- 


sensitivity. Many investigators®®7.8 have 
studied the influence of various factors on 
the results of the notched bar tensile tests, 
for ferrous and for nonferrous alloys. 


Norcu SENSITIVITY OF ALLOYS IN THE ‘SAS 
RECEIVED”? CONDITION 


From Table 2, it may be noted that 
there was a notch strengthening effect, 
particularly in magnesium alloys J, X, and 


O, and in aluminum alloy 24S-T. A compari- 


son of the data for 14-in. bars with data for 
3¢ in.-bars indicates that these data are 
quite limited in applicability, since the 
geometry of the specimen affects the notch 
sensitivity greatly. The depth of notch on 
the cast bars, magnesium alloy C and 
aluminum alloy 122-T2, was shallower 
than on the extrusion test bars; therefore 
the notch sensitivities of the cast specimens 
are not directly comparable with the notch 
sensitivities of the extruded specimens, 
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Values for bars with 14-in. minimum diam 
appear in Table 2 and in Fig 1 only. All 
subsequent data refer to bars with 3¢-in. 
minimum diam, shown in Fig 2. 

The notch sensitivity of the magnesium 


Sn eccentric 
Su axial 


100 x 


FACTORS AFFECTING THE TENSILE NOTCH SENSITIVITY 


strength, Sn/Su,* but under the conditions 
of the ‘‘as received”? material the various 
factors determining notch sensitivity may 
be effective is masking the individual 
trends. 


5/16 6/16 T/16 8/16 


9/16 


ECCENTRICITY, INCHES 


Fic 7—EFFECT OF ECCENTRICITY .OF LOAD ON TENSILE NOTCH SENSITIVITY, “AS RECEIVED” 
CONDITION. 
Sn = tensile strength notched; Su = tensile strength unnotched. In each case the tensile 
strength is the maximum load divided by the initial minimum area. 


and aluminum alloys investigated did not 
correlate with chemical composition (Table 
1), hardness, grain size or other micro- 
structural features, or with tensile test 
data (Table 2). This is in agreement with 
Sachs, Lubahn, and Ebert® who, in a report 
on the properties of low alloy steels, 
stated “The stress-strain and other con- 
ventional characteristics obtained by means 
of a regular tensile test have no relation to 
the behavior of a metal subjected to non- 
uniform, triaxial tension.” 

It is possible that correlation exists 
between grain size, microstructure, stress- 
strain relationships, and the like, and the 
ratio of notched strength to unnotched 


Under eccentric load, the nominal 


strength of notched bars is greatly di- 


minished, as shown in Fig 7. The rate of 
decrease of nominal strength with increas- 
ing eccentricity is quite similar for the 
various magnesium alloys studied. The 
ratio of Sx* eccentric to Su* axial di- 
minishes more rapidly for Al 24S-T than 
for these magnesium alloys studied, for 
eccentricities less than 34g in. 

In an eccentric test of an unnotched bar, 
plastic flow will reduce the initial eccen- 
tricity. At eccentricities less than 14 in., in 

* ‘Sn = tensile strength notched; Su = ten- 
sile strength unnotched. In each case the 


tensile strength is the maximum load divided 
by the initial minimum area. 
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100 Sn/Su 


o~ Notched 


Unnotched 


NOMINAL STRESS, P,S.I, 


REDUCTION IM AREA DURING PRESTRETCHING (S# 39) 


Fic 8—EFFECT OF PRESTRETCHING ON TENSILE NOTCH SENSITIVITY OF J ALLOY. 
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the test fixture used, unnotched bars of 
ductile metal bent under low load. As the 
load increased, plastic flow occurred and 
the portion of the bar within the gauge 


AINNER 


HARDNESS-ROCKWELL E 


1/2" 


FACTORS AFFECTING THE TENSILE NOTCH SENSITIVITY 


the stress and strain relations were known. 
Although there is considerable restriction 
of plastic flow at the notch, a marked 
bending of the notched section is observed. 


DIAMETER CORE) 


16°: 325064 


TIME OF SOLUTION HEAT TREATMENT - HOURS 
Fic 9—EFFECT OF SOLUTION TIME ON HARDNESS OF O ALLOY EXTRUSIONS. 


length straightened out in line with the 
center line of the testing machine. Thus for 
initial eccentricities under 14 in. and for 
the more ductile alloys, the final eccen- 


(INNER 


AVERAGE GRAIN DIAM. - MM 


OWL les ames. 
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The notched bar fractures with an elliptical 
cross-section. Those factors which deter- 
mine the notch sensitivity under axial 
tension probably function in the eccen- 


DIAMETER CORE) 
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TIME OF SOLUTION HEAT TREATMENT - HOURS 
Fic 10—EFFECT OF SOLUTION TIME ON GRAIN SIZE OF O ALLOY EXTRUSIONS. 


tricity was zero, and elongations on oppo- 
site sides of the gauge length were about the 
same. These bars developed practically 
roo pet of their strength in axial tension 
when tested in the eccentric fixture. For 
the }4 in. eccentricity all bars, excepting 
those of Al 24S-T, broke at the base of the 
fillet due to the high stress concentration. 
Unnotched bars of C alloy showed dimin- 
ished strength under eccentric load. 

~The behavior of a notched bar under 
eccentric load is quite complicated, even if 


trically loaded bars, as revealed by the 
similarity in the order of notch sensitivities, 
for various eccentricities. It may be 
noted that while the magnesium alloys 
studied form a consistent family of curves, 
the aluminum alloy 24S-T does not 
fit into this family of curves. Sachs, 
Lubahn and Ebert® have discussed the 
probable practical significance of eccentric 
notched bar tensile tests. 

The data shown in Fig 7 indicate that O, 
J, X and M alloy extrusions in the “as 
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received” condition display little notch 
sensitivity for a 60° V notch, under axial 
tensile loading. Under axial and nonaxial 
tension, the notch sensitivity of these 
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tests. For bars representing about 12 pct 
reduction in area, the outer diam of the 
notched bars was as low as 0.613 in., in- 
stead of the 0.625 in. (5g in.) shown in Fig 
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AVERAGE GRAIN DIAMETER - MM 
Fic 11— RELATION OF HARDNESS TO GRAIN SIZE IN SOLUTION HEAT TREATED O ALLOY EXTRUSIONS. 


magnesium extrusions is qualitatively simi- 
lar to the notch sensitivity of extrusions of 
aluminum 24S-T. Sand cast C alloy is notch 
sensitive under axial load, as is also alumi- 
num alloy 122-T2. J. P. Doan and J. C. 
McDonald® have reported Similar results in 
the addendum to their paper on the notch 
sensitivity of some magnesium-base and 
aluminum-base alloys. 


THE EFFECT OF PRESTRETCHING ON 
TrNnsILE NotcH SENSITIVITY 


In Fig 8 is shown the effect of prestretch- 
ing on tensile notch sensitivity of J alloy. 
Alloys O and M gave results which are 
similar, O alloy showing 20 pct notch 
strengthening, M alloy about 12 pct. These 
tests were made on prestretched bars with 
a 3-in. min diam, using only axial loading 


2. These variations produce little effect, 
as shown by D. J. McAdam, Jr. and R. W. 
Mebs,' so direct comparisons between these 
data and data for the ‘‘as received” ex- 
trusions are considered valid. 


Notcu DvcriLity 


For a given shape and depth of notch, 
and a given root radius for angular notches, 
the constant geometry will result in a fixed 
stress concentration at the root of the 
notch in notched bar axial tensile tests.’ 
This stress concentration will prevail prior 
to any plastic deformation. As the stresses 
imposed on a notched bar increase, plastic 
strain occurs at the root of the notch. This 
strain, for a given geometry of notch, will 
be a function of the composition of the alloy 
being tested, the amount of work hardening 


FACTORS AFFECTING THE TENSILE NOTCH SENSITIVITY 


334 


“SNOISQNULXA AOTIV CQ AO SSANGUVH NO ONIOV JO AWIL CNV FANLVAAMWNAL {0 LOALAY—ZI O17 
SHNUH “AWLL UNLUY . 


OL 09 0s 


(*O90€ LY WALVM NI TIHONIND ANY SYNOH 
QT HOU doS6L LV HLVG LIVS ALYMONHOIA 
NI GGLVIYL LVAIH NOTLNTOS SNINTOAdS TIV) 


SNOISMULXY KOTTY O JO SSHINCUVH NO 


ONTOV JO ANIL GNVY TUNLVUTdWAL JO Loadag 


07 0€ 


GY TWaMNOOU *SSaNqUVH 


PR Sisks 


NOMINAL STRESS 


100 Sy/sy 


40,000 


36,000 


32,000 


28,000 


24,000 
0 


I, CORNET 335 


(Aged in air at 450°F) 


SOLUTION HEAT TREATED 
AT 795°F FOR 16 HOURS IN 
DICHROMATES SALT BATH, THEN 


QUENCHED IN WATER aT 30°C 

© Unnotched 

@® Notched 

6 Unnotched 
fractured through 
gage points 


10 eo 30 40 50 60 710 


AGING TIME, HOURS 
(0 #52) 


Fic 13— EFFECT OF AGING SOLUTION TREATED BARS ON TENSILE NOTCH SENSITIVITY OF O ALLOY. 


All bars were taken from a single length of extrusion. 
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Fic 14—EFFECT OF AGING SOLUTION TREATED BARS ON TENSILE NOTCH SENSITIVITY OF O ALLOY. 
All bars were taken from a single length of extrusion. Compare with Fig 13, which was for a 
different sample of extrusion. 
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the metal has sustained before notching, 
the state of heat treatment, possibly 
grain size and other metallurgical features, 
and the temperature at which the notched 
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exhibit low reductions in area under the 

notch will give Sn/Su less than 1.00. 
Fracture under notched bar conditions 

will therefore be a resultant of stress 


Fic 16—O ALLoy, 250 X. ‘‘AS RECEIVED.” 10 SEC ACETIC GLYCOL ETCH. 


bar axial tensile test is performed. If the 
metal under the notch be sufficiently 
ductile, considerable reduction in area will 
occur under the notch. Under this plastic 
deformation, stress will be redistributed, 
and the stress concentration which pre- 
vailed initially under the notch will no 
longer maintain. The metal in the vicinity 
of the notch section will restrain reduction 


in area under the notch, and the greater. 


cross-section of load-bearing metal will 
result in Sn/Su ratios above tr.00. 


However, if the metal under the notch — 


be quite low in ductility, plastic strain will 
be limited; stresses will not be redis- 
tributed; and a high stress concentration 
will prevail at the root of the notch, 
causing the notched bar to fracture at an 
average stress less than that which an 
unnotched bar of equal initial cross-section 
could sustain. Therefore materials which 


concentration factors, magnitude of nomi- 
nal stress, and metal characteristics such as 
composition, metallurgical state and rate 
of work hardening, for a given temperature 
of testing. Sachs, Lubahn and Ebert® have 
stated that as long as notch ductility ~ 
exceeds 2 pct reduction in area, approxi- 
mately, the notch strength of low alloy 
steels for a fairly sharp notch (0 to 2 in.) 
radius is 4o to 50 pct higher than the 
ultimate strength. For ductility less than 
about 2 pet Sachs et al® find Sn/Swu less 
than 1.00. 

The data obtained in this study of mag- 
nesium and aluminum alloys also permit 
the statement that when notch ductility 
exceeds approximately 2 pct reduction in 
area at the notch, Sn/Su is greater than 
1.00; when notch ductility is less than 
about 2 pct, Sn/Su is less than 1.00, for 
the temperature and design of bars tested. 
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Tue Errects oF HEAT TREATMENT ON function of the time of solution heat treat- 
TENSILE NOTCH SENSITIVITY ment. The grains grow larger and their 

Fig 9, 10, and rr cover the preliminary Rockwell “E” hardness diminishes with 
studies of solution heat treatment of mag- increasing time of solution heat treatment. 


Fic 17-20-—Ex FECT OF AGING ae ON ae oneA SENSITIVITY OF SOLUTION HEAT TREATED 

Solution heat treated 16’hr at 795°F, quenched in water at 30°C. Aged in air at 450°F. Man- 
ee rie aie abate ek a ccraeene are ae 1.06. Neither grain boundary. nor 
ae or Se aeons etch, aged x hr, Sn/Su = 1.05. Continuous grain boundary 
te ee he aa. Hen os nr Saf Su = 1.02. Continuous grain boundary 
2 SE lem gee eaNeaten seed br, Sa/ Su = 0.80. Grain boundary precipitate is 


becoming discontinuous. Note change in etching time. 


nesiun O alloy. From these it may be noted This condition is different from that found 
that the grain size and hardness of O alloy in heat-treating magnesium C alloy cast- 
are interrelated variables, and both are a ings, where hardness may be varied inde- 
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pendently of grain size, and grain size 
need not be influenced by solution heat 
treatment.® 

For the aging study, a solution heat 
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time involved, an aging temperature of 
450°F was selected for detailed investiga- 
tion. It should be noted that none of the 
heat treatments of O alloy reported here is 


22 


Fig 23—250 X. 6 sec, glycol etch, aged 32 hr, Sn/Su = 0.50. 
Fig 24—250 X. 5 sec, glycol etch, aged 72 hr, Sn/Su = 0.50. Spheroidization prominent. 


treatment in a dichromate salt bath at 
795°F for 16 hr was selected, to be followed 
by a quench in water at 30°C (86°F). Fig 
12 summarizes the preliminary study of 
aging. On the basis of the microstructures 
obtained and the industrially practical 


used commercially. Dowmetal o-r HTA is 
most nearly similar to the metal shown in 
Fig 15, aged 5 hr at 450°F. 

Studies of the tensile notch sensitivity of 
alloys in the “as received” condition are 
complicated by the presence of many and 


ee 
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uncontrolled variables. A study of the 
effect of heat treatment on the tensile 
notch sensitivity of O alloy shows definite 
trends, Fig 13-15. For each of these figures, 
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length of the rod due to the different 
amount of segregation which occurs; also 
the reduction in area which the metal sus- 
tains will differ depending on its location in 


Fic 25-27—EFFECT OF AGING TIME ON TENSILE NOTCH SENSITIVITY OF SOLUTION HEAT TREATED 
O ALLOY. 
Solution heat treated 16 hr at 795°F, quenched in water at 95°C. Aged in air at 450°F. 
Fig 25—250 X. 7 Sec, glycol etch, aged 3 hr, Sn/Su = 0.93. 


Fig 26—250 X. 4 sec, 

Fig 27—250 X. 3 sec, 
test bars from a single length of extrusion 
were compared with one another. Fig 13 
was based on mill length O No. 52, Fig 14 
on mill length O No. 53, and Fig 15 on mill 
length O No. 55. In an extruded rod phys- 
ical properties such as yield strength. and 
ultimate strength may vary along the 


glycol etch, aged 8 hr, Sn/Su = 0.62. 
glycol etch, aged 72 hr, 


Sn/Su = 0.50. 


the extrusion. Differences in ultimate 
strength greater than 6 pct have been ob- 
served in test bars taken from one end and 
from the middle of an extruded rod. This 
may partly account for the difference be- 
tween Fig 13 and 14 for the aging interval 
of o to r hr; then there may be some vari- 
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ation in properties between different 
lengths of extrusions, and the limited 
number of bars tested for this time interval 
should also be noted. 

Fig 16-30 show the microstructural 
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occur during the heat treatment of mag- 
nesium O alloy extrusions resemble changes 
observed in heat treating various magne- 
sium casting alloys of similar composition, 
such as C, H, and R alloy.®:!° The extrusions 
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Fic 28-30—EFFECT OF AGING TIME ON TENSILE NOTCH SENSITIVITY OF “AS RECEIVED” O ALLOY. 
; AGED IN AIR AT 450°F. 
The microstructures of O alloy extrusions aged ‘as received” are different than the micro- 
structures obtained on aging after solution heat treatment. Sn/Su ratios differ also. 
Fig 28—250 X. 5 sec, glycol etch, aged 2 hr, Sn/Su = 0.94. 
Fig 29—250 X. 5 sec, glycol etch, aged 8 hr, Sn/Su = 0.88. 
Fig 30—250 X. 5 sec, glycol etch, aged 73 hr, Sn/Su = 0.83. 


changes which accompany the various heat 
treatments. Tensile notch sensitivities are 
noted with each micrograph, and the 
changes in notch sensitivity with aging time 
are shown in Fig 13, 14, and 15. 

- The changes in microstructure which 


as received have well defined grain bound- 
aries, Fig 16. The solution heat treatment 
selected, followed by a quench in water at 
86°F gives a homogeneous structure (Fig 
17) with the manganese constituent as the 
only prominent second phase. In this 
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homogenized and quenched specimen, grain 
boundaries are revealed only by prolonged 
etching or not at all. Aging in air at 450°F 
precipitates the beta constituent. Grain 


' boundaries become early defined; lamellar 


precipitate appears along some of the grain 
boundaries; and in the body of the alpha 
phase, an oriented general precipitate 
appears (Fig 18). With further aging, pre- 
cipitation continues (Fig 19, 20); there are 
changes in the proportion of the lamellar 
constituent; and there are changes in rela- 
tive concentrations of alloying constituents, 
as indicated by the change in the time re- 
quired for etching a specimen. After about 
4 hr aging time, another type of micro- 
structural change is observed. The grain 
boundary precipitate becomes discontinu- 
ous, then the lamellar and general precipi- 
tates are altered, and in the longest aging 
time tested, spheroidization of precipitate 
is prominent (Fig 20-24). These micro- 
structural changes are accompanied by 
changes in tensile notch sensitivity, the 
spheroidized specimens displaying marked 
notch sensitivity. 

Fig 25-27 show microstructures obtained 
on aging bars which were quenched in 
water at 203°F after solution heat treat- 
ment. The microstructures and conse- 
quently the notch sensitivities observed 
here are quite similar to those shown by 
specimens which were quenched in water 
at 86°F after solution heat treatment. 


Bars of ‘‘as received”’ O alloy extrusions: 


aged in air at 450°F (Fig 28-30) give micro- 
structures and notch sensitivities markedly 
different from those of Fig 17-24. In the 


_ “as received” extrusion, part of the alloy- 


ing elements is already present as pre- 
cipitated beta constituent, leaving less of 
the alloying elements to precipitate on 
aging than would be present in the homo- 
genized extrusion. Also, the presence of the 


_ precipitate in the ‘‘as received” extrusion 


Sale wile fde 


influences the nature and location of further 
precipitation on aging. 
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CONCLUSIONS 


For magnesium alloy extrusions in the 
“fas received” condition, conclusions per- 
taining to notch sensitivity are as follows: 

1. Extrusions of J, O, and X alloys show 
notch strengths higher than their ultimate 
strengths for a 60° V notch with a root 
radius of about 0.0002 in., in axial tension. 
Extrusions of aluminum 24S-T also show 
notch strengthening. Extrusions of M alloy 
show little notch effect for the bar designs 
studied. Sand cast test bars of C alloy are 
reduced in strength by the presence of 60° V 
notches. 

2. The notch sensitivity of the ‘‘as 
received”? materials in axial tension tests 
does not correlate with elongation in a 
2-In. gauge length, reduction in area, stress- 
strain data, or other conventional tensile 
data. 

3. Under axial and nonaxial stress, the 
order of notch sensitivity for the mag- 
nesium alloys studied is the same, namely: 
J, X, O, M, and C, in order of increasing 
sensitivity to notch effects. However 
aluminum 24S-T, which hasa higher Sn/Su . 
ratio than any of the other alloys studied in 
axial tension, changes in order of Sn/Su 
under eccentric tension. (Sn/Su = strength 
notched/strength unnotched.) 

4. Within the limits of this investigation, 
prestretching of J, M, and O alloy extru- 
sions results in increasing Sn/Swu ratios. 

5. For the bar designs studied it appears 
that a minimum notch ductility of about 
2 pct reduction in area at the notch is 
required for notch strengthening in axial 
tension; where the reduction in area under 
the notch was less than approximately 2 
pct, the notched strength fell below the 
unnotched strength of the material. 

For magnesium O alloy extrusions in 
heat treated conditions, conclusions per- 
taining to notch sensitivity are as follows: 

1. Magnesium O alloy extrusions may 
be solution heat treated at 780 to 795°F 
with increasing time of heat treatment 
there is an increase in grain size and a 
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decrease in hardness. The O alloy extru- 
sions may be quenched in water at 86°F 
directly from solution heat treatment tem- 
peratures, and then subjected to aging at 
375-450°F. With increased time of aging 
there is an increase in hardness; the Rock- 
well ““E” hardness of O alloy extrusions is 
approximately 67, while solution heated 
and subsequently aged extrusions attain a 
Rockwell ‘““E” hardness of 82. Tensile yield 
and ultimate strengths may be increased 
4-6 pct above the ‘‘as received”’ strengths, 
but there is a marked reduction in ductility. 

2. Pronounced changes in the micro- 
structure occur during the solution heat 
treatment and aging of magnesium O alloy 
extrusions. Accompanying these micro- 
structural changes there is an increased 
tensile notch sensitivity. Where prolonged 
aging has resulted in a spheroidized condi- 
tion, notched test bars subjected to tensile 
loading may develop less than half the 
strength shown by similarly notched test 
bars of this extrusion in the “‘as received” 
_ condition. 
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Electrical Properties of the Intermetallic Compounds Mg,Sn and 
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INTRODUCTION 


THE intermetallic compounds Mg,Sn and - 


MgoPb are two of the important series of 
stoichiometric compounds which mag- 
nesium forms with elements of the fourth 
group of the periodic system. Since there is 
a complete series of compounds, all possess- 
ing the same comparatively simple struc- 
ture, a unique opportunity is presented to 
study their properties with respect to in- 
creasing atomic number of the anion as it 
varies from silicon and germanium, through 
tin and lead. 

The present work deals with the two 
lower members of this group, and it is 
hoped eventually that additional data re- 
garding the silicide and germanide will be 


obtained. The results of such a complete . 


study provide part of the essential basis for 
the empirical correlation and theoretical 
treatment which, in other systems, has 
contributed to an understanding of inter- 
metallic compounds and the metallic state 
in general. 


Some experimental data are already 


available in the literature. However, they 
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are fragmentary and limited in significance 
owing to the methods of preparation em- 
ployed and the impure materials available 
at the time. It was our objective, therefore, 
using pure metals and improved metallurgi- 
cal methods of preparation, to produce 
stoichiometric compounds of high purity. 
for the study of their electrical and chemi- 
cal properties. We felt that a detailed 
investigation of chemical properties, about 
which relatively little is known, combined 
with electrical properties, would be a sig- 
nificant contribution to the understanding 
of these compounds and in particular to the 
mechanism of corrosion associated with 
types of bonding in alloy systems. The 
chemical studies are reported elsewhere. 


PREVIOUS INVESTIGATIONS 


Previous work concerning the electrical 
properties of these compounds was under- 
taken in connection with the establishment 
of the two phase diagrams which are avail- 
able in Hansen! and Beck.? 

The first comprehensive investigation of 
the electrical conductivity of magnesium- 
tin and magnesium-lead alloys was made 
by Kurnakov and Stepanov.? 

This was followed by Grube and Voss- 
kiihler* who studied electrical conductivity 
and thermal expansion over a wide range of 
temperature and who, unlike Stepanov, ap- 
preciated the significance of the large solid 
solubility of tin in magnesium and took some 
precautions to obtain an equilibrium state. 

However, at the time these investigations 
were made, neither pure magnesium nor 


1 References are at the end of the paper. 
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pure ceramics and controlled atmosphere 
furnaces for melting and casting were avail- 
able. The alloys were produced in impure 
graphite or porcelain crucibles under molten 
alkali chlorides and probably contained 
appreciable silicon, nitrogen, and alkali 
metals. But of more significance with re- 
spect to the compounds is the fact that the 
stoichiometric proportions were not main- 
tained owing to the oxidation of magnesium 
to form Mg,Si and MgO, and the loss of 
magnesium by vaporization. Therefore, the 
values reported as applying to the com- 
pounds Mg2Sn and Mg»Pb (without ade- 
quate analysis) probably apply only to 
alloys containing more or less high concen- 
trations of the compounds, together with 
excess phases. 

Both the above investigators agree in 
finding a sharp maximum in resistivity at 
the nominal composition corresponding to 
the compounds Mg2Sn and Mg>2Pb, and a 
positive temperature coefficient of re- 
sistivity. Stepanov reported 1096 mi- 
crohm-cm for MgeSn and 180 microhm-cm 
for MgoPb. Grube and Vosskiihler reported 
_ 425 microhm-cm as the maximum resistiv- 
ity found in the magnesium-tin system; 
they also reported a positive coefficient for 
all alloys except the composition approxi- 
mating Mg2Sn (32 at. pet), and then only 
above 450°C. 

The structure of the compounds was 
determined by several independent investi- 
gators with concordant results. The lattice 
is face centered cubic with respect to tin or 
lead and contains four molecules of Mg2X 
per unit cell; the atomic coordinates are: 


Mg: + (34, 4, 4; \, 34; 34; 84, 4, 34; 
34, 34, 4) 
X: (0, 0, 0; 0, 4, 4%; 14, 0, 4; %, 4, 0). 


Both compounds, therefore, have the 
structure of calcium fluoride; with the anion 
positions in CaF occupied by the cation in 
Mg2X. In this structure, the magnesium 
atoms are situated at the corners of a 
cube of side a/2, and the closest distance 


of approach of magnesium and tin or lead 


av/3 
4 


atoms is - There are eight magnesium 


atoms around each tin or lead atom, 
arranged on the corners of a cube, and 
four tin or lead atoms around each mag- 
nesium atom at the corners of a regular 
tetrahedron. Essential X ray data are in- 
corporated in Table 1; the values obtained 
by Klemm and Westlinning® are apparently 
the most accurate, and are verified exactly 
by Norton® who kindly redetermined the 
parameter of the Mg2Sn we prepared. 


TaBLeE 1—Essential X ray Data 


X ray 
oy Parameter Den- Investigator 
pores (A) sity 


Mg:2Sn ]6.78 + 0.02 Linus Pauling? 
, (Structure and Par- 
ameter) 
6.75 Sacklowski§ 
6.765 + 0.002 Zintl and Kaiser? 
(Structure and Par- 


ameter) 

6.762 + 0.002 Klemm and West- 
linning® 

6.762 + 0.001| 3.55 | Norton® 

Mgo2Pb |6.78 Friauf!® (Structure 

and Parameter) 

6.76 Sacklowski8 

6.836 + 0.002 Zintl and Kaiser? 

6.7909 + 0.002| 5.290 | Klemm and West- 


linning5 


The preceding crystallographic data are 
necessary but insufficient for predictions 
concerning electrical properties. When 
combined with the three dimensional Bril-. 
louin zone theory of solids, it is possible to 
deduce certain probabilities regarding elec- 
trical conductivity. Mott and Jones! have 
observed that the X ray structure factor 
for this crystal system indicates that the 
first strong reflection is obtained from the 
{220} planes which form a small symmetri- 
cal zone of volume 16/a*; the number of - 
electrons per atom required to occupy all 
states in this zone is 8/3, and the number of 
valency electrons per atom in the com- 
pound Mg,Sn is also 8/3. Consequently, all 
states within the first Brillouin zone are 
occupiéd and the effective number of elec- 
trons available for conduction is small, ~ 
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compared with the apparent number of 
valency electrons. 

While a first zone with all electron 
states completely occupied indicates a low 
conductivity, the above analysis does not 
provide any order of magnitude. In par- 
ticular, the size of the energy discontinuity 
between the first filled zone and the second 
zone is unknown; likewise, the form of the 
potential energy surface inside the zone is 


not specified. A quantitative calculation 


presents many difficulties, but it may be 
said that the compounds have certain elec- 
tronic properties characteristic of insulators 
and the degree to which they approach this 
state depends on (1) the magnitude of the 
energy gap between zones, (2) the presence 
of impurities in solid solution, (3) the tem- 
perature, and (4) the presence of strain 
causing lattice distortion. 


MATERIALS AND PREPARATION OF 
ALLOYS 


Metals 


Alloys and compounds were prepared 
with distilled magnesium, supplied through 
the courtesy of the Dow Chemical Co., and 
electrolytically purified tin and lead. With 
respect to metallics, chemical analysis indi- 
cated a purity greater than 99.99 pct for 
the three metals. This figure, obtained by 
difference, omits the probable presence of 
nonmetallics such as carbon, nitrogen, oxy- 


gen, and hydrogen. Spectrographic analysis 
_ generally confirmed the high purity of the. 


component metals... 


Alloying and Casting Procedure 


_ Procedure for melting, alloying, and cast- 


- ing alloys of magnesium with tin and lead, 


including the stoichiometric compounds 


-Mg2Sn and Mg2Pb, involved consideration 


of the high vapor pressure of magnesium, 
the reducing power of magnesium with 
respect to refractories, specific gravity 
differences, and exclusion of oxygen or 


nitrogen. The melting and casting furnace, 


i 


wee he ae 


and the techniques adopted were designed 
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to minimize or eliminate, as far as possible, 
these inherent difficulties. The basic furnace 
design was that of Seybolt!? with the addi- 
tion of a McLeod gauge, provision for a 
thermocouple with the leads taken through 
a glass-metal seal, a graphite stirrer at- 
tached to a graphite stopper rod, and a 
system for purifying and introducing argon. 
Argon of 99.6 pct purity was passed over 
heated copper turnings at 500°C and then 
through liquid air traps, serving to remove 
major impurities with the exception of 
nitrogen. Melting was in electrode-grade 
graphite crucibles. Rods 8 in. long by 14 
to 3g in. diam were chill cast in a graphite 
mold. The rods were of uniform composi- 
tion throughout their length, as indicated 
by resistivity measurements. 


Analysis of Alloys and Compounds 


Alloys and compounds were analyzed 
chemically for both components and for 
silicon, carbon, and nitrogen. In different 
melts, the silicon varied from 0.002 to 0.01 
pct. The source of the silicon, apart from a 
small amount in the magnesium, is not 
certain, but some undoubtedly entered 
through ash present in the graphite crucible 
material. Four analyses for carbon by com- 
bustion failed to detect it within o.oor pct. 
Nitrogen, by a modified Kjeldahl analysis, 
varied from 0.003 to 0.005 pct. Thus, while 
not absolutely free of impurities, the com- 
pounds may be said to be of much higher 
purity than any hitherto produced and 
reported in the literature. 

With respect to the _ stoichiometric 
compositions, metallographic examination 
proved to be a more certain criterion of 
composition than chemical analysis since, 
in the absence of detectable solid solubility, 
a second phase was always evident except 
in those compositions of stoichiometric 
proportions. 


Heat Treatment 


Since both tin and lead are extensively 
soluble in magnesium, the chill-cast alloys 
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on the excess magnesium side of the re- 
spective compounds were not at equilib- 
rium and, consequently, a precipitation 
heat treatment was required to attain an 
equilibrium state. On the other hand, mag- 
nesium is not appreciably soluble in tin or 
lead, and the components are not soluble in 
the compound; therefore, the effect, if any, 
of heat treatment of the tin-rich alloys 
should be small. 

To minimize oxidation and vaporization 
at temperatures approaching the melting 
points of the eutectic compositions, the 
alloys were sealed in Pyrex tubes which 
were first evacuated and filled with dry 
argon to one third of an atmosphere. The 
specimens were held out of contact with the 
glass by alundum sleeves to prevent possi- 
ble reduction of silica and consequent con- 
tamination or change in composition. 

The criterion of complete precipitation 
treatment was the attainment of the lowest 
electrical resistivity in the magnesium- 
rich alloys. The heat treatment cycle for the 
magnesium-rich alloys of tin and lead was 
as follows: 

Mg + Mg:2Sn 
ALLOYS 
5S0°C—10) ays. ose s sine sce g eae 


400°C —Gid ayesha he re telat 
Discharge to room temperature.... 


Mg + Mg2Pb 
ALLOYS 
455°C—10 days 
300°C—6 days 
200°C—6 days 
150°C—6 days 

Discharge 


The tin- and lead-rich alloys could not be 
heated above 190 and 240°C, respectively, 
owing to the existence of eutectics at 200 
and 250°C. They were, however, held at 
10°C below the eutectic temperature for a 
period of 1o days. As anticipated, the 
change in resistivity was negligible. 


ELECTRICAL MEASURING APPARATUS 
AND PROCEDURE 


Conductivity 


Electrical conductivity was measured by 
passing a known current through the speci- 
men, varying from 4 to 400 ma according 
to circumstances, and measuring the po- 


tential drop across two contact points with 
a precision potentiometer. 

Measurements from room temperature 
to 100°C were made in a thermostated oil 
bath. Higher and lower temperatures, 
namely 550 to —180°C, were obtained by 
placing the specimen fixture with its current 
leads and thermocouple inside a glass tube. 
For high temperature measurements, the 


tube was filled with argon and heated ina . 


controlled-temperature resistance furnace; 


for low temperature measurements, the 
evacuated tube was inserted in a Dewar 
flask containing liquid nitrogen. 

The specimens were machined from 
heat-treated rods of approximately 1 cm 
in diam and of length varying from 2 to 7 
cm, taken from the bottom portion of the 
casting and previously radiographed to 
insure freedom from casting defects. Alloys 
close to the compound composition were 
extremely brittle, but surface machining 
was accomplished by use of a pointed tool 
in stages of 0.001 in. over successive lengths 
of about o.5 in. 


Thermoelectric Power Measurements 


Thermoelectric power was measured, 
relative to copper, by holding the specimen 
between two copper blocks, through one of 
which water was passed at 15°C, and 


through the other, steam at 100°C. The 


temperature difference was measured by a 
differential chromel-alumel thermocouple. 
Measurements were also made over an 
extended temperature range, relative to 
silver, by maintaining the cold junction at 
20°C with a water-cooled plate, and heating 
the hot junction to 460°C with a resistance 
element. Separate thermocouples indicated 
the hot and cold junction temperatures. In 
all cases, the EMF was measured after 
thermal steady state was established, indi- 
cated by a constant value, and the speci- 
men was then inverted and a second reading 
obtained to insure that the previous value 
was characteristic of the bulk material. 
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EXPERIMENTAL RESULTS spective volumes and not to weights of the 


5 tee ‘ ¥ component phases. 
Resistivity of Magnesium-tin Alloys and It is apparent that the resistivi tonal: 


the Compound Mg»Sn loys on both sides of the compound falls on 
The resistivity of the heat-treated mag- two straight lines joined by a curve, and 
nesium-tin alloys at 25°C is shown in Fig 1, _ that the lines in the vicinity of the com- 
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as a function of volume per cent Mg2Sn in pound intersect at the experimental value 
the alloys. This parameter was chosen be- of 42,000 microhm-cm. This value was 
cause resistivity is proportional to the re- reproducible for three different specimens. 
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The resistivity of the compound is com- 
paratively high, though not of insulator 
magnitude. By way of comparison, it is 
some forty times higher than the highest 
previously measured value. 

The shape of the curve and the slope of 
the straight lines are apparently defined by 
the resistance of the two phases involved 
and by their disposition with respect to the 
current path. When magnesium is in large 
excess, the resistivity remains low and of 
the order of magnitude for a metal, a fact 
that is in agreement with the microstruc- 
ture where the compound is surrounded by 
a eutectic matrix composed of approxi- 
mately 65 vol pct magnesium as a continu- 
ous, separate phase. At the other extreme 
is a structure largely composed of the 
compound and isolated, spherical volumes 
of eutectic, so that the resistivity rises 
rapidly to the value characteristic of the 
compound as the excess phase disappears. 
The resistivity of intermediate structures 
falls on a curve joining the two straight 
lines, representing the transition from one 
two-phase structure to the other. 

The two sides of the diagram are not 
symmetrical, which emphasizes the pre- 
ceding structural considerations. Thus, the 
amount of excess tin and excess magnesium 
in the respective eutectics differs in the 
order of 85 and 65 vol pct; the freezing 
range varies markedly from one side to the 
other, 778 to 200°C vs. 778 to 565°C, 
consequently, the structural distribution of 
phases is different; finally, the solubility 
of magnesium in tin is very small and the 
heat-treated structure is essentially similar 
to the cast structure, whereas, on the mag- 
nesium side, secondary precipitation of 
Mg.Sn takes place within the eutectic. 

It is clear, therefore, in accordance with 
physical theory, that the resistivity of 
Mg.Sn is comparatively high and in the 
lower range of values typical of semicon- 
ductors. Further information regarding the 
~ conduction mechanism was obtained from 


the conductivity as a function of tempera- 
ture, which follows. 


Electrical Conductivity of MgoSn vs. 
Temperature 


In the magnesium-tin system there are 
two different types of conductors: (1) the 
compound and immediately adjacent alloys 
for which conductivity increases with tem- 
perature and (2) alloys more remote from 
the compound, containing larger propor- 
tions of excess magnesium or tin, which 
behave as normal metals in the sense that 
conductivity decreases with temperature. 

The logarithm of conductivity for the 
stoichiometric compound Mg2Sn is shown 
in Fig 2 as a function of the reciprocal of 
the absolute temperature over the range 


—180 to 560°C. It is evident that the © 


values are in accord with two exponential 
relations of the form: 


o1= Aje~BV&kT and 02> A ce7BilkT 


where k is Boltzmann’s constant (8.62 
x 1075 electron volts per degree). 

The transition temperature at which the 
conductivity changes from the low to the 
high temperature line is 256°K; the values 
of B, and Bz, respectively the high and low 
temperature activation energies, are 0.132 
and 0.05 electron volts; and A,, the limiting 


—s 


— 


conductivity as T — ©, is equal to 3670 © 


ohm- cm-; and Az is 89 ohm™! cm. 
The exponential temperature function of 


conductivity, required by the theory of . 


semi-conduction,!* is also exhibited by 
compounds in which the conduction process 
is predominantly ionic; moreover, conduc- 
tivity measurements do not indicate the 
sign of the conducting charge which may be 
either positive or negative because the 
charge enters the conductivity-temperature 
relationship as a squared quantity and is 
thus independent of sign. The following 
thermoelectric power measurements , were 
designed to clarify the nature of this con- 
duction process since ‘they are dependent 
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on the sign of the charge carrier enter- 
ing as a first power in the thermoelectric 
relationships. !4 


quently, measurements were made at a 
constant temperature difference for the en- 
tire series of magnesium-tin alloys, relative 
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Fic 2—LOGARITHM OF ELECTRICAL CONDUCTIVITY OF Mg.sn VS. RECIPROCAL OF ABSOLUTE TEM- 
PERATURE. 


Thermoelectric Power of Magnesium-tin 
Alloys and Mg2Sn 


Thermoelectric power is a complex quan- 
tity involving two metals and a tempera- 
ture gradient; the magnitude of the emf 
is also dependent on the mean temperature 
level as well as the temperature difference 
between hot and cold junctions. Conse- 


to copper, and the effect of temperature 
level was evaluated for the stoichiometric 
compound only. 

The conventions regarding sign can be 
stated in several equivalent ways, of which 
the following are most useful: 

1. Metal A is positive with respect to B 
if the conventional current crosses the cold 
junction from A to B. 
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2. Metal A is positive with respect to B 
if the conventional current in A flows in the 
same direction as the flow of heat. 


THERMOELECTRIC POWER RELATIVE TO COPPER (MICROVOLTS PER DEGREE ) 


ELECTRICAL PROPERTIES OF THE INTERMETALLIC COMPOUNDS MG2SN AND MGoPB — 


The magnitude of thermoelectric power 
for a temperature difference of 85°C (15- 
100°C) is shown in Fig 3 as a function of 


ATOMIC PER CENT Ti 


Fic 3—THERMOELECTRIC POWER, RELATIVE TO COPPER, OF Mg2Sn IN TEMPERATURE RANGE OF 
15 TO 100°C, 


3. Metal A is positive with respect to B 
when the potentiometer is balanced with 
its positive terminal connected to the cold 
junction. 

Employing the above sign conventions, 
the alloys of magnesium and tin (A) are 
negative with respect to the copper standard 
(B). This means that in the magnesium 
alloys electrons are moving from the hot to 
the cold junction. 


composition. Except for one point, which is 
clearly anomalous, the thermoelectric power 
varies with composition in much the same 
way as the resistivity and reaches a maxi- 
mum of —go microvolts per °C for the 
compound. 

Other thermoelectric properties of funda- 
mental significance may be obtained from 
the emf-temperature relationship that was 
obtained over the range of 450°C at the hot: 


a re 
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junction and with a°constant cold junction 


at 20°C. The experimental curve may be 
approximated by a power function of the 
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It appears, therefore, that the conduction 
process is predominantly electronic, as indi- 
cated by the negative sign of the thermo- 
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following form: 


Em.y. = —32-55 + 13.06 X 10°? T —6.7 
SGromu 


where E is the emf in millivolts developed 
by the couple Mg2Sn-silver, with constant 


cold junction at 20°C and hot junction at 


temperature T degrees absolute. 


electric power. MgSn is, consequently, an 
electronic semiconductor. Any large com- 
ponent of ionic conduction is excluded by 
the fact that there was no evidence of 
polarization accompanying the passage of 
current and no apparent electrolysis after 
passing a continuous current of 3 amp 
through the solid compound for 5 days. 
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Of the three’ possible types of semicon- 
ductors, one is eliminated by the negative 
sign of thermoelectric power; namely, the 
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ble to say with certainty at this time 
whether the compound is of the intrinsic or 
excess type. 


TEMPERATURE (°C) 
Fic 5—ELECTRICAL RESISTIVITY OF Mg2Pb AS FUNCTION OF TEMPERATURE. 


abnormal or defect type of which cuprous 
oxide is an example. The preceding meas- 
urements do not, however, distinguish 
clearly between the remaining intrinsic and 
normal excess types. The principal dis- 
tinction between the two lies in the fact 
that the current in an intrinsic semicon- 
ductor is carried both by positive holes 
(electron deficiencies) and by electrons; 
whereas, in the excess or impurity type, the 
conduction is by electrons only. In the case 
of MgSn, the two activation energies may 
indicate the presence of an impurity or 
stoichiometric excess of one component 
active at low temperatures, particularly as 
the concentrations required are small; and 
an intrinsic mechanism at higher tempera- 
tures. Mott and Gurney? calculate that the 
order of magnitude of Ai, the limiting 
conductance of an intrinsic semiconductor 
as IT — ©, is 30 to 3000 ohm™! cm=! and 
the experimental value for Mg2Sn was 
found to be of the same order; namely, 
3670 ohm~! cm-!, It is, however, not possi- 


Resistivity of Magnesium-lead Alloys 
and the Compound Mg2Pb 


The resistivity of alloys in the mag- 
nesium-lead system, Fig 4, shows a trend 
similar to that in the magnesium-tin sys- 
tem. However, the magnitude of the values 
is of a different order. The resistivity of the 
compound MgePb is 223 microhm-cm,. 
compared to 42,000 for MgeSn, and the 
resistivity of alloys containing excess lead 
and magnesium is correspondingly lower. 
The curve connecting the resistivity of the 
components and the compound exhibits a 
more gradual transition from two phase to 
single phase conduction than,in the mag- 
nesium-tin case; again, the same structural 
considerations are involved except that the 
relative magnitudes are more nearly alike 
and the transition state extends over a 
wider composition range. The resistivity of 
Mg2Pb corresponds approximately to that 
previously measured by other investigators. 

The resistivity of the compound as a 
function of temperature, Fig 5, from 20 to 
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160°C, confirms the metallic nature of the 
conduction process in that the resistivity 
increases linearly with temperature. The 
coefficient, a, in the relation: 


Pmicrohom-em) = 202 (1 os at) 


is 0.0018 per degree which is in general 
agreement with the previously measured 
value of o.oor1 per degree. 


SUMMARY OF RESULTS AND CONCLUSIONS 


In accordance with predictions based on 
the Brillouin zone structure of Mg2Sn, the 
electrical resistivity of the stoichiometric 
compound at 25°C is high and equal to 
42,000 microhm-cm. 

Measurements of conductivity as a func- 
tion of temperature, from —185 to 560°C, 
indicate that Mg2Sn is a semiconductor. 
The conductivity increases as an exponen- 
tial function of temperature of the form: 


Co = Ae-B/kT 


In the temperature range of —17 to 560°C; 
B is 0.132 electron volt and A is 3670 ohm 
cm-!; from —180 to —17°C, B is 0.05 elec- 
tron volt and A is 89 ohm cm~}. The 
transition temperature at which conduc- 
tivity changes from the low to higher acti- 
vation energy is 256°K (—17°C). 
Thermoelectric measurements show that 


‘the conduction mechanism is predomi- 


nately electronic. The thermoelectric power 
of Mg.Sn is negative relative to copper and 
is equal to 90 microvolts per degree in the 
range of 15 to 100°C. The compound, 
therefore, analogous to ZnO, is an excess 
type semiconductor. The thermoelectric 
potential is a power function of temperature 


over the range of 20 to 460°C, the experi- 


mental values of which may be approxi- 
mated by a relation of the form: 
Env, = —32:55 + 13.06 X 10° I —6.7 
Sonos hal? 
where T is the absolute temperature. 
Whether Mg2Sn is a normal impurity or 
intrinsic type semiconductor is not certain. 
It is possible, however, that the high tem- 
perature activation energy applies to the 


DD 


intrinsic conduction process in which elec- 
trons are excited from lower levels into 
conduction levels and that the low tem- 
perature activation energy applies to the 
impurity center. 

Unlike Mg.Sn, the analogous lead com- 
pound, MgePb, is a normal metal with 
respect to electrical conduction. The re- 
sistivity at 250°C is 220 microhm-cm, and 
the resistivity increases linearly with tem- 
perature in accordance with the relation: 


Perch) = O21 Aue 1) 


where the coefficient, a, is 0.0018 per °C. 
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Correlation of Optical and Electron Microscopy 


By J. S. Brynrer* 


(Philadelphia Meeting, October 1948) 


INTRODUCTION 


In the study of metallographic speci- 
mens in the electron microscope, there is 
need for a method of locating the same 
field in both the light microscope and the 
electron microscope. This need arises 
chiefly from the fact that in the electron 
microscope the magnification and degree of 
resolution are so much higher, and the field 
so much smaller than in the light micro- 
scope that it is often difficult, if not im- 
possible, to identify positively what is being 
observed. The difficulty is increased by the 
fact that, because a transparent film 
replica of the metal surface must be used in 
the electron microscope, micro-constituents 
can be identified not by their color but only 
by their texture and contours. For these 
reasons it is desirable to obtain a series of 
photographs showing the same field in both 
microscopes in order that the appearance 
of common microstructures and micro- 
constituents in the electron microscope may 
be identified and catalogued for future 
reference. 

The need for a method of locating the 
same field in both microscopes arises also 


when it becomes desirable to enlarge in the - 


electron microscope for more detailed study 
a particular interesting structure observed 
in the light microscope. Using the standard 
polystyrene-silica!? replica technique, in 
which the silica film replica is fished from 
the ethyl bromide on a }¢ in. diam 200- 
mesh specimen screen, the possibilities of 
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* Student, Pennsylvania State College; 


formerly with The Dow Chemical Company. 
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locating a particular area on the film in the 
electron microscope are rather remote. 
The desired structure may be obscured by 
the wires of the specimen screen or un- 
recognizable at the high magnification. 

A solution to the problem would be pro- 
vided if a specially designed specimen 
screen, containing an opening which could 
be absolutely identified and quickly lo- 
cated in the electron microscope, could be 
fastened to the silica film replica in such a 
position that the desired field on the speci- 
men would be located at the identifiable 
opening in the specimen screen. The design 
for such a specimen screen, a method for 
producing it, and a technique for fastening 
it to the silica film replica are described 
below. 


DESCRIPTION OF METHOD 


The Specimen Screen 


A simple design for a specimen screen 
containing an opening easy to identify and 


locate in the electron microscope is one 


with two lines of openings at right angles 
in the form of a cross. Such a screen is 
shown in Fig 1. The opening at the center 
of the cross is identified easily and can be 
located quickly in the light microscope and 
in the objective image of the electron 
microscope. 

The specially designed specimen screens 
for this work were produced in quantity by 
electroforming. On both sides of a polished 
strip of copper 1 X 3 X }¢ in., twenty 
patterns of the cross of openings were 
punched with a diamond point micro- 
hardness tester, using a load of magnitude 


356 


J. S. BRYNER 


suitable to obtain the size of opening de- 
sired, spacing the openings by means of the 
microscope stage controls. A coating of 
polystyrene lacquer was applied to the cop- 
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the silica film replica in such a position that 
the center hole of the screen contained the 
desired area of the film. The metal speci- 
men to be examined is mounted in bakelite 
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Fic 1i—NEW AND STANDARD SPECIMEN SCREENS. 


per, dried, and then sliced off with a sharp 
blade. This procedure left the holes of the 
cross designs filled with polystyrene. The 
strip was then dipped in a dilute solution of 
ammonium sulphide to form a thin film of 
copper sulphide over the copper, leaving the 
polystyrene uncoated. Next, the strip was 
placed as a cathode in a copper sulphate 
plating bath, a current of 1 amp was ap- 
plied, and copper was allowed to plate on 
the strip for 14 hr. The copper sulphide 
film permitted the copper plating to form 
over it but the polystyrene, being an insu- 
lator, did not. Hence when the copper 
plating was stripped from the copper die, 
the copper sulphide film acting as a sepa- 


rator, the two resulting sheets of copper, 


3 X 1 X 0.0015 in., were perforated with 
holes forming the pattern of twenty crosses 
each. Forty individual screens 14 in. in 
diam were cut out, each having the design 
- of a single cross of openings at its center. 
The edges of the openings are relatively 
smooth and provide a satisfactory support 
_ for silica film. 


Fastening the Screen to the Silica Film 
Replica 


The following technique proved most ef- 
fective for fastening the specimen screen to 


in a metallographic mounting press before 
polishing and etching. When a field to be 
enlarged: in the electron microscope is 
found, a small circle is scribed around the 
area to facilitate relocating the field later. 
The particular structure which interests 
the observer should be photographed or 
memorized thoroughly so that it can be 
recognized. The metal specimen, still 
mounted in bakelite, is replaced in the 
mounting press with enough granulated 
polystyrene to produce a_ polystyrene 
replica about }o-in. thick against the 
polished surface of metal and bakelite. The 
bottom of the mounting die should be 
polished so that the back of the polystyrene 
replica is free from scratches or other 
blemishes which might mar its transpar- 
ency from that side. The polystyrene 
replica is easily stripped from the metal- 
bakelite surface by tapping it sharply 
around the edges. Polystyrene replicas 
thinner than 145 in. may be damaged by 
the stripping, particularly if the structure 
of the metal is rough. Thicker replicas re- 
quire too much time to dissolve in ethyl 
bromide. Mounting the specimen in bake- 
lite serves’ two functions because of 
bakelite’s thermo-setting property. It fa- 
cilitates stripping the polystyrene replica 
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and prevents the metal from floating in the 
mold so that the polystyrene replica has 
an even thickness. After stripping, the 
polystyrene replica is trimmed down to 


(es pe 
Fic 2—NEW FIXTURE ATTACHED TO MICRO- 
SCOPE. 


about 3g X 34g in. having the circled area 
in the center. A silica replica is then made 
by evaporating 1 to 1.5 mg of quartz from 
a conical tungsten filament in a vacuum 
chamber to form a thin film of silica over 
the polystyrene replica. 

The specimen screen must be fastened to 
the silica film while it is still on the poly- 
styrene replica, because the silica film is 
much too fragile to be handled without 
support. For fastening the specimen screen 
to the replica, it is necessary to have a 
special attachment which fits over the ob- 
jective lens of a light microscope. This 
should be of a type which points down at 
the specimen and illuminates it preferably 
by transmitted light rather than reflected 
light. A photograph of the attachment, 
which is made of polystyrene, is shown in 
Fig 2, and a cross sectional diagram in 
Fig 3. The attachment consists of two 
parts. One part is a clamp to the objective 
lens housing having a male thread coaxial 
with the lens. The other part is a cap 
having a female thread which screws over 
the clamp in such a manner that the dis- 
tance between the cap and the lens can be 
adjusted by twisting the cap. The face of 
the cap is flat and contains a 3{,-in. diam 
hole concentric with the axis of the threads. 
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The flat surface is covered with a thin layer 


of heavy vacuum grease. The dimensions of 
the fixture depend upon those of the lens 
housing. A low power objective lens giving 


Fic 3—CR0SS-SECTIONAL DIAGRAM OF POLY- 
STYRENE ATTACHMENT 


a magnification of roo to 150 diam is most 
satisfactory for the purpose. 

The process for fastening the specimen 
screen to the replicas is as follows: The 
polystyrene-silica replica is placed face 
down on a platform on the microscope 
specimen stage which protects the circled 
area from contact, and the replica face is 
illuminated from below. The microscope 
bearing the polystyrene attachment to the 
objective lens is focussed on the replica 
face through the back of the specimen. This 
is possible because of the transparency of 


the polystyrene. After the desired portion — 


of the circled area has been placed in the 
center of the field, the cap of the poly- 
styrene attachment is screwed down until 
its flat surface contacts the back of the 
replica. The screw adjustment allows auto- 
matically for variations in thickness of dif- 
ferent replicas. The layer of vacuum grease 
causes the replica to adhere to the cap, so 
that. the microscope may be raised or 
lowered without losing focus on the face 
of the replica. The microscope, with the 
replica adhering to the attachment, is 
raised and one of the new type specimen 
screens, coated with a thin layer of water 


soluble glue, is placed glue side up on a | 
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glass slide on the microscope stage. The 


_ glue can be applied to the screen by placing 


the screen on a glass slide thinly coated 
with a freshly prepared mixture of glue, 
water, and a few drops of ethylene glycol 
to prevent the glue from drying too rapidly. 
Care should be taken when removing the 
screen to avoid bending it or sliding it 
over the glue, for the success of the next 
operation depends upon having the screen 
flat and its openings unclogged by glue. 
The microscope is then lowered to a 
point just above a sharp focus on the 
screen. The screen is moved by means of 
the microscope stage controls until the 


~ center hole of the cross is directly under the 


desired field on the replica. Then the micro- 
scope is lowered gently until contact is 
made between the replica and the specimen 
screen, and held for a short time in this 
position to allow the glue to set. The glue 


should dry within two minutes from the 


time it was placed on the glass slide. When 
the glue is dry the microscope may be 
raised and the replica with the screen at- 
tached removed. Then, taking care not to 
disturb the screen, the specimen is scraped 
to remove all the silica not covered by 
the screen. The specimen is placed screen 
side up in a beaker of ethyl bromide and 
allowed to float on the surface of the ethyl 
bromide until the polystyrene replica is 
dissolved. The specimen screen usually 
remains on the surface because of surface 


tension. However, a layer of ordinary 


window screening should be placed on the 
bottom of the beaker to facilitate recovery 


of the specimen screen in case it should | 


sink. After the specimen has been rinsed in 


clean ethyl bromide and dried, it is ready 


for examination in the electron microscope. 
Preliminary examination in the light micro- 
scope will reveal whether the center hole of 
the specimen screen contains unbroken 
film. If the film is torn, the process must be 


repeated. 
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Some success in producing stronger film 
replicas was had by making laminated 
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films. These laminated films were produced 
by first evaporating o.5 mg of quartz on the 
polystyrene replica, casting on a thin layer 
of collodion, and then evaporating 0.5 mg 
more of quartz, to give a sandwich of 
collodion between two layers of silica. This 
film shows less tendency to shatter in the 
ethyl bromide than does the pure silica 
film, particularly when the surface of the 
specimen to be examined is extremely 
smooth and flat. However, if it is made too 
thick, it decreases the degree of resolution 
obtainable in the electron microscope. 

The technique herein described cannot 
be considered perfect inasmuch as it will 
not always produce an untorn film replica 
over the center opening of the specimen 
screen. However, if it is used with care and 
patience, it will permit study of any light 
microstructure which the silica film will 
reproduce. 


RESULTS 


Using the technique described above, 
micrographs were obtained from two com- 
mercial magnesium alloys which show the 
appearance of the same field in the light 
microscope and the electron microscope. 
Both specimens were mechanically polished, 
and etched in glycol etchant (1 pct nitric 
acid in ethylene glycol). 

Fig 4 shows the structure of AZ61X-h 
sheet. The grains are twinned because of a 
final reduction in thickness by cold rolling. 
A subsequent anneal of 1 hr at 350°F 
causes precipitation of Mgi7Ali2 compound. 
In the light micrographs the precipitate 
appears to be at the grain boundaries. The 
electron micrographs disclose a finer pre- 
cipitate in the twin bands as well. The 
large dark spots in the electron micrographs 
are shadows of precipitate particles which 
adhered to the polystyrene replica during 
the stripping process and subsequently 
became attached to the silica film replica. 

Fig 5 shows the structure of extruded 
and aged AZ8o alloy. The pictures show a 
long stringer of Mgi;Ali, compound strung 
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Fic 4—AZ61X- SHEET. GLYCOL ETCH. REDUCED ONE-FOURTH. 


a. Light Micrograph. 250 X b. Light Micrograph. 1000 X. 
c. Light Micrograph 3720 X d. Electron Micrograph 3720 X. 
e. Electron Micrograph 9300 X. 
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: Fic s—ExTRUDED AND AGED AZ8o0 ALLOY. GLYCOL ETCH. REDUCED ONE-FOURTH. 
a. Light Micrograph. 250 X. b. Light Micrograph. 1000 X. 
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c. Light Micrograph. 3000 X. d. Electron Micrograph. 3000 X. 
e. Electron Micrograph. 7500 x, 
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out by the extrusion, and grain boundaries 
and their surrounding area containing both 
coarse and fine particles of precipitated 
compound. The electron micrographs dis- 
close within the grains fine precipitation not 
detectable in the light micrographs. 

It can be noted in Fig 4 and 5, by com- 
paring c with d, that the massive compound 
particles appear larger in the electron 
micrographs than in the light micrographs 
at the same magnification. An explanation 
for the difference is that the compound 
stands higher than the surrounding struc- 
ture because of its greater hardness and 
resistance to etching attack. The light 
microscope was focused upon the flat 
polished surface of the particle, so that the 
edges are dark and blurred. The electron 
microscope, having a greater depth of 
focus, shows both the top and the sides of 
the particle. Since the sides are smoother 
than the top, they show up lighter. This 
condition, aided by the fact that the silica 
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film tends to flatten and spread out the 
sides because of tension from its own 
weight, serves to increase the area covered 
by the particle in the electron micrograph. 

The technique developed for finding the 
same field in both light and electron micro- 
scopes requires more time and care than the 
ordinary replica technique. However, it 
affords a more efficient method for studying 
a structure which occurs only at a certain 
point on a specimen than the method of 
picking up the silica films at random and 
hoping to find and recognize the desired 
structure. It is hoped that this technique 
will prove useful to metallurgists involved 
in problems of this nature. 
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Influence of Size and the Stress System on the Flow Stress and 
Fracture Stress of Metals 


By D. J. McApam, Jr.* Memper, G. W. Gert,t D. H. Wooparp,} Associate MEMBER AIME, 
AND W. D. JENKINST 


(Philadelphia Meeting, October 1948) 


INTRODUCTION 


IN a series of papers, the authors and 
their associates have shown that the re- 
sistance of a metal to fracture is a function 
of all three principal stresses. 1°—18.20,21,23,f 
Consequently since a technical cohesion 
limit is defined as the technically deter- 
minable resistance to fracture under a 
specific stress system, the technical, co- 
hesive strength comprises an_ infinite 
number of technical cohesion limits cor- 
responding to the infinite number of pos- 
sible combinations of the principal stresses. 
As shown in the previous papers, the 
technical cohesive strength increases with 
plastic deformation, with decrease in 
temperature, and with increase in the 
strain rate. The technical cohesion limit, 
therefore, is affected by the same factors 
that affect the flow stress,§ namely, the 
stress system, plastic deformation, tem- 
perature, and the strain rate. 


Manuscript received at the office of the 
Institute October 20, 1947; revision received 
January 30, 1948. Issued as TP 2373 in METALS 
TECHNOLOGY, June 1948. 

* Chief, Section on Thermal Metallurgy, 
al eon Bureau of Standards, Washington, 
DRC: 

+ Metallurgists, National Bureau of Stand- 
ards, Washington, D. C. 

t Any stress system may be resolved into 
three principal stresses normal to three prin- 
cipal planes on which there is no shearing stress. 
Tensile stresses are viewed as positive and com- 
pressive stresses as negative. In this paper as 
in the previous papers, the algebraically 
greatest principal stress will be designated Su, 
the least principal stress will be designated 83, 
and the intermediate principal stress will be 
designated Sx. . 

§ Flow stress is here used in its generally 
accepted significance, to designate the greatest 
principal stress during flow. 

10 References are at the end of the paper. 


The effect of each of these factors on the 
fracture stress is qualitatively the same as 
its effect on the flow stress. The effect of 
any of the factors may be represented by 
a curve of cohesion limits, although only 
one point on the curve may represent 
actual fracture. Since the term ‘fracture 
stress’”’ has come into general use with the 
same significance as technical cohesion 
limit, the authors are here using the shorter 
term with the understanding that it does 
not always refer to actual fracture. 

In the general investigation described in 
the previously-mentioned papers ,1°~ 18,20,21.28 
the influence of the stress system on the 
fracture stress was studied by means of 
tension tests of notched specimens. When 
a circumferentially notched cylindrical 
specimen is subjected to longitudinal ten- 
sion, the minimum cross section is under 
transverse radial tension. The mean radial 
stress increases with the depth and sharp- 
ness of the notch, but is always less than 
the longitudinal stress. The greatest prin- 
cipal stress (S,), therefore, is longitudinal, 
and since the radial stress is effectively 
equal to the circumferential stress, the 
transverse principal stresses are equiaxial 
in that plane (Sz = S;). By the use of 
notched specimens in tension tests it was 
shown that the fracture stress increases 
with increase in the radial stress ratio 
(S3/S;). The evidence is based not only on 
the results of tests to fracture at various 
constant temperatures, but also on results 
of two-stage tests, in which each specimen 
was. plastically deformed a predetermined 
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amount at room temperature and then 
tested to fracture in liquid air.?4.2? When 
allowance is made for the influence of dif- 
ferences in the amount of prior plastic 
deformation, the evidence indicates that 
the stress at fracture under polarsymmetric 
tension (5S; = Sz = S3) would be about 
twice the stress at fracture under unidirec- 
tional tension. 

However, in a recent paper entitled “A 
Statistical Theory of Fracture,” Fisher 
and Holloman? have made a statistical 
analysis based on the theory originally 
proposed by Griffith,4 that the fracture 
stress of metals is controlled by the stress 
concentration induced by numerous micro- 
scopic and submicroscopic internal flaws. 
This analysis has led them to the view that 
“‘the tensile stress required for fracture 
decreases in the presence of two equal 
transverse tensions.” They point out that 
this conclusion “is in disagreement with 
the conclusions of Sachs and Lubahn* and 
with those of McAdam and collaborators” 
and they attribute the increase in the 
fracture stress with the depth and sharp- 
ness of the notch to a corresponding de- 
crease in the ‘“‘volume of material in which 
fracture can occur.” The view of Fisher 
and Hollomon is that the increase in the 
fracture stress caused by a notch is a size 
effect, and that in the absence of a size 
effect the fracture stress would decrease 
with increase in the radial stress ratio. 

The paper by Fisher and Holloman is a 
further development of the views of Zener 
and Hollomon?’ about the characteristics 
of the internal flaws and the effects of their 
orientation in relation to the applied stress. 
The idealized structure assumed by Fisher 
and Hollomon? for purposes of this analysis 
is that of an elastic solid containing many 
randomly oriented disk-like cracks with 
elliptical cross section. It is also assumed 
that the number of defects having a given 
size is an exponential function of the size, 
and that fracture is determined by the 
largest defect. As a result of their analysis 


they say that ‘a 1oo-fold decrease in 
volume should increase the fracture stress 
of a specimen containing 101° defects by 
about 15 pct. A decrease in volume of 1000- 
fold should increase the fracture stress by 


about 25 pct. They also say that “triaxial — 


tension causes a considerable decrease in 
strength over that for simple tension, the 
decrease being of the order of 10 pct for 
specimens containing 10 to 10!® cracks, and 
greater for specimens containing fewer 
cracks.” 

Fisher and Holloman assert that “the 
analysis also predicts successfully the 
effects of plastic strain on the fracture 
stress. It indicates that the tensile stress 
required for fracture increases. with increas- 
ing tensile strain and decreases with in- 
creasing prior compressive strain.’”’ They 
also state ‘‘This equation indicates that 
the stress for lateral failure decreases with 
tensile deformation, while the stress for 
failure in the direction of the deformation 
has been shown to increase.” A recent 
paper by McAdam, Geil and Jenkins,?? 
however, shows conclusively that the effect 
of prior plastic compression on the tensile 
fracture stress is similar to the effect on the 
tensile flow stress. After an initial decrease 
in the tensile fracture stress caused by a 
Bauschinger effect, the fracture stress in- 
creases continuously with increase in the 


prior plastic compression. Moreover, plastic _ 


extension increases the fracture stress as 
determined by a transverse test. The paper 
shows conclusively that the effect of plastic 
deformation on the fracture stress is a 
work-strengthening effect and is no more 
anisotropic than the effect of plastic defor- 
mation on the flow stress. 

Fisher and Holloman, therefore, are in- 
correct in the application of their theory 
to the influence of plastic deformation on 
the fracture stress. As will be shown, they 
are incorrect also in the application of the 
theory to an explanation of the influence of 
notches. Possibly the error is more in the 
application than in the statistical analysis. 
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The theory of Griffith,‘ on which the statis- 
tical analysis is based, was proposed orig- 
inally as an explanation of the influence of 
size on the fracture stress of brittle mate- 
rials such as glass and probably was not 
intended for application to the fracture 
of ductile metals. In a recent paper by 
Davidenkov, Shevandin, and Wittmann,! 
the applicability of the statistical theory 
is discussed as follows: ‘‘It should be 
remembered that the statistical theory of 
strength is applicable only for the case of 
brittle failure, for example, glass or quartz; 
for metals only in the range of cold brittle- 
ness. Indeed the plastic deformation levels 


~ out the local stress concentration at the 


various faults, inclusions, and so on, and 
makes the average stresses responsible for 
the failure, which are but slightly connected 
with the nonhomogeneity of the material. 
The size effect is present therefore only in 
those tests in which a brittle failure takes 
place or, more generally, a failure due to 
concentrated stresses (sharp notches), un- 
altered by plastic deformation.” 

In order to check the applicability of the 
statistical theory of strength to the ex- 
planation of the size effect, Davidenkov, 
Shevandin, and Wittmann! made tension 
and bend tests on similar specimens of 
various sizes to determine the stresses at 
brittle fracture. A low-carbon steel with 
high phosphorus content was used. Since 
this steel was found to be slightly ductile 
at room temperature (reduction of area 9 
pct), the final tests were made in liquid air. 
For the tension tests, the diameters of the 
similar specimens ranged between 1 and 


~ ro mm; for the bend tests, the range was 


” 


1 
} 


between 2 and 16 mm. The number of 
specimens of each size ranged from 16 to 35. 
In the tension tests the average strength of 
the smallest specimen was 30 pct greater 
than that of the largest specimen. In the 
bend tests, the corresponding difference was 
32 pct. Since the highest volume ratio was 
tooo for the tension tests and 512 for the 
bending tests, the results of these tests 


a 
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with brittle material appear to be in fair 
agreement with the results of the statistical 
analysis by Fisher and Holloman. The 
results of Davidenkov, Shevandin and 
Wittman are also said! to be in good agree- 
ment with the statistical analyses made 
independently be W. Weibull?® and by T. 
Kantorova and J. Frenkel.® 

Although the results of these tests of 
brittle steel give support to the statistical 
theory of the size effect in its application to 
brittle fractures, they do not show whether 
or not the statistical theory of the influence 
of the stress system? is applicable to the 
fracture of brittle materials. As will be 
shown, however, it is not applicable to the 
fracture of ductile metals. In the previously 
mentioned series of papers by the authors 
and their associates!0-18.20,21,28 there is 
much evidence that the influence of 
notches on the fracture stress is too great 
to be attributed to a size effect. Neverthe- 
less there has been need for a direct in- 
vestigation of the influence of a wide range 


-of sizes of notched and unnotched speci- 


mens on both the flow stress and the frac- 
ture stress. This paper reports the results 
of such an investigation. 


MetHop OF INVESTIGATION, MATERIALS 
AND SPECIMENS 


The object of this investigation was to 
determine the influence of a wide range of’ 
sizes of specimens on the flow stress and 
fracture stress of both notched and un- 
notched cylindrical specimens. Some of the 
specimens were of the same size that had 
been used in the experiments described in 
previous papers, some were much larger, 
and some were much smaller. 

The influence of notches on the fracture 
stress is revealed more conspicuously with 
a steel that has been quenched and tem- 
pered, or with a cold-worked metal, than 
with an annealed metal. With an annealed 
metal, the tensile extension before the load 
reaches a maximum generally is so great 
that the resultant enlargement of the 
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notch radius causes a great decrease in the 
radial stress ratio and a corresponding de- 
crease in the stress at fracture. However, 
since the object of the investigation re- 
quired the use of large specimens, it was 
not possible to obtain a suitable cold- 
worked metal of the required size. More- 
over, since the capacity of the testing 
machine used in all but two of the tests was 
only 50,000 Ib, it was necessary to use an 
annealed low-carbon steel in most of the 
experiments and to make all the tests at 
room temperature. Two of the specimens, 
however, were tested in an Emery tensile 
machine of 230,000-lb capacity in the 
Engineering Mechanics Section of the 
National Bureau of Standards. Acknowl- 
edgment is due to Mr. L. R. Sweetman of 
that section for making the tests. 

A few of the experiments were made with 
large and small specimens of oxygen-free 
copper. The copper designated N and ND-8 
in the figures and tables, was supplied by 
the Scomet Engineering Co. through the 


kind cooperation of Mr. Sidney Rolle. The’ 


copper designated NE-8 was supplied by 
Revere Copper and Brass, Inc. 

The composition of the steel was 0.12 pct 
carbon, 0.44 pct manganese, 0.25 pct sili- 
con, 0.020 pct phosphorus and 0.021 pct 
sulphur. The annealing treatments for the 
steel and copper are given in Table 1. 


TABLE 1—Heat Treatment 


Ro Tem- “= 
: . pera- ime 
Material Ponca Diam-| ‘hire | Held} Cooled 
ation! eter D 
Inch ce. t 


Oxygen-free 


copper...... ND-8| 0.75 800 2 | furnace 
Oxygen-free 
COPPEr...< 3% NE-8 | 2.00 800 4 |fturnace 
0.12 pct carbon 
1700 furnace 


SCO), 5. oe os FA-17| 2.20 2 


Four different notch angles, ranging from 
150 to 50° were used. As far as possible, 
similarity of form for a constant notch 
angle was preserved in varying the size of 


the specimen. The total lengths of the 
specimens were nearly proportional to the 
diameters. The notches were V shaped and 
were machined so that the sides were coni- 
cal and tangent to the arc at the root of the 
notch. Deeply notched specimens were 
used. Most of the values of k* for the 
oxygen-free copper ranged from 0.25 to 
0.28; for the carbon steel, they ranged from 
0.13 to 0.17. However, in order to have a 
notched test specimen with a larger mini- 
mum cross-section, a carbon steel specimen 
was machined with a larger value of k. This 
value was 0.29. The dimensions of all the 
specimens are listed in Tables 2 and 3. 


FLOW AND FRACTURE OF NOTCHED AND 
UNNOTCHED SPECIMENS 


In the following sections a comparison 
will be made of the results obtained with 
specimens of various sizes. In this section 
consideration will be given to the character- 
istics of the curves representing tensile flow 
of notched and unnotched specimens and 
to the relation between these curves and the 
points representing fracture. A brief study 
will also be made of the consequences of 
the assumption that the statistical theory 
of brittle fracture is applicable to the frac- 
ture of ductile metals. Only Fig 1 will be 
considered. 

Plastic strain is expressed in terms of 


Ao/A,t in which Ao and A represent the . 


initial and current areas of cross section. 
Since values of Ao/A are represented on a 
logarithmic scale, abscissas represent true 
strains. Numerous measurements of the 
minimum diameter were made during each 
tension test and the measurements were 
continued to the beginning of fracture. The 

* Notch depth is expressed in terms of the 
relative area (k = b?/B*) of the minimum 
cross section, where b and B represent the 
minimum and maximum radii of the section 
respectively. Thus, the greater the notch 
depth, the smaller is the value of k. 


< + The ratio Ad/A is designated the ‘‘effec- 
tive length ratio’’ as it represents the ratio of 


current to original length, had the specimen. 


contracted uniformly at the same rate as at 
its minimum cross section. 
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symbols along the flow-stress curves repre- 
sent results calculated from these measure- 
ments, and the symbol at the end of each 
curve represents the beginning of fracture. 
Since the metal near the rim of the mini- 
mum cross section generally extends some- 
what after the fracture starts at the axis, 
the section is smaller after complete 
fracture than at the beginning of frac- 
ture.14,21,22,23 For this reason, the breaking 
stress determined in the conventional way, 
by dividing the load at the beginning of 
fracture by the sectional area measured after 
fracture, is generally too high. The true 


’ fracture stress is based on the area at the 


beginning of fracture. Values of the true 


- fracture stress are represented by the ends 


of the flow-stress curves. Curve L, drawn 
through the ends of the flow-stress curves 
is the ‘‘true locus of fractures.” Some 
values of the uncorrected fracture stress are 
indicated by R. 

The smaller the notch angle the higher is 


‘the radial stress ratio. The radial stress 


ratio, however, does not remain constant 
during the test of a notched specimen but 
may either increase or decrease. During the 
local contraction of an wnnotched specimen 
the notch thus formed becomes deeper and 
the effective notch angle and notch radius 
decrease. Each of these changes tends to 
increase the radial stress ratio. During a 
tension test of a notched specimen, how- 
ever, the notch deepens and the notch angle 


decreases but the notch radius increases.. 


The increase in the radius tends to decrease 
the radial stress ratio and thus opposes the 
effect of the other two changes. The de- 


crease in the notch angle is slight unless the 
~ angle is 150° or more, and the change does 


J, 


t 


not extend far from the root of the notch. 
When the initial notch angle is large, how- 


ever, the influence of the increase in the 


notch depth and the decrease in the notch 
angle are dominant and the radial stress 
ratio increases. When the notch angle is 
small, the influence of the increase in the 
notch radius is dominant for annealed 
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metal but the influence of the changes in 
the notch depth and notch angle may be 
dominant for a metal that has been cold 
worked prior to the machining of the 
notch. 

In the tests of the annealed 0.12 pct car- 
bon steel, the influence of the increase in 
the notch radius was dominant when the 
angle was less than about 120° but the 
influence of the changes in the notch depth 
and notch angle were dominant when the 
angle was 150°. The changes in the radial 
stress ratio during plastic deformation 
cause the group of curves to converge after 
the initial divergence. If the radial stress 
ratios remained constant during plastic 
deformation, the curves would diverge 
continuously. 

The only curve that represents flow with 
a constant radial stress ratio is curve Fo. 
This curve is an approximate representa- 
tion of flow under unidirectional tensile 
stress (S,/S; = 0). The curve is derived 
from published results of tension tests of 
similar metals that had been cold drawn 
or cold rolled various amounts; it is based 
on values of the ultimate stress.** Since 
any point on a curve so derived represents 
flow at the beginning of a local contraction, 
the curve represents flow under unidirec- 
tional tensile stress. 

The group of curves obtained with notch 
angles ranging from 150 to 50° reveals 
qualitatively the influence of the radial 
stress ratio on the flow stress. The smaller 
the notch angle, the higher is the radial 
stress ratio and the higher is the entire 
flow-stress curve. In comparing the fracture 
stresses obtained with the different notch 
angles, allowance must be made for the 
differences in plastic deformation. This 
allowance is necessary because the fracture 
stress increases with the plastic deforma- 
tion. During plastic deformation under a 
specific stress system, the variation of the 
fracture stress may be represented by a 
curve not far above the flow-stress curve; 
the two curves rise and intersect at a small 
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angle at the point representing actual frac- 
ture.!°-28 Such a fracture-stress curve could 
be placed above each of the flow-stress 
curves. The fracture-stress curve corre- 
sponding to curve Fy would represent the 
variation of the fracture stress during flow 
under unidirectional tensile stress; all the 
other fracture-stress curves would repre- 
sent the effect of plastic deformation with 
varying radial stress ratio. In evaluating 
the influence of the notch angle on the 
fracture stress, each point representing 
actual fracture should be compared with a 
point at the same abscissa on the fracture- 
stress curve for unidirectional tension. The 
point used as a basis for comparison, there- 
fore, would be slightly above curve Fo. 
With a 50° notch angle, the fracture stress 
evidently was about 50 pct greater than the 
fracture stress for unidirectional tension, 
even though the radial stress ratio induced 
by the 50° notch had decreased greatly as 
the notch radius increased during plastic 
deformation. 

Since the elevation of the flow-stress 
curve with a decrease in the notch angle is 
caused mainly by the increase in the radial 
stress ratio and not by a size effect, and 
since the point representing the true frac- 
ture stress is on the flow-stress curve, the 
logical assumption is that an increase in 
the radial stress ratio increases both the 
flow stress and the fracture stress. Accord- 
ing to the theory of Fisher and Holloman,? 
however, an increase in the radial stress 
ratio lowers the fracture stress. The actual 
elevation of the fracture stress is attributed 
to a size effect. Their theory, therefore, 
implies that, in the absence of a size effect, 
the fracture stress curve could not rise 
above the fracture-stress curve for unidi- 
rectional tension, a curve that would be 
very little higher than curve Fo. It also 
implies that as the size of a notched speci- 
men is increased above the sizes used in the 
previous investigations,!0—18,20.21,23 the frac- 
ture stress curve would be_ lowered. 
Consequently, since the corresponding 


flow-stress curve would not be lowered, and 
since the angle between the two curves is 
so small, an increase in the size of notched 
specimens would be expected to cause a 
rapid disappearance of the ductility. This 
reduction of the ductility would proceed | 
from specimens with small notch angles to 
those with large notch angles, until finally 
neither the flow-stress curve nor the frac- 
ture-stress curve would rise above the 
fracture-stress curve for unidirectional ten- 
sion. Moreover the theory would imply that 
a large unnotched specimen could not be 
plastically deformed much beyond the 
beginning of local contraction even when a 
specimen of smaller size is very ductile. 


INFLUENCE OF SIZE ON THE FLOW STRESS 
AND FRACTURE STRESS OF ANNEALED 
0.12 PER CENT CARBON STEEL 


Fig 1 to 5 show results of the investiga- 
tion of the effect of size on the flow stress 
and fracture stress of notched and un- | 
notched specimens of 0.12 pct carbon steel. 
Comparison of Fig 1 to 3 reveals the effect 
of varying the size of notched specimens 
while keeping the form approximately con- 
stant for each notch angle. Moreover, each 
figure makes it possible to compare the 
results obtained with notched and un- 
notched specimens differing little in size. 
The sizes and notch characteristics* are 
indicated in each figure; the significance . 
of the letters used to designate the notch 
characteristics is given in a sketch in Fig 1 
and again in Fig 2. In comparing the 
diameters of notched and unnotched speci- 
mens in each figure, it should be noted that 
B and 6b represent initial half-diameters. 
Each specimen was measured again after 
fracture and the initial and final notch 
characteristics are listed in Table 2; the 
final half-diameter and the final notch 
radius are designated b’ and r’ respectively. 


* The initial notch characteristics listed in 
the legends of the figures are representative 
values. The actual measured values for all the 
specimens are given in Table 2. 
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Instead of half-diameters, however, the 
diameters 2B, 2b, and 20’ are listed in this 
table. 

Since any effect of size on the fracture 
stress would be a function of the volume of 
metal within which fracture is possible, a 
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sizes used in previous investigations. One 
of the unnotched specimens and all the 
notched specimens of this size were ma- 
chined from quarter-sections of the original 
(214-in. diam) bar; one of the unnotched 
specimens was coaxial with the original 


TABLE 2—Dimensions of Steel Specimens 


Volume Factor etic of Vol. 
actors 
2B In. 2b In. | 2b’ In. r In, r’ In 
Initial Fina Are : 
abr In. |4(b’)2r’ Te Initial Final 
0.0522 0.021 0.000057 I.00 
0.0688 0.027 0.000127 2.23 
0.0908 0.049 0.000404 7.09 
0.1356 0.073 0.00134 23.5 
0.278 0.152 0.0118 207 
0.576 0.290 0.0959 1680. 
0.758 0.447 0.256 4490. 
Oo. Oo. 0.1050 0.01 0.032 0.000323 | 0.000354 5.67 6.21 
oO. oO. 0.1166 0.01 0.029 0.000326 | 0.000394 ove 6.91 
oO. Oo. 0.1210 0.01 0,029 0.000324 | 0.000425 5.68 7.46 
oO. Oo. 0.1268 0.0L 0.027 0.000327 | 0.000434 5.74 7.601 
Oo. oy 0.1078 0.02 0.044 0.000661 | 0.000511 11.6 8.06 
Oo. Oo. 0.1126 0.02 0.036 0.000654 | 0.000456 I1.5 8.00 
oO. oO. 0.1198 0.02 0.038 0.000654 | 0.000546 Iz,'5 9.58 
0. Oo. 0.1262 0.02 0.036 0.000685 | 0.000573 I2.0 Io.1 
O.- oO. 0.1598 0.03 0.042 0.00219 0.00108 38.4 18.9 
oO. Op 0.1738 0.03 0.044 0.00219 0.00133 38.4 23.3 
oO. oO. 0.1812 0.03 0.045 0.00219 0.00148 38.4 26.0 
oO. oO. 0.1842 0.03 0.043 0.00219 0.00146 38.4 25.6 
2 oO. 0.516 0.09 0.162 0.0595 0.0431 1040 756. 
28 Oo. 0.546 0.09 0.162 0.0582 0.0483 1020 847. 
25 oO. 0.578 0.09 0.161 0.0582 0.0537 1020 942. 
oF Oo. 0.624 0.09 0.163 0.0575 0.0636 I01IO 1120 
an 1 0.862 0.12 0.250 0.173 0.186 3040 3260. 


2B and 2b—Initial maximum and minimum diameters 
2b'—Final minimum diameter 
y and r/—Initial and final notch radii 
* These recorded specimen dimensions are the average values for two or more specimens. 


volume factor should be used in comparing 

the sizes of the specimens. Since the volume 

of metal within which fracture is possible 
_ would be proportional to the area of mini- 

mum cross section and approximately to 

the notch radius, although it would vary 
with the notch angle, the initial volume 
factor has been represented by 46r and 
the final factor by 40’2v’. For an unnotched 
specimen, only the final volume factor is 
significant. In the figures, the final volume 
factors are listed for the unnotched speci- 
mens and the initial values for the notched 
specimens. In Table 2 both the initial and 
final volume. factors are listed for the 
notched specimens. 

Fig 1 shows results obtained with 
notched and unnotched specimens of the 


bar. The results obtained with the un- 
notched specimens indicate that the orig- 
inal bar was slightly stronger near the axis 
than at half-radial distance from the axis. 
All the curves in Fig 1 are reproduced as 
broken curves in Fig 2-5 for comparison 
with the results obtained with specimens 
of different sizes. 

Fig 2 shows results obtained with speci- 
mens of much larger size. The volume 
factor for the notched specimens averaged 
about 26 times the volume factor for the 
specimens used in obtaining Fig 1. As 
shown in Fig 2 the flow-stress curves for 
both notched and unnotched large speci- 
mens are a little above the corresponding 
broken curves representing results obtained 
with the smaller specimens. This relation- 
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ship may possibly be due to the fact that 
the large specimens were coaxial with the 
original bar, whereas the smaller specimens 
were not. However, the results obtained 
with the large specimens show that the 
increase in the size above that of the speci- 
mens used in obtaining Fig 1 has not appre- 
ciably affected the fracture stress. The 
ductility has been decreased slightly and 
thus the points representing fracture have 
been moved downward along the flow- 
stress curves. When allowance is made for 
the influence of this decrease in plastic 
deformation, it becomes evident that the 
effect of the increase in size on the fracture 
stress was negligible. 

Fig 3 shows results obtained with speci- 
mens smaller than those used in obtaining 
Fig 1. The initial volume factor for the 
notched specimens was about 30 pct of the 
volume factor for the specimens used in 
obtaining Fig 1 and about 1.1 pet of the 
volume factor for the large notched speci- 
mens (Fig 2). As shown in Fig 3, the curves 
for the 150 and the 50° notch angles are 
above the corresponding broken curves 
which have been reproduced from Fig 1. 
The curve for the 120° angle, however, 
nearly coincides with the corresponding 
broken curve. A curve for the go° angle 
was not drawn because it would coincide 
exactly with the broken curve reproduced 
from Fig 1. The divergence of the curves 
for the 150 and 50° notch angles from the 
corresponding broken curves possibly may 
be attributed to a slight imperfection in 
the machining of the specimens. With the 
decrease in size, the ductility has increased 
slightly, whereas even a slight differential 
effect of size on the flow stress and fracture 
stress would have a great effect on the 
ductility.1°-?5 A comparison of Fig 1, 2, and 
3, therefore, leads to the conclusion that an 
89-fold increase in the volume factor has 
had practically no effect on the fracture 
stress. 

Since an initially unnotched ductile 
metal is notched at fracture, and since a 
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number of analyses have been made of the 
distribution of stress and deformation in 
the locally contracted region, it is of special 
interest to consider the influence of size 
on the fracture of unnotched specimens. 
During the local contraction, the radial 
stress ratio increases continuously and thus 
elevates the curve F above the correspond- 
ing curve Fy for the flow under unidirec- 
tional tensile stress. The local contraction 
thus raises the fracture stress above the 
fracture stress for unidirectional tension. 
If this elevation of the fracture stress were a 
size effect, the influence of this effect would 
be apparent in the results obtained with 
unnotched specimens differing greatly in 
size. As shown in Fig 1-3, however, a 70- 
fold increase in the volume factor has had 
only negligible effect on the fracture stress 
and very little effect on the ductility. 

For the investigation of the effect of a 
still further reduction in the volume factor, 
it did not appear feasible to decrease the 
diameter of the notched specimens below 
that of the specimens used in obtaining 
Fig 3. In obtaining the results shown in 
Fig 4, therefore, the initial diameters 2B 
and 2b were kept the same as those listed 
in Fig 3 but the notch radius was reduced 


from 0.02 to o.or in. Consequently the- 
® volume factor for notched specimens listed 


in Fig 4 is half the volume factor listed in 


Fig 3. In evaluating the effect of this change. 


in the volume factor on the flow stress and 
fracture stress, however, allowance should 
be made for the influence of the change in 


form of the specimen on the radial stress. 


ratio. For deeply notched specimens, the 
radial stress ratio depends much less on 
the notch depth than on the ratio of the 
minimum diameter (2b) to the root radius 
r.* The ratio 2b/r for these specimens has 
been doubled by the decrease in the root 
radius from 0.02 to 0.01 in. 

The results of this decrease in the volume 
factor and increase in 2b/r are shown in 


_ *The effect of varying this ratio has been 
investigated thoroughly by Sachs.?5 
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Fig 4. Each of the curves obtained with a 
small notched specimen is above the corre- 
sponding broken curve representing the 
results obtained with a specimen of the size 
used in previous investigations. The diver- 
gence increases with decrease in the notch 
angle. When allowance is made for differ- 
ences in ductility, the evidence indicates 
that the elevation of the fracture stress 
caused by the combined effects of the de- 
crease in the volume factor and the increase 
in 2b/r is not more than about 8 pct. This 
increase in the fracture stress probably is 
due chiefly to the increase in the radial 
stress ratio caused by doubling the sharp- 
ness ratio 2b/r and not to a size effect. 
Evidence for this view will be discussed 
later in connection with Fig 6. 

The ranges of the volume factors for 
notched and unnotched specimens were in- 
creased still further by the use of two much 
larger specimens, one notched and the 
other unnotched. Results obtained with 
these specimens are shown in Fig 5. The 
diameter of the notched specimen at the 
threaded ends was the full diameter of 
the original bar, 214 in. Moreover, in order 
to make the volume factor still larger, the 
ratio of the minimum to the maximum 
diameter was made larger than for the 
specimens used in obtaining Fig 2 and the 
notch radius was increased in proportion. 
The notch characteristics are listed in Fig 5. 
The sharpness ratio (2b/r) was about the 
same as for the specimens used in obtaining 
Fig 1, 2, and 3. The volume factor for this 
specimen was more than three times the 
volume factor for the specimens used in 


obtaining Fig 2. The increase in size 


doubled the volume factor for the un- 
notched specimen. These specimens were 
tested in the previously mentioned 230,- 
ooo-Ib testing machine in the Engineering 
Mechanics Section of the National Bureau 
of Standards. ‘ 

As shown in Fig 5, the flow-stress curve 
obtained with the large notched specimen 
almost coincides with the corresponding 
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curve obtained with a specimen of the size 
used in previous investigations, 19-18.20,21,23 
The 69-fold increase in the volume factor 
evidently had no appreciable effect on the 
flow stress, fracture stress or ductility. 

Fig 5 also shows results obtained with 
unnotched specimens differing greatly in 
size. One of these was the very large speci- 
men previously mentioned. The flow-stress 
curve for this specimen, if drawn, would 
practically coincide with the broken curve 
reproduced from Fig 1. This specimen was 
slightly less ductile than the somewhat 
smaller unnotched specimen used in obtain- 
ing curve F in Fig 2. Fig 5 also shows results 
obtained with an unnotched specimen only 
0.13 in. in diam, and with four specimens 
only o.10 in. in diam. Since the results 
obtained with the four smallest specimens 
differed very little, they have been repre- 
sented by a single curve. The results ob- 
tained with the 0.13-in. specimen differed 
little from the results obtained with the 
0.10-in. specimen. These small specimens, 
however, were a little more ductile than the 
unnotched specimens of intermediate size 
used in obtaining curve F in Fig 1. The 
results obtained with the large and small 
unnotched specimens show that a 4500-fold 
increase in the volume factor has had prac- 
tically no effect on either the flow stress or 
the fracture stress. Moreover, a comparison 
of curves F with curve Fo in this figure 
shows that the rapid increase in the radial 
stress ratio during the local contraction of 
an initially unnotch specimen causes a rapid 
increase in the fracture stress. 

The volume factor for the large 90° speci- 
men (Fig 5) was not much less than for the 
large unnotched specimen, and was more 
than 3000 times as great as the volume 
factor for the smallest unnotched speci- 
mens. The evidence thus shows conclu- 
sively that the increase in the fracture 
stress induced by the 90° notch was caused 
by the increase in the radial stress ratio and 


not to a size effect. 
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Fig 6 shows the influence of the notch 
angle on the yield stress, ultimate stress 
and fracture stress for specimens used in 
obtaining Fig 2, 3, and 4. The ratio of the 
volume factors for the largest and smallest 
unnotched specimens was 230; the ratio 
for the largest and smallest notched speci- 
mens was 178. The yield stresses evidently 
were not appreciably affected by the varia- 
tion in size. The ultimate-stress curve ob- 
tained with the smallest volume factor 
rises above the single curve used to repre- 
sent the results obtained with the’ other 
specimens. However, the specimens used in 
obtaining the upper curve differed in form 
from the other specimens. As previously 
shown, the notch radius was made smaller 
without decreasing the minimum diameter. 
Because of the doubling of the sharpness 
ratio (2b/r) the radial stress ratio was 
higher for these specimens than for any 
other specimens used in the investigation. 
Because of the higher radial stress ratio, 
the ultimate-stress curve obtained with 
these specimens rises above the single curve 
used to represent the results obtained with 
the other specimens. For the same reason, 
the corresponding curve of fracture stresses 
rises above the two other curves. The differ- 
ence in radial stress ratios thus accounts 
for more than half the range of fracture 
stresses, for a constant notch angle. The 
other half of the range may be attributed to 
the difference in ductility (Fig 2 and 3). 

The evidence in Fig 1 to 6, therefore, 
shows conclusively that the increase in 
the fracture stress with increase in the 
depth and sharpness of a notch is due to the 
increase in the radial stress ratio, not to a 
size effect. 


INFLUENCE OF SIZE ON THE FLOW STRESS 
AND FRACTURE STRESS OF OXYGEN- 
FREE COPPER 


Fig 7 shows results of tension tests of 
large and small specimens of copper. The 
copper samples designated V and ND were 
received from the manufacturers in the 
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form of severely cold-rolled bars. They have 
been used in a number of previously- 
described investigations.!?:13.19.20.23 Some 
pieces of the sample VD were annealed and 
tested in that condition (VD-8). The cop- 
per designated NE-8 was received in the 
form of bars 2 in. in diam. It was tested 
after annealing. The dimensions, notch 
characteristics, and volume factors are 
listed in Fig 7 and also in Table 3. Results 
obtained with the severely cold-rolled cop- 
per N are plotted so that abscissas repre- 
sent total true strain, that is, the strain 
due to the cold rolling plus the strain during 
the tension test. Since the cold-rolling re- 
duced the rods 75 pct in cross section, the 
flow-stress curve designated N in the figure 
starts at the abscissa corresponding to an 
effective length ratio (Ao/A) of 4.0. The 
other curves that were obtained with an- 
nealed copper start at an effective length 
ratio of 1.0. 

The broken curves in this figure, except 
curve Fy, represent results previously ob- 
tained with unnotched specimens 0.5 in. in 
diam. Curve N shows results obtained with 
two specimens differing greatly in size. The 
specimens were machined from the same 
rod of the severely cold-rolled copper. The 
small circle at the end of curve WN repre- 
sents fracture of the smaller specimen, and 
the surrounding symbol represents fracture 


of the larger specimen.- Although the speci-. 


mens differed greatly in size, this difference 
had no effect on either the flow-stress curve 
or the fracture stress. Since the ratio of 
diameters of the two specimens was 3, it 
might be expected that the ratio of volume 
factors would be 27. The ratio obtained 
from measurements after fracture, how- 
ever, is 79 (Table 3). With allowance for 
the deformation of this ductile metal during 
fracture, the true value may be not much 
more than 27. 

The annealed copper N E-8, either in the 
form of notched or unnotched specimens 
was much weaker than the annealed copper 
ND-8. The entire flow stress curves ob- 
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tained with NE-8 are below the correspond- 
ing curves obtained with ND-8. In view of 
the previously discussed results obtained 
with the cold-rolled copper N, the differ- 


Bio 


influence of the increase in the radial stress 
ratio on the flow stress and fracture stress. 

The results obtained with the oxygen- 
free copper, therefore, give additional evi- 


TABLE 3—Dimensions of Copper Specimens 


ViclimerFactor Ratio of Volume 


. Notch | Gage ees 
Material zag! 2B 2b 2b’ r ry’ 
Desig. pusle at In In. In. In. In. 
. . Initial Final 
4b 4(b‘)2r’ Initial | Final 
In.3 In.3 
ND-8 180 505 0.362 0.020 0.0026 I 
NE-8 180 1.126 0.833 0.190 0.142 : 53 ‘ 
ND-8 90 0.750 | 0.370 | 0.210 | 0.010 | 0.035 | 0.00137 | 0.00154 1.0 1.0 
NE-8 90 I 930 | 1.008 }|-0.628 | 0.025 | 0.186 | 0.0254 0.0733 tees 29.8 
N 180 0.160 0.0792 0.025 0.000156 1.0 
N 180 0.505 0.272 0.167 0.0123 78.8 


ences between corresponding curves ob- 
tained with the two lots of annealed copper 
cannot be attributed to a size effect, but 
must be attributed to a difference in 
strength due to the composition or struc- 
ture of the two metals. Comparison of the 
two flow stress curves for unnotched speci- 
mens or the curves for notched specimens, 
therefore, can lead to no positive conclusion 
about the influence of size. However, a 
comparison between the curves obtained 
with notched and unnotched specimens 
leads to definite conclusions. The flow- 
stress curve obtained in the continuous test 
of a large notched specimen is far above 
the flow-stress curve obtained with an 
unnotched specimen o.5 in. in diam, al- 


though the initial volume factor for the 


notched specimen is nearly 10 times the 
volume factor for the smaller unnotched 
specimen. The higher course of the curve 
obtained with the notched specimen, there- 


- fore, is due to the higher radial stress ratio, 


not to a size effect. 

In the experiment with another large 
notched specimen (Fig 7) the tension test 
was interrupted and the notch was ma- 
chined so as to reduce the enlarged notch 
radius nearly to its initial value. When the 
tension test was resumed, the higher course 
of the curve beyond H in Fig 7 reveals the 


dence that the increase in the fracture stress 
with increase in the sharpness of a notch is 
due to the increase in the radial stress ratio, 
not to a size effect. 


CONCLUSIONS 


The statistical theory of fracture is not 
applicable to the fracture of metals after 
even slight plastic deformation. Since the 
use of notched specimens for the investiga- 
tion of the influence of the stress system on 
fracture requires enough ductility to relieve 
most of the stress concentration, the sta- 
tistical theory is not applicable to such 
fractures. 

The results of this investigation, in which 
notched and unnotched specimens varying 
greatly in size were tested to fracture, show 
conclusively that the increase in the frac- 
ture stress with increase in the sharpness 
of the notch is due to the increase in the 
ratio of transverse to longitudinal tensile 
stress, not to a size effect. 
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0.12% G STEEL FA-17, ANNEALED 


O@-—UNNOTCHED, DIAMETER=0.5 INCH, VOLUME FACTOR=0.OII8 INCH? 

D--—NOTCHED, B=0.375 INCH, b=0.135 INCH, 7 =0.03 INCH, K=0.13, 
VOLUME FACTOR (4b°r) = 0.00219 INCH? 

O,O- — AXIS OF SPECIMEN AT HALF-RADIAL DISTANCE FROM AXIS OF ORIGINAL 
(21/4 INCH DIAMETER) BAR, 


@—-—— COAXIAL WITH ORIGINAL BAR. 

F—-——FLOW WITH VARYING RADIAL STRESS RATIO (S3/S,). 
f- —— FLOW UNDER UNIDIRECTIONAL, TENSILE STRESS. 
V—— —UPPER- ELD STRESS, M——MAXIMUM LOAD. 


Ly7-—— TRUE LOCUS OF FRACTURES. NUMBERS INDICATE NOTCH ANGLES. 
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EFFECTIVE LENGTH RATIO, Ay /A 


Fic 1—FLow AND FRACTURE“OF UNNOTCHED SPECIMENS ‘0.5 IN. IN DIAMETER, AND OF NOTCHED 
SPECIMENS WITH MINIMUM DIAMETER 0.3 IN. AND ROOT RADIUS 0.03 IN. 
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0.12% C STEEL FA-17, ANNEALED 


@——UNNOTGHED, DIAMETER=!.0 INCH, VOLUME FACTOR = 0.094 INCH? 

m= ——NOTCHED, B=!.0 INCH, b=0.4 INCH, [=0.09 INCH, k=0.16, VOLUME 
FACTOR (4b*7)=0.0576 INCH? 

ALL SPECIMENS COAXIAL WITH ORIGINAL BAR. 

BROKEN CURVES SAME AS CURVES OF PRECEDING FIGURE. 


F ——FLOW WITH VARYING RADIAL STRESS RATIO (S;/S,). 
Fo——FLOW UNDER UNIDIRECTIONAL TENSILE STRESS. 

\——UPPER YIELD STRESS, M—-—MAXIMUM LOAD. 

NUMBERS INDICATE NOTCH ANGLES, R ——- COMPLETE FRACTURE. 


STRESS, LB PER SQ INCH (THOUSANDS) 


“EFFECTIVE LENGTH: RATIO, Ag /A 


Fic 2—FLOow AND FRACTURE OF UNNOTCHED SPECIMENS I.0 IN. IN DIAMETER, ‘AND OF NOTCHED 
SPECIMENS WITH MINIMUM DIAMETER 0.8 IN. AND ROOT RADIUS 0.09 IN. 
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0.12% GC STEEL FA-17, ANNEALED 


O——UNNOTCHED, DIAMETER=0.25 INCH, VOLUME FACTOR=0.00134 INCH? 

O— — NOTCHED, B=0.25 INCH, b=0.09 INCH, r=0.02 INCH, k=0.13, VOLUME 
FACTOR (4b'r)=0.000648 INCH? 

AXIS OF EACH SPECIMEN WAS AT HALF-RADIAL DISTANCE FROM AXIS OF 

ORIGINAL (21/4 INCH DIAMETER) BAR. 

BROKEN CURVES SAME AS THOSE OF PRECEDING FIGURE. 

F -—FLOW WITH VARYING RADIAL STRESS RATIO (S,/S,). 

Ff, - - FLOW UNDER UNIDIRECTIONAL TENSILE STRESS. 

\vV- — UPPER YIELD STRESS. | M——MAXIMUM LOAD. 


140 NUMBERS INDICATE NOTCH ANGLES. R-—~- COMPLETE FRACTURE. 
3 as } 
B 130 4 = angie | 5 
Z se 5 STITT. 
= 120 Sr 75 72 als 
3 at Va 1 
4 a 
= 110 PE Sat Ltt tt tat 
= x VS api he set 
I : 7. © AA 
© 100 eter CU r 
Z Le ia oka —— 
¥ = . So IEP) 2 
ree tg8) Hy Tat a [ & | + | 
1 og Gel Nock 
oO ce 14 77 ¥3 + 7 . | 
ao ‘ Wl < LU ile 
=| 
: ASSLT Be. “w i Al hyo) 
ys rh? 
uw 60 
: HH 
Y 50 jE fest r 
iP | 5) Sea 
40-2 
fe | — 
30 if | 
20 | An 
10 | Sa 
te 
2 | 2 3 4 


EFFECTIVE LENGTH RATIO, A,/A 


Fic 3—FLow AND FRACTURE OF UNNOTCHED SPECIMENS 0.25 IN. IN DIAMETER, AND OF NOTCHED 
SPECIMENS WITH MINIMUM DIAMETER 0.18 IN. AND ROOT RADIUS 0.02 IN. 
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0.12% C STEEL FA-17, ANNEALED 


O,@— UNNOTCHED, DIAMETER=0.167 INCH, VOLUME FACTOR AT FRACTURE = 
0.00041 INCH* 

DO —— NOTCHED, B=0.25 INCH, b=0.09 INCH, F=0.01 INCH, K=0.13, VOLUME 
FACTOR (4b'r) = 0.000324 INCH: 

O,0— AXIS OF SPECIMEN AT HALF-RADIAL DISTANCE FROM AXIS OF ORIGINAL 
(21/4 INCH DIAMETER) BAR. @—-—COAXIAL WITH ORIGINAL BAR. 

BROKEN CURVES SAME AS THOSE OF PRECEDING FIGURE. 

F —— FLOW WITH VARYING RADIAL STRESS RATIO (S;/S,). 

& —— FLOW UNDER UNIDIRECTIONAL TENSILE STRESS. 
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Fic 4—FLow AND FRACTURE OF UNNOTCHED SPECIMENS 0.167 IN. IN DIAMETER, AND OF NOTCHED 
SPECIMENS WITH MINIMUM DIAMETER 0.18 IN. AND ROOT RADIUS 0.01 IN. 
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0.12% C STEEL FA-17, ANNEALED . 


+-—-—UNNOTCHED, DIAMETER =0.10 INCH, VOLUME FACTOR=0.000057 INCH? 

O-—— UNNOTCHED, DIAMETER=0.133 INCH, VOLUME FACTOR=0.000127 INCH? 

@ —— UNNOTCHED, DIAMETER= 1.296 INCH, VOLUME FACTOR=0.2563 INCH? 

m —— NOTCHED, B=1.125 INCH, b=0.601 INCH, r=0.123 INCH, k=0.29, 
VOLUME: FACTOR= 0.173 INCH? 

+,0— AXIS OF SPECIMEN AT HALF RADIAL DISTANCE FROM AXIS OF ORIGINAL 
(21/4 INCH DIAMETER) BAR. 

Ff, -- FLOW UNDER UNIDIRECTIONAL TENSILE STRESS. 

BROKEN CURVES SAME AS IN PRECEDING FIGURE. Sees 

M—-— MAXIMUM LOAD. R—-— COMPLETE FRACTURE. OR 
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EFFECTIVE LENGTH RATIO, Ag /A 


Fic 5—FLow AND FRACTURE OF UNNOTCHED SPECIMENS 0.13 AND 0.10 IN. IN DIAMETER, AND OF 
NOTCHED SPECIMEN WITH DIAMETER 1.3 IN. AND NOTCH RADIUS 0.123 IN. 
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0.12% C STEEL FA-1I7, ANNEALED 


O ——UNNOTCHED, DIAMETER=0.167 INCH, VOLUME FACTOR AT 

FRACTURE =0.00041 INCH? 

@ — —UNNOTCHED, DIAMETER=!.00 INCH, VOLUME FACTOR AT 
FRACTURE = 0.094 INCH? 

lm ——NOTCHED, B=0.25 INCH, b=0.09 INCH, r=0.01 INCH, k=0.13, 
INITIAL VOLUME FACTOR (4b'r) = 0.000324 INCH? 
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—— NOTCHED, B=0.25 INCH, b=0.09 INCH, r= 0.02 INCH, 
K=0.13, VOLUME FACTOR=0.000648 INCH? 

A— — NOTCHED, B#1.0 INCH, b=0.4 INCH, r= 0.09 INCH, 

k= 0.16, VOLUME _FACTOR=0.0576 INCH? 
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Fic 6—INFLUENCE OF THE INITIAL NOTCH ANGLE ON YIELD STRESS, ULTIMATE STRESS, AND BREAK- 
ING STRESS OF 0.12 PCT CARBON STEEL. 
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Statistical Rate Theory of Metals—I.* Mechanism of Flow and | 


Application to Tensile Properties 


By Jay W. FREepRIcKSONt AND HENRY Evyrinct 


(Philadelphia Meeting, October 1948) 


Many theories have been advanced to 
explain the phenomena of elastic and 
plastic deformation. The object of this re- 
port is to present a mechanism for deforma- 
tion, not radically differing from existing 
theories, but embodying certain principles 
and concepts of these theories. This pro- 
posed theory cannot be the complete 
answer to the age-old problem of deforma- 
tion but it is believed that it will be a step 
further in the proper direction. 

The plastic properties of solids have re- 
cently been reviewed by Seitz and Read.* 
Zener? has reviewed and correlated the 
existing work on the anelasticity of metals. 
With these and others*4.5 present theories 
of deformation are well-known. 

Of the many theories now extant, those 
receiving most attention have been prof- 
fered by Griffith,® Becker,’ Smekal,® 
Polanyi,’ Orowan” and Taylor." Although 
differing quite widely in details, these 
theories are based more or less on a common 
principle of flaws or dislocations that exist 
in the crystal lattice. The effect of stress 
concentrations surrounding a flaw or crack 
has been treated most recently by Fishet 
and Hollomon.'” 

The various authors differ as to the exact 
nature of the flaws or dislocations, the 


* This paper is based on a research program 
conducted at the University of Utah in cooper- 
ation with the Office of Naval Research, U.S. 
Navy Department. Manuscript received at the 
office of the Institute January 9, 1948. Issued 
as TP 2423 in Metats TECHNOLOGY, August 


1948. 

+ Graduate Student in Metallurgy and Dean 
of the Graduate School, respectively, Uni- 
versity of Utah. 

1 References are at the end of the paper. 


causes of their appearance, or the manner 


in which they initiate slip. All of the theories ~ 


agree that the number of dislocations in- 
creases with progressing deformation. 

It is universally agreed that the shearing 
process is not a simple gliding of ideally 
perfect atomic lattice planes. It is also 
agreed that the “macroscopic” process of 
gliding, or slip, is brought about by the 
spreading of a large number of locally 
initiated “glide steps” through the whole 
crystal. The occurrence of these “‘glide 
steps” is closely related to the presence of 
some kind of deviations from the “ideal” 
lattice structure, even in the undeformed 
crystal. These deviations are overcome 
“one at a time,” in a manner of speaking, 
due to some stress-concentrating effect.!* 


PROPOSED THEORY 


Many solids show a continuously in- 
creasing deformation if subjected to a con- 
stant load of suitable magnitude in an 
extended range of temperature for a suffi- 
cient time. This deformation, or flow, may 
be said to be due, in general, to the tend- 
ency of the atoms or molecules in an 
elastically stressed body to readjust them- 
selves in such a way that if the deformation 
were kept constant, a release of stress 
would take place. If rupture does not occur, 
this process of relaxation causes the rate of 
flow to obtain a final constant value, as 
shown in the curve (Fig 1) obtained by 
Taylor and Quinney.'4 In this state the 
release of stress by relaxation exactly 
counterbalances the increase due to the 
elastic strain on the test pieces. 
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If a coherence exists between atoms or 
molecules, a deformation will cause a 
mutual displacement of them. Upon defor- 
mation, the interatomic field of force will 
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ature dependence factor of this vibration 
is understood. The atoms, or groups of 
atoms, jump from one position of equi- 
librium to another in such a manner that 


re ie a apr en To 


20 24 28 32 36 


STRAIN: 


Fic 1—STRESS-STRAIN CURVE OF COPPER OBTAINED DURING EXTENSIVE COMPRESSION SHOWING 
CONSTANT RATE OF FLOW. 
(After Taylor and Quinney.!4) 


be disturbed and the system will absorb 


a quantity of potential energy, giving rise 
to internal tensions in order to balance the 


external forces. On release of these external — 


forces, the internal tensions serve to bring 
the atoms back to their original positions. 
If the original structure of the material is 
restored by using up the absorbed potential 
energy, the material is said to be truly 
elastic.® 

Whenever a portion of the interior stress 
is relaxed the equilibrium is disturbed. 
Consequently, the exterior stress will cause 
an increase of length until equilibrium is 
restored. If this relaxation continues, the 
process will be repeated continually and 
flow will result. 

Deformation of a material is accom- 
panied by an increase in potential energy 


because the atoms are more or less strained ° 


uniformly into new positions, and this 
action is accompanied by an “exchange of 
old neighbors for new ones.” Because flow 


from the new position of atoms essentially 
~ involves the breaking of bonds quite similar 


to those in the old position, the situation 


is that of a fluid in shear. 


All flow processes should be reduced to 
the molecular or atomic level to be ade- 
quately explained. Even in the solid state 


‘the molecules or atoms are undergoing con- 


~~ ee 


‘stant vibrational movement. The temper- 


in the absence of an applied external force 
the number of jumps forward is equivalent 
to the number of jumps back, so that the 
net movement is zero. Under the influence 
of an applied force the number of move- 
ments in the direction of force is greater 
than that in the opposite direction, and an’ 
overall movement results. 

In order that a molecule, atom or system 
may move from one position of equilibrium 
to another, it is necessary that space be 
provided into which the system can move. 
All matter (solid and liquid) contains holes 
or empty spaces.1® A certain number of 
imperfections present in the liquid state 
remain in the solid state after solidification. 
A possible conception of these holes is given 
by Taylor in his theory of dislocations. In 
accordance with Smekal, a theoretical, per- 
fect lattice should have the strength deter- 
mined by atomic forces. However, if such a 
crystal were stressed, holes and fluctuations 
in density would be introduced by the 
application of the stress. 

Generally speaking there are two ways in 
which slip may occur in a solid metal: 
1. An entire layer of atoms might slip at 
once parallel to, and in the direction of, the 
applied force, in which case the total force 
required for slip is the sum of the atomic 
forces on the individual atoms. 2. Slip 
might occur by the action of. individual 
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atoms, or groups of atoms, jumping or 
moving into holes in the solid, in which the 
net movement will be in a direction to 
relieve the strain. 

The first postulate is very unlikely, inas- 
much as the activation energy required 
would be many times that of the second 
process wherein the energy of activation is 
for fewer atoms jumping each time. 

The rate process theory for viscous flow 
and plasticity developed, and later ex- 
tended, by Eyring,!*16 has been adapted to 
plasticity in metals for steady-state creep 
conditions by Kauzmann’ and Dushman, 
et al:18 

Assuming that atoms vibrate at the 
bottom of a potential trough, it is very 
likely that in order for these units to 
migrate and flow, an amount of energy, €:, 
must be supplied. This energy may be con- 
siderably greater than the ordinary thermal 
energy of the atoms, so that in order for 

“movement to occur between two units of 

flow, these units must be activated. This 
requirement of an activation energy gives 
rise to an exponential dependence of the 
rate on the temperature: 


v= Cexp (— zr) 


[1] 


where v = velocity of flow 
€; = energy supplied 
k = Boltzmann’s constant 


T = absolute temperature 
C = constant 
Becker? postulated that the rate of flow 
was characterized by an equation of this 
type. 
In any atomic or molecular process re- 
quiring an activation energy of the type, 


exp (- fi); the atoms or molecules in- 


volved must first come together to form an 
activated complex.!® This complex is re- 
garded as being situated at the top of a free 
energy barrier lying between the initial and 
final states. Eyring!®!® has developed the 
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equation for the specific rate of crossing a 


potential barrier as 


y= ee _ AFF 
att Sa ¢ RT 


or 


[2a] 


wheref x is the transmission coefficient; 
that is, the chance that a cer- 
tain number of complexes hav- 


ing crossed the barrier will not 


return. 


RT : : 
| sa universal constant having the 


dimensions of frequency. 

AF*, AH* and AS* are the free energy of 
activation, the heat of activa- 
tion and the entropy of activa- 
tion, respectively. 

Eq 2 was developed for equilibrium con- 
ditions. When an external force is applied, 
the rate of reaction is modified by the 
applied force (Fig 2). If the force on a unit 
area of surface is f, then the force acting 
on an area Aodz will be fA2A3, where AoAg is 
the effective cross-sectional area of a re- 
laxation center normal to the force. The 
force fA2A3 acts through a distance \ doing 
a amount of work fAsAsA in extending a 
relaxation center to a point where it will 
accommodate a flow unit. These flow units 
in a liquid are molecules.!® However, evi- 
dence indicates!’ that in a solid or crystal- 
line substance the units of flow may be a 
system of atoms, and as such, will be 
designated as domains. 

If we assume a symmetrical barrier, then 
an- intermediate state of higher energy is 
reached when the force has acted through 
a distance A/2, and the applied stress con- 
tributes an amount of work fd2A3A/2 to 
provide a hole for the movement of a 
domain. If the domain moves against the 
force it will have to do the same amount of 
work against the applied stress. 


t+ See Appendix A, Glossary of Terms Used. 
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As a result of the effective stress the 
domain moves in the forward direction 


Trod3r 
2kT 


k’ exp 


ENERGY 
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where y = time rate of flow in the direc- 
: tion of the effective force. 
\ = distance the domain moves in 


the direction of elongation 


“ DIRECTION OF FLOW 
Fic 2—ENERGY BARRIER FOR PLASTIC FLOW. 
(See Appendix A for definition of symbols.) 


times per sec and in the backward direction 


k’ exp (aes 


2kT 
times per sec, so that the net number of 


‘times any domain moves forward per 


-228)) 


second is then 


BOO 
2kT P 


k’ { exp 


The forward velocity is the net number 
of times the domain moves forward multi- 
plied by the distance \ of each movement 
in the direction of elongation. The resulting 
rate of elongation per unit length is ob- 
tained by multiplying the net forward 
velocity by 1/\1, where ); is the distance 
between relaxation centers in the direction 
of elongation. The resulting rate of flow is 
then given as!7-19 


v=xefem(Ter)—er 
nt 


\i = distance between relaxation cen- 
ters in the direction of elonga- 
tion 

NoAs = effective cross-sectional. area of 
hole (relaxation center) normal 
to the acting force. 

f = effective force acting per unit 
area of surface 

We have assumed in Eq 4 that the equi- 
librium rate constant k’ is the same in both 
the forward and backward directions, and 
that when the domain moves in either the 
forward or backward direction it moves 
through a distance \. Should these assump- 
tions prove to be unwarranted, obvious 
changes in the interpretation of \ and k’ 
can readily be made. : 

If \AsA3 is the volume, Vi, of the hole 
created by the action of the effective stress 
f and \rAaA3 is the volume of the domain 
which slips into the created hole, then 
Eq 4 can be written as: 


VikT 


MeV Ds exp (~ RT) SS 5e a 
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where the transmission coefficient x, Eq 2, 
has been taken equal to unity. 

A metal has elastic and plastic properties 
and, providing the plastic deformation is 


ELASTIC 
ELEMENT 


VISCOUS 
ELEMENT 


Fic 3—SoME POSSIBLE ARRANGEMENTS OF 
VISCOUS AND ELASTIC ELEMENTS TO CORRE- 
SPOND TO VARIOUS BEHAVIORS. 


not excessive, it will recover its original 
shape in sufficient time after removal of the 
deforming stress. The integral of the 
product of force and distance shows a loss 
in energy over a hysteresis loop. There is 
always loss of energy unless the movement 
is very fast or very slow. If it is very fast, 
the dissipation system cannot move, If it 
is very slow, no force:can accumulate in the 
viscous element (dissipation system), so 
again there is no loss. Thus, the loss is 
greatest at the intermediate rate of de- 
formation. This is explained adequately by 
the qualitative concept of viscosity and 
elasticity. 

Hooke’s law forms the basis of the 
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mathematical theory of elasticity. Love”? 
discusses the validity of this law in a com- 
plete manner. In discussing the evidence 
for or against Hooke’s law, it must be 
observed that all of the deviations noted by 
Love are of the dissipative type, and thus 
need to be explained by a viscous element. 
The acceptance of Hooke’s law is a tem- 
porary expedient supported by direct ex- 
periment. Such an acceptance is useful 
only when other parts of the theory are 
undergoing refinement, and must necessar- 
ily be replaced when detailed theory be- 
comes usable. 


With the rate of shear or plasticity of — 


solids established by Eq 4, and elasticity 
established by Hooke’s law, the problem is 
to arrange these elements to explain by a 
physical model the behavior of a metal 
during deformation. Some possible ar- 
rangements of the two elements, elastic and 
viscous, are shown in Fig 3. It should be 
noted that when an arrangement is made 
of a few elements, each of the units actually 
represents an average for a distribution of 
molecular or atomic elements, so that its 
characteristic constants are average values. 
The real elements contributing to this dis- 


tribution are dependent upon the nature of | 


the experiment in which the properties are 
measured. Since the solid has an enormous 
number of degrees of freedom, the only 


proper treatment would be a carefully 


established distribution of elements. Be- 
cause of the difficulty encountered in 
determining the constants, very involved 
models are troublesome. At the samé time, 
the data are seldom accurate enough to 
enable one to distinguish between two 
models that differ very little. As a result, 
enough elements are introduced to account 
for the qualitative behavior and the result- 
ing net work is adjusted to fit as well as 
possible.’ A general distribution might be 
expected to fit any data, and it probably 
would, but unless the distribution can be 
made on a physical basis, the exactness 
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of the “fit” cannot be a sufficient reward 
for the increased amount of calculation 
involved. 

No matter how successful one may be at 
“fitting data” with mathematical expres- 
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illustrates typical results obtained in a 
series of tests conducted by MacGregor and 
Fisher.?8 

It is customary to regard the stress- 
strain relation as consisting of two parts: 


@ ANNEALED STEEL 
SAE 1020 


@ ANNEALED BRASS 


+ Maximum Load 
x Fracture 
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TRUE STRAIN 
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Fic 4—TRUE STRESS-STRAIN CURVES OBTAINED AT —70°C AND A CONSTANT TRUE STRAIN RATE OF 
5X TOmshCe 
(After MacGregor and Fisher.?*) 


sions, thé constants obtained fail to provide 
a basis for improvement if meaningless in 
terms of structure. The proposed theory 
is an attempt to correlate the constants 
obtained with structure properties such as 
volume of flowing domains and the activa- 
tion energy for flow. 


STRESS-STRAIN RELATIONSHIPS IN 
METALS 


The stress-strain relationships in metals 
are very conveniently shown with stress- 
strain curves in simple tension. The true 
stress-strain curve in simple tension has 
been explored for a number of materials by 
MacGregor,?"22, Zener and Hollomon,” 
Hollomon,?4 Gensamer”® and co-workers,”® 
McAdams and Mebs?’ and others. Fig 4 


The elastic region and the plastic region.” 
The plastic region is characterized by the 
presence of permanent set, whereas in the 
elastic region no permanent set occurs. 
Since the stress-strain relationship in ten- 
sion as characterized by the curves is well- 
known, a discussion of the curves is. not 
necessary. 

Certain terminology is in common usage 
in describing the deformation of material 
and to avoid confusion, this terminology 
will be retained here. One must realize, 
however, that no material can be con- 
sidered truly elastic or truly plastic within 
any definite limits of deformation. An 
apparent true elastic deformation is actu- 
ally accompanied by plastic deformation, 
but at present the sensitivity of measure- 
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ments of deformation is such that any 
deviation from elastic behavior is not 
apparent until the magnitude of the plastic 
deformation becomes such that it is ob- 
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Hooke’s law up to the proportional 
limit, at which point plastic deforma- 
tion occurs. 

2. From the yield point to the maximum 
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FIG 5—PROPOSED MODEL FOR TENSION AT CONSTANT TRUE STRAIN RATE, SHOWING UNIT STRESS- 
STRAIN CURVES FOR INDIVIDUAL UNITS OF THE MODEL. 
(See Appendix A Glossary of terms used for definition of symbols.) 


servable. The assumption of elastic and 
plastic regions of deformation is also an 
aid to any mathematical formulation. 


PROPOSED MopEL FoR DEFORMATION 
OF METALS UNDER TENSILE STRESS 


Consider a stress-strain curve as shown 
in Fig 4. The curve can be -qualitatively 
analyzed by a finite number of modi- 
fied Maxwell units based on a physical 
interpretation. The curve can be divided 
into three regions, each represented by an 
elasto-viscous unit. These units differ from 
each other only in the values of the con- 
stants involved. The three regions of the 
curve are: 

1. From the point of initiation of stress 

to the yield point. Within this region 
the metal is assumed to follow 


load point. Within this region, both 
elastic and plastic deformation are 
occurring. 

3. From the maximum load point to the 
point of fracture. Within this region - 
plastic deformation is predominant 
with a small amount of elastic defor- 
mation. At the point of fracture 
plastic deformation has occurred to 
such a degree that the elastic ele- 
ments can no longer support the load 
and the specimen breaks. 

The arrangement of the units indicated 
by this qualitative analysis is represented 
in Fig 5a. The sum of the forces fi, fo, and 
fs is equivalent to the total force F, where f 
is defined as force per unit area. Fig 5), c, 
d show the individual unit stress-strain 
curves for the representative units. Each 
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of the units consists of an elastic element, 
assumed to be Hookean, and a viscous 
resistance represented by a dashpot, as- 
sumed to follow the hyperbolic sine law. 
Fig se with unit X of the model will be 
discussed in relation to annealed mild steel. 

The elastic element of unit 1 has a very 
stiff modulus (approximately the value of 
the Modulus of Elasticity). As the unit is 
first strained (Fig 5b) by application of 
force f:, the force increases rapidly, obeying 
Hooke’s law, until the proportional limit 
strain is reached. At the proportional limit 
strain the viscous element starts to flow. 
When the force f; is such that the viscous 
element is flowing at its maximum rate, the 
elastic element is no longer elongating and 
the rate of the flow is equivalent to the rate 


“of strain. The strain at which the rate of 


flow becomes a maximum is defined as the 
yield point of the complete curve. 
Simultaneously, with the action of fi on 
unit 1, the application of the force fz on 
unit 2 causes an elongation of unit 2 in 
accordance with Hooke’s law for the first 
part of the curve (Fig 5c). At some point in 
the curve, depending on the value of the 
unit constants, the viscous element starts to 
flow. Again, as with unit 1, when the force 
fois such that the viscous element is flowing 
at the maximum rate, the elastic element is 
no longer elongating and the rate of flow is 


- equivalent to the rate of strain. The strain 


at which the rate of flow of unit 2 reaches a 
maximum is defined as the strain at maxi- 
mum load. 

The stress-strain relationship of unit 3 
is such that Hooke’s law is followed for an 
appreciable amount of strain. The con- 
tributing factors to this relationship are the 
low value of the elastic modulus and the 
high value of the viscous constants. lf 
fracture occurs in the specimen before the 
viscous element has started to flow, then 
unit 3 will act essentially as a spring, obey- 
ing Hooke’s law. This condition is apparent, 
particularly with steels deformed at a nor- 
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mal rate of deformation (~ 10~‘sec~) and 
at a low temperature (< ~ 300°C). How- 
ever, if the testing temperature is suffh- 
ciently high, or the rate of deformation is 
sufficiently small, or any combination of 
these conditions exists, the viscous element 
in unit 3 will begin to flow at some finite 
stress and strain. 

Since the three units are in parallel, the 
individual forces fi, fo, fs will be additive 
for any particular value of strain. Com- 
bining the stress-strain diagrams for the 
three units, we have the complete curve as 
shown in Fig sf. In this complete curve the 
Modulus of Elasticity is the sum of the 
elastic moduli of the three units. The yield 
point occurs at a strain determined by the 
maximum flow point of unit 1. The yield 
stress is the sum of the stresses of the three 
units at the strain determined by the 
maximum flow point of unit 1. The strain 
at the maximum load is determined by the 
maximum flow point strain of unit 2. 
The maximum load stress is the sum of the 
stresses of the three units at the strain 
determined by the maximum flow point of 
unit 2. Beyond the maximum load the 
viscous elements of both units 1 and 2 are 
flowing at their limiting rates and the 
elastic element of unit 3 is being strained in 
accordance with Hooke’s law, giving rise to 
a straight line from the maximum load to 
fracture for “normal”? temperatures and 
rates of deformation. The slope of the 
initial part of the curve, that is, up to the 
proportional limit, is defined as the Modu- 
lus of Elasticity and is equivalent to the 
sum of the three elastic moduli. The slope 
of the final part of the curve, from maxi- 
mum load to fracture, is equal to the 
elastic modulus of unit 3. 

The proposed model for deformation has 
been analyzed on the basis of a stress- 
strain curve in which the transition from 
apparent elastic to observable plastic 
deformation is gradual, in other words, the 
yield point is not sharply defined. However, 
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the model can be applied in much the same 
manner to metals possessing a sharp, well- 
defined yield point, provided certain as- 
sumptions to be made are acceptable. 
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the elastic state is greater than its load- 
carrying capacity at the instant plastic 
deformation starts. 

Assume that the yield point elongation is 


015 .020 025 


Fic 6—PorTION oF STRESS-STRAIN CURVE FOR ANNEALED MILD STEEL SHOWING YIELD POINT 
ELONGATION, 


Consider an enlarged portion of the 
initial part of a stress-strain curve for 
annealed mild steel as shown in Fig 6. The 
portion of the curve between points A and 
B has been defined as the “yield point 
elongation” and is characterized in tests at 
constant rate of strain by a decrease in 
stress with strain from A to B. The cause 
of the so-called yield point elongation has 
not as yet been adequately explained. 
Ludwik*® ascribes the phenomenon to 
rather large changes in the internal struc- 
ture produced immediately in the first 
. Stages of the yielding. Winlock and Leiter*® 
postulate that the metal can support a 
greater load before the initiation of plastic 
deformation. These authors believe that 
the load at which yielding should first occur 
is “overshot” and that when plastic de- 
formation does start, the metal finds itself 
“overloaded,” and its subsequent behavior 
is due to the effort of the metal to resist this 
high load. The load then drops because 
the load-carrying capacity of the metal in 


dependent upon structure. It can be shown 
that it is dependent upon temperature. 
The structure that can account for this 
apparent yield point elongation might be a 
carbon-carbon or iron-carbon-iron bonding, 
creating a form of chain arrangement which 
is broken when the stress and strain on the 
chain reaches’ a certain finite magnitude. 
This structure can be represented by unit 


X in the model (Fig 5a), producing a unit © 


stress-strain curve as shown in Fig se. The 
magnitude of the stress at which the bonds 
break at the maximum rate can be evalu- 
ated from the stress-strain curve directly. 
In the case shown by Fig 6 the breaking 
stress is the difference between the stress at 
A and the sum of the stresses fi, fo, f3 at this 
strain. 

Having once been broken by deformation 
or cold work, unit X does not repair itself 
immediately. For this reason a metal hav- 
ing been previously deformed or cold- 
worked does not show a “yield point 
elongation” when stressed in tension. 
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Annealing, or long-time aging, will permit 
the reforming of the broken bonds and the 
metal will again exhibit a “yield point 
elongation.” This qualitative analysis has 
been borne out consistently by experiments. 

The discussion of the proposed model 
assumes that the algebraic sum of the forcés 
acting on the model is equivalent to the 
external force acting on the specimen. This 
assumption is obviously not correct since 
slip in metals rarely occurs parallel to the 
axis of the specimen. This is evidenced by 
the formation of slip bands in the deformed 
metal which are inclined at an angle with 
the axis of the specimen. 

Assume that plastic deformation or 
shear can occur on various slip planes that 
make angles 01, 02, . . . 6; with the direc- 
tion of the applied tensile stress and along 
different slip directions in these planes, 
which make angles 71, n2 . . . 9; with the 
projection of the applied stress in the slip 
plane. It has been shown?” *! that the re- 
solved stress fp; on these slip planes is 
related to the observed tensile stress by the 
relation: 


fo; =o sin 0; cos 6; cos 75 [7] 


The observed strain ¢ in a tensile speci- 


~ men is the sum of the elastic strain e, and 


the plastic strain €p. The resolved strain 
y; is related to the component €p; of the 
observed strain e by the equation: 


[8] 


The stress-strain components for the 
elastic elements need not be resolved since 
the spring constant g, characteristic for 
each of the springs, will account for any 


Ep; = Yi Cos 9; cos ni 


~ components not parallel to the direction 


of the tensile stress. 
Experiments have shown that when 


there are several crystallographically equiv- 


alent slip planes in a crystal, the one 


a 


having the greatest resolved shear stress 
will become active; or, if two are stressed 
equally, there will be slip in both.‘ If slip 


oor 


occurs first in one set of planes and then in 
another set, the critical shearing stress for 
the second set at the instant slip begins has 
the same value as the planes in which slip 
has ceased.’ 

If a single crystal is favorably oriented 
for slip, and is entirely surrounded by less 
favorably oriented grains, such a situation 
as can be found in the interior of a poly- 
crystalline specimen, stresses are exerted 
across the boundaries of this grain and slip 
occurs only when the stress is sufficiently 
great as to allow all grains to deform. The 
more numerous and randomly oriented the 
planes of easy slip, the more probable it is 
that one of the easy planes of slip of an 
arbitrarily chosen grain is favorably 
oriented for deformation. 

In a given polycrystalline specimen many 
different slip planes may be operating for 
the duration of the test. The number of 
different slip planes is dependent upon the 
randomness of orientation of the indi- 
vidual grains or crystals. However, in a 
strained metal one, and only one, set of 
planes will usually exist where the shear 
stress is higher than that on any other.” 


DERIVATION OF THE STRESS-STRAIN 
RELATIONSHIP FOR CONSTANT RATE 
OF STRAIN 


With the exception of unit X, the model, 
as shown in Fig 5, is composed of three 
identical units, except for the constants of 
the particular unit. The mathematical 
derivation of the stress-strain relationship 
for any one of the identical units will 
suffice for all three. The derivation of the 
stress-strain relationship for unit X and the 
evaluation of the individual unit constants 
will be discussed separately. The stress- 
strain curve for individual units (Fig 58, c, 
d) shows: 1. The operation of the elastic 
element alone. 2. The operation of the 
elastic and viscous elements together. 3. 
The operation of the viscous element alone. 

In accordance with Hooke’s law the 
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strain due to the action of the elastic 
element is: 


I 
c= -Oo 
€ Z [9] 
or 
de, 100, 
dt g di [xo] 


Furthermore, by the hyperbolic sine law 
(Eq 5) F 


dy Vi, kT -28 {Vs 


ON ee Sash Ras ern 
aes Vik e sinh SET [x1] 
or 
dep : 
re K sinh ao {r2] 
where 
AT _ SEE 
K = Acad Cosi See RT [13] 
Vo h 


(laren 
a = —ssin 0 cos 0 cos 7 [14] 


2kT 


de 
The total rate of strain 7 can be given as* 


de dé. dé» 


We ghd 
or 
de tide ; 
ATT Ot ile) [15] 
For constant rate of strain 
eho ye . 
FS Sten Be [16] 
h : = “ = constant 
where é = 7, = constant. 


* When ac is small, Eq 15 reduces to a type 

of equation derived by Maxwell** 

de 1 do 

aie 77) + Kao 
Eq 15 was derived on the assumption that the 
potential energy barrier was symmetrical 
(Fig 2). For the general assymetrical barrier, 
the equation can be written : 


de ido ,K 


Ga "ga ' 2} 

[exp (2uac) — exp (—2(1 — p)ac)]. 
Here, p, the symmetry coefficient is the fraction 
of the total work (2a) done in crossing the 
barrier, which helps in activation, 
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Simplifying Eq 16 by letting 


yg = ac, 7 = Kagt 


é 
B= 
one obtains 


tens 


* [17] 


— sinh ¢. 
Solving this equation for g and substituting 
the values for y and 7, one obtains 


= = In {8 + (1 + 8?)* tanh 
* 
Ase tol} sl 


To satisfy the boundary condition that 
when ¢ = 0,0 = 0, Eq 18 becomes 


c= ~ In 
(x + 6?)4 + (1 + B) tanh 
(East on 
2 
(1 + 62) + (1 — B) tanh 
(ase + B?)% ‘) 


2 


{r9] 


With the relationships 
K= 3 e = ét 
Eq 19 can be written as 


c=. in 


a 
(x + B*)4 + (1 + B) tanh 
ag(x + 6?) 
rae 
(1 + B?)* + (1 — B) tanh 
ag(1 + 6) 
Carr se) 
The stress-strain relationship for each 
of the units 1, 2 and 3 is expressed by Eq 
19 or 20. In the derivation of the equation 
the deformation was considered to occur 
by the process of flow accompanied by 
elasticity. On the other hand, unit X does 
not flow, but deforms by the stretching of 


[20] 
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the chain bondings, and, finally, a statisti- 
cal breaking of the bonds. 
Assume that N is the number of bonds at 


: aN , ; 
any time ?: then — au the time rate of 


bond breaking. If the applied unit stress 
og; =f, acts through a volume V;, in the 
forward direction, then 


aN ..., eae 
ae Nk =, exp \ Tr 
: O:Va, 
= "Nk's €Xp (vs AT ) [21] 


where k’.,, k’,, represent the specific rate 
constants in the forward and backward 
directions in the volumes V;, and Vu, 
respectively. 

Since the test is conducted at constant 
rate of elongation, and Hooke’s law is as- 
sumed valid for elastic elements, then 


[22] 


where g; is the elastic modulus of unit X. 
Using the relationship of Eq 22 and assum- 


Or = Br€ 


o2V 2, : vile 
ing that k’., exp es Tr / 's negligibly 


small, that is, the broken bonds do not 
repair, then 


dN R's, (fe 
ee epee ees a [23] 
N dN Be 
a - 2 ys a Nee exp (azgze)de [24] 


where Np is the number of bonds initially 


and a; = ae Solving Eq 24 and letting 
k's = k's, one obtains 
t 
Ine = Afr — exp (ange) [esl 


The stress on unit X can be given as 


ae € = g2€ exp 
4 Cae Pad §x 


{a5 [1 — exp (cez¢s6)]}. [26] 
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If in breaking, the chains reform to make 
new bonds, then Eq 26 will become 


No—WN 


N 
On = 7 bee + gise = [27] 
where ¢’. 4 gz. 
The equation for the complete curve can 
now be expressed as 


(1 + B:?)% + (1 + B,) tanh 
Gant + 8,2)4 e) 
2B; 
Cr =F By?)4 += (ri By) tank « 
(eee = B,?)% e) 
2B; 


[28] 


where @ is the average true stress and € is 
the true strain. All strains must be equal 
for different types of units; that is, ep = €, 
for all p’s and q’s. 


EVALUATION OF THE CONSTANTS 


The spring constants, or elastic moduli, 
gi, for the units are evaluated directly 
from the complete stress-strain curve 
(Fig 4). Remembering that for a small 
initial loading the viscous elements do not 
move, the initial slope of the curve, that is, 
the Modulus of Elasticity, is equivalent to 
the sum of the spring constants, that is, 


dg 
i Ce de 
4 


The final slope of the curve (beyond the 
maximum load point) is equivalent to the 
spring constant g3 


=) E 
We J incl e* 


The spring constants for unit 2 and unit 
X are evaluated from the initial slope of the 


[29] 


[30] 
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constructed stress-strain curves for each 
unit. The value of ge for unit 2 is given by 


do» 

2) = $2 [31] 
If sufficient data are observed during the 

yield point elongation, then the stress-strain 

relationship of unit X (Fig 5e) can be 

removed from the complete curve and 

value of g, determined by 


oe) “a 
dé J initit gs 


With the values of g3 and ge given by Eq 30 
and 31, and gz given by Eq 32, the value of 
g, is determined by Eq 209. 


[32] 


The constant a is evaluated by intro- 


ducing to Eq 19 the boundary condition: 


when He ee) By 


For this condition, then 
a=— m+ +8)4) [sl 


for B large a = — In 28 [33a] 
With the relation (Eq 33) and the fact 
that tanh 5 ~ 1, one can evaluate 6 as 


ag(t + B%)% : 


follows: from Eq 20 set 


2p 
then 
iat he to" In [B+ (1 + B*)¥] = eee 
[34] 
for B large 
In 28 = [34a] 


2)¥ 
Fig 7 shows a plot of EEE In 


[8 + (1+ 6)”] against 8. With the values 
of a and @ determined, the structure and 
thermodynamic parameters V, and AF* 
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can be calculated from the following: 


2kTa 
ViN= Sn cos cs n (351 
Vi kT 1 ) 
he a ae 
AF* = RT In 2h 008 8 cos [36] 


€ hae 
where K = = and the transmission coeffi- 


B 


cient x is taken to be unity. 


The relation 7 in Eq 36 is somewhat 
D 


obscure and for the purpose of calculating 
AF*, Vp is assumed equal to Vy. This 
assumption, while undeniably not exact, is 
made until further information and data 
are available. 

By rewriting Eq 36 as 


AS* 


V AS* 
ink =in(oth Per cos @ cos 7 
AH* 
—pF [a7] 


the values of AH* and AS* can be deter- 


mined by a plot of Jn K versus 7 in which 


the slope of the resulting curve is equivalent 


AH : . i 
to— oF 0] and the intercept is equivalent to 


Vis : 

Re ES 
In (: Te ee cos cos) [38] 
Since the stress-strain relationship of 


unit X passes through a maximum, then 


doz : 
Ppa and Eq 26 can be written as 
I é 
a; = n= 


Sei ase [39] 


With the values of €, g, and e known or 
easily determined, the only constants to be 
evaluated are a, and k’,. Until more in- 
formation is available, these constants 
cannot be accurately evaluated. By as- 
suming values for either V., or AF,*, one 
can be evaluated from the other by the 
relation of Eq 39 and 


Vay = kTa;z 
VAR i 


AF,* = RT In — 


i> ke’ [40] 
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DISCUSSION OF THEORY 


The proposed model and theory have 
been advanced on the assumption that 
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to occur with 
pressure. 
In some cases a stressed metal may 


changes in hydrostatic 


TPC 
ere in (p+ Vi+pe ) 


2 
Fic 7—PLOotT oF a a In [8 + (2 + 6?)4] VERSUS 6 FOR EVALUATION OF PARAMETERS. 


the stress and strain are transmitted along 
certain lines in a specimen, and then are 
relieved by relaxation centers correspond- 
ing to viscous domains. Force concentrates 
on domains that are harder to slip, until 
slip does occur, with the result that this 
slip occurs at the same rate as the domains 
which slip easily. In some flow processes, 
evidence indicates that the rate constant 
k’ (Eq 2) changes with deformation. This 
change in the rate constant can be shown 


exhibit characteristics which are not 
predicted by the theory as presented. 
These deviations from predicted behavior 
can, in some cases, be explained by refer- 
ence to the model (Fig 5a). An important 
deviation is the apparent weakening of the 
springs. Temperature and rupture of indi- 
vidual springs can cause an_ over-all 
weakening effect. At times, non-Hookean 
springs may have to be incorporated in the 
model. Another deviation may be in the 
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hyperbolic viscous element. The element 
may undergo a type of thixotropy and 
thus be changed by the flow itself. 

Various phenomena occurring in the de- 


STRESS 
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C, u are constants and B has only a small 
dependence on temperature. Therefore, ; 
one can say that the strain rate varies 
approximately exponentially with stress 


% <¢ Ta ¢T3 


€y > Ep) &3 


T-Temperature 


STRAIN 


€- Strain rate 
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formation of metals can be correlated quite 
conveniently with the proposed model and 
theory. A survey of these phenomena will 
not be attempted, but mention will be 
-made only of those points to which the 
theory is thought to apply directly. 


EFFECT OF TEMPERATURE AND RATE 
OF DEFORMATION 


It is well-known that the stress-strain 
curves of metals are influenced by both 
strain rate and temperature.*! For a fixed 
strain rate and temperature there is 
associated with each metal a stress-strain 
curve as shown in Fig 8. _ 

The dependence of the stress-strain 
curve on temperature and rate of deforma- 
tion can be shown by rewriting Eq 15 as 


[acd 
é€= B+ CTe? [41] 


where € = strain rate 
o = stress 
T = temperature 


and the reciprocal temperature which has 
been shown experimentally to be true.*5%¢ 

Considering the fact that the vibrations 
of an atom are irregular, so that vibrations 
with small amplitudes may be followed by 
those with large amplitudes, it is evident 
that the rate of testing will have an influ- 
ence on the magnitude of the yield value 
and of the tensile strength. The longer a 
given tension is maintained, the greater the 


chance will be that the atom will carry ~ 


out a vibration with an amplitude suffi- 
ciently great to cause it to leave its po- 
tential trough. The chance that such an 
atom will escape from the trough, there- 
fore, depends upon whether or not an 
energy impulse sufficiently great occurs— 
a factor which is governed by the laws of 
probability.® 

Fig 9 shows a striking change of strength 
of aluminum crystals when tested at 
various temperatures.*”7 One might be 
tempted to assume that the tensile strength 
yield value and Modulus of Elasticity 
would, in general, always decrease with 
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temperature. Experience, however, seems 
to prove the opposite in some cases. Testing 
within the blue heat range of annealed 
mild steel shows a higher tensile strength 
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nomenon with strain aging thought to be 
due to the precipitation of carbides, oxides 
and nitrides. The precipitation of carbon 
is quite rapid at a temperature near the 
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Fic 9 DEPENDENCE OF STRESS-STRAIN CURVES OF ALUMINUM CRYSTALS ON TEMPERATU RE. 
(After Boas and Schmidt.57) 
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Fic 10o—ILLUSTRATION OF STRAIN HARDENING BY LOADING AND UNLOADING A SPECIMEN UNDER 
TENSION. 


and lower ductility than at temperatures 


considerably lower. 


The cause of the blue-brittle character- 
istic is not quantitatively known. Some 


' investigators?® have associated the phe- 


maximum of the blue-brittle hump (ap- 
proximately 316°C).** Le Chatelier®® postu- 
lated that at temperatures above 80°C any 
permanent deformation of iron gives rise to 
an irreversible transformation which tends 
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to raise the tensile strength and decrease 
the ductility. Above 300°C, however, the 
transformation is less effective in producing 
strength and hardness because of incipient 
annealing. 

Whatever the cause of the phenomenon, 
it is apparent that there is a change of 
mechanism of flow within the “blue-heat” 
region from that on either side. 


Strip PLANES, DEFORMATION BANDS 
AND GRAIN BouNDARIES*4 


Since slip occurs by the movement of 
blocks or domains from one position of equi- 
librium to another by the medium of 
holes in the material, it is possible that it 
might be difficult for the domains to move 
directly from one grain to another, due to 
obstructions or irregularities other than 
holes occurring in the transition region. 
Chalmers#® has shown that when slip 
planes in two adjacent grains are not 


parallel, it is difficult for the domain. 


movement in one grain to cross the bound- 
ary into the next grain. The rate of diffu- 
sion, occurring by a slightly different 
mechanism, is known to be higher at the 
grain boundaries than within the grains. 
While this may show a preponderance of 
holes at the grain boundary, it does not 
necessarily mean that slip should occur 
with greater ease at these boundaries. If a 
material were completely homogeneous and 
isotropic, then one might expect that slip 
would occur most easily where the number 
of holes was the greatest. 

The passage of a single flow unit (do- 
main) would not produce a visible slip 
line, but the displacement produced by 
a succession of domains could amount to as 
much as the observed displacement at a slip 
line. The work required to move a domain 
from its equilibrium position does not 
remain in the lattice, but appears as heat.. 
This heat increases the probability of other 
domains moving more easily until slip 
occurs across the entire grain. One might 
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suppose then that once started, given the 
proper conditions, slip would occur. con- 
tinuously with decreasing work. This con- 
tinuous slip is known to be erroneous and 
does not occur, due to the influence of 
grain boundaries and strain hardening. 

By the process of slip, the orientation of 
the slip plane relative to the axis of the 
specimen is continually increasing.*t When 
a metal is deformed, each individual grain 
tends to orient itself in a particular manner, 
Polanyi‘! has attempted to correlate the 
structure formed in stressed metals with 
the distortion of individual crystals. This 
is extremely difficult since the magnitude 
of the influence of other crystals is not 
known. 

Slip bands behave viscously and, with 
time, relieve the shearing stresses within 
them. Slip bands can themselves be sources 
of stress concentration.!? The occurrence of 
a more or less constant spacing of slip bands 
might be related to an assumed regularity 
of the lattice ‘‘deviation.” 

We may conclude that the slip process 
does not consist of the rigid motion of 
atomic planes relative to one another. The 
actual process involves the movement of 
atomic domains into new positions of 
equilibrium created by holes (imperfec- 
tions) in the lattice structure. 


STRAIN-HARDENING 


The stress necessary to cause slip is 
always increased by prior deformation. 
This phenomenon has been characterized 
by various investigators as strain-hardening 
or work-hardening. Strain-hardening can 
be explained qualitatively if one assumes the 
mechanism to be as illustrated in Fig 5a. 
Consider a hypothetical stress-strain curve 
for constant rate of strain as shown in Fig 
to. Upon the application of stress, the speci- 
men behaves elastically from O to Y, and 
both elastically and plastically from Y to 
F. Assume that the specimen is deformed 


by application of stress to point A. When — 


~ 
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the stress is released, the specimen con- 
tracts to A’ along the line AA’ in accord- 
ance with Hooke’s law. The specimen will 
return toward the origin at O upon relaxa- 
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hardening, is directly attributable to the 
action of the elastic element of unit 3 in 
terms of the proposed model (Fig 5). Ap- 
plication of a force above the elastic limit 
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Fic r1—STRESS-STRAIN CURVES FOR SAE 1020 STEEL SHOWING EFFECTS OF STRAIN RATE AND 
TEMPERATURE ON STRAIN HARDENING CHARACTERISTICS. 
(After MacGregor and Fisher.?*) 


tion of the stress in the viscous elements. 
This relaxation is comparatively slow at 
room temperature. Annealing at high 
temperatures increases the rate of relaxa- 
tion and the relief of stress. If the specimen 
is reloaded prior to relaxation, the stress- 
strain relationship approximately retraces 
the line A’A and then follows the original 
curve again. If the specimen is unloaded 
before reaching A on A’A, the specimen 
behaves in the same manner as it does in 
the region O-Y. If the specimen is de- 
formed beyond M (maximum load point) 
to B and then released, the system con- 
tracts almost elastically to B’ and relaxes 
with time to some finite length greater than 
the original length. 

The increase in strength, termed strain- 


produces stress in the units of the model 
which is released only when the viscous 
elements have relaxed sufficiently. If re- 
stressed prior to ultimate relaxation, this 
internal stress must be overcome before 
plastic deformation can occur and thus the 
specimen appears to deform elastically over 
a wider range of stress. Strain hardening 
also may occur by a change of structure in 
the metal produced by deformation, thus 
changing the parameters of the units in the 
model. A change of structure that produces 
larger values for the free energy of activa- 
tion, or a smaller hole volume, or fewer 
number of holes, will increase the strength 
of the metal. ; 
The effect of rate of deformation and 
temperature on strain-hardening can well 
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be illustrated by plotting the curves ob- 
tained by MacGregor and Fisher?* for SAE 
1020 steel tested at various rates of strain 
and at various temperatures. Fig 11 shows 
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been assumed to hold for all temperatures; — 


consequently, many investigators do not 
attempt to obtain stress measurements 
much beyond the maximum load point. 


FRACTURE STRAIN >| 


--- ASSUMED CURVE | 
— ACTUAL CURVE | 
| 
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Fic 12—STRESS-STRAIN CURVE FoR SAE 1020 STEEL TESTED AT 525°C AND 20 X 10-5 sec? 
ILLUSTRATING THE DIFFERENCE BETWEEN ACTUAL CURVE AND CURVE ASSUMING LINEARITY OF 
STRESS TO STRAIN BEYOND THE MAXIMUM LOAD POINT. 


this series of curves wherein the slope of the 
final part of each curve determines the 
magnitude of strain-hardening. As is illus- 
trated, an increase in strain rate influences 
the magnitude of strain-hardening very 
little. However, temperature has con- 
siderable influence. The curves show that 
at high temperatures a state is attained 
where practically no increase in strain- 
hardening takes place during the deforma- 
tion process, because in this state the 
viscous element of unit 3 works so easily 
that it has made the elastic element of 
unit 3 practically inoperative. 

The slope of the stress-strain curve from 
the maximum load point to point of frac- 
ture has been taken by most investigators 
to represent the magnitude of strain- 
hardening. In practically all cases the 
curve of the stress-strain relationship from 
the maximum load point to the point of 
fracture is a straight line for low tempera- 
tures and rates of strain greater than creep 
rate. This linearity of stress to strain has 


The stress at fracture is determined by the 
intersection of the best straight line through 
the points beyond the maximum load 
point and the strain at fracture. For low 
temperatures and relatively high rates of 
strain, this approximation is valid for the 
fracture stress. However, by the use of the 
curve in Fig 12, it is apparent that the 
approximation is not true for high tem- 
peratures. In the illustration the dotted 
line represents the curve, assuming linearity 
of stress and strain. The full curve shows 
what is believed to be the true stress-strain 
relationship. The deviation of the curve 
from the dotted straight line is attributed 
to the initiation of flow in the viscous ele- 
ment of unit 3 in Fig 5. Premature rupture 
of the specimen prevents this viscous 
element from attaining its maximum rate 
of flow. The constants of the elastic and 
viscous elements of unit 3 prevent flow in 
this unit at lower temperatures. The opera- 
tion of the viscous element in unit 3 can 
be prevented, even at high temperatures, 
by increasing the rate of strain sufficiently. 
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FRACTURE 


In judging the type of fracture occurring 
in a metallic specimen, the conditions under 
which the deformation takes place must be 
considered. A substance might be brittle 
under a sudden, sharp blow for two rea- 
sons: 1. Because there is insufficient time 
to dissipate the stress by means of relaxa- 
tion. 2. Because all the energy applied is 
taken up at a few spots only. A considerable 
tension appears locally and may lead to 
rupture. In the case of gradual application 
of the stress, however, the few domains 
which were first “overloaded” can gradu- 
ally flow away, and in this way, a larger 
resistant surface can be formed at that 
spot so that the energy will be distributed 
over more domains.® 

A contributing factor in fracture is the 
type of bonds present in the material. The 
presence of strong bonds next to weak ones 
may indicate considerable deformation 
prior to fracture, as is shown in certain 
textiles and rubber. Equi-directional bond- 
ing may contribute to a very brittle type 
of fracture, as is typical of the silicates. A 
material may be changed into a substance 
which is easily deformable plastically, or 
into a brittle substance by chapeine one or 
more of the type of bonds. 

If, in slipping, the units that slip mend 
or repair their bonds, fracture does not 
result. If, for some reason, mending does 


- not occur, then each broken bond results in 


one less in the cross-section. In order for a 
specimen to break, there must be a pro- 
gressive diminution in the number of bonds 
in some cross-section which carries the 
stress on the specimen. 


APPLICATION OF GENERAL THEORY 
TO TENSILE DATA 


Application of the proposed theory to 
actual experimental tensile data. will be 
shown in order to illustrate the methods of 


Aol 


calculation and evaluation of the constants. 
The data as published by MacGregor and 
Fisher?? have been selected for this dis- 
cussion. A list of the materials investigated, 
together with their heat treatments, is 
given in Table 1. The temperatures and 
testing speeds are shown in Table 2. 


TABLE 128—WMaterials and Heat Treatments 
CoNDITION AND HEAT 
TREATMENT 
Hot-rolled 34-in. round, 
annealed 1 hr at 1650°F 
and furnace-cooled 

Hot-rolled 34-in. round, 
annealed 1 hr at 1450°F 
and furnace-cooled 

Cold-rolled 34-in. round, 
annealed 1 hr at 800°F 
and furnace-cooled 


MATERIAL 
SAE 1020 Steel 


SAE 1045 Steel 


Brass (Cu 61.6 pct, Zn 
38.3 pet. Pb 3.17 pet, 
Sn trace) 


TABLE 22°—Summary of Testing Conditions 


True Strain-Rate* (Sec!) 


Temp 
oe 
500 X 1075| 100 X 1075] 20 X 1074] 5 X 10-5 
—183 2 
Ke) I, 2 tS 1,3 I, 2,3 
25 I, 2, 3 1,3 I,3 I, 2,3 
65 2,3 
100 Dy Zone Tad) I,3 1, 2,3 
170 Te a03 3 I 
320 Ess! I, 3 
440 I I 
525 I I I 
665 I I 


PR se Bre ee ee 
* Note: 1 designates SAE 1020 Steel. 2 designates 
Brass. 3 designates SAE 1045 Steel. 


The tests were conducted at constant 
true strain rates, using the standard 
o.sos-in. diam specimen. For a complete 
description of the testing procedure the 
reader is referred to the original article. 

Calculations will be made for a specimen 
of SAE 1020 steel, showing yield point 
elongation. The procedure for metals with- 
out a yield point elongation will be exactly 
the same, except.that the calculation for 
unit X will be omitted. The testing tem- 
perature for the specimen selected Mes 
—7o°C and the testing rate was 5 X 107 
Seca. 
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The complete stress-strain curve is 
shown in Fig 4,1. Fig 134, b, c, d shows the 
unit stress-strain curves for the individual 
units of the model. (Fig 5a.) The strain 
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slope at a strain of 0.002. The maximum 
stress on unit 1 is the total stress at the 
yield point less the stress effects on the 
other units. At the testing temperature of 


x109 
40 
xtrapolated ML.P 
Observed ML.P 
20 
SLOPE- 2.92 x10° 
0 
r) 02 04 O08 O08 10 


TRUE STRAIN 


PJ 
Sita =3 
oe 


TRUE STRESS (psi) 
WwW 


2 Expanded 
‘ SLOPE scale 
171 x10® 
r) 
© 002 .004 .006 008 01 


TRUE STRAIN 
(d) 


Fic 13—UNIT STRESS-STRAIN CURVES FOR INDIVIDUAL UNITS OF THE PROPOSED MODEL FOR SAE 
1020 STEEL TESTED AT — 70°C AND 5 X 107° sEc™}. : 


corresponding to the yield point and the 
maximum load point are shown in Fig 
134, b, respectively. It is to be noted that 
for this particular test the experimental 
maximum load point occurs just prior to 
the extrapolated maximum load point 
(Fig 13b). The maximum flow strain for 
unit 1 (Fig 13a), corresponding to the 
yield point, is arbitrarily determined by 
the intersection with the complete curve of 
a line constructed parallel to the initial 


—70°C (200 K) unit 3 acts only as a spring 
and produces a straight line stress-strain 
relationship from the initiation of stress to 
fracture. Due to insufficient data near the 
origin, the actual stress-strain relationship { 
for unit X can only be approximated. By 
removing the effects of units 1, 3 and 
X from the complete curve, the remainder ~ 
is the curve of unit 2. From the indi- 
vidual unit curves, the following data are 
determined: 


£2 = 2.92 X 10° psi Max. Stress: Unit 1 = 35000 psi 
gs = 4.70 X 104 psi Unit 2 = 34000 psi 
g3 = 1.71 X 10° psi Unit X = 5000 psi 
gi = E — (g2+ gs + gz) Max. Flow Strain: Unit 1 = 0.0032 

= 3.06 X 107 — 0.206 X 107 Unit 2 = 0.27 
£1 = 2.855 X 107 psi Unit X = 0.0032 


— 


JAY W. FREDRICKSON AND HENRY EYRING 


From Eq 33 and 34 and Fig 7, the value 
of the constants in Eq 20 for units 1 and 2 
are determined: 


Unit 1 
CEB in (Bs + (2 + 8:4] 
Bi 
BES ae sank: 
" Bi 23 
onl pe : me is (2 X23) 
Unit 2 


Be 
€ iy Cuter 
ace bt eg 
sams 37 
I 
o) 34 XI , mn (2 X 37) 


The thermodynamic and viscous param- 
eters are now calculated from these con- 
stants by the use of Eq 35 and 36. For 
purposes of calculation, the values of @ and 
7 are assumed to be 45° and o° respectively. 
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Unit 3 will have no viscous parameters 
since its operation is that of a spring. 
Assuming (without proof) that the free 


~ HOG Sets — 3 
0.0032 X 2.855 X 107 S54 


= 2.175 X 107* sec} 


= 1.094 X 1074 psi“? 


J t0 Kg KI 
0.27 X 2.92 X 108 +9 


= SH 


= TGs SK ae RE 


1,267 >< 107" psi- 


energy for bond-breaking is of the same 

magnitude as that for slip, the volume of 

the hole swept out due to the breaking of 

unit X can be calculated by Eq 39 and 4o. 
Assume: AF*, = 17000 Cals, 


= 1.75 X 10-77 cm? 


X 0.707 


=—="2'0 ><10n-- cm» 


X 0.707 


Unit i ; 
Vi =2 X 1.38 X 10716 X 200 X 1.094 X 1074 
See 0.707 X 0.707 X 6.9 X 104 
= 175'A# 
: mu See 
AF,* = 2.3 X 2 X 200 log a ere —— 
= 17000 Cals 
Unit 2 
2° 1.38 X 10718 X 200 X 1.267, X10 * 
La seer X 0.707 X 6.9 X 104 
=. 200 
exe 200 
Mis — 2 32 200 ee 6.62 X 10727 X 4.35 X 107° 2 3 us 7o-8 


ll 
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Fic 14—CoMPARISON OF OBSERVED AND CALCULATED DATA FOR SAE STEEL STRESSED IN TENSION 
AT —70°C AND 5 X 10° SEC}. 


TABLE 3—Results from Tensile Tests of SAE 1020 Steel 


True Strain . Spring 
Temp. Unit of Max. Stress | Max. Flow Via AF* 
° te : : Modulus 
Cc (X 107 sec"! Model (Psi) Strain (X 104 psi) (Cu, A) (K Cals) 
fi I 35000 0.0032 2850 175 17.0 
5 2 34000 0.27 29.2 200 17.2 
4-7 
& 5000 0.0032 171 680 17.0f 
Tag be 87000 0.0032 2850 175 16.5 
20 2 33500 0.27 20.2 200 16.6 
3 4-7 
x 5000 0.0032 171 680 16.5T 
—70 
i 39000 0.0033 2850 170 15.9 
100 2 33500 0.27 29.2 200 15.9 
4.7 
& 5000 _ 9.0033 171 680 15.9T 
I 40500 0.0035 2850 160 15.2 
500 2 33500 0.27 29.2 200 15.3 
4-7 
& 5000 0.0035 171 620 15.2T 
I 22000 0.0029 2750 310 25.1 
5 2 32000 0.30 29 . 275 25.6 
& 5000 0.0028 200 950 25.4T 
I 24000 0.0029 2750 300 24.4 
20 2 31500 0.30 29 275 24.7 
3 4.6 
x 5000 0.0029 200 920 24.6T 
25 I 26000 0.0030 2750 290 23.5 
. 2 31000 0.30 29 275 23.8 
100 % : 4.6 
5000 0.0030 200 880 23.6t 
I 27500 0.0030 2750 290 22.7 
500 2 31000 0.30 29 275 22.8 
3 4.6 
x 5000 0.0030 200 910 22.8T 


+ Assumed value. 
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TABLE 3—(Continued) 


True Strain 5 | Spri 
Temp. Unit of | Max. Stress | Max. Fl pane V * 
° Rate Dat S ie rrereahd Modulus Mu AF 
© | cx 10-8 sect) | Model (Psi) Strain icone) CHA) (K Cals) | 
I 29000 0.0030 2645 370 31.6 
5 2 37000 0.33 3r 290 BT10 
3 5-55 
x 5700 0.0030 217 1020 31.6T 
I 25000 0.0029 2645 385 30.4 
2 39000 0.40 2 265 30.6 
20 3 ‘ 5.68 
100 x 5700 0.0029 217 1050 30.5T 
I 21000 0.0029 2645 400 27.8 
i: 29000 ‘Ons2n re 28 330 29.2 
C 100 3 6.8 
x 5700 0.0028 217 1080 2S ei 
I 20000 0.0027 2645 415 27.6 
2 30500 0.28 31 340 28.2 
500 3 : 5-38 
x 5700 0.0027 217 II0o 27 0Ff 
I 30000 0.0032 2657 415 36.6 
2 39000 0.23 48 320 56.6 
20 3 5.25 
170 x 2800 0.0032 100 2450 36.6f 
I 26000 0.0030 2663 440 S305 
2 40000 0.2 4I 330 34.0 
500 3) 5-5 
x 2800 0.0030 100 2660 33.8T 
I 30000 0.0031 2550 600 SLa3 
2 45000 0.25 59 320 50.5 
320 5 3 5.06 
I 30000 0.0031 2550 600 49.8 
20 2 45000 0.25 59 320 48.9 
3 5.06 
I 38500 0.0037 2400 640 58.5 
2 17000 0.27 16.5 1270 S77, 
r00 3 3-9 
° 
a I 38000 0.0036 2395 660 56.3 
500 2 22000 0.25 21 1080 56.0 
3 3.64 
I 23000 0.0030 .<| 2220 960 67.3 
20 2 14500 0.25 I 1600 67.5 
3 2.08 
525 pad 27500 0.0031 2220 930 65.6 
100 2 14000 0.25 {26.5 1550 64.5 
3 H 2.15 
i 
I 130000 .f| 0.0032 2220 900 63.5 
500 an 14500" 0.25: 17 1500 62.0 
3 : 2.77 
i 15500 ~ 0.0029 1850 =) -T4ro 72.3 
665 500 2 9000 0.23 10 3260 74.0 
3 0.875 


ee Ee 
: + Assumed value. 


then hi, = 1.38 X 1078 Applying the evaluated constants to 
; : é ie Eq 28 one obtains the theoretical stress- 
Ei arr In peas X 10-“psl strain curve (Fig 14). The calculated data 


1.702 X 10-8 are in very good agreement with the ob- 
Beet 2823S 5h 720078 6.9 X 104 -_ served data. 
= 6.8 X 107% cm? Tables 3, 4 and 5 show the results ob- 


= 680 A’ * tained from analysis of. the stress-strain 
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TABLE 4—Results from Tensile Tests of SAE 1045 Steel 
True Strain sas Fl Spring Vi AF* 
Temp Rat Unit' of Max. Stress | Max. Flow Modiind 
°C (x Spies paoeth Model Psi Strain (X ro! psi) (Cu. A) (K Cals) 
I 61000 0.0038 2800 155 17.8 
5 2 52000 0.20 79 100 16.8 
3 9-4 
x 6000 0.0038 170 620 L7.3t 
I 63500 0.0039 2800 145 i772 
—70 20 2 52500 0.20 79 100 16.2 
3 9.4 
x 6000 0.0039 170 590 16.7T 
I 66000 0.0039 2800 145 16.6 
100 2 51000 0.20 79 100 15.5 
2 9.4 
x 6000 0.0039 170 580 16.0T 
r I 50000 0.0035 2800 245 26.4 
5 2 49000 0.20 69 175 25-5 
3 ’ 7.95 
>¢ 4000 0.0035 105 1570 26.0T 
I 52000 0.0035 2800 245 25.7 
20 2 49000 0.20 69 175 24.7 
3 7-95 
x 4000 0.0035 105 1590 25.2T 
25 I 53000 0.0036 2800 240 24.8 
100 2 48500 0.20 69 175 2a 7, 
3 7-95 
x 4000 0.0036 105 1530 24.2T 
I 53500 0.0036 2800 240 23.8 
500 2 48500 0.20 69 175 22:7 
3 7.95 
xX 4000 0.0036 105 1520 23.2T 
I 53500 0.0039 2770 250 26.8 
65 500 2 43500 0.20 54 4 250 25.4 
3 ac 
x 3500 0.0039 100 1670 26.1T 
I 56500 0.0041 2700 320 36.6 
100 2 30500 0.18 41.5 470 SS.a7 
3 9.7 
x 2500 0.0041 67 3160 36.2T 
I 53500 0.004 2700 325 35.0 
170 500 2 33000 0.18 ar$ 470 34.6 
+7 
& 2500 0.004 67 3260 34.8T 
I 49000 0.0039 2530 480 52.8 
5 2 42500 0.14 69 490 52.0 
3 6.85 : 
320 20 I 57000 0.0042 2540 445 51.6 
2 39000 0.15 67 470 50.0 
3 6.85 


+t Assumed value. 


curves (MacGregor and Fisher®*), The 
effect of unit X on the stress-strain rela- 
tionship of SAE 1020 and SAE 1045 steels 
has disappeared at temperatures of 590 K 
(320°C). One must realize, however, that 
this temperature cannot be conclusive 
inasmuch as it is dependent upon the 
authors’ interpretation of the published 
curves. The over-all effect of unit X on the 


stress-strain curves can only be approxi- 
mated until more data are available. 

The tables illustrate that in all cases the 
free energy of activation, AF*, and the dis- 
placement volume, V4, are dependent upon 
temperature. Increasing the true strain 
rate from 5 X 10~'sec—! to 500 X 10~5sec~! 
has little, or no, effect on the displacement 
volume, and decreases the free energy of 


7 
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TABLE 5—Results from Tensile Tests of Brass 
SSS 


True Strain . Spri 
Temp Unit of Max. Stress | Max. Flow ee V AF* 
Rat x s M h 
Ae (x ae Seer) Model Psi Strain (x Series (Cu. A) (K Cals) 


680x102 


70 


60 


50 


40 


30 


20 


FREE ENERGY OF ACTIVATION - AF - (cal) 


10 A- SAE.1020 
o- SAE. 1045 
i : O- BRASS 
- 5 
) 200 400 600 800 1000 


TEMPERATURE (°K) 
Fic 1 5s—F REE ENERGY-TEMPERATURE RELATIONSHIPS FOR METALS STRESSED IN TENSION. 
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activation in the extreme cases by approxi- 
mately 4 kcal. It is to be noted also that 
the decrease in free energy appears linearly 
dependent upon the change of strain rate. 
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shows, however, that the flow unit is in- 
creasing in size with temperature. One 
might think of this as a coalescing of the 
flow units with the increase in temperature. 
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The stress-strain curve at 940°K (665°C) - 


for a strain rate of 100 X 107~sec~! was so 
erratic that the results were not consistent 
and have been omitted. 


DIscUSSION AND INTERPRETATION 
OF RESULTS 


The average value of AF* plotted against 
temperature shows a linear rise (Fig 15). 
If no variation in flow mechanism occurred, 
this relationship would indicate AF* was 
almost a pure entropy term with the heat of 
activation AH* approaching zero. The fact 
that V, also increases approximately 
linearly with temperature (Fig 16, 17) 


Results of the tests lead one to the con- 
clusion that the flow mechanism changes 
with temperature in such a manner that 
AF* 
= i 
of temperature. These results indicate that 
the mechanism of flow may not be by the 
movement of the same type of holes, as has 
proven applicable to liquids,!®1® but by 
the propagation of density fluctuations 
which can be made analagous to the hole 
theory. 

Fig 18, 19 and 20 illustrate the change in 
Spring Modulus with temperature. In all 
cases units 1 and 3 show a decrease in 


and a both tend to be independent 
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modulus with temperature. The value of 
the spring modulus for unit 3 drops quite 
rapidly above 600°K, indicating a decrease 
in strain hardening at the higher tempera- 
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applied to experimental data. The proposed 
model and theory provides an explanation 
of strain-hardening and the effects of 
temperature and strain rate on the stress- 
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tures. The curves for unit 2 show an in- 
crease in modulus between 4o0°K and 
700°K for SAE 1020 and SAE 1045 steels. 


This increase in modulus may be directly 


related to the phenomenon of “blue 
brittleness”? brought about by some change 
in structure, the exact nature of which has 
not been determined. The Spring Modulus 
of unit 2 for brass (Fig 20) shows an in- 


_ crease with temperature, but the increase is 


small and not considered: abnormal over 
the short range of temperature. 


SUMMARY 


A mechanism for the deformation of 
metals in tension has been advanced and 


strain relationships. It does not account 
for the occurrence of “blue brittleness” in 
mild steel, but indicates a change of flow 
mechanism that was assumed to be an 
entropy effect occurring in the spring 
modulus. From the values of the param- 
eters required to fit the data, it was shown 
that plastic deformation occurs by the 
movement of rather large domains from one 
position of equilibrium to another. The free 
energy of activation and the volume of the 
domains have been shown to be linearly 
dependent upon temperature. The de- 
formation has been shown to be almost 


- entirely an apparent entropy effect with the 
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apparent heat of activation approaching 
zero. 

More detailed information during the 
first part of the stress-strain curves 
is desirable for a complete analysis of 
all units making up the model of flow 
mechanism. 
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APPENDIX A 
Glossary of Symbols 


Constant 
Constant 
Modulus of Elasticity 
Effective stress per unit of surface 
Total effective stress per unit area 
of surface of composite model 
_ Free energy of activation 
g Unit spring (elastic) modulus 
h- Plank’s constant = 6.626 X 107%? 
erg-sec. 
Heat of activation 
k Boltzmann constant = 1.38 X 10718 
ergs mol—!deg™! 
Specific rate constant 
Rate constant 
Number of bonding chains 


No Original number of bonding chains 
R Gas constant = 1.986 Cal. deg.“ 
AS* Entropy of activation 


t Time (sec.) 
T Temperature degrees Kelvin 
v Velocity of flow unit. 
Vp Volume of domains = \y\2\3 
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V,; Volume of hole (displacement vol- Distance the domain moves in the 
ume) = \AoA3 direction of elongation 
V, Element of volume Unit X X, Distance between relaxation centers 
X Unit of flow model in the direction of elongation 
Vi Ao\g Effective cross-sectional area of 


Constant = == sin 6 cos 6 cos : 
a 2kT > 0 hole (relaxation center) normal to 


6B» Constant = €/K the acting force 
Unit of strain 


yw Symmetry coefficient 
Strain vate.= dy ao Macroscopic stress 
‘ dt ? t Variable = Kagt 
Macroscopically observed strain y Variable = ao 
Time rate of flow in the direction of 
effective force AppENDIX B 
e; Energy of molecule 
n Direction of slip in slip plane If one assumes no change in mechanism 
@ Angle between slip plane and axis of with a change of temperature then, utilizing 
stress Eq 37 and 38, the plots of the logarithm of 
x Transmission coefficient the rate constant, K, against the reciprocal 
TEMPERATURE (°R) 
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temperature will give the values of the 
apparent entropy of activation, AS* and 
the apparent heat of activation, AH*. In 


TEMPERATURE 


1000 500 400 300 


RATE CONSTANT - K 


TRUE STRAIN 
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occurs within the températures indicated.?® 
The curves for brass are shown in Fig 
23 and require no comment. 
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Fic 22—EvALUATION OF AH* AND AS* FOR UNIT 2 SAE 1020 STEEL. 


the curves for SAE 1020 steel and brass, 
(Fig 21 through 23), the slope represents 
the heat of activation; whereas the inter- 
cept represents the entropy of activation. 

The solid curves in Fig 21 and 22 repre- 
sent the best curves through all of the 
points at each strain rate, and the dashed 
curves represent the curves as they actually 
appear. By tollowing the dashed lines, it is 
seen that at a temperature of 300°K to 
370°K, depending on strain rate, a change of 
structure probably occurs. One might pre- 
dict this anomaly from the “blue brittle” 
phenomenon, peculiar to mild steel, which 


TaBLE 6—Thermodynamic Parameters for 
Tensile Specimens 
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Cals per deg 
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Table 6 shows average values of the ap- 
parent AH* and apparent AS * obtained 


\ 


is evident. The average value of the appar- 
ent heat of activation for each of the three 
metals is approximately zero, as was indi- 


from the evaluation of Eq 37 and 38. The 


linear dependence of the apparent entropy cated in Fig 15. 
of activation on strain rate, although small, 
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Plastic Flow in Anisotropic Sheet Steel 


By L. R. Jackson,* Memper, K. F. Smira,* anp W. T. LANKForD,{ JuNior Memper AIME 
(Philadelphia Meeting, October 1948) 


COMMERCIAL steel sheet is prepared by a 
combination of hot and cold rolling and 
annealing. This treatment usually results in 
more or less pronounced anisotropy. The 


attempts have been made to measure the 
constants of plastic anisotropy and use 
them to describe the flow of anisotropic 
sheet under combined stresses. 


TABLE 1—Properties of Sheet Steels 


Materials Thick- 
ness 
Killed drawing-quality steel,* cold reduced, 
Doxannealed: last fac cesses oes ames ates es | OF 0359 
Killed drawing-quality steel,* cold reduced, 
‘box annealed, temper rolled.............. 0359 
Rimmed drawing-quality steel, cold reduced, 
Ro cua ne AleG asters ae gee crete sc, 5 2 ed eVemieiacee 0.0359 
Cor-Ten,+ cold reduced, box annealed, temper 
ERC ee sthicis deere hae © la tie-etee ate Lie tin sthe a7 0.0359 


Longitudinal Transverse 
Pct Pct 
ie TS Elong. ae TS Elong. 
in 2 In. in 2 In. 
29,600] 44,400] 43 31,000 | 44,000 42 
22,650| 44,150| 43.5 | 23,200] 44,200] 42 
33,200 | 44,900 39 32,300 | 44,000 40 
55,500] 77,100 23 59,200 | 80,000 25 


* These two materials are not from the same heat. 
+ A high-strength low-alloy steel of the Cr-Si-Cu-Ni-P type. 


anisotropy may manifest itself both as pre- 
ferred orientation and in the manner in 
which impurities, segregations, and the 
like, are aligned in the sheet. The type of 
preferred orientation and the organization 
of impurities or segregations may affect 
the elastic moduli, the yield strength, the 
tensile strength, and almost always the 
amount of ductility inf different directions. 
In any case, the most important directions 
concerned in the anisotropy are along the 
rolling direction, along the width direction, 


and along the thickness direction. 


Considerable data exist on the anisot- 


_ ropy of sheet steel as demonstrated by 
conventional tensile tests; however, few 
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{ 
t 


— oe 


Manuscript received at the office of the 
Institute June 3, 1948. Issued as TP 2440 in 


* Battelle Memorial Institute, Columbus, 
Ohio. 

+ Carnegie-Illinois Steel Corporation, Pitts- 
burgh, Pa. 


415 


In this paper, evidence is presented indi- 
cating that plastic flow in anisotropic sheet 
can be described by the shear-strain energy 
flow theory provided that the anisotropy is 
properly taken into account. 


MATERIALS USED IN THE INVESTIGATION 


Table 1 lists the sheet materials used in 
this investigation and describes the condi- 
tion in which materials were tested. 


DESCRIPTION OF TESTS AND TEST METHODS 


Two types of tests were run—tensile 
tests and hydraulic-bulge tests. Character- 
istic parameters of anisotropy were deter- 
mined from the tension tests by methods 
which will be described later. In all cases, 
the tensile test pieces were cut from the 
same quarter line and adjacent to the bulge 
test pieces in the sheet in order to minimize 
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the possibility of results being affected by 
inhomogenetics. 


TENSILE TESTS AND THE MEASURE- 
MENT OF ANISOTROPY PARAMETERS 


Tensile test pieces were cut both along 
and transverse to the rolling direction in 


‘SR-4 GAGES 


ALIGNING PINS 


(REMOVED DURING TEST) 
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was aligned with the axis of pulling by the 
use of Tuckerman gauges placed both on 
opposite edges and on opposite faces of the 
test piece. The adjustment was done by 
trial and error until the elastic strains on 
opposite edges and opposite faces were 
equalized. 


DETAIL OF CLAMPS 


SR-4 GAGES 


.052" STRIP 


CLAMPING SCREWS 
( SEE INSERT) 


NOTES: GAGES A AND CIN SERIES 
” B 


De ” 


Fic 2—SCHEMATIC DRAWING OF RING GAUGE. 


the sheet. Fig 1 illustrates the test piece 
used. All test pieces were measured care- 
fully at 14-in. intervals along the test sec- 
tion both in width and thickness and any 
samples showing variations greater than 
0.0001 in. were discarded. These }4-in. 


intervals were marked so that they could 


later be identified after the test pieces were 
pulled. 

Modified Robertson! shackles were used 
at each end of the specimens during pulling. 
These consisted essentially of a single con- 
tact point at each end made by a ball 
bearing against a flat hardened steel sur- 
face. The position of the contact point with 
respect to the specimen axis was movable in 
two perpendicular directions by means of 
adjusting screws. The axis of the test piece 


1 References are at the end of the paper. 


- 


The. extensometer used to measure both 
elastic and plastic strains was constructed 
on the same principle as the one described 
by Holloman and Zener.? This type of 
gauge is precise enough to measure elastic 
strains and yet can measure plastic exten- 
sions up to 50 pct without having to in- 
terrupt the test to re-set the gauge. While 
the extensometer was capable of measuring 
elastic strains, it was not used for this pur- 
pose. Elastic moduli were determined by a 
separate experiment using a Tuckerman 
gauge. Fig 2 shows the gauge and illus- 
trates its principle of operation. The posi- 
tion of the SR4 gauges used to measure 
strains can be seen in the photograph. 
The extensometer was calibrated fre- 
quently by means of a standard extensom- 
eter comparator. . 
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Tests were pulled at a constant cross- 
head speed of 0.05 in. per min. and strain 
gauge and load readings were taken at fre- 
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In general, however, é» # & and two 
constants of anisotropy were defined in the 
following manner: 


TABLE 2—Anisotropy Parameters* and Elastic Moduli for M aterials used in Tensile and 
Bulge Tests 


oe Ue ee ee 


Material Type of Bulge Test Ky: Kzz a a 
Rimmed annealediss ¢ treciiaaine1e oles neiegs they hreye Longitudinal elliptical rR 1.93 29.2 29.6 
Rimmed annealed. o.... 0% 0s Gee selon wenls «> Transverse elliptical £.tt 1.93 
Rimmed annealed. s\.05 a c-cjetincels © ts clos Circular oe I.Il 1.93 
Al idlled annealed. ...%..05 15. Semis low coe oem ote Longitudinal elliptical 225 2.40 30.3 32.3 
Al killed annealed ..| Transverse elliptical 1.80 2.06 
Al killed annealed .-| Circular __ a. 1.80 2.06 
FAT Alloa CR eta cos eet canta ..| Longitudinal elliptical 1.60 1.70 30.6 32.0 
Al Leitlech RR wich ve Cave, otrave sp tees novela tale Transverse elliptical 1.92 2.93 
Abkilled( TDRe casas cei ve vs esac Circular Pp 1.69 1.70 
Coreen he cuaee oe ene eed teats ehebeeKea.e Diemkake Longitudinal elliptical 0.94 I.59 28.8 29.0 
Mors Tentiaccnceneiore sare Mea aaa vases FO mie iets che Transverse elliptical 2.36 1.60 
Cori Ten 2 Mare os bee so ae ae aie Circular 0.94 1.590 


* Variations in Ky: and Kz: for the same material indicate nonhomogeneity. Tensile test pieces used in 
evaluating Ky: and Kz: are always taken adjacent to the material used for the bulge test. 


quent intervals during the pulling after 
plastic flow had started. The loads were 
adjusted to take into account the load 
imposed by the extensometer. 

The test pieces were not pulled to frac- 
ture but the test was stopped as near to 
maximum load as possible. After removing 
the test piece from the machine it was 
measured carefully both in width and thick- 
ness at the same locations that had been 
measured originally. These measurements 
provided data for the anisotropy param- 
eters which were calculated in the following 
manner. 

The true strain in width and thickness 
was computed at each station along the 
gauge length of the test piece by means of 
the equation: 


re ae 
ew = In ei, [x] 
e = In : [2] 
to 


where wo, to and wy, t; are, respectively, the 
initial width and thickness and the final 
width and thickness. 

If the material was isotropic the relation 
€» = €, would be expected at all stations 
remote enough from the fillets that biaxial 
stresses are not'a factor and provided that 
necking has not started. 


For test pieces pulled along the direction 
of rolling the constant K,, was defined as: 


[3] 


and for test pieces pulled transverse to the 
direction of rolling the constant K,, was 
defined as: 


ew 
I cas ee 
Sop 


, 
Cw 
ham 


[4] 


Where e’,, is the strain in the width direc- 


tion as far as the sample is concerned, but 
is along the direction of rolling with respect 
to the original sheet. 


The anisotropy parameters K,, and Kz, _ 


varied somewhat along the gauge length 
and for the purpose of making computa- 
tions average values were taken. 

The validity of this’procedure is not yet 


clearly established and additional explora- — 


-tory experiments designed to clarify the 


definition of these parameters are in 
progress. It should be pointed out, how- 


ever, that, as will be shown later, even this _ 
rather crude method of measuring aniso- | 

* . . . ' 
tropy is of considerable value in correlating 


results from biaxial tests. 
Table 2 lists the average values of Kz. 
and K,, for all the materials used in this 


investigation. It will be noted that the 


values range from less than 1 to more than 
. 


“ee © 
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1. This indicates that while the shape of the 
test pieces used in determining the param- 
eters may have an effect on their value, it is 
not a dominating factor, and the values 
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an elliptical opening having a major 
diam of 15 in. and a minor diam of to in. 
Elliptical bulges were blown both with the 
major axis of the ellipse parallel to the 


ag Le 


‘esi 


may be roughly characteristic of the 
material. 

Table 2 also lists the elastic moduli of 
the materials determined from the tensile 
test data. 


Buuce TESTS 


Bulge tests were performed with equip- 
ment similar to that used by Lankford, 
Low, and Gensamer.* 

Two types of bulges were used, a circular 
bulge and an elliptical bulge. 

In making circular bulges the sheet 
sample to be tested was clamped between a 
heavy circular ring 12 in. in diam and a 
base plate and oil under pressure was 
pumped through the base plate, forcing the 
sheet into a dome shape. Fig 3 shows the 


equipment in operation. Elliptical bulges’ 


were made in a similar manner except that 
the hold-down ring and base plate formed 


Fic 3—BULGE-TESTING APPARATUS. 


rolling direction and parallel to the width 
direction in the sheet. 

In order to minimize effects resulting 
from the bending at the edge of the hold- 
down ring all stress and strain measure- 
ments were confined to the central square 
inch at the top of the dome. 

Plastic strains at the top of the dome 
were measured by the photogrid method. 
The grid was rectangular with 20 lines per 
in. The quality of the grid lines and the 
comparator used allowed plastic strains to 
be measured to a precision of +1 pct. 

The bulges were formed slowly, and at 
intervals the pressure was released while 
stress and strain measurements were made. 

Several methods of measuring stresses 
were explored before a method was finally 
adopted. 

The method used by Lankford, Low, and 
Gensamer® involves the measurement of 
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the radii of curvature at the top of the 
dome and the computation of the stresses 
from a knowledge of the radii of curvature, 
shell thickness, and the hydraulic pressure 
used. The derivation of the formulas for 
this computation involves some assump- 
tions regarding the shape of the bulge, that 
is, the bulge must be a sphere or an 
ellipsoid of revolution. Bulges in anisotropic 
materials did not satisfy this requirement 
too well, so another method was sought. 
The one finally adopted was the following: 

A bulge, elliptical or circular, was blown 
to a certain size and the pressure released. 
A Tuckerman strain gauge was placed at 
the center of the bulge along the rolling 
direction of the sheet. The pressure was 
then slowly applied and simultaneous 
pressure and strain gauge readings were 
made until the pressure reached the value 
it had just prior to release of pressure. At 
this point, the pressure was again released 
and the procedure repeated with the 
Tuckerman gauge set at 9o° to its former 
position. The pressure-extension curves 
thereby obtained allowed the surface 
strains in the sheet at the moment of re- 
lease of pressure to be determined. The 
stresses were then computed from these 
strains by the relations: 


E, 
re (6. + ud,) 


ox 


[5] 


oy= 5 +H8.) To) 
Where 6, and 6, are respectively the unit 
strains in the rolling and width directions, 
E, and E, are the elastic moduli in these 
same directions determined from tensile 
data and yw is Poisson’s ratio which was 
arbitrarily assumed to be 0.3. 


ANALYSIS OF DATA FROM TENSILE 
AND BULGE TESTS 


A considerable amount of published data 
has led to the conclusion that plastic flow 
in isotropic materials can be described 
quite accurately over a wide range of con- 


PLASTIC FLOW IN ANISOTROPIC SHEET STEEL 


ditions through the use of shear-strain 
energy relations. 

In order to use these relations it has 
become customary to make use of what are 
called ‘effective stresses” and “effective 
strains” in describing plastic flow. For 
isotropic materials these stresses and 
strains are respectively shear stress and 
shear strain invariants. 

Eq 7 and 8 show the form these in- 
variants take when there are no applied 


‘shears and the axes of reference are along 


the direction of stress and strain. 


o {44[ (2 Sg) at Gy = G5) 

=e CG, re &)?}” [7] 
{ 26[(dez ~- de,)? + (de, — de,)? 

+ (de, — dez)*}}* [8] 


In Eq 7 and 8,¢;, cy, anda, are respec- 
tively the true stresses in the x, y, and z 
directions; de,, de,, and de, are the natural 
strains in these directions and can be ob- 
tained from the relations: 


de 


a bhou fs 
de, = dln eo dey = 


The shear strain energy is given by the 
relation: 


dw =o,de, +0,de, + oe, 
and it has been shown‘ that: ' 
dw = ade {x1] 


By using effective stress and effective 
strain as defined in Eq 7 and 8, several 
investigations have shown that for iso- 
tropic materials, curves for simple tension 
lie very close to those obtained under 
biaxial stresses. This indicates that the 
shear-strain energy relations are of primary 
importance in plastic flow. 

Relations 7 and 8, however, do not hold 
for anisotropic materials. If the anisotropy 


“is orthotropic, that is, if there are three 


mutually perpendicular planes of plastic 
symmetry, then effective stress and strain 


[10] 
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relations analogous to those used for iso- 


tropic materials can be developed. It would 


seem to be not unreasonable to assume that 
sheet metals have this orthotropic sym- 
metry and that the principal directions 
connected with orthotropic symmetry are 
the rolling directions, the width direction, 
and the thickness direction in the sheets. 

If this assumption is correct, then ex- 
pressions for an ‘“‘effective stress’? and 
“effective strain” can be developed for the 
case of orthotropic symmetry analogous to 
expressions 7 and 8. Expressions of this 
type are given in Eq 12 and 13. 


c= | Sag OE ey a a 
a(Ky. ae IG + eye es) 
Ke ies\O's =; Oy)? ae K.(o2 ran Gz)? 
+ Kyloy — 0:)4} [x2] 
dw ode, + o,de, + o.de. 
; [13] 


Co o 


de = 


In Eq 12 and 13 K,, and K,, are the 
parameters of anisotropy as measured in 
the tension tests described above. The x, y, 
and z directions are respectively along the 
direction of rolling, transverse to the rolling 
and along the thickness direction. The de- 
tailed development of these relations is 
given in an appendix to this paper. These 
relations are valid when the stresses are 
applied along the directions of orthotropic 
symmetry. 

It is to be noted from Eq 12 and 13 that 
they reduce to Eq 7 and 8 when K,, = Kzz 
= 1. 

Eq 12 and 13 can be used to compare 
data from the tensile and bulge tests de- 
scribed above. This comparison is made in 


- Fig 4 to 15. In these figures, the data are 


computed first as though the materials 
were isotropic through the use of Eq 7 and 
8 and second by the use of Eq 12 and 13. 
In both cases strains were computed as 
finite strains instead of differential strains. 
In order to make computations it was 


assumed that there were no rotations re-— 


sulting from straining. 
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In Fig 4 to 15 it can be seen that the 
agreement between the bulge and tensile 
tests is generally much better when the 
various materials are considered to be 
orthotropic than when this type of aniso- 
tropy is ignored. 


SUMMARY AND CONCLUSIONS 


The type of anisotropy found in sheet 
steels is assumed to have orthotropic sym- 
metry and methods of evaluating this sym- 
metry in terms of two parameters, K,, and 
K.2, have been developed. These two 
parameters are obtained from tension test 
data. ? 

It is shown that where these two param- 
eters are used plastic flow of these materials 
under simple tension and biaxial tension is 
consistent with the idea that the flow is 
governed primarily by consideration of 
shear-strain energy. 


APPENDIX 
EFFECTIVE STRESS AND STRAIN RELA- 
TIONS FOR Piastic FLow IN ORTHO- 
TROPIC SHEET MATERIALS 


In the following development it is con- 
sidered that the three mutually perpendicu- 
lar directions of orthotropic symmetry in 
sheet materials ate respectively the rolling 
direction, the width direction, and the 
thickness direction. It is further assumed 
that stresses and strains are coaxial and are 
applied along one or more of the three 
directions. 

In all cases, the « direction is the rolling 
direction, the y direction the width, and 
the z direction the thickness. 

Increments of shear-strain energy result- 
ing from the application of stresses are 
given by the relation: 


dw =0,de, + o,de, + ode, [x] 


Where o;, o,, and a, are respectively 
stresses applied along the rolling direction, 
transverse to the rolling direction and 
through the sheet thickness, de,, dey, and 
de, are the corresponding natural strains. 
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This relation holds whether the material is 
isotropic or orthotropic. 

Considerations of orthotropic symmetry 
allow the expressions for strain in terms of 
stresses, analogous to those used*®® for 
isotropic materials to be written as follows: 


de, = dQ(aoz — bpy2ty — Of ex0 z) [2] 
dey = dQ(—apeyoz + boy — Chey) [3] 
de, = dQ(—apz02 — bpyoy + coz) [4] 
In these relations 


ll 


é 


a| &] 


dQ = [s] 
where de and @ are respectively the “ef- 
fective strain” and “effective stress” 
components analogous to those used in 
describing isotropic materials. In order to 
test the usefulness of considering sheet 
materials as being orthotropic and deform- 
ing in a manner consistent with the shear 
strain energy hypothesis it is necessary to 
find methods of evaluating the parameters 
@, b, C, May) Maz, bys) Myx) Mex, aNd py. This 
can be done in the following manner: 

In Eq 2, 3, and 4, the parameters a, b, 
and c can be considered to be measures of 
the deviation of the material from isotropic 
behavior in the x, y, and z directions, re- 
spectively. In an isotropic material a = b 
= c= 1. The parameters pry, bys, etc., 
correspond to ‘‘ Poisson’s” ratios and in an 
Isotropic, smaterialie ics ius = Mes = en 
= bye = Mey = HM. 

If there is no rotation of axis during 
deformation, 


buys = Ary, Chex = Ofdzz, 


and Chay = bitve [6] 


Applying the condition of incompressi- 
bility which is, 


de, + de, + de, =0 [7] 
the following relations are obtained from 
2, 3,4; 

I — psy —He =O . [8] 

yz +I — by, = 0 [o] 

Mer — My +I =O [10] 
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If a tension stress is applied along the x 
direction, the relations 


dey = 


de, = 


[x3] 
[12] 


— Apes 
—Apr02 


are obtained from 3 and 4. 
A tension stress along the y direction 
produces the relation 


dex = — diy y {13] 
de, = —DdpyOy. [14] 
In relations 11, 12, 13, and 14, let 
dey tar 
dai ee Ky [15] 
and 
déz _ Myz 
eee Ga 6 
dei naa [16] 


The measurable factors K,, and K;, con- 
tribute toward evaluating the 9 parameters 
required and if it would be practically possi- 
ble to perform a tension test in the 2 direc- 
tion, a third quantity K,, could be obtained, 
which, with relations 1 to 16 would allow 
the computation of all quantities required. 

In the absence of a ‘value for Kz, it is 
assumed that, 


a+b+c¢ =3. [17] 


This relation reduces to the isotropic 
form when ¢ = 6 = ¢ = 1. 


Using the relation given above, it can 


be shown that: 
3Kas(Kys ={- 1) 


~a(Ku+ Kis + Kako, 
jee Siva Kas + 1) [1 ] 

2(Kes + Kye + KesKys) . 1 
ie 3(Kee + Kyz) 


"3 Kae “Kye + seed) ee 
and relations, 2, 3, and 4 can be written in 
terms of measurable quantities as follows: 
PRCT LM US, CEE Se 
e206 (Ke + Ky + KesKys) 
[K wel Kes + 1)0z = ReeieOg = K..0:] [21] 
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ee ae 
- 26 (Kee ste Ky: =r K,2K ys) 
[—K,.K.02 at Katies aia I)¢y nar KG oie 
[22] 
de, = Bde . 
3 250: (Gey sta KG = K.Kys) 
[—K.202 = IG Ory r Ce a Kzz)02] [23] 
If it is assumed that in [1] 
dw = ade [24] 


then 21, 22, and 23, can be used to show 
that 


= 3 
B wee aia er = KgaBoa,) 
[Ky:Kz(oz ong gs)" a IGA a Gz) 


Kage a.)3)\" [2s] 


This is analogous to the expression for 
effective stress in isotropic materials and 
reduces to it when K,, = Kz, = 1. 

From 24, and 25, and 1, de can be 
defined as 


aa BS o,dez + o,de, + o-dez 
i a 


[26] 


Relations 25 and 26 are the ones (12 and 
13) used in analyzing data in this paper. 
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Diffusion of Carbon in Austenite with a Discontinuity 
in Composition 


By L. S. DarKEN,* MemBer AIME 
[(Philadelphia Meeting October, 1948) 


Ir has long been recognized that the 
driving force in an isothermal diffusion 
process may be regarded as the negative 
gradient of the chemical potential (partial 
molal free energy) of the diffusing sub- 
stance. This equivalence is exactly analo- 
gous to the fact that a mechanical force is 
the negative gradient of the potential 
energy. Nernst! in 1888 expressed these 
driving forces in terms of osmotic pressure, 
which is directly related to the chemical 
potential and free energy. ., 

The relationship between the diffusivity, 
mobility and activity coefficient of elec- 
trolytes in aqueous solution has been 
developed in great detail by Onsager and 
Fuoss? with results which have recently 
been confirmed experimentally by Harned 
and Nuttall.’ 

This interpretation of the driving force 
in isothermal diffusion has been discussed 
earlier by the author,*® who pointed out# 
that “‘for a system of more than two com- 
ponents it is no longer necessarily true that 
a given element tends to diffuse toward a 
region of lower concentration even within 
a single phase region”’; departure from the 
behavior of an ideal solution may be so 
great that the concentration gradient and 


the chemical potential gradient, or activity . 


gradient, may be of different sign, thus 
giving rise to “up hill” diffusion. Since, in 
the discussion of that paper,* some skepti- 


Manuscript received at the office of the 
Institute May 26, 1948. Issued as TP 2443 in 
METALS TECHNOLOGY, September 1948. 

* Research Laboratory, United States Steel 
Corporation, Kearny, N, J. 

1 References are at the end of the paper. 
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cism as to the validity of this conclusion 
was expressed, it seemed desirable to 
adduce experimental evidence to support it. 

Evidence of such diffusion in nonmetallic 
systems has already been reported. For 
example, it was observed by Hartley" in a 
series of experiments in which sodium 
chloride diffused from a saturated solution 
in about 5 pct acetone in water into a solu- 
tion virtually free of salt but with essen- 
tially the same acetone concentration. 
Specifically, a wine glass containing crys- 
talline salt and saturated solution was 
totally immersed in a large glass cylinder 
containing the acetone-water solution with- 
out salt; the difference in specific gravity 
was such as to prevent convection. Diffu- 
sion of salt was accompanied by a marked 
depletion of acetone in the wine glass; after 
3 days the acetone concentration decreased 
from 5.37 pct at the top of the glass, where 
the salt concentration was low (0.93 pct), 
to 1.84 pct at the bottom where the salt 


concentration was high (21.64 pct). This” 


“uphill” diffusion was found to be such 
that the partial pressure (activity) of ace- 
tone was essentially equalized throughout 
the system when a steady state gradient of 
sodium chloride was maintained. 

In order to demonstrate the existence of 
such diffusion in metals, a series of four 
weld-diffusion experiments was made. In 
these measurements pairs of steel of virtually 
the same carbon content, but differing mark- 
edly in alloy content, were welded at the 
end and held at 1050°C for about two weeks. 
Subsequent analysis showed that carbon 
had diffused so as to produce an inequality 
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of carbon content on the two sides of the 
weld, 
EXPERIMENTAL 

The specimens to be welded were rods 
216-in. long and 3g, 144 or % in. in diam, 
ground flat at one end. Welds were made 
in an apparatus, patterned after that used 
by Wells and Mehl,* in which the rods were 
held in an adapter so that the ground sur- 
faces met squarely. A helium atmosphere 
was used. A current of about 4500 amp was 
then passed through the rods;* the tem- 
perature of the weld was measured by 
means of an optical pyrometer sighted 
through a mica window. When the ob- 
served temperature reached about 1125°C, 
which required 10 to 20 sec, the current 
was discontinued. All specimens were 
ground, polished and etched on the cylin- 
drical surface and were then mounted on a 


- jeweller’s lathe and examined microscopi- 


cally. All welds appeared sound with very 
few holes; the zone of fusion extended 
about 0.002 in. The departure of the welded 
zone from normality to the axis of the 
welded specimen was less than this amount. 
‘The position of the weld was marked with 
a center punch. 

The original composition of the steels 
used is given in Table 1. Four welds were 
made as shown in Table 2. 

The furnace in which the welded rods 
were heated so that diffusion could occur 
was of the vertically-mounted tubular 
type (18 in. long, 134¢ in. bore), specially 
wound in three sections so that the relative 
current through each section could be 
adjusted to give a long-central zone of 
temperature uniformity. After careful 
adjustment there was a central zone of 
nearly 6 in. over which the temperature 
variation was less than 1°C. The tempera- 
ture was controlled by means of a commer- 
cial controller of 10 mv range, the major 

* The author wishes to express his thanks to 
Mr. J. F. Schmidt of Federal Shipbuilding 
and Dry Dock Co. for his assistance in pro- 


viding equipment and supervising the delivery 
of this current. 
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TABLE 1—Composition of Steels Used 


Desiee Per | Per | Per | Per | Per | Per | Per 
aa Cent | Cent | Cent} Cent} Cent} Cent] Cent 
Cc n i Pp iS) Cr | Mo 
a 0.49] 0.25] 3.80]0.011/0.006] 0.31 
b 0.04] 0.28] 4.78]0.006j0. o11 
c 0.45| 0.88] 0.05/0.020/0. 008 
d 0.58] 6.45] 0.14]0.035|0.008 
é 1.19] 0.28] 0.20 0.02 
f I.34] 0.20] 0.07 6.07 
TABLE 2—Data on Welds 
WwW. erg F Tem- 
Nam- | Steels] “eter” | Diffusion, |Petetare 
ber (In.) Seconds Ditucion 
I a—b 3 I.210 X 108 
2 a-c 4 I.109 
3 a-—d 16 0.821 1050°C 
4 e- 54 I.210 


part of the emf of the chromel-alumel 
control couple being balanced by an 
independent potentiometer circuit; this 
arrangement reduced the ~ temperature 
fluctuation during the control cycle to one 
or two tenths of a degree centigrade. The 
control couple was contained inside a silica 
well immediately adjacent to the center of 
the specimen. The calibration of the control 
couple was checked im situ at the beginning 
and end of each experiment by a master 
couple which had been compared with one 
certified by the Bureau of Standards. All 
specimens are believed to have been held 
within 1°C of the nominal temperature 


“(1050°C) for the diffusion period. 


The gas atmosphere used in the diffusion 
furnace was helium. Some preliminary 
difficulties were experienced in purifying 
this gas sufficiently that the constant slow 
flow would be. essentially neutral to the 
specimens over the extended periods re- 
quired. Finally an all glass train was used 
in which the gas (from a commercial 
cylinder) was first passed over oxidized 
copper (copper plus cuprous oxide) at 
600°C to convert hydrogen and hydro- 
carbons to water and carbon dioxide; these 
were absorbed by passage over ascarite and 
phosphorous pentoxide; the gas was then 
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passed over reduced copper gauze at 500°C 
to remove traces of oxygen. The gas thus 
purified entered through a mercury seal 
into the bottom of the furnace tube proper 


DIFFUSION OF CARBON IN AUSTENITE WITH A DISCONTINUITY IN COMPOSITION 


carbon distribution after diffusion is shown 
graphically in Fig 1, 2, 3, 4. The carbon 
content of the region beyond that shown 
graphically was uniform and is indicated 


% CARBON 


° 
DISTANCE FROM WELD (INCHES) 


Fic 1-—CARBON DISTRIBUTION IN WELDED SPECIMEN No. I AFTER 14 DAYS AT 1050°C, 


which was of 27 pct chrome steel. The 
specimens, suspended by a molybdenum 
wire, were prevented from making contact 
with the furnace tube by porcelain rings on 
each end. The effectiveness of the purifica- 
tion is attested by the fact that in no experi- 
ment except the first did the carbon content 
of the ends of the specimen (beyond the 
diffusion zone) change by more than 0.02 
pet C. 

After treatment of 10 to 14 days at 
1050°C, the specimens were allowed to cool 
with the furnace to 800°C, which required 
about 20 min., and were then lifted into the 
head. This treatment was given instead of a 
quench in order to make the samples more 
easily machinable. On removal from the 


furnace the specimens were bright in , 


appearance. 

Samples for analysis were turned off on a 
precision lathe. The original center mark 
was used as reference for all measure- 
ments. The first six samples from the 
center were each 0.04 in. long and subse- 
quent ones 0.08 in. This gave samples of 
about one half or one gram respectively, 
the whole of which was used for carbon 
analysis by the combustion method. The 


numerically in the figures; these carbon 
contents are the average of four or more 
analyses. 


“UpnHILL”? DIFFUSION OF CARBON 


In the first specimen, steel 5 (to the right, 
Fig 1), was originally ferritic (even at 
1050°C) but considerable austenite formed 
in the diffusion zone on account of the rise 
in carbon content. In the fourth specimen, 
steel f (to the right Fig 4), contained car- 
bide in addition to austenite. The remain- 
ing six of the total eight halves were 


completely austenitic during the diffusion ~_ 


period as determined by reference to phase 
diagrams, particularly those recently pub- 
lished by R. P. Smith.’ 

The “uphill” diffusion of carbon is most 


clear in the second and third welds (Fig 2 


and 3). From Fig 2 it is seen that carbon 
diffuses from an austenite of carbon con- 
tent 0.32 pct to an austenite of carbon 
content 0.59 pct. The difference in silicon 
content (3.89 and 0.05 pct respectively) is 
clearly responsible for this phenomenon. In 
the third weld, “uphill” diffusion is even 
more pronounced; in this case the carbon 
diffused from an austenite of 0.32 pct 
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carbon to an austenite of 0.72 pct carbon. two effects combine to give a pronounced 
The large difference is occasioned by the migration of carbon to the high carbon side. 
high silicon content of one side (3.89 pct) In the fourth weld a similar effect is 
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Fic 4—CARBON DISTRIBUTION IN WELDED SPECIMEN No. 4 AFTER 14 DAYS AT 1050°C, 


and the high manganese content (6.45 pct) observed; the carbon diffused from aus- 
of the other. Thus, silicon decreases and  tenite containing 1.12 pct carbon into steel 
manganese increases the affinity of aus- containing 1.42 pct carbon and 6 pct 
~tenite for carbon. In the third weld these molybdenum. However, as mentioned 
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previously, this composition lies in the field 
of austenite plus carbide; the composition 
of the austenite is believed to be about 
1.26 pct carbon and 2 pct molybdenum. 
It may, on this basis, be tentatively con- 
cluded that molybdenum increases the 
affinity of austenite for carbon to a some- 
what greater extent (for equal weight 
percent) than does manganese. 

Smoluchowski® performed some similar 
experiments wherein iron-cobalt-carbon 
alloys were welded to iron-carbon alloys. 
These welds were held at 1000°C for 
several days for diffusion to occur. Subse- 

- quent analysis disclosed no discontinuities 
in carbon content at the weld. He also 
performed a separate experiment to prove 
this; a sample with 4 pct cobalt and another 
without cobalt, both containing 0.80 pct 
carbon, were welded and kept together for 
several days at 1000°C but no change in the 
carbon distribution was detected. The ab- 
sence of such effect in cobalt alloys is in 
marked contrast to the pronounced effect 
of silicon, manganese and molybdenum; it 
should be noted, however, that these latter 
elements were chosen because it was ex- 
pected that they would have a relatively 
large effect. 

Although there is a discontinuity (or 
near discontinuity) in carbon concentra- 
tion at the weld, in the derivation of the 
diffusivity from the chemical potential®? 
the equality of chemical potential or ac- 
tivity at zero distance on either side of the 
weld is tacitly assumed: that is, the rate of 
diffusion is taken proportional to the 
gradient of the chemical potential times the 
mobility times the concentration. As a 


finite rate is observed, the gradient of the 
chemical potential must be finite at all 
points provided the mobility and concen- 
tration are also finite; therefore the chemi- 
cal potential must be single valued at all 
points and cannot suffer a discontinuity. 
For this reason it is of interest to compare 
the activity of carbon immediately adjacent 
to the original weld on both sides. At the 
compositions of each side (at zero distance) 
the activity of carbon was obtained from 
the data of R. P. Smith’ for the second and 
third welds. The slight difference in tem- 
perature (50°C) is regarded as insignificant 


except that the activities given should all — 


be multiplied by a constant slightly less 
than one to make them relative to graphite. 
This comparison is shown in Table 3. The 
agreement is seen to be within the experi- 
mental error. (In the table no correction 
was made for the effect of 0.3 pct Cr on the 


activity of carbon in the high silicon steel; . 


it is believed that such correction would be 
about —o.o1 thus making the agreement 
even better.) 

There is of course no strict discontinuity 
in the concentration of silicon or man- 
ganese at the position of the original weld 
(Fig 1, 2, 3, 4) as there is some slight diffu- 
sion of these elements as well as of carbon. 
On this account, the percentage of carbon 
also does not change abruptly at the weld 
but merely very rapidly in this vicinity; 


slight evidence of this may be seen in Fig 4. — 


The interpretation of this effect is aided by 


recalling that at all times composition-_ 


distance curves as in Fig 1, 2, 3 or 4 are 
similar; for example, if the specimen of Fig 
2 had been held at temperature four times 


TABLE 3—Comparison of Activity of Carbon on the Two Sides of the Welds 


Left Side (Fig 2, 3) 
Weld 
No. 


Per Per 
Cent 
Mn 


Cent 
Si 


Activity of Carbon 


wr 


Right Side 
Per Per 
Cent Cent | Activity of Carbon 
Cc n 
0.586 0.88 0.29 
0.717 | 6.45 0.29 
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as long the composition-distance curve 
would be the same as though Fig 2 were 
stretched to ~/4 = 2 times its present 
length provided the specimen were very 


pe 
% CARBON 


B& 


% SILICON 


silicon at increasing time intervals is 
shown. Thus it is seen that eventually the 
specimen does tend to approach the true 
equilibrium state of uniform composition; 
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Fic 5—SCHEMATIC DIAGRAM SHOWING THE CHANGE WITH TIME OF CARBON DISTRIBUTION A 


AND SILICON DISTRIBUTION B FOR A WELDED SPECIMEN BOTH HALVES OF WHICH WERE INITIALLY 
OF THE SAME CARBON CONTENT BUT OF DIFFERENT SILICON CONTENT. 
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Fic 6—ScHEMATIC DIAGRAM SHOWING THE CHANGE IN COMPOSITION OF TWO POINTS ON OPPOSITE 
SIDES OF THE WELD IN ULTIMATELY APPROACHING UNIFORMITY OF COMPOSITION. 


long. Thus at longer times the lack of dis- 
continuity would become more evident and 
composition curves would be similar to 
those shown schematically in Fig 5A and 
5B in which the distribution of carbon and 


however, the method of approach to 
equilibrium is hardly the shortest. This is 
shown schematically in Fig 6. Here A and 
B represent the initial composition of the 
two steels. Considering two points in the 
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specimen at equal distance but on opposite 
sides of the weld, the change of composition 
of each as time progresses is shown by the 
two parts of the full curve which both 
approach, at very long times, the common 
point C. Although the system eventually 
approaches the point of lowest free energy 
the path taken departs considerably from 
the direct one shown by the dotted line. 
The reason for this is clearly: that the 
diffusivity of carbon is so much greater 
than that of silicon. 


DETERMINATION OF DIFFUSIVITIES 


Although determination of numerical 
values of the diffusivity was not the pri- 
mary purpose of this investigation, never- 
theless, the data readily lend themselves to 
such purpose since each half of each speci- 
men may be regarded as a semi-infinite 
solid, initially of uniform composition, the 
boundary of which was maintained at 


essentially constant composition for the 


duration of the diffusion period. The range 
of carbon content was sufficiently small 
that the diffusivity of carbon may be 
regarded as constant. The solution of the 
diffusion equation for this case is well 
known and given by the following equation: 


1 ine ee 
Co—Co fq J0 


=+ (vm 


where C = per cent carbon at x and / 
Co = per cent carbon at interface 
C,. = per cent carbon at great dis- 
tance from the interface 
x = distance from interface 
t = time of diffusion 
D = diffusivity (of carbon) 
= integration variable 
y = probability integral 
In the author’s opinion the two best 
methods of obtaining a numerical value of 


the diffusivity from the data and this 
equation are as follows: 
Method 1: From the preceding equation 
x 


2~V Dt 


inverse probability function of cae. 


it follows immediately that is the 


Therefore a plot of the inverse probability 
C— Co 
Co — Co 
through the origin and have a slope equal 


function of vs. x should pass 


I 
to ——=: 
a / Dt Such plots were made for all the 


half specimens which were entirely aus- 
tenitic and D was evaluated with results 
shown in Table 4. 

Method 2: The foregoing equation may 
be rearranged, multiplied through by dx 
and integrated (at constant #) with the 
following result. 


ip (Cy — C) dx 
= 2(C,, — Co) vDi f, if e™ dd 


As the definite double integral has the 
value 1/+/z it follows that 


Ne (CL = Cae 1228 Cone 


The integral on the left is equal to the 


amount of carbon which has crossed . 


the interface and was evaluated from the 
experimental data by integration of the 
curves (Fig 1-4) with the aid of Simpson’s 
rule.* Diffusivities thus evaluated with the 
aid of the immediately foregoing equations 
are also shown in Table 4. 

The diffusivity of the two plain carbon 
steels as calculated from the equation given 
by Wells and Mehl as representing their 
results is also shown in Table 4. The agree- 
ment is within the experimental error, 


* This integration also affords a check on 
the experimental error since the carbon which 
leaves’ one side enters the other (except for 


eee 
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although the present data would tend to 
indicate a slightly smaller effect of carbon 
content on the diffusivity than that re- 
ported by them. 


Smith’ on the activity of carbon in iron- 
silicon alloys permit a comparison of the 
above observed effect of silicon on the 
diffusivity of carbon with that predicted 


TaBLE 4—Diffusivity of Carbon in Austenite at 1050°C 


2 
Diffusivity, 2m 
2 sec 
Steel Weld P voor Cc 
er en 
. From E i 
Method r Method 2 | Average (This re Welly and. 
esearch) Mehl 
I 0.4? 3.9 X ror! Foley: Oe Gm Kelas 
a 2 0.4? 4.0 4.0 20% xX TOA 
3 0.4° 4.1 4.2 
c 2 0.5! 5.9 ae) 5-7 5 Sie Lon! 
d 3 0.64 5-7 5-2 5.4 ; (6) 
€ 4 1.15 6.9 6.5 6.7 7.4 
oe ee | ee ee ee ee ee 


* If the less reliable results from the first specimen are omitted the average is 4.1 X 1077. 


The diffusivity found for steel c is also in 
agreement with the observation of Wells 
and Mehl that the effect of manganese on 
the diffusivity is small, interpolation of 
their data (between o and 16 pct Mn) 
yields a diffusivity of about 6 X 1077 as 
shown parenthetically in Table 4. The 
effect of silicon in decreasing the diffusivity 
seems quite definite as all experiments with 
steel a yield a diffusivity appreciably lower 
than that found for plain carbon steels of 
the same carbon content (at this carbon 
content the diffusivity of a plain carbon 
steel is 5.0 or 5.5 X 10°” as determined 
from Wells’ and Mehl’s or the present data. 

The recent accurate measurements of 


loss from the specimen); thus for the two 
halves of a welded specimen the integral 


. (C» — C) dx should be equal (except for 


sign). That this is essentially so is shown by 
the following table of values of the integral in 


pet C X inches 
o 
i (Co — C) dx 
0 


Wetp No. Lert SipE RIGHT SIDE 
I 


+0.027 — (0.018) 
z +0.048 — 0.050 
3 +0.043 — 0.046 
4 +0.027 — 0.028 


The agreement is good for all specimens except 
the first. The discrepancy in this case may be 
caused by the high diffusivity of carbon in 
ferrite which would give rise to a long tail on 
the curve of Fig 1. The tabulated area does 
not include any such tail. 


by Eq x2 of Birchenall and Mehl.!° This 
equation may be rewritten 


Be dilny 
D=Diy(1 + a 


where D, is regarded as constant; y is the 
activity coefficient of carbon in austenite; 
C is carbon concentration. The data of 
Smith indicate that the terms, in paren- 
thesis change little, if any, as the silicon 
content of austenite is increased. However, 
he found that y increased by a factor of 
approximately two as the silicon content 
increased from zero to 4 pct. Hence, on the 
basis of the foregoing equation the diffusiv- 
ity of carbon would be expected to be 
about twice as great in steel a as in steel c; 
as the observed value of the diffusivity is 
appreciably smaller for steel a than c, the 
validity of their equation seems to be in 
serious question. The theoretical basis for 
such doubt has been discussed by the 
author elsewhere.® It might be added that 
a similar comparison of manganese steels 
with plain carbon steels shows a discrep- 
ancy between the observed increase of 
carbon diffusivity occasioned by 16 pct 
manganese (about 30 pct at 1 pet C) with 
that calculated from Birchenall and Mehl’s 
equation with the aid of Smith’s data 

(about 80 pet at 1 pet C). , 
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SUMMARY 


After welding two alloy steels together 
and then permitting diffusion by holding 
the specimen at 1o50°C for about two 
weeks, concentration-penetration curves of 
carbon were determined by analysis. Four 
such experiments were performed. In two 
of the specimens, which were wholly 
austenitic during the diffusion period, it 
was found that carbon diffused from the 
low carbon side to the high carbon side. At 
approximately equal carbon contents car- 
bon diffuses from a high-silicon to a low- 
silicon austenite and from a low-manganese 
to a high-manganese austenite. This effect 
is quantitatively explained by reference to 
recent data on the activity of carbon in 
iron-silicon and iron-manganese alloys. The 
activity of carbon, relative to graphite, is 
identical on both sides of the weld (imme- 
diately adjacent thereto). In the immediate 
vicinity of the weld the steel itself acts as a 
semipermeable diaphragm, permeable to 
carbon but relatively impermeable to sili- 
con and manganese by virtue of the much 
smaller diffusivity of these latter elements 
of austenite. Thus the activity of carbon is 
equalized on the two sides of the weld 


independent of the near discontinuity in the 
activity of manganese or silicon. 
From the same data, the diffusivity of 


carbon in the several austenites at 1050°C © 


was determined. For comparable composi- 
tions, the results are in good agreement 


_ with those of Wells and Mehl. Silicon de- 


creases the diffusivity of carbon in aus- 
tenite, whereas equilibrium measurements 
show that silicon markedly increases the 
activity coefficient of carbon in austenite. 
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The Effect of Chromium on the Mg Point* 


By J. B. Bassertt anp E. S. Rowrtanp{ Junior MrempBer AIME 
(Philadelphia Meeting, October 1948) 


INTRODUCTION 


THE experimental work reported herein 
was inspired by the publication of a paper 
by Grange and Stewart,! in which it was 
suggested that at low chromium contents 
the effect of this element on the M, point 
was greater than at higher chromium con- 
tents. It was argued that, if a small increase 
of chromium in solution in austenite caused 
a sharp lowering of the M, point, it might 
lead to an explanation of occasional un- 
solved stress cracking of SAE 52100 during 
heat treatment. Commercial hardening is 
carried out at temperatures of incomplete 
solution, leaving carbides available to 
enrich the austenite during any inadvertent 
increase in temperature. Such enrichment 
of the austenite in chromium content would 
lower the M, point nearer room temper- 
ature where cracking is more likely to 
occur. Accordingly, it was decided to in- 
vestigate the effect of chromium, in quan- 
tities between o and 2 pct, on the M, point 
of commercial steels. 

Fig 1 summarizes the data available on 
chromium steels. For purposes of com- 
parison, the M, temperature values were 
corrected by means of the Grange and 
Stewart formula§ to (1) Hypoeutectoid 

Manuscript received at the office of the 
Institute Nov. 17, 1947; revision received 
Jan. 16, 1948. Issued as TP 2417 in METALS 
TECHNOLOGY, August 1948. , 

* This work is part of a thesis submitted by 
J. B. Bassett in partial fulfillment of the 
degree of Master of Applied Science in the 
University of Toronto. 

+ Metallurgical Engineer, The Timken Roller 
Bearing Company, St. Thomas, Ontario. ate 


tResearch Metallurgical Engineer, 
Timken Roller Bearing Company, Canton, 


io. 
§ This formula is: M. (°F) = 1000 — 650 X 

pet C—70 Xpet Mn — 35 X pet Ni = 

(7o X pet Cr) — (50 X pet Mo). 

1 References are at the end of the paper. 


compositions: 0.50 pct carbon and 0.80 pct 
manganese (2) NHypereutectoid compo- 
sitions: I.00 pct carbon and 0.35 pct 
manganese. Only the steels having com- 
positions reasonably close to these cor- 
rected values were included, because large 
adjustments inevitably introduce increased 
errors such as are experienced in using the 
formula. The straight lines of Fig 1 were 
drawn by the authors. 

These data obviously do not settle the 
question of the effect of chromium on the 
M, point, particularly at low chromium 
contents. While it is fairly well established 
that chromium causes the M, to be lowered 
when present in quantities of 1 pct or more, 
Grange and Stewart! have suggested that 
in small amounts (less than 1 pct) it is 
more effective in lowering the M, point, 
while Klier and Troiano? have suggested 
that in small amounts it is less effective in 
lowering the M, point. Payson and Savage? 
concur with Klier and Troiano and further 
suggest that the effect is not linear at these 
concentrations. Rose and Fischer? report 
that small amounts of chromium actually 
raise the M, point of'a 0.20 carbon steel. 


MATERIAL 


Two series of 35 lb induction heats were 
melted for this work, the analyses of which 
are given in Table r. One series was aimed 
at 0.50 pct carbon and o.80 pct manganese 
with chromium additions in 0.25 pct incre- 
ments from o to 1.5 pct with a single heat 
at 2.0 pet Cr. This series was considered 
necessary because the commercial heat 
treatment of SAE 52100 does not generally 
introduce more than about 0.60 pct carbon 
in solution in the austenite. The high 
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HYPOEUTECTOID STEELS 
CORRECTED TO: 


300 


id = 
Ir wv 
< : 4 
rr m STEINBERG AND ZYUSIN 250m 
oO 2 PAYSON AND SAVAGE = 
Ww x KLIER AND TROIANO Ye 
= © GRENINGER AND TROIANO = 
a a LYLE CT.R.B. FILES) a 
re o GRANGE AND STEWART : 
a 
= 
Ke 200 > 
= HYPEREUTECTOID STEELS =4 
CORRECTED TO 
C. 1:00 PER: CENT, 
Mn. 0.35 PER CENT 
150 
100 
4.0 
PER CENT CHROMIUM 
Fic 1—SUMMARY OF PUBLISHED DATA FOR LOW CHROMIUM CONTENTS. 
TABLE 1—Composition of Material 
Type 
NOW Sere es ‘S Mn Si S P Cr Ni Al:O3} Al Mo | Ti | Va © 
Cc Cr 
I| 0.50-0.0 0.53 0.79] 0.30 | 0.028] 0.017] 0.01/0.12 0.010] 0.002] 0.02 
2] 0.50-0.25 0.505 0.79| 0.29 | 0.028] 0.014] 0.24|0.12 0.006] 0.003] 0.02 
3] 0.50-0.50 (1)]o.51 0.79| 0.30 | 0.031] 0.015] 0.51/0.11 0.006] 0.001] 0.03 
(2)|0. 46 0.80] 0.355] 0.025] 0.014] 0.56)0.14 0.006] 0.002] 0.02] nil |0.02 
4] 0.50-0.75 0.51 0.80] 0.28 | 0.031] 0.016] 0.74)/0.12 0.004) 0.005} 0.02 
5 | 0.50—-1.00 0.505 0.70] 0.20 | 0.031| 0.014] 1.03/0.12 0.006] 0.005| 0.02 
6 | 0.50-1.25 0.405 0.77) 0.29 | 0.033] 0.014] 1.27|0.12 0.006] 0.001] 0.02 
7|0.50-1.50 0.50 0.80} 0.28 | 0.033] 0.01 I.54|0.12 0.006] 0.002] 0.02 
8 | 0.50-2.00 0.47 0.80] 0.355] 0.035| 0.016] 2.09]0. 21-0. 22] 0.008] 0.001] 0.02] nil [0.03 
17 | 0.50-1.00 0.485 0.34] 0.24 | 0.031] 0.016] 1.05|0.11 0.002] 0.02 
18 | 0.50-1.25 0.48 0.35| 0.25 | 0.030] 0.015] 1.32|0.11 0.004] 0.02 
19 | 0.50-1.50 0.48 0.34] 0.26 | 0.031] 0.014] I.45]0.13 0.003] 0.02 
9 | I1.00-0 1.075 0.33] 0.30 | 0.033] 0.015] 0.01/0.12 0.008] 0.002] 0.03 
Io | 1.00-0. 25 0.95 0.35] 0.24 | 0.034] 0.016] 0.27/0.11 0.004] 0.003] 0.02 
II | 1.00—-0.50 (1)|0.965 0.35| 0.255] 0.034] 0.014] 0.53]0.10 0.006] 0.002] 0.02 
(2)|0.965 0.35| 0.3 0.029] 0.015] 0.55|0.12 0.008] 0.005] 0.02/0.006/0.02 
I2]|1.00-0.75 0.97 0.35| 0.2 0.033] 0.012] 0.78/0.11 0.008] 0.003] 0.02 
13 | I.00-1.00 0.97 0.35] 0.24 | 0.034] 0.013] I1.04)0.12 0.010] 0.003] 0.02 
I4 | 1.00-1.25 0.0965 0.35] 0.28 | 0.034] 0.013] 1.28]0.12 0.008] 0.004) 0.02 
15 | I.00-1.50 0.96 0.36] 0.265] 0.033} 0.015] 1.54/0.12 0.010] 0.003] 0.02 
16 | I.00-2.00 0.965-0.97] 0.37] 0.35 | 0.029] 0.015] 2.05/0.13 0.008} 0.001] 0.02|0.004/0. 03 
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manganese content was used to provide 
needed hardenability in order that the re- 
quired manipulations could be carried out 
without pearlite or bainite interference. 
Heats No. 17, 18 and 19 (Table 1) were 
melted in the normal manganese range of 
SAE 52100 and had sufficiently high 
chromium contents to be satisfactory from 
a hardenability standpoint. These three 
heats were used to confirm the effect of 
manganese at this carbon level. 

The second series was aimed at 1.00 pct 
carbon and 0.35 pct manganese with the 
same increments of chromium. In view of 
the conflicting information in the literature 
concerning the nature of chromium car- 
bides, there was a suspicion that the effect 
of chromium at these two levels of carbon 
content might differ—hence the two series 
of steels. No effort was made to prevent the 
presence of the concentrations of residual 
elements usually found in SAE 52100. 
Duplicate heats of 0.5 pet chromium were 
made at both carbon levels to determine if 
results could be checked from heat to heat 
of the same analysis. 

All heats were forged to 1}¢ in. diam bars, 
mica. cooled and used in this condition. 
Since our interest lay in the effects on com- 
mercial steels, no attempt was made to 
produce any more complete homogeneity 
than is usually procured by mill processing. 


PROCEDURE 


The Greninger-Troiano metallographic 
technique for the determination of M, 
points was used in this work. The specimen 
sizes chosen were as follows: 

(1) Hypereutectoid samples: 346 X 346 
4 in., held in the quenching bath at T,* 
for 10 sec. : 

(2) Hypoeutectoid samples: }¢ X }6 X 
¥ in., held in the quenching bath T, for 
from 5 to 8 sec. 


* Throughout this paper the temperature 
of the initial quenching bath, which governs 
the formation of martensite, is referred to as 
T1, and the temperature of the tempering 
bath used to darken the martensite so formed 
is referred to as T2. 
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The specimen sizes and time intervals in 
the T; bath are at least as conservative as 
the values determined by Greninger and 
Troiano to fulfill satisfactorily the require- 
ment of actually attaining 7. All samples 
were cut from discs in such a way that the 
square ends used for metallographic exami- 
nation were parallel to the direction of 
working. 


TaBLE 2—Comparison of M, Points vs. 
Austenttizing Temperature 


Steel 
Austenit- M. | Austenit- | Ms 
izing Point izing Point 

Car- | Chro-| Conditions} °F | Conditions| °F 

bon | mium 

0.50] 1.50 | 20 min. at 558 | 20 min. at 555 
1800°F 2000°F 

0.50] 1.25 | 20 min. at 56 | 20 min. at] 565 
1800°F 2000°F 

0.50 | 1.00 | 20 min. at| 568 | 20 min, at| 570 
1800°F 2000°F 

1.00 | 0.25 | 20 min. at| 400 | 20 min, at| 395 
2100°F 2200°F 

I.00 | 1.00 | 20 min. at 330 | 20 min. at 335 
2100°F 2200°F 

1.00 | 1.50 | 20 min. at] 300 | 20 min. at] 305 
2100°F 2200°F 


be eal 6 ee ee 
Note: Ms point measurements are averages of 
several tests. 


TaBLE 3—Isothermal Transformation Series 
Ce Sir Ber Ot ee ee eee, 


Time at 
Quenching 
uenching | Tempera- 
Steel Type | Austenit- empera- | ture before 
izing ture Bainite 
Tempera- Formation 
ture—°F Began 
(Time: 
20 Min.) 
Pict Pct 
Car- | Chro- or Seconds 
bon | mium 
0.50| 0 1800 550 15 
1800 750 5 
0.50] 0.25 1800 550 15 
1800 750 yf 
0.50] 1.50 1800 550 15 
1800 750 20 
I.00] 0.25 2100 350 over 20 
2100 750 over 20 
I.00]| 1.50 2100 350 over 20 
2100 750 over 20 


a ae 


Austenitizing treatments were carried 
‘out in a tubular Globar furnace equipped 
with a gas atmosphere. Salt baths were 
used for the quenching and tempering 
operations except below 350°F where oil 
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was required. JT; was measured with a 
calibrated thermometer accurate to +3°F. 

Since the suspicion existed that some of 
the lack of agreement among previous 
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austenitizing treatment. No measurable 
carbon loss was experienced with this 
method. Identical results were obtained 
with chrome plated specimens by intro- 


TABLE 4—Heat Treating Cycles Used for M, Point Determinations 


were 3 Quench (T1) Temper (T2) 
Austenitizing 
Conditions 
Temperature ~ : 
Steel Type Time f Peoiwre > 
Temperature Time Temperature Time 
Range—°F | Seconds oF Seconds 
oF Min 
0.50 Carbon Series (0.80 Mn) i 
OsbOL0. 50) Crjasee tes os hie 1800 20 550 to 650 5 800 3 Brine 
0:75 Critova:00 Greigee.. ek ae 1800 20 525 to 600 8 800 5 Brine 
0.50 Carbon Series (0.35 Mn) : 
F060 SOL 50 'Ornjadetess whee 1600 20 525 to 600 5 900 2 Brine 
1.00 Carbon Series ‘ 
ONtO200. Crete cciaeiticls tae 2100 20 250 to 350 10 750 5 Brine 


investigators was caused by incomplete 
carbide solution, considerable attention 
was paid to selecting a satisfactory aus- 
tenitizing treatment. M, point determi- 
nations were run at successively higher 
austenitizing temperatures on several of 
the steels until no further decrease in M, 
point was obtained. The data bearing on 
the final temperatures and time selected 
for each carbon series are given in Table 2. 
The conditions chosen were 20 min. at 
1800°F and 2100°F for the 0.50 and 1.0 pct 
carbon series, respectively, except for the 
low manganese 0.50 pct carbon steels which 
were austenitized at 1600°F. 

Preliminary isothermal transformation 
series were run on the low and high alloy 
content steels at both carbon levels by the 
Davenport and Bain® technique at temper- 
atures just above the calculated M, points 
and at suitable tempering temperatures 
from 200 to 400°F above M,. The results 
are contained in Table 3 and establish the 
times available for manipulation of the 
samples in the salt baths. The complete 
heat treating schedules are given in Table 4. 

Some selected M, point determinations 
were conducted by sealing individual speci- 
mens, together with a small piece of char- 
coal in evacuated silica tubes for the 


ducing a small, controlled flow of natural 
gas into the austenitizing furnace which 


permitted a small but measurable degree of | 


decarburization. Quantitative values of 
this carbon loss were obtained from time to 
time by applying the M, point technique 
at temperatures slightly above the true M, 
point of the specimen and measuring the 
depth of the partially transformed rim.*® 
Typical results by this method revealed 
that the austenitizing treatment produced 
an 0.008-in. rim with a carbon loss of more 
than o.or pct for the 0.50 pct carbon series 
(Fig 2) and a o.or5-in. rim with a carbon 
loss of more than 0.04 pct for the 1.0 pet 


carbon series (Fig 3). Since this latter pro- 


cedure was much less laborious, it was used 
for the bulk of the work. 

Fig 4 and 5 illustrate the M, point inter- 
pretation used throughout the investi- 
gation. The samples for this series (0.50 pet 
carbon, 1.0 pct chromium) were quenched 
at T, values of 580, 575, 569, 564 and 
558°F. No martensite was produced at 
580°F; Fig 4 shows the trace of martensite 
formed at 575°F, an amount considered 
insignificant, while the considerable amount 
of martensite formed at 5609°F is shown in 
Fig 5. The M, point in this instance was 
interpreted to be between 575°F (Fig 4) 
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Fic 2 (LEFT)—STEEL 5, QUENCHED TO 7; OF 7°F ABOVE TRUE M, POINT. 100 X. 
Fic 3 (RIGHT)—STEEL 13, QUENCHED TO 7; OF 25°F ABOVE TRUE M, POINT. 100 X. 
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Fic 4 (tert)—STEEL NO. 5; 0.505 PCT CARBON. 1,03 PCT CHROMIUM: T= 575 F. 150 X. 
Fic 5 (RIGHT)—STEEL No. 5; 0.505 PCT CARBON. 1.03 PCT CHROMIUM: T; = 569°F. 150 X. 
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and s69°F (Fig 5) and the mean value of 
572°F recorded. 


EXPERIMENTAL RESULTS 


The results of the experimental work are 
contained in Table 5. 


TABLE 5—Experimental Results 


EET SEE 


Steel Type Austenit- 
izing Measured] Corrected 
Tempera- Rees LP oe 
Pct C Pct Cr te 

I. 0.50-0 1800 590 609 
2. 0.50-0.25 1800 586 589 
3. 0.50-0.50 (I) 1800 575 581 
(2) 1800 610 585 

4. 0.50-0.75 1800 575 581 
5. 0.50-1.00 1800 570 573 
6. 0.50-1.25 1800 565 560 
7. 0.50-1.50 1800 555 555 
8. 0.50-2.00 1800 555 539 
I7. 0.50-1.00 1600 520 578 
18. 0.50-1.25 1600 600 554 
I9. 0.50-1.50 . 1600 595 550 
9. I.00-0 2100 330 379 
I0. I.00-0.25 2100 400 368 
II. I.00-0.50 (1) 2100 380 357 
(2) 2100 365 343 

2100 335 316 


2100 


C | Mn] Ni | Mo 
Pct | Pet | Pct | Pct 


Steels 1 to 8 corrected to....... 0.50/0.80/0.12/0.02 
Steels 9 to 16 corrected to...... I.00]0.35/0.10|0.02 
Steels 17 to 19 corrected to..... 0.50/0. 80/0. 12]0.02 


The measured M, points were corrected 
for chemical analysis by means of the 
factors of the Grange and Stewart formula 
so that the results could be directly com- 
pared. Each M, point recorded is the 
weighted average of from three to seven 
complete determinations, each involving a 
group of specimens quenched to above and 
below the M, point. 

The M, point measurements on steels 17, 
18 and 19 were included to show that 
differences in manganese content did not 
nullify the results. In view of the fact that 
the o.50 pct carbon series contained 
approximately 0.35 pct manganese, the 
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thought was entertained that the differ- 
ence in manganese content might cause 
the chromium to act in a different manner 
than if both series contained the same 
amount. The M, points of the steels with 
0.35 pct manganese, after correcting to 
0.80 pct manganese, however, check closely 
with M, points measured directly from the 
steels containing 0.80 pct manganese. This 
fact renders the effect of chromium 
directly comparable in both series of steels. 

The data from Table 5 were plotted in 
Fig 6, and the best straight lines were 
drawn through the points. The lines taken 
from Fig 1, representing the authors’ lines 
drawn through points gathered from the 
literature, are superimposed. 


DISCUSSION OF RESULTS 


It may be seen that the average deviation 
from the lines is less than 10°F, while the 
1.00 pct carbon, 0.75 pct chromium steel 
shows the maximum deviation of about 
14°F. No explanation of this excessive 
deviation could bé found. The lines are ex- 
tended to zero chromium and coincide with 
points representing the steels containing no 
chromium. 

From the lines representing the 0.50 pct 
carbon series of steels, it may be seen that 
the slopes of the two lines are not very 
different. The published data indicate that 


1 pct chromium lowers the M, point by ~ 


about 35°F, while the authors’ line indi- 
cates a decrease of 30°F for a similar 
amount of chromium. These values are 
quite different from the data on which the 
Grange and Stewart formula was based, 
where 1.00 pct chromium represents «a 
70°F decrease in M, temperature. 

The lines for the 1.00 pct carbon series 
present a similar situation except that 
there is considerable difference in the slope 
of the two lines. The published data indi- 
cate that 1 pct chromium reduces the M, 
point by 50°F, which is also in disagree- 
ment with the Grange and Stewart factor, 
while the authors’ line indicates a decrease 
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' of about 65°F. It is interesting to note that 


from the present data, chromium seems to 
be more effective in lowering the M, point 
when the carbon content is increased. No 
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thermal transformation products, raise the 
apparent temperature at which martensite 
begins to form and cause falsely high read- 
ings. The sole exception is the failure to 


PUBLISHED DATA 250 


FROM FIG. 1 


‘LN3D (930 ‘dW31 SW 


PUBLISHED DATA 
FROM FIG. I 


100 


2.0 3.0 4.0 
PER CENT CHROMIUM 


Fic 6—WM, POINTS VS. CHROMIUM CONTENT. 


explanation is attempted to account for 
this fact. 

It is perhaps significant that the M, 
point measurements reported here for 
the hypereutectoid series are generally 
lower than results previously published. 
All but one of the possible errors in the use 
of the Greninger-Troiano method, that is, 
decarburization, incomplete solution, and 
the confusion in metallographic interpre- 


tation produced by the presence of iso- 


: e 


cool the sample to the temperature of the 


‘initial quenching bath (71). This may be 


caused by using excessively large samples 
which will not cool rapidly enough, or to 
inadequate agitation of the quenching 
medium. It is impossible, however, to re- 
peat results obtained under these conditions 
so that, if a number of measurements check 
closely, it is adequate assurance that this 
factor is not influencing the measurements. 
In view of these considerations, we are in- 


446 


clined to the opinion that the investigator 
recording the lowest results is most likely 
to be correct. 


CONCLUSIONS 


It may be concluded that as far as steels 
containing chromium are concerned, no 
simple formula is adequate for the accurate 
calculation of M, points. While linear at 
both carbon levels investigated, the effec- 
tiveness of chromium in lowering the M. 
point is evidently dependent upon carbon 
content, 30°F per 1 pct chromium at 0.50 
pet carbon, and 65°F at 1.00 pct carbon, 
which renders the relationship more com- 
plex than was formerly believed. 

This investigation has shown, therefore, 
that in the case of chromium at least, the 
effect of this alloying element is not strictly 
additive as has been indicated by previous 
work on the subject. } 

The results show also that there is no 
abrupt decrease in the M, point with in- 
creasing chromium, which might lead to an 
explanation of the occasional stress crack- 
ing of SAE 52100 steel during commercial 
hardening treatments. 
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Stabilization of the Austenite-martensite Transformation* 


By Wittiam J. Harris, Jr.,f JuNIoR MemBEeR AND Morris Conen,t Mremper AIME 
(Philadelphia Meeting, October 1948) 


INTRODUCTION 


THE recent application of lineal analy- 
sis? to the austenite-martensite reaction 
has made possible a quantitative study 
of the kinetics of this transformation during 
rapid cooling. Martensite range curves 
can thus be constructed to portray the 
onset of the reaction at M, and its sub- 
sequent progress as a function of tempera- 
ture down to and below the ambient. It 
now seems in order to investigate other 
aspects of the martensite transforma- 
tion, using this quantitative method of 
approach. 

One of the least understood character- 
istics of the austenite-martensite reaction 
is that of stabilization which has been 
defined by Troiano and Greninger® as “a 
lowering of M., resulting from aging, 
without change in chemical composition 
of the parent solid solution.” In other 
words, if the hardening quench is arrested 
at a predetermined subcritical temperature 
(T,) for a sufficient period of time, more 
austenite may be retained at a given lower 
or reference temperature (7;) than if the 
steel had been cooled directly and rapidly 
to T, in the first place. For the purposes 

* This paper is based on a thesis submitted 
by W. J. Harris, Jr. in partial fulfillment of 
the requirements for the degree of Doctor of 
Science in Metallurgy at the Massachusetts 
Institute of Technology, January 1948. Manu- 
script received at the office of the Institute 


June 3, 1948. Issued as TP 2446 in METALS 
TECHNOLOGY, September 1948. 

+ Formerly National Research Fellow, De- 
partment of Metallurgy, Massachusetts Insti- 
tute of Technology; now head, Ferrous Physical 
Metallurgy Group, Naval Research Labora- 


tory, Washington, D. C 


f Professor of Physical Metallurgy, Massa- 
chusetts Institute of Technology, Cambridge, 


Massachusetts. 
1 References are at the end of the paper. 
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of the work at hand, the extent of stabiliza- 
tion produced by the isothermal treatment 
at T, is measured explicitly in terms of 
the excess austenite (6) that exists in the 
steel at T,, over and above the amount 
that is normally present after direct 
quenching to 7,. T, is conveniently taken 
to be room temperature, but this choice 
is not essential and is sometimes undesir- 
able. The holding temperature (7;) may 
be above or below M,, and still cause 
stabilization depending upon the chem- 
istry of the austenite. Stabilization has 
been found to occur in the presence of 
bainite* and of martensite®®78 as well 
as in the absence of either.° The phe- 
nomenon of stabilization is not concerned 
with (and may even be obscured by) ferrite 
formation or any other type of phase 
change occurring at 7, that alters the 
chemistry of the remaining austenite. Such 
a structural change would obviously in- 
fluence the martensite transformation 
during subsequent cooling. Stabilization, 
however, is more subtle; it appears to 
manifest itself without detectable variation 
of the austenite composition, whether in 
the presence or absence of transformation 
products. 
There are relatively few direct refer- 
ences to stabilization in the literature. 
The stabilizing effect of room temperature 
aging and tempering on the subzero trans- 
formation of retained austenite has been 
clearly shown in plain carbon,®* low 
alloy®7-8 and high alloy tool steels.'%° 
Starting with the as-hardened steel, the 
degree of stabilization increases with 
tempering time and temperature through 
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a lowering of M,’, the temperature at 
which the austenite martensite trans- 
formation is resumed on subcooling. This 
results in the presence of more retained 
austenite at any given subzero reference 
temperature than if the subcooling had 
been conducted as a continuous part of 
the hardening quench. The temperature 
at which the subzero transformation stops 
on cooling (My,) is little affected by the 
extent of stabilization in these materials. 
Even without interrupted cooling, however, 
the subzero transformation does not go to 
completion, and the amount of austenite 
existing at My, increases directly with the 
degree of stabilization. 

In the case of high speed steel, stabiliza- 
tion has also been investigated as a func- 
tion of the amount of martensite coexisting 
with the austenite.! If the hardening 
quench is arrested at various temperatures 
above the ambient, a series of martensite: 
austenite ratios can thus be obtained and 
reheated to a constant tempering tem- 
perature for stabilizing purposes before 
cooling to the ambient (7;). It is then 
found that the magnitude of stabilization 
is enhanced by increasing amounts of 
martensite, and that for a given martensite 
content, the stabilizing effect increases 
with the tempering temperature until the 
opposing phenomenon of “conditioning” 
becomes active. Bainite formation likewise 
promotes stabilization in high speed steel.‘ 
The formation of 40 pct bainite at 600°F 
(315°C) lowers M,’ to below room tem- 
perature, and thus 60 pct austenite is 
retained at the ambient compared to 
about 20 pct retained by normal hardening. 

Further evidence of stabilization has 
been observed in chromium steels,!? iron- 
chromium!” and iron-nickel alloys'® and 
lithium.!4 

It is well-known that oil quenching fre- 
quently produces more retained austenite 
than water quenching. This effect of cool- 
ing rate on the martensite transformation, 
first reported by Mathews,!® is now re- 
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garded as a manifestation of stabilization 
which comes into play during slow cooling. 
Commercially treated plain carbon and 


low alloy tool steels show a definite in-— 


crease in retained austenite on water, oil 
and air quenching respectively through 
the martensite range from just above M,."® 
High-carbon, high-chromium steels are 
particularly sensitive to cooling rate.!” 
In fact, certain compositions? in this series 
can be stabilized so readily at temperatures 
even above M, that excessively rapid 
cooling rates are necessary to avoid depres- 
sion of the martensite range. This work of 
Klier and Troiano® vividly demonstrates 
that stabilization is possible without prior 
austenite decomposition, and that the 
primary M, temperature can be lowered 
thereby. 

The cause of stabilization has not been 
established. It is now clear that tempering 
of martensite or bainite coexisting with 
the austenite, or carbon build-up in the 
austenite cannot account for a phenomenon 
that occurs in the absence of martensite, 
bainite or carbon. Stress relief has been 
tentatively proposed®718 as a possible 
cause of stabilization, but it has been 
pointed out that this hypothesis is quite 
inadequate.® 19 

The present work was undertaken as a 
part of a systematic study of stabilization 
and related phenomena. The method of 
lineal analysis has been applied to the 
problem in an effort to provide a precise 


picture of austenite-martensite reaction — 


as influenced by stabilization. Four high- 
carbon steels have been selected for investi- 


| 
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gation because they lend themselves to — 
accurate determinations by lineal analysis. q 
The first section of the paper is concerned 
with the normal kinetics of the martensite 
transformation (without stabilization) in — 


these materials, while the second section 
deals with the detailed effects of various 
stabilizing treatments on the kinetics. 
A comparison of the course of the trans- 
formation during cooling, with and without 
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stabilization, then permits quantitative 


evaluation of the extent of stabilization. 


EXPERIMENTAL DETAILS 


The chemical analyses of the four 
steels* are listed in Table 1. They contain 
approximately 1.1 pct carbon, with a 
variation in chromium up to 2.8 pct and in 
nickel up to 5.4 pct. 

The specimens were machined from 
3¢-in. diam spheroidized bars into the 
form of flat rings }4-in. diam by 342-in. 
thick with an axial hole of }{9-in. diam. 


Austenitizing was carried out in prepurified ° 


TABLE 1—Analyses of Steels 


ee ae c|silMn| s | P | Cr] Ni 
1.1 pet C I.13]/0. 24/0. 59}0. 018|0. 006 

1.5 pet Cr |1. 09/0. 29/0. 32/0. 018]0. 005/1.52 
2.8 pet Cr I.08/0. 29/0. 27/0. OL0/0. 006/2. 83 
5.4 pet Ni |1.12/0.24]0.51/0.016/0. 009 5.36 


nitrogen.? A 9 pct NaCl brine solution was 
used for quenching temperatures between 
20 and 155°F (—7 and 68°C). Metal baths 
served for temperatures of 170 to 630°F 
(77 to 332°C). The two types of media 
appeared comparable inasmuch as they 
yielded transformation data that fitted 
smooth curves over the entire temperature 
range. Some quenching experiments were 
carried out at —110°F (—79°C) ina dry 
ice-acetone mixture. All specimens were 
ultimately heated at 630°F (332°C) for 
to sec to “darken” the existing marten- 
site, and were then brine quenched to 
room temperature (77°F) (25°C). 

After heat treatment each specimen was 
carefully ground on an abrasive belt until 
0.030 in. was removed from one of the flat 


faces. The metallographic polishing was 


straight-forward. The most favorable etch- 
ant found for the purpose at hand was 4 
pet nital containing 1 pct zepharin chlor- 


 * The steels were obtained from 30 lb labora- 
tory heats through the courtesy of Dr. George 
A. Roberts of the Vanadium-Alloys Steel Co., 
Latrobe, Pa. 
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ide.?°*! The results of lineal analysis ob- 
tained with this reagent were in good 
agreement, where mutually applicable, 
with the absolute X ray method of Aver- 
bach and Cohen.?® 

The technique of lineal analysis has been 
described in detail elsewhere.? Reproduci- 
bility of measurement in the present study 
was approximately +1 pct martensite or 
austenite. 


AUSTENITE-MARTENSITE —TRANSFORMATION 
WITHOUT STABILIZATION 


Retained Austenite vs. Austenitizing 
Temperature 


In order to adopt suitable austenitizing 
temperatures for this investigation, a sur- 
vey was made of the variation in retained 
austenite at room temperature as a function 
of austenitizing temperature (7.). In each 
case, the austenitizing time was 30 min., 
the quenching was carried out in 9g pct 
brine at the ambient of 77°F (25°C), and 
the martensite thus formed was ‘‘darkened”’ 
by the standard tempering treatment. 

The amounts of retained austenite as 
determined by lineal analysis are plotted in 
Fig 1. It is interesting to note that retained 
austenite can be detected in each steel 
almost as soon as T,, exceeds the respective 
A, temperature. While the nickel steel 
retains more austenite than the other 
three, the order of retention in the latter 
goes through a reversal with respect to Ta 
because of the effect of chromium on the 
carbide solubility. 

On the basis of these results, the follow- 
ing three austenitizing temperatures were 
selected for the subsequent runs on the 
four steels: 1550, 1700 and 1900°F (845, 
925 and 1040°C). The grain size variation 
over this range was found to be ASTM 6 to 
3 in the 1.1 pct C steel, 7 to 4 in the 1.5 pet 
chromium steel, 8 to 4 in the 2.8 pct 
chromium steel, and 7 to 4 in the 5.4 pct 
nickel steel. 

In passing, it may be worth mentioning 
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that a hitherto unknown phenomenon was 
discovered in the nickel steel through these 
experiments. The retained austenite in this 
material increases to about 35 pct, con- 


80 


A LI%C 
B 1.5%Cr 
@ 28%Cr 
©. 5.4%Ni 


> o 
°o °o 


PERCENT OF RETAINED AUSTENITE 
n 
° 


100 1300 1700 1900 
AUSTENITIZING TEMPERATURE ~°E 


Fig 1—EFFECT OF AUSTENITIZING TEMPER- 
ATURE ON PERCENTAGE OF AUSTENITE RE- 
TAINED IN FOUR I.I PCT CARBON STEELS AFTER 
BRINE QUENCHING TO ROOM TEMPERATURE 
(77°F-25°C). ENCIRCLED POINTS ARE AVER- 
AGES OF SEVERAL VALUES. ARROWS INDICATE 
TEMPERATURE OF COMPLETE CARBIDE SOLUTION 
(NOT ATTAINED IN CASE OF 2.8 PCT CHROMIUM 
STEEL). 
comitant with carbide solution. How- 
ever, as the austenitizing temperature is 
raised progressively above 1500°F (815°C), 
the temperature of complete carbide solu- 
tion, the retained austenite nearly doubles 
without any further change in the chemis- 
try of the austenite. At first glance it might 
be surmised that the removal of concentra- 
tion gradients at the higher temperature 
after all the carbides are dissolved is 
responsible for the unexpected increase in 
retained austenite, but two critical experi- 
ments demonstrate that such is not the 
case. , : 

In the first place, extending the time at 
1550°F (845°C) from 30 min. to 5 hr does 
not increase the amount of retained aus- 
tenite beyond the 4o pct level indicated by 
Fig 1. In the second place, the anomalous 
change produced by raising 7, is essentially 
reversible. Table 2 shows that, after aus- 
tenitizing at 1900°F and then cooling to 
lower temperatures before quenching to the 
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ambient, the amount of retained austenite 
remains high if the time at the lower tem- 
perature is short, but if the latter hold, say 
at 1550°F, is prolonged, the retained 
austenite gradually decreases and ap- 
proaches the original value. Yet, no car-. 
bides precipitate at this temperature. 
Furthermore, the anomaly cannot be at- 
tributed to grain size effects, since the 
grain size achieved at 1900°F does not 
vary during the subsequent hold at the 
lower temperatures. 


TABLE 2—Effect of Austenitizing Variables 
on Retained Austenite in 1.1 Per Cent C-5.4 
Per Cent Ni Steel 


(Brine quenched to room temperature, 


(erg Pe 
nitia FOS. e- 
Austenitizing merase td hove, izing | tained 
Treatment Austen- 
ite 
oF 
I550—30 min. None 40 
I550—5 hr.... None 40 
1900—30 min. None 66 
1900—30 min.| Cooled to 1850°F—1 min 66 
I900—30 min.| Cooled to 1775°F—1 min. 64 
I900—30 min.| Cooled to 1650°F—1 min 64 
I900—30 min.| Cooled to 1550°F—1 min 62 
1900—30. min.| Cooled to 1550°F—3o0 min 62 
1900—30 min.} Cooled to 1550°F—4 hr 45 


I900—30 min.| Cooled to 1550°F—7}9 hr 43 


It is believed that the above phenomenon 
is associated with concentration fluctua- 
tions of carbon, and possibly other ele- 


ments, in the austenite solid solution.’ 


When austenite is in its state of minimum 
free energy at a given temperature (and 
pressure), the carbon atoms are not ar- 
ranged at random, but are grouped in a 
distribution of concentrations. This group- 
ing is of a dynamic nature in that changing 
concentrations in any localized region are 


counterbalanced by opposite changes else-. 


where and thus ultimately attain a 
steady-state condition. Such a statistical 
equilibrium results from the tendency of 
carbon atoms to “‘cluster’’* (as they un- 
doubtedly must at the lower temperatures 


*The same argument can be presented on 
the basis of the iron atoms. 
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where the carbide phase forms), but this 
trend is partially offset by the entropy of 
mixing which strives to scatter the carbon 
atoms. The latter factor increases with the 
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before quenching, the amount of austenite 
is considerably reduced; with no detectable 
carbide precipitation having occurred at 
the latter temperature. 


@ Austenitized ot 1550 °F. 


“1700 °F 
“ 1900 °F 


Highest temperature at 
which traces of martensite 
were detected 


1550 °F 
1700 ®, 1900 °F 


320 400 480 


TEMPERATURE —-°F. ~ 


Fic 2—MARTENSITE TRANSFORMATION CURVES FOR 1.1 PCT CARBON STEEL, AUSTENITIZED AT THREE 
TEMPERATURES. ENCIRCLED POINTS ARE AVERAGES OF SEVERAL VALUES. 


temperature, and hence the concentration 
fluctuations tend to be wiped out as T, is 
raised. With the lowering of T.. the fluctua- 
tions return in a reversible manner if suffi- 
cient time is allowed, and the concentrations 
become more intense until carbide precipi- 
tation occurs at Acm. It appears that the 
austenite-martensite reaction, and hence 
the amount of retained austenite, reflects 
the statistical carbon distribution as well 
as the average carbon content. When 7. is 
slowly decreased, the increasing magnitude 
of the steady-state fluctuations leads to 
diminishing amounts of retained austenite, 
and therefore acts in the same direction as 
actual carbide precipitation. Further details 
will be published at a later date. 

From a practical standpoint, this phe- 
nomenon has been unknowingly employed 
in the hardening of carburized 4615 
steel.22 Direct quenching from the car- 
burizing temperature of 1650-1 700°F (goo- 
925°C) may retain excessive quantities of 
austenite in the high carbon case, but if the 
steel is cooled to about 1500°F (815°C) 


Martensite Transformation Curves 


The course of the austenite-martensite 
reaction during rapid cooling is plotted in 
Fig 2 to 5 for the four steels, each austeni- 
tized at three temperatures. The data were 
obtained by applying lineal analysis to 
specimens that were hot quenched to vari- 
ous temperatures in the range shown, held 
for 10 sec,* and then tempered to “darken” 
the martensite present. In direct conform- 
ity with the previous retained austenite 
determinations, the martensite range is 
generally lowered by increasing fi 

The variation of M, with T. is indicated 
in Fig 6. M, is defined in two ways: (1) the 
temperature at which the first few plates of 
martensite can be observed metallographi- 
cally, and (2) the temperature at which the 
martensite transformation curve extra- 
polates to zero. Both are given in Fig 6 
wherein it is seen that they exhibit some 


* This period is more than twice the time 
required for the specimen to attain the bath 
temperature. 
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tendency to diverge with increasing aus- 
tenitizing temperature. Therefore, the de- 
parture from linearity at the initial part of 


the transformation curves cannot be ex- 
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with the increasing retention of austenite, 
while the other M, is raised. Furthermore, 
all of the transformation curves shown in Fig 
2-5 fita single empirical equation? in which 


Austenitized ot 1550 °F. 
Ms “1700.5 
1900 °F. 


Highest temperature ot 
which traces of mortensit 
were detected. 


240 320 400 480 


TEMPERATURE-°F. 


Fic 3—MARTENSITE TRANSFORMATION CURVES FOR I.I PCT CARBON-I.5 PCT CHROMIUM STEEL, 
_ AUSTENITIZED AT THREE TEMPERATURES. ENCIRCLED POINTS ARE AVERAGES OF SEVERAL VALUES. 
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" 1900 °F 
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martensite were 
detected 


1550 °F 


1700 °F 


240 320 400 480 
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Fic 4—MaArTENSITE TRANSFORMATION CURVES FOR 1.1 PCT-2.8 PCT CHROMIUM STEEL, AUSTENITIZED 
AT THREE TEMPERATURES. ENCIRCLED POINTS ARE AVERAGES OF SEVERAL VALUES. 


plained by segregation.’ It may be a grain 
size effect. . 

Of the two types, the extrapolated M, 
more truly reflects the course of the marten- 
site transformation. For example, in the 1.1 
pct carbon steel, the extrapolated M, is 
lowered with increasing 7, in accordance 


the substitution of the extrapolated M, takes 
care of the metallurgical factors involved. 
As demonstrated by the straight-line plot 
in Fig 7, the equation is: 

P = 100 — 3.05 X 10-4 


[820 — (M, — T)]§** [1] 


Sb 
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where 

P = pct martensite = pct transforma- 

tion 

100 — P = pct austenite 

M, = the extrapolated M, temperature 

in °F 

T = temperature in °F 
Hence, for the steels under investigation, 
the percent of martensite formed during 
cooling to a given temperature T is pri- 
marily a function, not of the absolute 
temperature, but of the temperature inter- 
val below M,. This relationship holds 
irrespective of the many variables at play 
in these experiments: (1) chemical differ- 
ences among the steels, (2) changes in 
austenite chemistry produced by different 
austenitizing treatments, (3) the presence 
or absence of undissolved carbides, (4) 
variations in grain size, (5) alterations in 
the distribution of concentration fluctua- 
tions, and (6) differences in quenching 
stresses such as may be encountered by 
rapid cooling from various austenitizing 
temperatures to various quenching-bath 
temperatures. 

In other words, to a good approximation, 
the above factors influence the martensite 
transformation only insofar as they affect 
the extrapolated M,. Once M, is known, 
whatever the combination of variables that 
govern it, the course of the martensite 
transformation on continuous rapid cooling 
(that is, without stabilization) is set by the 
above equation. Conversely, measurement 
of the retained austenite after such cooling 
to room temperature permits the calcula- 
tion of M, via the equation, and again the 
course of the reaction can be computed as a 
function of temperature. In fact, mar- 
tensite transformation curves can now be 
constructed for each of the retained aus- 
tenite contents shown in Fig t. 


AUSTENITE-MARTENSITE TRANSFORMATION 
WITH STABILIZATION 
Preliminary Experiments 


The stabilizing process was first surveyed 
by the following series of heat treatments. 
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Specimens were quenched from the three 
austenitizing temperatures (T,) to various 
holding temperatures (7) above and be- 
low M, for 30 min., then quenched to room 


100 
Austenitized ot 1550 °F. 
i “ 1700 °F 


. * 19 oF 
80 00 °F. 


Highest temperature at 
which traces of martensite - 
were detected 


60 


40 


PERCENT MARTENSITE 


20 
1900°F 


LN 
ie} 80 160 240 
TEMPERATURE - °F 


Fic 5—MARTENSITE TRANSFORMATION 
CURVES FOR I.I PCT CARBON-5.4 PCT NICKEL 
STEEL, AUSTENITIZED AT THREE TEMPERA- 
TURES. ENCIRCLED POINTS ARE AVERAGES OF 
SEVERAL VALUES. 


temperature, given the standard “darken- 
ing’? temper and quenched back to room 
temperature. For the range of holding 
temperatures to be discussed, no signifi- 
cant amount of isothermal decomposition 
occurred within the 30-min. holding period. 

The retained austenite contents were 
determined in these specimens, and sample 
results are plotted in Fig 8 and 9. In each 
case, the value at T, = 77°F represents the 
amount of austenite retained on direct 
quenching to room temperature, and is 
taken from the normal martensite trans- 
formation curves in Fig 2-5. When this 
value is the same as that obtained after the 
interrupted quenching, no stabilization has 
taken place at the holding temperature. 
However, if there is a difference, the incre- 
ment (6) denotes the occurrence of stabili- 
zation. For example, in Fig 8, which applies 
to the 1.1 pct carbon —1.5 pct chromium 
steel austenitized at 1900°F (1040°C), no 
stabilization occurs for 7; levels down to 
176°F (93°C). Stabilization does appear 
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below 176°F and 6 increases in a linear 
fashion until a holding temperature is 
reached such.that 6 attains a maximum 
value. The holding temperature at which 
stabilization sets in is designated as as, 
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no austenite transforms during quenching 
to the reference temperature, and 6 must 
decrease with further lowering of Ty be- 
cause less austenite is then available for 
stabilization. 


Ms TEMPERATURES 


Solid points - based.on extrapolated 
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transformation curves 


Open points - based on first traces 
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Fic 6—EFFECT OF AUSTENITIZING TEMPERATURE ON M, IN FOUR 1.1 PCT CARBON STEELS, AS 
DETERMINED BY TWO METHODS. 


while the holding temperature at which 6 
becomes a maximum is designated as o¢. 
When 7;, is decreased below a,, 6 diminishes 
and becomes zero as 7) approaches 77°F 
which, for the moment, is the reference 
temperature (7;,). 

If the holding temperature is belowa,, the 
percent of austenite found at room tempera- 
ture after stabilization coincides exactly 
with that shown by the normal martensite 
transformation curve as being present at 
the holding temperature, thus signifying 
that the transformation is completely in- 
hibited during the subsequent quench to 
room temperature. Therefore, o, is the 
highest holding temperature below which 


Corresponding behavior is evident in 


Fig 9 for the four steels after austenitizing 
at 1550°F (845°C). It will be seen later that 
o- varies with the reference temperature, 
but o, does not. 


Effect of Time at the Holding Temperature 


The above data are based on a fixed 
holding time at 7) of 30 min. Since it is 
known that time of aging is a factor in the 
stabilization of subatmospheric transfor- 
mations,°.®7.8 the effect of holding time was 
given some consideration in the present 
study. The time was varied from 1 min. 
to 314 hr at a selected holding temperature 
of 115°F (46°C) which was known to be 
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t.1% G Steel austenitized at I900°F. 


él 1.5% Cr Steel austenitized at [900°F 


28% Cr Steel austenitized at I900°F. 


40 5.4% NI Steel austenitized at 1900°F. 


30 Single encircled points are specimens 
austenitized at 1700 °F 
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Double encircied points are 
specimens oustenitized at 1550 °F 
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Fic 7—MARTENSITE TRANSFORMATION CURVES FOR FOUR 1.1 PCT CARBON STEELS, AUSTENITIZED 
AT THREE TEMPERATURES, PLOTTED ON LOG-LOG SCALE. DATA TAKEN FROM SMOOTH CURVES OF 
Fic AD THE STRAIGHT-LINE RELATIONSHIP LEADS TO EQUATION: 


P = 100 — 3.05 X 10714[820 — (M, — T)]*-32 
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Fic 8—RETAINED AUSTENITE IN I.I PCT CARBON-I.5 PCT CHROMIUM STEEL AT ROOM TEMPER- 
ATURE (77°F) AFTER AUSTENITIZING AT 1900°F, QUENCHING TO VARIOUS HOLDING TEMPERATURES 
(T;) FOR 30 MIN., AND THEN QUENCHING TO ROOM TEMPERATURE. 5 INCREMENTS IN CROSS-HATCHED 
FIELD INDICATE PERCENTAGES OF STABILIZED AUSTENITE AS A FUNCTION OF 7, OBSERVED AT 
REFERENCE TEMPERATURE (T7,) OF 77°F. ; 
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above oa, for the nickel steel, but below o. 
for the other three steels after austenitizing 
at 1900°F (1040°C). The results are plotted 
in Fig ro. It is evident that no stabilization 
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from 7, after the stabilizing treatment. 
The heat treatment cycle required to yield 
such information is shown schematically in 
Fig 11. 


120 140 160 180 200 220 240 260 9, 300 


HOLDING TEMPERATURE (T,) -°F 


° 
Fic 9—RETAINED AUSTENITE IN FOUR I.I PCT CARBON STEELS AT ROOM TEMPERATURE (77°F) 
AFTER AUSTENITIZING AT 1550°F, QUENCHING TO VARIOUS HOLDING TEMPERATURES (T;) FOR 30 
MIN, AND THEN QUENCHING TO ROOM TEMPERATURE. 


occurs in the nickel steel even up to 344 
hr, while the other three undergo rapid 
stabilization and reach a maximum within 
15 min., after which there is no further 
change. (The oil and air quenching data 
contained in this figure will be discussed 
later.) : 

Accordingly, the 30-min. holding period 
previously adopted appears to be a satisfac- 
tory choice for investigating other varia- 
bles. While the stabilization process is 
obviously time-dependent, it seems to occur 
with surprising rapidity considering the 
low holding temperatures involved, and 
quickly attains a state of constancy which 
is a function of the holding temperature. 
Further work on the effect of time at 
various holding temperatures is now 
underway. 


Relation between Stabilization and the Sub- 
sequent Transformation 


If the holding temperature (7) is fixed, 
and the reference temperature (7;) is 
varied from 7; down to (or below) room 
temperature, it becomes possible to follow 
the course of the austenite-martensite 
transformation during the rapid cooling 


Fig 12 provides an example of the results 
thus obtained in comparison with the 
normal martensite transformation for the 
case of the 1.1 pct carbon steel austenitized 
at 1900°F (1040°C). From M, down to the 
selected holding temperature of 150°F 
(66°C), the normal transformation pro- 
ceeds. At 150°F, the amount of martensite 
is about 65 pct, and remains unchanged 
within the experimental limits during the 
30 min. hold. On further cooling, no 
detectable transformation occurs until 
about 132°F (56°C), where the reaction 


starts again and closely parallels the normal 


martensite curve. 132°F is the M,’ tem- 
perature for the conditions at hand, and 
T, minus M,’ constitutes the temperature 
range over which the martensite reaction 
has been suppressed by the stabilizing 
process at Ty. The quantity of austenite 
that would decompose during cooling be- 
tween 150°F and 132°F without stabiliza- 
tion is shown by the normal transformation 
curve to be about 5 pct, and constitutes the 
amount that is prevented from transform- 
ing by the stabilization. Accordingly, at 
any given temperature T below M,’ the 
amount of austenite present is simply equal 
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@15%Cr « 
@28%Cr 

95.4% Ni” 

O Oil Quenching Data 
OAir Cooling Data 


PERCENT AUSTENITE STABILIZED (6 ) 


from 450% to 77°F. 


ie) 10 20 30 40 50 60 
TIME OF HOLDING AT 115 °F MINUTES 


Fic 1o—EFFECT OF HOLDING TIME AT 115°F (46°C) ON PERCENTAGE OF AUSTENITE STABILIZED 
IN FOUR I.I PCT CARBON STEELS, AUSTENITIZED AT 1900°F. REFERENCE TEMPERATURE = 77°F. 
DATA FOR OIL AND AIR QUENCHED SAMPLES ALSO SHOWN. 


AUSTENITIZING TEMP 
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REFERENCE TEMP. 


ROOM_ TEMP. 


TIME 


Fic 11—HEAT TREATMENT CYCLE USED FOR DETERMINATION OF COURSE OF MARTENSITE 
‘TRANSFORMATION AFTER STABILIZING AT HOLDING TEMPERATURE (T,). For A GIVEN T;, T; IS 
VARIED FROM 7, TO (OR BELOW) RT, THUS DISCLOSING THE COURSE OF THE TRANSFORMATION. 
THEN OTHER 7; LEVELS ARE SELECTED ,AND THE PROCEDURE REPEATED. 
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to the percentage shown by the normal 
transformation curve at T plus the 5 pct 
stabilized at 7). It is likewise important to 
note that the increment of austenite (6) 
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the curves is not constant. This distinction 
is quite evident at subzero temperatures 
where the transformation curves flatten 
out as they approach M,. In these mate- 


Transformation on 


a continuous cooling 
~ 
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Fic 12—MARTENSITE TRANSFORMATION IN I.I PCT CARBON STEEL, AUSTENITIZED AT 1900°F, 
DURING CONTINUOUS COOLING AND AFTER STABILIZING AT 150°F (66°C) FOR 30 MIN., AND THEN 


COOLING TO VARIOUS REFERENCE TEMPERATURES, 


found at room temperature after this hold- 
ing treatment at 150°F is also 5 pct. 
Therefore, after stabilization by holding at 
T», when the reaction sets in during subse- 
quent rapid cooling, the amount of aus- 
tenite that decomposes between any two 
temperatures below M,’ remains the same 
as though stabilization had not occurred. 

The foregoing pattern of stabilization 
behavior is quite general in that it is ob- 
served after other holding treatments in all 
four steels, as will be demonstrated in the 
next section. Clearly, then, the degree of 
stabilization can be evaluated by the 
temperature interval 7, — M,’ or by the 
corresponding transformation increment 
6. Either can be determined from the 
other, if the normal transformation curve 
is available, but the 6 criterion appears to 
be more convenient because it represents 
the constant vertical spacing between the 
stabilized and unstabilized transformation 
curves. By the same token, the tempera- 
ture interval (horizontal spacing) between 


rials, stabilization does not depress M,, but 
primarily reduces the amount of transfor- 
mation that occurs on cooling down to 
M ,.68 


Effect of Holding Temperature on the 
Subsequent Transformation 


The course of the martensite transforma- 


tion after stabilization at different holding - 


temperatures is illustrated in Fig 13 for the 
1.1 pet carbon —1.5 pct chromium steel 
austenitized at 1900°F (1040°C). It is evi- 
dent that with the constant holding time of 
30 min., the degree of stabilization becomes 
larger, the lower the holding temperature. 
In other words, 7, — M,’ increases as Th 
decreases, and 6 increases accordingly. For 
each holding treatment, the curve below 

is displaced downward by the amount 
6. The locus of M,’ temperatures is also 
shown in Fig 13; it intersects the normal 
transformation curve at the temperature 
where 7, — M,' = 0, and here 6 = o. This 
intersection has the same significance as the 
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go, temperature previously defined because 
if T, lies above it, no stabilization is ob- 
served during the subsequent quench. Then 
the reaction merely follows the normal 
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senting the following experimentally deter- 
mined data for each steel and each austeni- 
tizing temperature: (1) the M, temperature, 
which defines the normal martensite trans- 


@ Holding temperature of 70°F 
a ” "“ « LIO°F 
i ” “  130°F 
4 Cy « 1ISO°F 


720.160. 200. 240 
TEMPERATURE- °F 


Fic 13—MARTENSITE TRANSFORMATION IN 1.1 PCT CARBON-I.5 PCT CHROMIUM STEEL, AUS- 
TENITIZED AT 1900°F, DURING CONTINUOUS COOLING AND AFTER HOLDING FOR 30 MIN. AT 150, 130, 
1ro and 70°F (65, 54, 43 and 21°C). Locus or M,’ TEMPERATURES INTERSECTS THE NORMAL 


CURVE AT 0s. 


transformation curve just as though the 
interruption had not occurred. Putting it 
another way, when 7, 2 o., M.’ = T, and 
6 =o, but when 7, <o., M.’ < Th, and 
o> 0. 

These kinetics were established, not only 
for the example given in Fig 13, but for all 
four steels austenitized at all three tem- 
peratures. To conserve space, the many 
curves will not be included here. However, 
in view of the quantitative relationships 
that now come to light, the entire body of 
information can be summarized by pre- 


formation curve via Eq 1, and (2) 6 or 
T, — M,’ as a function of 7;, which de- 
fines a stabilized transformation curve for 
each value of 7;. Such data are given in 
Table 3. Furthermore, the experimental 
determinations indicate that 6 is directly 
proportional to o, — T; for T, values be- 
tween a, and a; (see Fig 8 and 9), or 


6 = k(o. — Ts) [2] 


The stabilization constant & for each steel 
and austenitizing temperature has been 
averaged from the data in Table 3 and is 


ke 


= 
o 
oo 


al 
oO 
ive) 
s 
el 
coal 
8 


coooooseescsessS 
cocossosossssscg 


ooocooocecoece 
eocoooooce|c*”[e 
ooooooconmNn 
oooocoecro 
ecoossessr?s 
ComnNnwno 

oo 

at 
cooocoooconnro 
cooooroon 

Noo 

COND IO CO 

ono 

mn 
SCOCOCONMOMS 
SCCOoCOoONtTaS 
COCoONtom 


9q| do |9d| do |%d] do | [40d 
‘o\"9w — ‘LI ‘¢ |'*W — 4D) ‘8 |'*W — “L) e 


yoq| do |Pd) do |99d) do  |¥d), do 
‘9 


LL LL LST 831 S61 082 QL G61 092 008. | O0e aed 5 OCG | onene: de *? 
SST oot 83 206 " 886 ChP OFZ 082 968 008 pe gat Pe 4 


paqepodenxg 
0061 OOLT osst 006T OOLT osst 006T OOLT ogst 006T dua], 


uyayr09zSNy 


IN JU9D Jed #S-D 3099 dog VT Ig yueD 10g 8°Z-D FU9D bg Tt Ij yep Jag ¢[-queD Pd TT O 390 5 0 SP eel os 


SAINI Pay}OOUIS WOIF UIHL} CPV 
(usu Of = aury, 3uIpjo fH) $1921G 4noy Ut uounursofsuDsy, agrsuazan yy ay) fo woyn2IrqvIg 244 UO aanqoaagua [ Surpjoy fo pafq—t A1av L 


a 
° 
- 
a 
< 
= 
a 
o) 
~ 
Z 
< 
4 
a 
i 
‘s 
= 
wn 
a 
& 
4 
7 
2 
a 
ln 
A 
& 
Sal 
wn 
=) 
< 
ica) 
q 
a 
& 
° 
Z 
ie} 
al 
& 
< 
N 
cond 
= 
8 
il 
mn 


460 


WILLIAM J. HARRIS, JR. AND MORRIS COHEN 


recorded there. With a knowledge of M,, 
o;, and k, a stabilized transformation curve 


may be calculated for any selected value of 
es, (Fig TA). 
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the calculations, but is determined by the 
intersection of the lines representing 
Eq 3 and 4. M,’ can also be calculated by 
setting Eq 3 and 4 equal, and solving for 7. 


mn 5.32 
Fag SIN. [ezo-im,-1)| 


200 240 280 320 


Fic 14—EQUATIONS FOR TRANSFORMATION CURVES WITH AND WITHOUT STABILIZATION. I.I PCT 
CARBON STEEL AUSTENITIZED AT 1900°F. 7), TAKEN AT 150°F (30 MIN.). 


From M, to T;, the curve is normal, and 
hence Eq 1 applies. 

From 7; to M,’, the amount of marten- 
site remains constant at the level set by 
Karr at) Dy: 


i= s10O — 3,05 
X 107141820 — (M, — T;)]**?_ [3] 


Below M,’, the amount of martensite at 
any temperature T is equal to that calcu- 
lated from Eq 1 minus the amount of 
transformation that is inhibited by the 
stabilization at Ty: 


ee sOO — 3.05. 2! 
x 10714 [820 — (M, — T)]>- 
<r, k@s me T») [4] 


These equations are illustrated in Fig 14 
for the 1.1 pct carbon steel austenitized at 
1900°F, quenched to a holding temperature 
of 150°F for 30 min., and then quenched to 
room temperature. M,’ is not required for 


The corresponding transformations with 
any other holding temperature can be com- 
puted by substituting each selected 7; into 
Eq 3 and 4. Of course, if 7, 2 az, there is 
no stabilization and only Eq 1 applies. 


Relation between Stabilization, Holding Tem- 
perature, Per Cent Martensite, and 
Austenite Composition 


While it has been shown that the extent 
of stabilization in a given steel is increased 
with the lowering of T;, one might logically 
ask whether this is an effect of temperature 
per se or whether the increasing percent of 
martensite that attends the lowering of 
T; is the sole cause of the enhanced 
stabilization.* These two possibilities can- 
not be resolved in a single steel, but by 
making systematic variations in the aus- 


* Previous work on high speed steel!! indi- 
cates that the presence of martensite is defi- 


‘nitely an aid to stabilization. 
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tenite chemistry, a range of martensite 
contents can be obtained at a given 74, or a 
range of 7} levels can be studied with a 
given martensite content. This has been 
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This equation shows that o, varies linearly 
with M,, but changes more slowly. Hence 
when M, is sufficiently low, o, actually lies 
above M,. The two temperatures coincide 

6% 4% 


2%  O% 
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points indicate percent 
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Fic 15—RELATION BETWEEN STABILIZATION, HOLDING TEMPERATURE (30 MIN.), AND PER- 
CENT MARTENSITE IN 1.1 PCT CARBON STEELS WITH 0, I.5 AND 2.8 PCT CHROMIUM, AUSTENITIZED AT 


VARIOUS TEMPERATURES. 


done with the three 1.1 pct carbon steels 
containing o, 1.5 and 2.8 pct chromium, 
each austenitized at three temperatures. 

Fig 15 presents the normal martensite 
transformation curves for these condi- 
tions. On each curve are indicated the hold- 
ing temperatures at which 6 = 0, 2, 4, 6 
and 8 pct. Despite the experimental scat- 
ter, the respective points conform to a 
reasonably straight-line pattern, notwith- 
standing the different steels and austenitiz- 
ing temperatures used. Thus, there is 
evidently a connection between the stabiliz- 
ing process and M,. If, for instance, o, 
(T, at which 6 = o) is plotted against M,, 
it is found that 


o, = 0.57 M, + 26 


[s] 


at o, = M, = 60°F. Accordingly, if M, is 
below 60°F for a steel composition in this 


series, stabilization can take place in the 


absence of martensite. This is quite in line 
with the observations of Klier and Troiano® 
on high chromium steels. They found that 
the compositions with , below room tem- 
perature are extremely sensitive to stabili- 
zation, and that either arresting the quench 
above M, or slight retardation of the cool- 
ing rate in approaching M, causes a 
marked lowering of M,. 

The stabilization data are replotted in 
Fig 16a to demonstrate the separate ef- 
fects of T, and the amount of martensite P 
present at 7. It is evident that 6 increases 
both with decreasing T), for a given P value 
and also with increasing P for a given Ty 


iieecs 


Pa 


403 


WILLIAM J. HARRIS, JR. AND MORRIS COHEN 


“SI OI WOAL NIAVL VLVC “ALISNALAVN 
INGOUAd CNV (AULSINAHO ALINGLSAV) *py (2) ‘ALISNILAVW INIDAGd CNV AANLVAAAWAL ONIGION (1) IO NOILONAA V SV NOILVZITIGVIS—9OI OI 


(94!Ua}sND Ul juajuod AojjO puD UoqsDD Hulsoes9U}) 
4o-°W 4 o-JYNLVYAdW3L ONIGIOH 
ee 08 b 0Ov O2ce Ov2 09) 08 0 O2e Ove 09! 08 O 


tes 


%OG=d 


%062d \%GL=d Wess 
ip %eGL=d 


%O06=d\ \ %0S=d\ %SZ=d 


G3ZIMIGVLS JLINALSNV % -9 


d pun *Ww sa 3 (9) d puo 4) ‘sa 9 (0) 


ee a 


464 


level. Thus 
6 = fi(Tn, P) [6] 


However, to produce separate varia- 
tions in 7, and P, it isnecessary to change 
the composition of the austenite, that is, 
to allow variations in M,. M., T, and P are 
not independent variables since through 
Eq 3 

Tr = fo(Ms, P) [7] 


and therefore 
5 = fa(Ms, P) [3] 


The data in Fig 15 are plotted on the basis 
of Eq 8 in Fig 16b, from which it is evident 
that 6 increases, both with increasing P and 
with decreasing M, (increasing carbon and 
alloy content of the austenite. At the 
moment, it is not known definitely whether 
the stabilization should be regarded as a 
function primarily of 7, and P, or of M, 
(austenite chemistry) and P. This point is 
analyzed further on p 22. 


Significance of the Reference Temperature 


The degree of stabilization produced at 
T, can be determined at any convenient 
reference temperature provided that 7, is 
below M,’. If T, is above M,’, a true meas- 
ure of the stabilization is not obtained 
because the value then reflects only part 
of the total stabilization. Hence, for a 
fixed 7T,, 6 increases with lowering 7, but 
only until M,’ reaches T,. This particular 
T; is identical with o, in Fig 8 and 9, since 
there is no transformation on subsequent 
quenching from 7), to T, when M,’ = T,. 
If 7; is below o., then M,’ is below T, and 
again the transformation is completely 
inhibited on quenching from 7, to T,, but 

-now 6 is less because there is less austenite 
in the steel to stabilize. Therefore, with a 
given 7,, 6 goes through a maximum at 
T;, =o, and this happens when M,’ = T,. 
The connection between the preliminary 
room temperature data (as in Fig 8) with 
the stabilized transformation curves (as in 
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Fig 13) now becomes apparent, and is 
shown schematically in Fig 17. 

Although o, is independent of 7,, such is 
not the case for o,. Substituting a. for T; in 
Eq 2: face 

bmax = kos — Oe) [9] 


This is exactly equal to the percent trans-. 


formation that would take place on cooling 
between a, and 7, in the absence of stabili- 
zation, or 


k(o, — 0) = {100 — 3.05 X 107! 
[820 — (M, — T,)]5*2} — {100 — 3.05 
X 107!4[820 — (M, — a-)]®*2} [10] 


Values of k,o, and M, are given in Table 3. 
Thus, o. depends on 7,, and it turns out to 
vary in the same direction as 7,. If, there- 
fore, a certain 7, happens to lie below 
o-, and it is desired to measure the total 
stabilization that has occurred at T;, then 
T, should be lowered until ¢,. drops below 
the given 7,. T, will then be below M,’ and 
will reflect the true stabilization. This, in 
effect, was done in determining the trans- 
formation curves in Fig 12 and 13. 


Stabilizing by Slow Cooling 


Since stabilization takes place more and 
more markedly as 7; is decreased below 
o., it is reasonable to believe that slow 
cooling through this temperature range 


would have a similar stabilizing effect. - 


‘This is found to be the case. Specimens of 
the four steels were austenitized at 1900°F, 
quenched to 450°F (232°C) (which is 
above o, in each instance), and then brine, 
oil and air quenched to room temperature 
(77°F—25°C). Table 4 lists the percent- 
ages of austenite stabilized by the oil and 
air cooling as compared to brine quenching. 
These values show that (1) three of the 
steels undergo considerable stabilization 
on air cooling, but (2) only the 1.5 pct 
chromium steel exhibits any evidence of 
stabilization on oil quenching, and (3) the 
nickel steel is not stabilized with either 
cooling rate. 


ae ioe 


en me ge 


+ thee 


ee ee 


WILLIAM J. HARRIS, JR. AND MORRIS COHEN 


Despite the varied nature of these re- 
sults, they are entirely consistent with the 
isothermal holding experiments previously 
discussed. In Fig to containing the stabili- 
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tion which is equivalent to that produced 
by 12 min. at 115°F. The same procedure 
with the oil-quenched samples leads to 
best matching at 2.5 min. Such equivalence 


= 


TEMPERATURE 


Fic 17—RELATIONSHIP BETWEEN PERCENT STABILIZATION AS OBSERVED AT ROOM TEMPERATURE 
AND STABILIZED TRANSFORMATION CURVES (SCHEMATIC). 


zation curves as a function of time at 115°F 
(45°C), the stabilization values for the four 
air-quenched samples are plotted on a verti- 
cal scale and then moved along the time 
axis until the best match is obtained with 
the four isothermal curves. This comes at 
12 min. and means that the four air-cooled 
steels have undergone a degree of stabiliza- 


in stabilization of air and oil quenching 
with certain isothermal treatments for four 
different steels cannot be regarded as 
coincidence, particularly in view of the fact 
that it explains why only the 1.5 pet 
chromium exhibits stabilization on oil 
quenching. This is the only steel of the four 
that shows detectable stabilization in 2.5 
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cooling to room temperature stabilizes all 
of the steels more readily, the lower the 
austenitizing temperature. 

There are indications that even very 


minutes at 115°F. Moreover, the reason for 
lack of stabilization in the nickel steel with 
either cooling rate is also clear: its, lies at 
room temperature (77°F) and therefore 
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Fic 18—EFrect OF TEMPERING TEMPERATURE (30 MIN.) ON RETAINED AUSTENITE AT —110°F 
IN FOUR I.I PCT CARBON STEELS, AUSTENITIZED AT 1900°F, QUENCHED TO 70°F, TEMPERED AS 


SHOWN, AND QUENCHED TO —1I0°F. 


cooling variations down to room tempera- 
ture are ineffectual. However, stabilization 
can be found in slowly cooled specimens of 
the nickel steel when low austenitizing 
temperatures are used because, then, o; lies 
above room temperature. In fact, slow 


TABLE 4—Effect-of Cooling Rate on 
Stabilization 
(All specimens were austenitized at 1900°F, 
quenched to 450°F for ro sec, and then cooled 
as shown to 77°F.) 


Per Cent Austenite Stabilized 


Steel, CNSR, [cap atae ame se dais = ee 
Pet Oil quenched- | Air quenched- 
brine quenched | brine quenched 
1.1C 200 ° 6 
1.5 Cr 176 2 9 
2.8 Cr 128 0) II 
5.4 Ni 77 0 C) 


rapid cooling rates do not avoid stabiliza- 
tion at subzero temperatures. The austenite 
contents remaining after austenitizing at 


1g00°F, quenching to 400°F for 10 sec 


(which produces no stabilization) and then 
quenching directly to —110°F (— 79°C) are 
all larger than those calculated from Eq 1, 
which is based on data obtained from brine 
quenching down to 20°F (—6.7°C). The 
differences are 5, 8, 13 and 1o pct austenite 
in the 1.1 pet carbon, 1.5 pct chromium, 
2.8 pct chromium and 5.4 pct nickel steels 
respectively. This comparison strongly sug- 
gests that stabilization comes into play at 
sufficiently low temperatures despite dras- 
tic quenching, and may well account for 
the stopping of the austenite decomposition 
at M, short of completion.®.%8 It is curious 
to think that the martensite reaction which 
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TABLE 5—Effect of Tempering after Hot Quenching in Comparison with Isothermal Hold- 
ing at the Hot Quenching Temperatures 
(All specimens austenitized at 1900°F) 


Per Cent Austenite at 77°F after 30 min at: 


deh Sea uenching Bath 
Steel Pct | os, °F Gell op!” F), cLemperstar 
to sec hold), °F uenching Bath 

ch seeeen Pats 300°F 380°F 500°F 

Aah aS) 200 110 120 25 25 26 Bainite 
Aa 20 24 22 Bainite 

20 20 20 20 
Ta S0Or 176 108 120 39 44 43 Bainite 


is ordinarily insuppressible by rapid 
cooling can be inhibited during such 
cooling by a stabilization process which 
itself becomes insuppressible at subatmos- 
pheric temperatures. 


Effect of Tempering on Stabilization 


The stabilization of retained austenite 
with respect to subzero transformation has 
been shown to increase with the time and 
temperature of tempering.®®”° This rela- 
tionship seems inconsistent with the 
opposite dependence of stabilization on 
T,. Hence, the effect of tempering after 
quenching was investigated on the four 
steels at hand. The steels were austenitized 
at 1900°F, quenched to 120, 160 and 200°F 
(49, 71 and 93°C) for 10 sec and then tem- 
pered for 30 min. at 300, 380 and s500°F 
(149, 193 and 260°C). Other samples were 
held for 30 min. at the three hot quenching 
temperatures. In all cases, the specimens 
were brine quenched to room temperature 
(77°F) and then given the standard ‘‘dark- 
ening” treatment to reveal the austenite 
retained at room temperature. 

The results are presented in Table 5 and 
show that the tempering treatments are 
hardly more effective in promoting stabili- 
zation than the 30-min. hold at the quench- 
ing-bath temperature. At first glance, it 
may appear that these findings are at 


variance with the earlier work on temper- 
ing, but this can be explained by the fact 
that the hot quenching temperatures 
selected were inadvertently either above co, 
or close to a-. It became evident that in 
order to reveal the effect of tempering on 
stabilization, the steel had to be first 
cooled below a, to “set the stage” for 
stabilization. Furthermore, the steel should 
not be quenched near o- because holding at 
the latter temperature completely inhibits 
the transformation to room temperature 
and tempering cannot possibly cause any 
more austenite to be retained at room tem- 
perature than existed in the steel at the hot 
quenching temperature. 

With the benefit of this hindsight, a 
quenching temperature of 70°F (2 1°C) was 
selected on the grounds that it was just 
below the lowest (77°F) of the o, tempera- 
tures. Furthermore, to insure that 70°F 
would be well above the o, temperatures 
of the steels, a low reference temperature 
of —r110°F (—79°C) was chosen. Thus, the 
specimens were quenched from 1900 to 
70°F for to sec, tempered for 30 min at 
70, 300 and 4oo°F* (21, 149 and 204°C), 
quenched to —11r0°F, and then given the 
standard “darkening” treatment. The 


* The previous 500°F temper was omitted 
because of bainite formation, as noted in 


Table 5. 
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results are plotted in Fig 18, and demon- 
strate that the extent of stabilization 
definitely increases with the tempering 
temperature in agreement with the work 
of the previous investigators®®7.§ who, 
fortunately, happened to adopt a proper 
combination of quenching bath tempera- 
ture (room temperature) and reference 
temperature (—320°F) to reveal the 
stabilizing effect of tempering on the steels 
being studied. 

It is important to note that, despite this 
marked influence of tempering on stabiliza- 
tion, the effect is nil unless the steel is first 
cooled below o;. Once this has been done, 
stabilization will occur to a considerable 
degree on holding at the arresting tempera- 
ture, but will become even more pro- 
nounced if the steel is reheated to higher 
temperatures. As yet, the real significance 
of this behavior is obscure but its practical 
importance is already clear. If the harden- 
ing of plain carbon and low alloy tool steel 
is arrested above a, and is followed directly 
by the usual tempering at 300-400°F 
(150-200°C) before cooling to room tem- 
perature, the available austenite will mot 
be stabilized by the tempering, but will 
transform during the cooling back to room 
temperature just as though the tempering 
had been omitted. Hence, part of the 
primary hardening reaction will actually 
take place after the temper, and will thus 
leave an increment of untempered mar- 
tensite in the finished steel. This unde- 
sirable condition can be corrected by a 
second tempering treatment. 

On the other hand, if the hardening 
quench is arrested below o,, but still above 
‘room temperature, stabilization will set 
in either at the arresting temperature (if 
sufficient time is allowed) or certainly at 
the tempering temperature, and conse- 
quently the tempered steel will arrive at 
room temperature with more than the 
normal amount. of retained austenite. This 
condition augments the tendency of heat 
treated pieces to “‘grow” spontaneously on 
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aging in service or in storage, and may 
require cold treatment if dimensional 
stability is essential.*4 

It remains to reconcile the fact that 
stabilization is enhanced by increasing 
tempering temperature (Fig 18) but by 
decreasing holding temperature (Fig 15 and 
16). The true temperature effect is more 
likely revealed in the tempering experi- 
ments because P and M, are then fixed 
while the temperature is varied. When the 
opposite dependence of 6 on T; is observed 
at constant P, there is an unavoidable 
change in M,. Hence, it is conceivable that 
the relation between 6 and decreasing T) is 
not due to temperature per se but to the 
accompanying decrease in M, (increase in 
carbon and alloy content of austenite) 
which permits the fixing of P while 7; is 
being varied. This alternative is now being 
explored. 


CONCLUSIONS 


1. The kinetics of the austenite-mar- 
tensite reaction in four 1.1 pct carbon 
steels with variations in chromium and 
nickel have been studied quantitatively by 
lineal analysis. The course of the trans- 
formation has been determined during 
rapid cooling with, as well as without, the 
influence of stabilization, using three dif- 
ferent austenitizing temperatures. 


2. The amount of austenite retained at - } 


room temperature increases as a function of 


the austenitizing temperature, concomi- 


tant with the carbide solution. However, 
in the 5.4 pct nickel steel, the retained 
austenite continues to increase with the 
austenitizing temperature even after the 
carbides are completely dissolved. Further- 
more, the latter phenomenon is reversible in 
that progressive lowering of the austenitiz- 
ing temperature results in an equivalent 
decrease of the retained austenite without 
any detectable carbide precipitation. 

3. Despite the many factors at play in 
these experiments, all the unstabilized 
martensite transformation curves conform 


an OO al, we 
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to a single empirical equation in which M, 
is the only metallurgical variable. The per- 
cent martensite at a given temperature T 
depends primarily on M, — T. However, 
this M, is based on the extrapolation-to- 
zero of the transformation curves, rather 
than on the first visible evidence of mar- 
tensite in the structure. 

4. If the transformation is interrupted 
at a given temperature (7;) by holding for 
30 min., stabilization ensues, provided that 
T, is below a critical temperature (¢,). 
On further cooling, the transformation is 
entirely inhibited down to M,’ where the 
reaction sets in and proceeds parallel to the 


unstabilized transformation curve. The con- 


stant displacement between the two curves 
is equal to 6, the percent transformation 
that would occur between 7, and M,’ if 
stabilization had not taken place. Either 6 
or T, — M,' may be used as a quantitative 
criterion of the extent of stabilization. 

5. As M, is lowered due to variations in 
chemistry and austenitizing conditions, 
a; is also lowered, but not so rapidly. Thus, 
there are instances where o, may lie above 
M, and stabilization can be obtained in the 
absence of martensite. 

6. For a given M,, the degree of 
stabilization that occurs on _ holding 
below o, increases linearly as T; is lowered: 
a= ko, — T;). 

7. At a fixed 7;, 6 increases with the 
amount of martensite present, M, being a 
dependent variable. Similarly, with a con- 
stant percent of martensite, 6 increases as 
M, decreases, J; being a dependent 
variable. 

8. If the stabilization occurring at T; is 
to be properly ascertained, the lower (refer- 


ence) temperature (7,) at which the meas- 


urements ‘are made must lie below M,’; 
otherwise only part of the stabilization is 


observed. 
g. The stabilizing process at T; is time- 


dependent, but only in a secondary way 
compared to temperature. Nevertheless, it 


is sufficiently important to introduce 
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stabilization as a function of cooling rate 
during continuous cooling: the slower the 
cooling, the greater the degree of stabiliza- 
tion. Variations in cooling rate above oa, are 
ineffectual. There are indications that 
stabilization occurs at subzero tempera- 
tures despite drastic quenching and this 
may account for the cessation of the trans- 
formation at M, even though austenite is 
still available. 

ro. After quenching into the martensite 
range, the degree of stabilization increases 
with the tempering (reheating) tempera- 
ture. However, the initial quenching must 
first be carried below a,; otherwise temper- 
ing (short of bainite formation) produces 
no stabilization. 
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Secondary Hardening of Tempered Martensitic Alloy Steel 


By WALTER Crarts,* Memper AIME anp Joun L. Lamont* 


(Philadelphia Meeting, October 1948) 


SECONDARY hardening in tempering has 
long been recognized as a typical charac- 
teristic of steels containing large amounts 
of carbide-forming alloys. These steels, 
when quenched and tempered, tend to 
soften somewhat after tempering at low 
temperatures, and to reharden at inter- 
mediate tempering temperatures before 
finally softening to low hardness. This be- 
havior in tempering has been studied by 
many investigators, chiefly with respect to 
the secondary hardening of high-speed 
steels. The initial softening has usually been 
ascribed to decomposition of martensite 
and growth of iron carbide particles. The 
secondary hardening has been explained by 
formation of fresh martensite from residual 
austenite, formation of very fine alloy 
carbide particles and by precipitation 
hardening of metallic compounds in the 
ferritic matrix. However, factors derived 
for the calculation of tempered hardness in 
low-alloy steels! indicated only a tendency 
toward retarded softening rather than a 
discontinuous rehardening. A study was, 
therefore, made to determine whether 
fresh martensite from residual austenite 
and precipitation hardening are essential 
to rehardening and the degree to which 
tempered martensite could be rehardened 
by precipitation of alloy carbides. The 
mechanism of carbide rehardening was also 
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Institute June 5, 1948; revision received June 
30, 1948. Issued as TP 2439 in METALs TECH- 
NOLOGY, September 1948. 

* Chief Metallurgist and Research Metal- 
lurgist, respectively, Union Carbide and 


Carbon Research Laboratories, Inc., Niagara 


Falls, N. Y. 
1 References are at the end of the paper. 
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investigated to determine the nature of the 
process. 

The causes of secondary hardening in 
high-speed steel have received serious con- 
sideration for about thirty years. Among 
the earlier workers Bain and Jeffries? in 
1923 recognized residual austenite as a sig- 
nificant factor, but in addition, emphasized 
the effect of the formation of alloy carbide 
particles of “critical” size. They con- 
ceived that freshly quenched martensite 
forms low-alloy iron carbide at low temper- 
ing temperatures; with further tempering 
the iron carbide is then modified by alloying 
elements that can diffuse most readily at 
intermediate temperatures (850°F); and 
that the iron carbides grow in size by 
coalescence so that the steel tends to. lose 
hardness. At higher tempering tempera- 
tures carbide stability rather than alloy 
availability becomes the controlling influ- 
ence and in high-speed steel “‘iron-tungsten 
carbide is the most stable one and forms 
to the elimination of the earlier formed 
carbides. .. . The iron-tungsten carbide 


particles reach approximately the size for 


critical dispersion after a short reheat at 
r100°F.” This concept, the formation of 
alloy carbide nuclei, redissolving of the iron 
carbide, and diffusion of carbon to the alloy 
carbide, was restated for vanadium steel 
in 1932 by Houdremont, Bennek, and 
Schrader.? Subsequent studies have con- 
firmed that iron carbide changes to alloy 
carbide at 1000 to rr00°F, but the mecha- 
nism of the process has received little 
consideration. 
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The part in secondary hardening that 
may be conferred by precipitation harden- 
ing of the ferritic matrix received attention 
from Grossmann and Bain.* They demon- 
strated that low-carbon steels of the 18-4-1 
type were susceptible of rehardening after 
quenching from a high temperature and 
tempering at 1200 to 1300°F. Similar steels 
with higher carbon contents developed 
maximum secondary hardness at 1100°F 
and both effects were noted in steels of 
intermediate carbon content. Changes in 
volume accompanied the rehardening in 
‘both cases. The low-carbon initially ferritic 
alloy tended to contract, and the initially 
martensitic steel tended to expand at the 
rehardening temperature. The implication 
of this study was that precipitation harden- 
ing by an intermetallic compound in a 
ferritic matrix contributed to secondary 
hardening. Although many low-carbon 
iron-base precipitation hardening alloys 
have been reported, the contribution of 
precipitation hardening to secondary hard- 
ening in medium and high-carbon steel is 
still questionable. 

The effect of the transformation of resid- 
ual austenite was clarified by Cohen and 
Koh® and by Bain.® The residual austenite 
may transform at the tempering tempera- 
ture as an isothermal transformation. The 
resulting structure at the secondary harden- 
ing temperature range of 1000 to 1100°F 
would then be pearlitic. If the austenite did 
not transform in the time held at tempera- 
ture, it might be modified in composition 
and tend to transform to martensite on 
cooling after tempering. The hardening of a 
complex high-alloy, high-speed steel was 
considered by Cohen and Koh to involve 
four overlapping stages, namely: 

“1. Decomposition of the tetragonal mar- 
tensite with the precipitation and 
coalescence of cementite in a highly 
alloyed ferrite matrix. 

2. Precipitation of complex carbides 

from the residual austenite. 
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3. Transformation of the residual aus- 

' tenite. ; 

4. Precipitation of complex carbides 
from the ferrite matrix of stage 1, and 
the re-solution of the cementite.” 

It was considered that stage 4 is not en- 
countered in normal commercial tempering 
and that the expansion in volume at the 
secondary hardening temperature resulted 
from austenite transformation. It is also no- 
table that in their tests the electrical resis- 
tivity decreased continuously with increase 
of time and temperature of tempering. 

These examples of the voluminous work 

on the subject have been selected to illus- 
trate the three major mechanisms by which 
secondary hardening has been explained. It 
should be emphasized that, although each 
of the authors mentioned tended to em- 
phasize one type of mechanism, none ex- 
cluded the other possibilities. In the 
present investigation it was planned to ex- 
clude as much as possible the effect of re- 
tained austenite on secondary hardening by 
avoiding those steels in which significant 
amounts were present after quenching and 
by immediately cooling in liquid oxygen. 
Furthermore, steels that were only partially 
hardened to martensite in quenching were 
not considered, so that the precipitation 
hardening of low-carbon ferritic steels 


was avoided, although precipitation hard-_ 


ening effects in martensitic steels were not 
excluded. It was intended that the investi- 
gation cover primarily steels consisting 
wholly of martensite in the as-quenched 
condition but it was impossible to avoid 
undissolved carbides in some of the higher 
carbon and alloy compositions. 

By the use of martensitic steel, it was 
hoped that secondary hardening due to the 
formation of alloy carbides could be iso- 
lated and investigated without interference 
from other hardening influences. This was 


considered to be essential to the determina- 


tion of the level to which alloy carbide for- 
mation could raise the secondary hardness. 
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‘An earlier investigation! of the effects of 


alloys in low-alloy engineering steels, 
which included wholly martensitic types, 
indicated that the maximum tempering 
effect was merely a retarded softening 
rather than a rehardening. This conclusion 
required confirmation in higher alloy steels 
of known capacity to develop secondary 
hardness. In addition, it was felt that the 
precipitation of alloy carbides and redis- 
solving of iron carbides should cause greater 
discontinuities of microstructural appear- 
ance and physical.properties than were 
apparent. It also became necessary to 
explain the exceedingly rapid softening at 
tempering temperatures above the sec- 
ondary hardening temperature. 

Rehardening of tempered martensite was 
found to be essentially caused by formation 
during tempering of the alloy carbide, to 
which some contribution may be made by 
the presence of alloy in excess of that com- 
bined with carbon. The maximum second- 
ary hardness of tempered martensite was 
found to be virtually the same as that of 
the untempered martensite, and substan- 
tially maximum alloy effects were observed 
at ratios of carbon to alloy in the steel 
corresponding approximately to the com- 
positions of the alloy carbides. A formula 
was developed that is reasonably accurate 
for predicting the tempered hardness of 
complex as well as simple martensitic alloy 
steels. 

Study of the mechanism of rehardening 
by electrical resistivity, dilation, and ex- 
amination of electrolytically extracted car- 
bides by X ray diffraction and the electron 
microscope has led to an explanation of the 
progress of tempering. It appeared that in 
the initial stage of tempering the carbide 
forms from martensite as two-dimensional 
filmy platelets tentatively identified as the 
transition carbide, Fe:C. This rather 


amorphous form may persist to high tem- 


peratures in high-alloy steels or it may also 
develop by progressive stages into better 
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defined thin plates believed to be a transi- 


tional form of Fes;C. At temperatures up- 


ward of about 800°F the two-dimensional 
film or plate seems to contract locally into 
numerous small, chunky or skeletal crys- 
tals of FesC, Cr7C3, MoeC, V4C3, and 
others. These alloy carbides so formed are 
initially very small and interconnected by 
vestigial films of the transitional plates. At 
still higher temperatures the growth of the 
alloy carbides appears to progress by 
coalescence along the connecting filaments 
until finally a stage is reached at which 
they grow largely by diffusion. Reharden- 
ing appears to depend on retention of the 
transitional stage to high temperatures and 
local contraction to very fine carbide 
particles. 


HARDNESS TESTS 


Steels for the investigation of secondary 
hardening covered a range up to 1.5 pct 
carbon, and up to 16 pct chromium, 8 
pct molybdenum, 5 pct vanadium or 20 pct 
tungsten, and various combinations of 
these elements. Most of the work was per- 
formed on 0.50 pct carbon single alloy 
steels. They were melted in the high- 
frequency furnace with Armco iron as a 


~ base and in addition to the nominal com- 


position contained 0.5 pct manganese and 
0.3 pct silicon in addition to the usual im- 
purities. The effects of these secondary 
elements were disregarded in evaluating the 
test data. The 2-in. ingots were forged to 
t-in. bars and cut into 1¢- to }4-in. thick 
slices for heat-treatment. Specimens were 
heated for quenching in a salt bath to tem- 
peratures between 2000 and 2300°F and 
immediately after quenching were im- 
mersed in liquid oxygen to minimize resi- 
dual austenite. The initial hardness, X ray 
diffraction, and microscope were used to 
determine that the quenched specimens 
were predominantly martensitic and did 
not contain excessive amounts of undis- 
solved constituents or retained austenite. 
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Tempering was carried out for two hours at 
temperature, and the specimens were sec- | 
tioned for testing. Hardness was measured 
by Rockwell c, but for interpretation it was 
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The typical effects of tempering on the 
simple 0.50 pct carbon alloy steels are 
illustrated in Fig 1, in comparison with the 
calculated hardness of plain 0.50 pet car- 
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Fic 1—TEMPERED HARDNESS OF SIMPLE MARTENSITIC ALLOY STEELS. 


Upper left—Vanadium 
Upper right— Molybdenum 


found desirable to convert the data to 
Vickers Pyramid Hardness by use of the 
A.S.T.M. Spec. E48-T43 conversion table. 

Since it is impossible to present the whole 
mass of data obtained in this investigation 
a limited number of representative cases 
are presented graphically in Fig 1 and 2. 


Lower left—Tungsten 
Lower right—Chromium 


bon steel. The steels in Fig 1 were largely 


free from appreciable amounts of retained 
austenite, so that the rehardening may be 


considered to result from the tempering of 


martensite. The data are plotted logarith- 
mically as Vickers hardness and absolute 
temperature as this relation gave straight 
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line tempering curves for the carbon steels 
tempered above 600°F. 

In the vanadium and molybdenum 
groups, shown in Fig 1, softening was 
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retarded to a greater degree as alloy in- 
creased, until at the higher amounts there 
was positive rehardening. It is also notable 
that low temperature tempering resulted in 
some softening. The tempering temperature 
of greatest rehardening or resistance to 
softening was the same for all amounts of a 
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given alloying element. The highest hard- 
ness reached in each group at this tempera- 
ture approached the as-quenched hardness 
and, as will be described later, the factors 
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Lower left—Retained austenite 
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for calculating secondary hardness indi- 
cated that the martensite hardness repre- 
sents the potential maximum of secondary 
hardness in vanadium and molybdenum 
steels. Tempering above the rehardening 
temperature caused the hardness to drop 
more rapidly than in the plain carbon steel. 
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Similar tendencies may be noted in the 
tungsten group except that a maximum 
tempered hardness was approached at 10 
pet tungsten, and that larger amounts 
produced little further increase of hardness. 
In this case it is evident that the last incre- 
ments of alloy were not effective in raising 
the secondary hardness appreciably. As 
will be pointed out below more quantita- 
tively, tungsten was found to be less power- 
ful than vanadium and molybdenum in its 
effect on the maximum secondary hardness 
level. 

The chromium steels revealed a different 
behavior. The maximum divergence in 
hardness from the plain carbon steel was 
produced at 800 to 1000°F and the alloy 
retarded softening but did not produce 
positive rehardening. However, the di- 
vergence in the low temperature range was 
greater than in the other steels so that the 
essential difference appeared to lie in the 
lower temperature at which the maximum 
effect is evident. Like the tungsten group, 
the chromium steels also reached a maxi- 
mum effect at a relatively low chromium 
content and additional chromium had little 
effect on the tempered hardness. 

The simple alloy steels illustrated in Fig 
1 were substantially martensitic. Vanadium 
and molybdenum obviously developed a 
high degree of secondary hardness without 
benefit of significant amounts of retained 
austenite. However, in these simple steels 
the effect of the carbide-forming alloy is 
quite specific. Tungsten promoted rehard- 
ening to a somewhat lesser degree than 
vanadium and molybdenum. Chromium 
showed no tendency toward rehardening, 
but did help to resist softening at low 
tempering temperatures more effectively 
than the other elements. It is apparent that 
the earlier observation that the maximum 
effect of alloys in the absence of retained 
austenite was only to retard softening was 
not correct and required further review. 

In Fig 2 are shown the effects of temper- 
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ing more complex steels. The effect of 
graduated carbon contents on vanadium 
steels was found to be primarily a parallel- 
ing of quenched hardness and secondary 
hardness proportional to the effective car- 
bon content. In addition, the steels of less 
and more carbon than 0.50 pct tended to 
attain maximum secondary hardness at 
slightly lower temperatures than are indi- 
cated in Fig 1. The higher carbon steels 
contained undissolved vanadium carbide 
after quenching, and its presence seemed to 
shift the temperature of maximum second- 
ary hardness. The lower carbon steels are 
believed to contain more vanadium than is 
necessary for the maximum rehardening 
effect, and the lower rehardening tempera- 
ture seems to be typical behavior for such 
“over-loaded”’ steels. 

The chromium-molybdenum steels, 
shown in Fig 2, reproduce similar compo- 
sitions described by Bain® and cited by 
Hollomon as an example of inapplicability 
of the authors’ calculation for tempered 
hardness of low-alloy steels. These speci- 
mens did not contain observable amounts 
of residual austenite. At the lower temper- 
ing temperatures, higher chromium pro- 
duced relatively higher hardness values. 
Increase of chromium from 2 to 5 pet added 
relatively little to the secondary hardness, 
and the increase from 2 to 5 pct molyb- 


denum also had a rather minor effect. The 


maximum secondary hardness values of the 
chromium-molybdenum steels were not 
greatly different from those shown in Fig 1 
for plain molybdenum steels. It will also be 
noted that the tempering temperature for 
maximum hardness shifted to a lower tem- 
perature in a manner that seems to be nor- 
mal for the “‘over-loaded”’ steels. 

The 16 pct chromium steel illustrated in 
Fig 2 shows rehardening caused by trans- 


formation of residual austenite. Similarly, — 


the high secondary hardness of the accom- 
panying high-speed type steel resulted in 
part for the same reason. These examples 
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illustrate how retained austenite may be 
useful for inducing secondary hardening 
but will be given no further consideration 
as the present discussion is limited to steels 
that were largely martensitic with little 
residual austenite. 

The chromium-molybdenum-vanadium 
steel in Fig 2 is illustrative of the progress 
of tempering at high temperatures for long 
times. Specimens of this steel were tem- 
pered for periods of 2, 10, 100, and rooo hr 
and the periods were calculated by the 
Hollomon and Jaffe relation’? to tempering 
temperatures equivalent to a 2-hr period. 
The tempered hardness did not drop below 
the as-quenched value until a tempering 
temperature of 1o00°F was exceeded. It is 
evident that the initial softening was sup- 
pressed by the relatively large amount of 
alloy in proportion to the carbon content. 
The hardness then dropped rapidly, as 
1000°F was exceeded, to somewhat above 
the calculated hardness for plain carbon 
steel and softened more’ slowly in the 
higher equivalent temperature range at a 
rate that was nearly the same as that of the 
carbon steel. The last stage in the softening 
when the rate approaches that of carbon 
steel is not observed in high-alloy steels 
unless the tempering time is quite long. 
However, at lower alloy contents the rela- 
tively slow rate of softening comparable 
with carbon steels is observed normally and 
is the reason for the form of tempering 
calculation previously developed for engi- 
neering alloy steels. 

The characteristic hardness changes in 
tempering high-alloy martensitic steel at 
increasing temperatures are a slight tend- 


-ency toward initial softening, rehardening 


to some function of the as-quenched hard- 
ness, very rapid softening and finally more 
gradual softening at a rate depending on 
carbon content. The secondary hardness 
depends on the specific alloying element, 
the amount of it present, and the carbon 
content. The rehardening temperature is 
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controlled mainly by the specific alloying 
element. The initial softening from the 
as-quenched condition, as well as the rapid 
softening from maximum secondary hard- 
ness, are apparently transition stages that 
might be difficult to rationalize, but, in 
general, the progress of tempering is of such 
a nature that it seemed reasonable to ex- 
pect that the tempered hardness would fol- 
low a rather simple formula. 


CALCULATION OF TEMPERED HARDNESS 


Since evaluation of the effect of alloys on 
tempered hardness requires a comparison 
with carbon steel, an estimation was made 
of the hardness of tempered martensitic 
plain carbon steel containing up to 1.5 pct 
carbon. Using calculated values! for low- 
carbon steels and actual values for medium- 
and high-carbon steels it was found that 
Vickers hardness gave a straight line rela- 
tion with the square root of the carbon 
content (except at low tempering tempera- 
tures), so that a base hardness for tem- 
pered “martensite” of zero carbon could be 
estimated. This permitted expression of the 
hardness increment for carbon in a con- 
venient form as shown in Fig 3, from which 
the tempered hardness of a plain carbon 
steel may be calculated by adding the base 
hardness for zero carbon to the hardness 
number corresponding to a given carbon 
content and tempering temperature (2 
hr). The estimated tempered hardness of 
carbon steels is shown in Fig 4 with the 
same coordinates as the alloy steels of Fig 
1 and 2. 

Efforts to use simple increments for the 
alloy effect or combined factors of carbon 
and alloy gave very poor correlation in the 
calculation of hardness. The only relation 
that has proved at all satisfactory has been 
the assumption that the alloy is effective in 
proportion as it is associated with carbon 
in the ratio of an alloy carbide. Thus, 
chromium was found to be mainly effective 
only when the ratio found in Cr7C3 of about 
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ro chromium to 1 carbon was not exceeded. 
In a steel of 0.50 pct carbon and 7 pct 
chromium, only 5 pct chromium would then 
be available for combination with carbon 
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and 2 pct would be assumed to be in an 
uncombined form. This uncombined or 
excess chromium was found to have an 
effect somewhat less than that combined 
with carbon at the lower tempering tem- 
peratures and no effect in the temperature 
range in which Cr7C; is present. 

In chromium steels the Cr7C; ratio gave 
fairly good correlation. In molybdenum 
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steels the ratio of MozC (1.00 to 0.0625) 
was chosen, but the data were not suffi- 
ciently extensive to give this ratio much 
significance. Similarly, in vanadium steels 
the formula V4C3 was chosen because that 
ratio (1.0:0.177) had given the best correla- 
tion in hardenability studies for evaluating 
the effects of limited vanadium carbide 
solubility. In evaluation of the effect of 
vanadium on tempered hardness, it was 
found that vanadium carbide was not 
always completely dissolved in austenite 
and supplementary factors for effective 
carbon and vanadium contents in the ratio 
of V4C3 were developed. In the tungsten 
steels the ratio of W2C (1.0:0.0326) gave 
the best correlation. No uncombined alloy 
factor was found for molybdenum, tung- 
sten, or vanadium, although it is believed 
that a more extensive study might show 
that uncombined amounts of these alloys 
have an appreciable effect. ; 
The alloy factors for Vickers hardness 
are shown in Fig 5 to 8 and a detailed de- 
scription of the calculation is given in the 
Appendix. The method, in brief, consists 
of substituting hardness increments for 
carbon associated with alloy in the ratio of 
the alloy carbide, as shown in Fig 5, for the 
hardness increment shown for carbon as 
FesC in plain carbon steel in Fig 3. When 
the alloy in the steel requires more carbon 


than is present, there is a complete sub-. 


stitution, and the alloy above that required 
by the carbide ratio is considered to be 
uncombined and to have a value only in the 
case of chromium, as shown in Fig 6. The 
solubility of vanadium carbide is limited, 
as indicated in Fig 7, and the undissolved 
vanadium carbide has an_ incremental 
effect of its own, as shown in Fig 8. In com- 
plex steels the substitutions are made suc- 
cessively using first whichever alloy gives 
the greatest increment. As shown by the 
examples in the Appendix, the calculations 
agree fairly well with the actual values. It 
may be noted that at 1100°F, the factors 
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for vanadium and molybdenum are suffi- 
ciently high so that when all of the carbon 
in the steel is considered to be associated as 
alloy carbide, the resulting hardness is the 
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Fic 6—INCREMENT FOR CALCULATING EFFECT 
OF CHROMIUM IN EXCESS OF CR7C; RATIO IN 
TEMPERED MARTENSITIC CHROMIUM STEEL. 


same as for as-quenched martensite of that 
carbon content. 

In summarizing the inferences inherent 
in the calculation of tempered hardness, it 
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2300°F, 
appeared that the maximum potential 
secondary hardness is controlled by the 
carbon content of the steel and enough 
vanadium or molybdenum to attain it. It 
is evident that, regardless of the exact 
ratios, the secondary hardening mechanism 


SECONDARY HARDENING OF TEMPERED MARTENSITIC ALLOY STEEL 


in the tempering of martensitic steels is one 
by which alloy carbides are present in such 
a form that the level of martensitic hardness 
is attainable. After exceeding the maximum 
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secondary hardening tempering tempera- 
ture, the rate of softening is much greater 
than at still higher temperatures and, 
whereas diffusion might be expected to 
account for the high temperature gradual 
growth in carbide size, an extra-diffusion 
mechanism is indicated for the range of 
rapid softening. These observations could 
not be rationalized readily, and additional 
study of the:mechanism of tempering was 
undertaken. 


MICROSTRUCTURE OF TEMPERED STEEL. 


In an effort to follow the progress of 
microstructural changes the number of 
steels was limited to the following: 0.48 pct 


carbon; 0.48 pct carbon, 7.39 pct chro- 


mium; 0.48 pct carbon, 5.07 pct molyb- 
denum;o.53 pct carbon, 3.80 pct vanadium; 
0.52 pct carbon, 10.62 pet tungsten. The 


tempered hardness of these steels is shown | 


A AE GD: Ae i, Aan wv 


a Pa 


in Fig 1 and 2. Except for the vanadium i 


steel, which contained some undissolved 
carbide and some segregated high-carbon 
martensite and austenite in the chromium 
steel, the steels were essentially martensitic. 


3 


: 


| 


The examination included optical metallo- | 
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graphic examination, electrical resistivity, 
dilation, and electrolytic extraction of car- 
bides, and their subsequent examination 
by X ray diffraction and the electron 
microscope. 


Resistivity Microhm~inch 


200 400 600 800 1000 


Tempering Temperature * 
Fic 10—EFFECT OF TEMPERING ON THE 
ELECTRICAL RESISTIVITY OF QUENCHED ALLOY 
STEELS. 


1200 


The microstructure of the molybdenum 
steel, illustrated in Fig 9, is fairly typical of 
the appearance of these high-alloy steels. 
Aside from an increasing tendency to stain 
more readily between the needles after 
tempering at progressively higher tem- 
peratures, there is practically no change in 
appearance up to 1100°F, the maximum 
rehardening temperature. The specimens 
tempered at 1200 and 1300°F show a gen- 
eral deterioration of the acicular structure, 
a tendency to much more rapid staining, 
and better defined carbide particles. The 
correlation between the structure and the 
initial softening and rehardening is not 
obvious, but the final softening is reflected 
in a significant change in appearance. 


ELECTRICAL RESISTIVITY 


In the tempering of carbon and low- 
alloy steels, the electrical resistivity de- 
creases as the tempering temperature is 
raised, and it was presumed that this is in 
part the result of growth of carbide 
particles. It was, therefore, considered that, 
if the initial softening of high-alloy steels 
represented the growth of iron carbide 
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particles and the rehardening a precipita- 
tion of smaller alloy carbide particles and 
redissolving of iron carbide, there should 
be a corresponding discontinuity in the 
electrical resistivity. The resistance was 
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Fic 11—DILATION ON HEATING OF QUENCHED 
STEELS. 
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measured on quenched and tempered strips 
of the steels that had developed reharden- 
ing. As shown in Fig ro, the resistivity. 
change was continuous and did not de- 
crease significantly until the tempering 
temperatures of rapid softening were 
reached. Although electrical resistivity 
may not be a very critical criterion, it tends 
to indicate a continuous rather than a dis- 
continuous process of tempering. 


DILATION TESTS 


Changes in dilation were measured in 
2-in. long quenched specimens heated in 
about 2 hr to the critical temperature. The 
observed length changes for carbon and 
alloy steels are shown in Fig rr. Two major 
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discontinuities are of significant interest. A 
tendency toward contraction was found to 
start in all of the steels at about 600°F. 
This appears to correspond with the con- 
traction that Antia, Fletcher, and Cohen® 
considered to represent the development of 
cementite from the transitional carbide. In 
the carbon steel there was no further indica- 
tion of change after the contraction was 
completed. In the alloy steels with the 
greatest capacity for rehardening, the 
amount of the contraction was relatively 
small, but continued to somewhat higher 
temperature. Before completion of the con- 
traction and return to the normal coefficient 
of expansion, a disproportionate expansion 
began in the range of 800 to 1ooo°F and 
was completed in the neighborhood of 
1200°F. The magnitude of the expansion 
was greatest in the vanadium and molyb- 
denum steels, somewhat less in the tung- 
sten steel, and still less in the chromium 
steel. 

The high temperature expansion oc- 
curred in the temperature range of re- 
hardening and alloy carbide formation 


(Table 1) and this correlation was con- 
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in heating the length was stable for a 
short time, then increased for about two 
days and remained constant to the end of 
the test. The hardness of 579 Vickers 
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Fic 12—ISOTHERMAL DILATION AT 1000°F oF 
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shown in Fig 1 for a 2-hr tempering period 
at 1000°F is indicated in Fig 11 to corre- 
spond to an early stage in the expansion. 
The hardness of 640 Vickers after temper- 
ing for 2 hr at 1100°F was converted’ to the 


TasBLe 1—Carbide Phases in X ray Patterns of Extracted Carbides 
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b Martensite of about 1 pct C and austenite. 


firmed by an isothermal dilation test. A 
quenched specimen of the molybdenum 
steel was heated to 1000°F and the dilation 
measured over a ten-day period, as illus- 
trated in Fig 12. After the initial expansion 


equivalent time of 38 hr at 1ooo°F and 
found to correspond approximately to the 
completion of expansion. Since the steels 
were essentially martensitic without ap- 
preciable amounts of residual austenite, 
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this behavior was interpreted to mean that 
the higher temperature expansion resulted 
from the conversion to alloy carbide. Since 
the length remained constant after the ex- 
pansion was completed, it was presumed 
that the expansion reflected changes in 
density of carbide and matrix phases rather 
than strain caused by the formation of fine 
carbide particles. 


ELECTROLYTICALLY EXTRACTED CARBIDES 


The carbides in the steels were examined 
after electrolytic extraction using a modi- 
fied procedure comparable to that de- 
scribed by Crafts and Offenhauer.’ The 
specimens were electrolyzed in ro pct hy- 
drochloric acid, and the residue was col- 
lected in glycerine to minimize attack by 
the solution. The residues were washed free 
from glycerine with water and with alcohol. 
The alcohol was removed by repeated ap- 
plications of amyl acetate, and the amyl 
acetate suspensions were transferred to 
stoppered vials. 

The residues were preserved in much 
better condition than in earlier work, and 
it was felt that they were fairly representa- 
tive. It should, of course, be recognized 
that a substantial part of the carbon in the 
steel sample is converted to hydrocarbons 
during electrolysis. There is also a strong 
probability that the metal is leached from 
some carbides leaving a high-carbon resid- 
ual that may represent only a modified 
residue of the original particle. The attack 
is more prominent in the earlier stages of 
tempering, but is present to some extent in 
all degrees of heat-treatment. For this 
reason, it is essential to remember that the 
absence of a constituent is not conclusive. 
In spite of the defects of the extraction 
method, the positive indications are usually 
reliable and informative. 

X ray diffraction examination of the 
extracted residues gave powder patterns 
indicating the presence of the carbide 
phases shown in Table 1. The phase desig- 
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. cant patterns and with increase of tem- 


nated as FeoC is that described as the tran- 
sition carbide by Arbusow and Kurdjumow’® 
and identified by C. M. Offenhauer with 
the hexagonal pattern of Fe:C given by 
Gludd, v. Otto, and Ritter."! This formula 
is used here for convenience in designation 
rather than as an indication that the com- 
position of the phase has been established. 
The diffraction patterns of the transition 
carbide were very diffuse. The interplanar — 
spacings and intensities varied with the 
tempering conditions. Some typical d-val- 
ues and estimated intensities for a residue 
extracted from a plain carbon steel tem- 
pered at 400°F, are as follows: 2.37 A— 
weak; 2.07 A—medium; 1.49 A—faint. 
The composition of the vanadium carbide 
is doubtful, and the formula V.Cs, is used 
only to designate the phase. The ratio of 
iron to molybdenum in (FeMo)¢C was not 
determined but the ratio of metal to carbon 
atoms is established by the crystal struc- 
ture. The identifications of the other car- 
bides FesC, Cr7C3, and MosC are well 
founded. 

The general trend in the transition of | 
carbide phases is apparent from Table tr. 
The as-quenched specimens gave no signifi- 


pering temperature FesC emerged first, 
followed by FesC, but at higher tempera- 
tures FesC and FesC were suppressed, and 
finally the alloy carbide was formed. The 
patterns in the 1000-1100°F range of tran- — 
sition to the alloy carbide tend to be very 
weak suggesting very small particles or a 
highly disorganized condition. In general, 


it may be noted that the temperatures of — | 


suppression of iron carbide and formation 


of alloy carbide are consistent with the — . 


secondary hardening temperatures. 

The as-quenched sample of chromium 
steel revealed martensite with an a/c ratio 
comparable with 1 pct carbon and some 
austenite that was probably associated 
with the martensite. This is considered to 
indicate some segregation in the steel. The 
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vanadium steel contained undissolved 
vanadium carbide that was detected in all 
samples. Although this had little signifi- 
cance for the main purpose of the work, it 
was unfortunate because the strongest 
Fe2C line occurs at the same location as a 
vanadium carbide line, and the absence of 
Fe2C in the specimen tempered at 400°F 
is more uncertain than it is in the other 
steels. It is notable that Fe2C did not ap- 


_ pear in the alloy steels until 600°F was 


reached in tempering, whereas, it was 
found at 400°F in the carbon steel. The last 
indications of FesC were at 1ooo°F in the 
molybdenum steel and 800°F in the vana- 
dium steel, whereas, the next higher 
tempering temperature caused maximum 
rehardening. In the chromium steel that 
did not reharden FesC was observed only 
in the specimen tempered at 600°F. The 
presence of FesC at high tempering tem- 
peratures in the molybdenum steel suggests 
that there was insufficient molybdenum to 


- combine with all of the carbon, as was also 


indicated by the ratio of carbon to molyb- 
denum in Mo,C. 

The carbide phases identified in the 
electrolytically extracted residues are con- 
sistent with other investigations of carbide 
compositions in alloy steels. The transi- 
tional FezC phase was found to persist to 
relatively high temperatures in the alloy 
steels and to be suppressed by FesC only 
gradually in the rehardening steels. Both 
iron carbide phases disappeared after 
tempering at the temperature just below 
that at which secondary hardening effect 
became maximum. The vanadium and 
molybdenum carbides, respectively, were 
found alone after tempering at the tem- 
perature of rehardening. However, the 
chromium carbide likewise appeared in the 
same range of tempering temperature but 
resulted only in retarded softening. The 
transition occurred over a wider range of 
temperature and may indicate a less 


abrupt transition than in the other steels. — 
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The identification of the carbide phases, 
however, has not indicated a reason for the 
specific degree to which each alloying ele- 
ment tends to produce secondary hardening. 


APPEARANCE OF EXTRACTED CARBIDES 


Examination of the extracted carbide 
residues with the petrographic microscope 
and by a modification of dark field illumi- 
nation in the metallurgical microscope 
revealed material differences in sizes, 
shapes, and degrees of association of the 
carbide particles. In order to obtain a 
higher degree of resolution, micrographs 
were made by W. D. Forgeng and A. C. 
Jenkins on the electron microscope at the 
Research Laboratories of The Linde Air 
Products Co. in Tonawanda, N. Y. The 
carbide residues were suspended in par- 
lodion film, photographed at 5000 X, and 
enlarged to 20,000 X. Typical micrographs 
are shown in Fig 13 to 20. The structures 
were first classified into several types that 
could be differentiated. Tabulation of these 
types with respect to tempering tempera- 
ture revealed definite trends. Some of the 
types that appeared to be associated 
progressively were grouped together, and a 
fairly well defined pattern of the tempering 
process emerged. The dangers of such a 
procedure are obvious, and in recognition 
of this and the nature of the extracted resi- 


~ dues, the classification of the particles and 


the resulting explanation of the tempering 
process must be considered to be somewhat 
speculative. 

The classification that seemed most rea- 
sonable was to arrange the types according 
to how well ordered or crystallized they 
appeared to be. The predominating parti- 
cles found after tempering at low tem- 
peratures ranged from amorphous to 
well-defined shapes of a certain degree of 
translucency indicating a thin two-dimen- 
sional plate-like form. These are considered 
to be transitional types that change into 
massive carbide forms at higher tempera- 
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Fic 14—ELECTRON MICROSCOPE MICROGRAPHS OF ELECTROLYTIC EXTRACTION RESIDUE FROM STEELS 
QUENCHED AND TEMPERED AT 400°F, ORIGINAL MAGNIFICATION 5000 X. ENLARGED TO 20,000 X. 
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tures. Some of the transitional types ap- 
peared to be interlocked or linked together 
in a manner suggesting that they were in 
that arrangement in the parent metal. 
Separation into individual unconnected 
massive carbides seemed to be a very late 
development in the growth of carbide 
particles. 

The major types of particles are classified 
in Table 2 into two groups representing 


TABLE 2—Classification of Carbide Types 


1. Transitional Types 

Aq Irregularly shaped, amorphous, translucent 
flakes with a tendency toward striation. 
Brown in the optical microscope. Example, 
all steels in Fig 13. May be metamorphosed 
residue from martensite. At high tempera- 
tures may be a variation of Ab. 

Ap Matted plate-like forms of acicular appear- 
ance. Example, carbon and molybdenum 
steels in Fig 15 and 16. May be a more 
highly developed form of Aa. Possibly Fe:C. 

Ae Small acicular particles like burdock burrs. 
Example, chromium steel in Fig 13. May 
be allied to A» or possibly E. 

Aa Chaff-like translucent flakes. Example, 
vanadium steel in Fig 14. May be a form 
of Aa, Ab, or Ba. 

Ba Associated regularly shaped thin trans- 
lucent particles usually in clusters of 
strings. Example, chromium steel and 
molybdenum steel in Fig 16. Probably a 
derivative of As. Possibly FesC. 

2. Stable Types 

B, Associated regularly shaped _ particles 
usually in clusters of strings with massive- 
type carbides. Example, small particles 
in carbon steel, Fig 18 and black regular 
shapes in molybdenum steel, Fig 20. This 
type is almost indistinguishable from Ba 
but may represent small-sized particles 
of a massive form of FesC. 

Ca Prismatic large massive crystals. Example, 
carbon steel in Fig 18. X ray indicated 
FesC. 

Cp Prismatic small poorly shaped crystals. 
Example, chromium steel in Fig 20. 
X ray indicated Cr7Cs. 

Ce Skeletal particles like Chinese characters. 
Example, molybdenum steel Fig 19 and 20. 
X ray indicated Mo2C. 

Ca Small associated particles. Example, vana- 
dium steel, Fig 20, X ray indicated V4Cs. 

3. Miscellaneous Types 

Da Large particles in vanadium steel. None 
shown. Undissolved vanadium carbide. 

Dy Large regular and irregularly shaped par- 
ticles. None shown. Possibly Sn i et 
carbide or metal. 

E Lacy filaments with central core usually 
containing recognizable carbide particles. 
Example, carbon steel, Fig 13-17. Present 
in all (little in molybdenum) steels with 
some tendency for core to become coarser 
at higher tempering temperature. Believed 
to be hydrolyzed carbides or faults in the 
suspending medium. 


transitional and stable forms. The former 
may in several instances be seen deteriorat- 
ing into types of the second group. The two 
types designated B gave a good deal of 
trouble in identification as they look much 
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alike. One type, Ba, is considered to be 
transitional and the other type, Bs, is be- 
lieved to be a stable carbide, but the dis- 
tinction in border-line cases is so doubtful 
that they are given a special designation to 
indicate a questionable intermediate posi- 
tion. The miscellaneous types were dis- 
regarded as not pertinent or false struc- 
tures. 

The types of carbides in the steels are 
classified by groups in Table 3. The carbon 
steel showed progression from the colloidal 
flakes and thin plates to the acicular mass 
at 800°F (Fig 16) that is believed to con- 
sist of intermeshed plane forms arranged 
as they were in the steel. This structure 
coalesced further to the plate-like form 
and was partially converted to clusters of 
strings of massive carbides at 1000°F,, Fig 
17. Higher temperatures revealed a few 
small carbides, but the typical size was very 
large. The very large prismatic particles of 
Fe;C in Fig 19 and 20 are believed to be 
associated largely by electrostatic attrac- 
tion, whereas, in other groups the associa- 
tion is believed to represent a real linkage 
inherited from their original condition in 
the steel. 

The matted acicular structure was not 
found in the chromium steel but instead 
the amorphous material and the plate-like, 


_ Ba, structure persisted to relatively high 
temperatures and heterogeneous clusters 


believed to represent the conversion to the 
massive carbide at 800°F and higher tem- 
peratures were observed. 

The amorphous material was extremely 
persistent in the molybdenum steel. Some 
was found surrounded by molybdenum 
carbide at high temperatures as if the car- 
bide were just crystallizing from the 
amorphous mass. Similar molybdenum 
carbides appeared to have formed at high 
temperatures from the matted acicular 
structure which is presumed to have de- 
veloped from the amorphous material in 
the range of 600°F. In addition the plate- 
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like intermediate phase was associated 
with massive carbides in a similar manner, 
It would appear that the different types of 
transitional structures were formed pro- 
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siderable interest as it portrays very clearly 
the mechanism by which the alloy carbides 
seem to form. The tenuous two-dimen- 
sional transitional carbide appears to 


TABLE 3—Carbide Types in Extracted Residues 


Car- As- 
bide | quenched] 400°F 600°F 
Types 
Carbon Steel I Aa, Ad, | Aa, Ba Ab, Ba 
Ba 
2 
3 Ds Ds, E E 
Chromium I Aa, Ae, Aa, Ba Aa, Ae, 
Steel Ba Ad, Ba 
2 
3 E Do, E E 
Molybdenum I Aa, Ba Aa Aa, Ab 
teel 
2 
3 
Vanadium Aa, Ad Aa, Ac Aa, Ba 
tee Ba Ad, Ba 
2 
fe Da Da Da 


800°F 1000°F I100°F 1200°F 1300°F 
Ab, Ba Ba 
Dp, E Bo Ca Bo, Ca Bo, Ca 
Aa, Ba Aa Ba Ac, Ba Aa, Ba Ba 
Co Co Co Co Co 
E E 
Aa, Ad Aa, Ab Aa, Ab Aa, Ab Aa?, Ab, 
Gs G es Cs Bone, 
Do 
Aa, Ae, Aa, Aa, Aa, Ba Aa, Aa, Ba 
Ba Ba a 
Bo Bo, Ca Bo, Ca Ca Cc 
Da a Di E Da Da, E 


gressively at successively higher tempera- 
tures. However, both the initial as well as 
each of the higher temperature transitional 
forms were persistent to high temperatures 
and capable of forming the massive-type 
carbide. The molybdenum carbide was of a 
skeletal or rod-like shape even at the high- 
est tempering temperature. 

The vanadium steel, like the chromium 
steel, failed to reveal the acicular matted 
structure. Instead there was a considerable 
development of the plate-type transition 
structure. Both the amorphous and plate 
types persisted to high temperatures. 

Electron micrographs of the most typical 
carbide structures are assembled in Fig 21 
to illustrate the general progression of the 
tempering reaction. The transitional struc- 


-tures, Fig 21a, 6, and c, show the develop-_ 


ment as the degree of tempering increases 
from the striated poorly defined mass 


through the matted plate-like forms to the 
well developed plate type. All of these types* 


are shown in the process of disintegrating 
into alloy carbides in Fig 21d, e, f, and g. 
The structure shown in Fig 21g is of con- 


become knotty with embryonic alloy car- 
bides with significant thickness in three 
dimensions. The formation of alloy carbide 
particles is considered to take place in this 
manner by local contraction of the plate- 
like form. Clusters of alloy carbide particles 
surrounding and associated with transi- 
tional carbide are illustrated in Fig 21d, e, 
and f. The alloy carbides are regularly 
found to be associated in this manner, and 
the arrangement appears to result from 
vestiges of the two-dimensional film that 
tie the carbides together. Inter-carbide 
films of this nature are also observed in 
electron micrographs of replicas of tem- 
pered steel. A general dispersion of carbides 
into unconnected particles may not occur 
until considerable growth has taken place. 
The dispersion of the alloy carbides sug- 
gested by Fig 21% is not supported by close 
examination, and in Fig 217 the iron carbide 
has grown to substantial size with some 
pattern of association still evident. It 
appeared that only at the highest temper- 
ing temperatures were the large carbides in 
the carbon steel held together by electro- 
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static attraction rather than by a real 
connecting linkage. 

In general, the electron micrographs of 
electrolytically extracted carbides and the 
X ray identification of their phases re- 
vealed a tempering process that is quite 
well defined. With tempering, the marten- 
site breaks down to nebulous two-dimen- 
sional films of the transitional carbide 
Fe2C. With more tempering the films 
become less amorphous and are retained in 
an intermeshed arrangement suggesting 
their formation on crystallographic planes. 
Tempering still more causes a thickening 


‘into well defined plates. The change to 


FesC seems to occur without other change 
in the crystal shape, and the pseudomorph 
is considered to be a continuation of the 
transitional form. At higher temperatures 
the film contracts locally into very fine 
particles of alloy carbide that are still 
connected by the vestigial film. Probably 
the initial stages of subsequent growth are 
mainly by coalescence along the vestigial 
film. As the carbides grow larger the um- 
bilical connection presumably becomes less 
significant. 

The effects of alloys on the formation and 
growth are quite striking under some condi- 
tions and not so obvious in others. The 
major effects are a stabilization to rela- 
tively high temperatures of the transitional 
carbides and the development of very fine 
alloy carbide particles. Although the car- 
bide examination is qualitative rather than 
quantitative, it is surprising that the transi- 
tional carbides persist even to very high 
temperatures and that the development of 
alloy carbides is more gradual than might 
be expected from the abrupt changes in the 
tempered hardness. Similarly, the differ- 
ences between the carbides in the chromium 
steel and those in the vanadium and molyb- 
denum steels are relatively small compared 
to the differences in tempeted hardness. 
Thus, although the quantitative correlation 
appears to be rather weak, the general 
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effects of alloys on the carbide particles 
appear to be quite consistent with the 


-hardness, dilation, and resistivity. 


SUMMARY 


The foregoing survey of tempered hard- 
ness, dilation, resistivity, and carbide 
structure has demonstrated that secondary 
hardening in initially martensitic alloy 
steel may reach a maximum hardness com- 
parable with that of the martensite in the 
as-quenched condition. This degree of 
secondary hardening in martensitic steel 
may be attained without the aid of residual 
austenite or precipitation hardening, al- 
though very appreciable secondary hard- 
ening may be induced by those reactions in 
steels of appropriate composition and heat- 
treatment. The degree of secondary 
hardening of martensitic steel was found to 
depend primarily on the specific alloying 
element and the amounts of alloy and car- 
bon present in the ratio of the alloy 
carbide. 

Tempering at the temperature of second- 
ary hardening also produced, in addition to 
the tendency toward secondary hardening, 
an expansion in volume, and some loss of 
electrical resistivity. X ray examination 
also demonstrated the formation of alloy 
carbides, and it is considered that the 
physical and mechanical changes resulted 
from the formation of alloy carbides as 
postulated by Bain and Jeffries. However, 
the electron micrographs indicate that the 
mechanism of alloy carbide formation does 
not involve dispersion of alloy carbide by 
redissolving of iron carbide, but rather the 
local coagulation of a nebulous film of tran- 
sitional carbide into embryonic alloy 
carbide particles connected by vestiges of 
the transitional film. This mechanism ap- 
pears to explain the observed behavior 
fairly well. 

In the low temperature tempering range 
up to about 800 or 1oco°F there is an 
initial softening, a contraction in volume, 
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little reduction of electrical resistance, and 
a development of FesC and its subsequent 


suppression by a complementary develop-. 


ment of FesC as indicated by X ray diffrac- 
tion of carbide residues. This behavior 
apparently results from the formation of 
the filmy transitional carbide and_ its 
consolidation into better-formed plate-like 
shapes at the higher end of the tempering 
range. If only the two-dimensional carbides 
are considered, the softening with consoli- 
dation to thicker plates is not inconsistent 
with the concept of a longer ‘“‘mean ferrite 
path.” The contraction in volume and slight 
reduction in electrical resistance may be 
rationalized in a similar manner. 

Tempering the vanadium steel at 1000°F 
and the molybdenum steel at 1100°F pro- 
duced a rise in hardness, an expansion in 
volume, a slightly accelerated drop in the 
curve of electrical resistance, a suppression 
of iron carbide and development of alloy 
carbide as determined by X ray, and car- 
bides of mixed types indicated an advanced 
stage of the development of the massive 
type of alloy carbide from the transitional 
form of iron carbide. The rehardening 
might be anticipated if the ‘‘mean ferrite 
path” is determined only by the number of 
particles, but some further development of 
this concept would appear to be desirable 
before drawing too fine a conclusion 
regarding the relative effects of two- and 
three-dimensionally shaped carbides. The 
expansion in volume would appear to be 
due to readjustment of alloy between ferrite 
and carbide. The resistivity drop may re- 
flect the smaller area of the massive type 
carbide particles. It is, therefore, felt that 
the postulated transition from the two- 
dimensional to three-dimensional form of 
carbide is consistent with the data and is 
adequate to explain the collateral changes 
in properties. 

The rate of softening of high-alloy steels 
in tempering for long times at high tem- 
peratures approaches the softening rate of 
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carbon steels for shorter times at lower 
temperatures. Since the rate for carbon 
steel is a regular function of temperature 
it is probably dependent primarily on 
diffusion of carbon through the matrix. 
This relatively slow rate is approached in 
high-alloy steels only after long times at 
high temperatures. In tempering periods of 
the order of two hours the rate of softening 
is much faster. Since the metallographic 
evidence indicated vestigial films connect- 
ing the alloy carbide particles, it is con- 
sidered reasonable to conclude that the 
extra-diffusion rate of softening is caused 
by growth of the carbide particles by 
coalescence along inter-carbide films. 

In the original hypothesis of Bain and 
Jeffries it was considered that iron carbide 
formed from martensite and that alloys 
would tend to migrate into the iron carbide 
phase as their respective rates of diffusion 
made them available at progressively 
higher temperatures, but that a change in 
phase might be expected only when the 
temperature of mobility of the most stable 
carbide is attained. The diffusion of alloy 
into iron carbide before the alloy carbide 
becomes stable has been confirmed since 
by analysis on several types of alloy steels. 
Although no complex steels have been 
studied in this respect in this investigation, 
the effect, for example, of chromium in the 
chromium-molybdenum steels at low tem- 
peratures is to retard softening. Since 
increase of alloy tends to stabilize the 
transitional form of carbide, it is antici- 
pated that in complex steels the effect of 
chromium is primarily to augment at low 
temperatures the effect of the other carbide- 
forming alloys in making the transitional 
carbide more persistent. At higher tem- 
peratures it is established’? that a high 
proportion of chromium to another alloying 
element tends to cause the formation of a 
chromium carbide in preference to the 
carbide of the other alloying element in the 
steel. These observations support the con- 
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ception of Bain and Jeffries in the tempera- 
ture range of iron carbide stability and 
indicate that the composition of the stable 
alloy carbide depends on the proportions in 
which the carbide-forming elements are 
present in the steel. Thus, in complex alloy 
steels all of the alloys assist the transitional 
form of carbide to persist to higher tem- 
pering temperatures. 

In summary, the appearance of the car- 
bides has suggested that secondary harden- 
ing in tempering of martensitic alloy steels 
results from the formation of alloy carbides 
by local contraction of a two-dimensional 
transitional iron carbide. This mechanism 
explains the behavior of high-alloy steels 
and supports the results of the calculation 
that indicated an effectiveness of alloy in 
the degree to which it is present with carbon 
in the ratio of an alloy carbide. The limita- 
tion to the effects of alloys found in the 
earlier investigation appears to have re- 
sulted from the maximum amounts of 
alloys in the steels tested and in other 
respects the earlier calculation is consistent 
with the present results. 


CONCLUSIONS 


The progress and mechanism of temper- 
ing have been investigated in high-alloy 
initially martensitic steels. It may be con- 
cluded that: 

1. Martensitic alloy steels free from sig- 
nificant amounts of residual austenite and 
major tendencies to precipitation harden- 
ing by intermetallic compounds may re- 
harden in tempering to reach a maximum 
secondary hardness equivalent to the initial 
martensitic hardness. A carbide-forming 
alloy is most effective when the carbon and 


alloy content of the steel approaches the 


ratio of the alloy carbide. The level of 
secondary hardness depends on the specific 
alloying element and the amount of alloy 
and carbon in the steel. 

2. The maximum secondary hardness 
equivalent to the initial martensitic hard- 


5°7 


ness may be attained in vanadium and 
molybdenum steels after tempering at 
1000 to 1100°F. Tungsten is slightly less 
effective but reaches its maximum influence 
at approximately the same tempering 
temperature. Chromium does not produce 
rehardening but is more effective than the 
other alloys in retarding softening at lower 
temperatures. 

3. Carbide-forming alloys appear to 
produce secondary hardening in tempered 
martensitic steels by the formation of 
minute alloy carbide particles through the 
local” contraction of a two-dimensional 
transitional film or plate of iron carbide. 
Subsequent rapid softening seems to result 
from coalescence of alloy carbides along the 
interconnecting vestiges of the transitional 
film. This mechanism is consistent with the 
microstructure, electrical resistivity, dila- 
tion characteristics, and tempered hardness 
of steels containing large amounts of strong 
carbide-forming alloying elements. 
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APPENDIX 


Metuop oF CALCULATING TEMPERED 
HARDNESS 


In order to expand the explanation of the 
method for calculating tempered hardness 
of martensitic steels, examples of the steps 
involved are presented below for plain 
carbon steels, simple alloy steels, and com- 
plex alloy steels. 


Carbon Steels 


Assume that the tempered hardness is to 
be estimated for a plain martensitic 0.50 
pet carbon steel. In Fig 3 the base hardness 
values for zero carbon at the various tem- 
pering temperatures are tabulated. To 
these values are added the increments of 
hardness derived from Fig 3 appropriate 
for both the carbon content and tempering 
temperature as shown below. The sum of 
these values is then the tempered hardness 
in Vickers pyramid hardness numbers. 


Tempering bo gee om 


Simple Alloy Steels 


In calculating the tempered hardness of 
simple alloy steels, three cases may be con- 
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sidered: (1) a steel deficient in alloy content 
to satisfy the ratio of alloy to carbon in the 
alloy carbide; (2) a steel in which the alloy 
is in excess of the carbide ratio; (3) a steel 
in which undissolved vanadium carbide is 
present. Examples of the calculations for 
each case follow. 

Case 1 (Deficiency of Alloy)—The hard- 
ness, after tempering between 600 and 
1300°F after quenching from 2300°F, is 
desired for a steel containing 0.46 pct car- 
bon and 1.02 pct vanadium. The alloy 
carbide ratio for V4C3 requires the combi- 
nation of 1.0 pct vanadium and 0.177 
pet carbon, so that for this steel 1.02 pct 
vanadium would combine with 0.181 pet 
carbon. Fig 7 indicates that the vanadium 
is completely soluble at 2300°F at this car- 
bon level. Since the carbon content of the 
steel is 0.46 pct, this would leave o.279 pet 
carbon as iron carbide. Having partitioned 
the carbon content in such a manner, 
reference is made to Fig 3 and the vana- 
dium lines in Fig 5 in order to obtain the 
hardness increments for the carbon as iron 
carbide and as alloy carbide. (In such-cal- 
culations, the excess carbon values may 
be considered to represent FesC.) The 
tempered hardness is then calculated, as 
shown below, by adding to the base hard- 
ness, the hardness increments for both 
FesC and V4C3. 

Pcr CARBON AS 


Fe;C VaCs (Sol.) 
0.207 0.181 


Tempering ‘Tempers 


600|800|1000|1100|1200|1300 


| J | | ——— | ——_ | 


(Fig 5 


Cale. Tempered Hard- 
ness V.P.H 


The sum of the base hardness and the in- 
crements of hardness determined for Fe3C 
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and V4C; is then the calculated tempered 
hardness as V.P.H. To show the degree of 
agreement between calculated values and 
those actually obtained experimentally, the 
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calculation in this case is made in the same 
manner as in Case .1, but using the chro- 
mium lines in Fig 5 to estimate the hardness 
increments. In addition, an extra increment 


TABLE A—Comparison between Actual and Calculated Hardness Values 


Rockwell C Hardness at Indicated 
Per Cent Tempering Temperature—°F 

G Cr Mo Ww V 600 800 1000 1100 | 1200 | 1300 
0.48 7.39 -0 | 55.8 50.1 30.4 | 32..0° |) 26.1 
Sa oSsey BOD 38.0 | 31.2 |- 27:0 

1.00 2.16 eSt Sned 42.2 399 | 38. 1-128. 4 
F =O | 52.8 45.6 41.0) |) 35.23 (30.0 

I.50 2.17 -9 | 54.0 46.2 43.0 | 40.6 | 31.8 
.2 | 56.0 48.7 AAO) 3823 |p 327 

Ovts ot £2.21 Bh ga tay. kia | 34.8 26. Srl £8r8i)) £352 
i904, 40.8 35-5 24.7 | C7 10 | F254 

0.14 5.00 20; | 36.0 38.0 30.6} 23.6) 1772 
2 35150 40.5 Aan EN e307 s|\c20)2 

0.48 5.07 SoH S22 | 54 Ove 57/03) a5 120 30h 
Shit 4 a5 503 56.1 | 45.7 | 34.5 
0.95 4.72 32) 5033 S718 58.6 | 51.0 | 30.6 
-2.| 55.9 58.0 58.0 | 47.9 4 37.4: 

1.48 4.40 Oc) Gres 58.7 Hocket AT eae Sans 
5 -3 | 58.9 59.4 59.0 | 49.4 | 39.6 

0.46. 5.42 -2 | 40.5 | 43.0 | 45.0 | 38.2 | 32.3 
FOUN 427 y' 43.7 43.220 3852 128.8 

I.02 4.94 -7 | 52.2 49.3 49.0 | 44.1 | 29.8 
+O | 51.1 49-4 | 47.6 | 43.1 | 33.3 

I.52 4.80 SSeS Sirk 50.2 50.5 | 41.8 | 33.5 
-5 | 54.0 51.4 49.4 | 45.1 | 35.2 

0.46 1.02 -3 | 40.4 | 47.8 | 50.8 | 45.6 | 36.2 
-2 | 48.5° | 48.7 °-| 50.7 | 45-7 | 35.8 

I.08 4.72 -7 | 54-5 57.0 57-5 | 52-4 | 44.3 
AE 1 sy tee 58.2 ete a 43-4 

I 4.78 -4 |] 57.2 59.4 58. 50. 41. 
ma Si ls MOR | 58.6 58.3 | 50.9 | 42.6 
0.37 2.07 | 2.28 8 | 48.6 48.8 46.7 | 38.1 | 30.2 
-6 | 490.8 50.0 AT<3. | 42.4 | 34.0 

0.36 Tote) Sst 28) | Sis 4 54-5 53-7 | 42.7 | 37.2 
.9 SE? oes ay 42.4 ak 

oO. Sint 2250 -3 | SI- : : 39.2 | 30. 
5 i ot z ~5 | 52.9: 54-7 a8 36.7 ard 
Oo. -56 219) 2 |] 55.0 50.3 52. 43-7 | 37. 
ue 2° See ch 52.5 te 54.7 £254 31.6 
8 I.92 9 | 59.7 2. 4.5 | OLE | 53.2 

cere aie 4 .8 37-8 Gree 63-0 | 55.4 Abus 
; j 18.22 | 1.0 9 | 54. 59.5 53.2 | 50.5 | 42. 
oe edi : .0 pal 35-0 BES 50.8 ae 
18.96 | 1.00 +7 3-1 ‘4 7. 0. 50. 
“aed ees 2 t -2 | 66.2 66.2 (etry | fete Nee ae) 

2 -58 | oO. 0.2 -3 | 44.0 44.3 30.3 
phate o> sd 3 -4| 45.0* | 45.0% 33.5 


* Limited by Maximum As-quenched Hardness Value. 
+ Steel contains Residual Austenite as-quenched, 


calculated V.P.H. numbers have been 


converted to Rockwell c hardness and are 


shown in Table A together with actual 


values for the above example and those 


that are to follow. 
Case 2 (Excess Alloy)—For this case the 


tempering characteristics between 600 and 


1300°F of a quenched 0.48 pct carbon 
—7.39 pct chromium steel are desired. The 


is added for the alloy in excess of the car- 
bide ratio Cr7C3 (1 pet chromium combines 
with 0.099 pct carbon). Since only 0.48 pet 
carbon is available in the steel, only 4.85 
pct chromium is combined with 0.48 pct 
carbon and there is an excess of 2.54 pct 
chromium. The increment for excess 
chromium is estimated from Fig 6. Above 
1o00°F there is no increment for excess 
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chromium, and hence the calculation is the 
same as though the steel contained just 
enough alloy to satisfy the carbide ratio. 


Pct CARBON AS 
FesC r7C3 
0.0 0.48 2.54 


EE 


Pct Excess ALLOY 
(ory 


Tempering Bare ahah ok 


-1600|800|1000|1100|1200|1300 


(Ontee Besar mode dohs 225|201| 168] 155] 143) 133 
CriCs Pin eeiacnt V.P.H. 

(BIS S \icieeictd specie. aie 324/310] 290] 220] 168] 137 
Cr fecument Vee Ee 

(PIG 16) eracete7eieiviere’s 46] 61] 55 oO (0) ts) 
Cale. Tempered Hard- 

NESS Vie ebb taicec stress 595|572| 513| 375] 311] 270 


i EEE SEES 


Case 3 (Undissolved V4C3)—If a steel 
contains 1.08 pct carbon and 4.72 pct 
vanadium, the carbide ratio would require 
that 0.835 pct carbon be present as V.Cs, 
and therefore 0.245 pct carbon would be 
present as FesC. Fig 7 indicates that at 
2300°F and at a carbon content of 1.08 pct, 
only 0.12 pct carbon as V4C; is soluble. 
Therefore, calculations would include in- 
crements for carbon assigned as 0.245 pct 
for FesC, 0.12 pct for V4Cs (sol.) and 0.715 
pet for VsCs (undis.). The calculation is 
made in a similar manner to the example of 
Case 1 except that an added increment ob- 
tained from Fig 8 for undissolved V4Cs is 
included. 


Pct CARBON AS 
Fe;C VCs (Sov.) VaCs (UNnIs.) 
0.245 0.12 0.715 


Tempering A Sg denne 


600|800]1000|1100]1200]1300 


Base Hardness V.P.H. 
RIG Bae ace aps Red te atone 225/201 
Pere Tnerement V bse, 


83/131 
Vacs eeue ) 
ment V.P.H. (Fig 8).|140]140 
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Complex Alloy Steels 


In calculating tempered hardness of the 
complex alloy steels, the carbon is par- 
titioned in a manner similar to that for the 
simple steels. Sufficient carbon is allocated 
to fulfill the requirements of the alloy 
whose factor is located highest on the charts 
in Fig 5. The remaining carbon is then 
assigned to the other elements in order of 
their factors on the charts. Carbon that 
remains after allocation to the carbide- 
forming elements is considered to be pres- 
ent as Fes;C. In cases where factors for 
vanadium and molybdenum are identical, 
the carbon is first assigned to molybdenum, 
because the tendency for vanadium to be 
insoluble may make the molybdenum 
factor greater. Depending upon behavior of 
the factors, partition of the carbon may 
change at different tempering temperatures. 

The hardness increment for FesC is 
added to the hardness increment of the 
alloy carbide whose factor has the least 
slope. Reference is then made to the alloy 
factor line in Fig 5 having the greatest slope 
and the sum of the above hardness incre- 
ments is located on the line and the corre- 
sponding equivalent carbon content is 


“noted. This equivalent carbon content is 


added to the carbon combined as the same 
alloy carbide whose factor has the greatest 


slope. The hardness increment correspond-: 


ing on the same factor line to the carbon 
sum is added to the base hardness to 
obtain the tempered hardness. Chromium 
in excess of the carbide ratio and undis- 
solved V4C; are treated in the same manner 
as in the simple alloy steels. 

In order to illustrate the partitioning of 
the carbon with respect to the various 
alloys and to indicate the manner of calcu- 
lation, specific examples are given of a 
chromium-molybdenum steel and a molyb- 
denum-vanadium steel. In each example, 
the hardness after tempering at tempera- 
tures between 600 and 1300°F is calculated. 
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Case 4 (Cr-Mo Steel)—The particular 
steel under consideration contains 0.36 pct 
carbon, 1.91 pct chromium, and 5.31 pct 
molybdenum. It will be noted in Fig 5 that 
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ing temperature of 600°F the hardness 
increment by which the carbon as MooC 
increases hardness is determined and found 
to be as follows: 


SSeS 


Tempering Temperature—°F 
600 800 1000 II00 1200 1300 
Migatcancrement: VPP. (BIg 5) seg .ymeieecien os stern m eae & 103 250 378 422 269 174 
Equiv. C as CrzCs for above increment.-............... 0.14 04375) ||'"02 67 1.47 I.1I0 0.75 
BORG tte Ct Shot f Coase cf A Mee aay o-s Rul kel Shc seahe aie tka ate 0.189 | 0.028 | 0.028 | 0.028 | 0.028 | 0.028 
Stim ot Mquivalent C values....6.0..0.002.0+essc+++s+| 0.329 | 0.403 | 0:.608 1.498 | 1.128 | 0.778 


at 600°F the chromium factor is higher on 
the chart than molybdenum so that suffi- 
cient carbon is allocated to chromium to 
fulfill its carbide requirements. Any re- 
maining carbon is then assigned to molyb- 
denum, and any carbon left after fulfilling 
the molybdenum carbide requirements is 
considered to be iron carbide. At higher 
temperatures, the factor for molybdenum 

is higher than:chromium so that the first 
portion of the carbon is given to molyb- 
denum. Since the ratio of chromium to 
carbon in Cr7C; is 1.0 to 0.099 and the ratio 
of molybdenum to carbon in Mo,C is t.0 
to 0.0625, the carbon would be allocated as 
follows: 


600°F 800 to 1300°F 
Carbon as Ee Carbon as Ex- 
cess |e 
fo) Cr 
Cr7zCs | MooC |FesC Cr7zC3 | MoeC | FesC 


0.189 | 0.173 | 0.00 |2.54] 0.028 | 0.332 | 0.00 |1.63 


At 600, 800, and 1000°F the factor for 
chromium has the greater slope so that the 
final increment of hardness should be ob- 
tained on this line. At the higher tempera- 
tures, the slopes are the same and either 
may be used for determining the final 
-increment of hardness, and in this case the 
final increment of hardness is determined 
{ on the chromium line. Starting at a temper- 


s 
3 


‘ef 


After determining the hardness increment 
by which carbon as MooC increases hard- 
ness, the hardness increment is referred to 
the chromium line in the charts to find the 
equivalent carbon as Cr7C3: To this carbon 
value, as shown in the above table, is added 
the carbon assigned to Cr7C3. Using the 
sum of the equivalent carbon values, 
the final increment of hardness is obtained 
from the chromium lines and is added to 
the base hardness as shown below: 


Tempering Ra yee 


600/800]1000]1100|1200/1300 


Base Hardness V.P.H. 
(Giga attuemac a? ceca 225|201 
Increment from Sum of 
as Cr7Cs3 V.P.H. 
(Gok Pec) ie See reanecS 229|270] 400| 430] 272] 178 
Increment from Excess 


Cr V.P.H. (Fig 6).... 


Calc. Tempered Hard- 
ness VP, Haw... cs: 


168) 155] 143] 133 


-1454/525| 617] 585] 415] 311 


Case 5 (Mo-V Steel)—The following 
example is for a steel containing 1.07 pct 
carbon, 4.85 pct molybdenum, and 1.92 pct 
vanadium. It will be seen from the charts 
in Fig 5 that at 600, 1200, and 1300°F., 
carbon should be first allocated to vana- 
dium and then to molybdenum while at 
800, 1000, and 1100°F carbon should first 
be assigned to molybdenum. However, as 
there is more than enough carbon to com- 
bine with both molybdenum and vanadium, 
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the partition of the carbon would be the 
same at all tempering temperatures and 
would be as shown below. 


ae 


Pct Carbon as 


ViCs Sol.) | yay |  Feae 


0.303 0.122 0.218 


0.427 


Because of the limited solubility of VCs 
(Fig 7) at 1.07 pct, carbon is assigned to 
both soluble and undissolved V4C3. 

Although the charts in Fig 5 indicate that 
the final increment of hardness might be 
determined from the vanadium lines for 
temperatures of 800 to r100°F, ‘because of 
the lowering of the factor by the presence 
of undissolved carbides, the final increment 
of hardness is determined from the molyb- 
denum lines. Because of the higher level at 
600 and 1200°F and the greater slope at 
1300°F, the final hardness increment is 
governed by the vanadium line at these 
temperatures. 

In calculating the tempered hardness of 
this type steel, the hardness increments 
determined for carbon as FesC, as V4Cs 
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Fig 3, 5, and 8 are first added together for 
temperatures of 800, 1000, and 1100°F. For 
600, 1200, and 1300°F, the hardness incre- 
ments of carbon as Fes;C and as MozC are 
added together. 

As in the previous case, the final har 
ness increment is obtained using the sum 
of the carbon values as the appropriate 
carbide factor with the greatest slope from 
Fig 5, in this case as MoC at 800, 1000, and 
1100°F and as V4C3 at 600, 1200, and 
1300°F. These increments are added to the 
base hardness. An additional increment is 
added for the V4C3 (undis.) to obtain the 
tempered hardness at 600, 1200, and 
1300°F. 


Tempering Temperature— { 
°F 

| oe a 

600/800/1000|1100/1200 1300 


Base Hardness V.P.H. 4 7 


(Pigs) fase ee 225|201| 168] 155| 143] 133. 
Increment from sum of : 
C as Mo:C V.P.H 


Cigi:'S) 90S. Varreb wens 451} 580] 620 | 
Increment from sum of . : 
ca as ; ViC; V.P.H. F 
RIES site outhsroeuh nc aieus 65 00} 2 
Increment from V4Cs ¥ ; ‘. - 
ate -) V.P.H. (Fig - 4 
Seta Se eR ml aR eeRee oO 60 5a ‘ 
Calc. 


Tempered Hard- : 


. 4 Ties) VCP wee eons 740/651 8 60. 8 

(sol.) and as VC; (undis.) obtained from pas lel a a oc 
- 
Tempering Temperature—°F 
600 800 1000 1100 1200 1300 . 

Increment from FesC V.P.H. (Rig 3)....0cssemneeee ces 228 148 101 8 ° 

Increment from V4Cs (Sol.) V.P. 3 ini Eek wiwLent aia rs 190 ase re ; 
Increment from V4Cs (undis.) V.P. HL ) A arin Apis is 62 IIt III { 
Increment from MoaC (Fig 5).....0. ss vce es cen esvenes 175 253 166 


Geir OE THCRGMIOI CMa as orerenvacace 0.50 oot is “ante veke se coe ve 


Equiv. C as Mo2C 


ROL Sh Fe OP RO ae aceite ei 0.5 0.36 oO. 
Equiv. C as ViCa Go. ) eee et er ee om eee 0.665 u 3 a 0.285 | 0.262 
Assigned C as MoeC nr POR Bh EWE Re Ms whi eB 0.303 | 0.303 | 0.303 { 
Assigned Cas VaCg (Sol.) DOb. nieuw oc.e's sisisinisiersrn syelaye so 0.122 0.122 | 0.122 
Sumiof C. Valtes ant MosC cates was cieciethars 5 clecrse sipmiyiaiias 0.8 0.66 6 | 
Gumi iol'© Valuesag’ VaGalee consis site citwule mle ussite. 0.787 sd iy OES | 0.407 | 0.384 
< 
4 
> 
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Temper Brittleness of Plain Carbon Steels 


By Lreonarp D. JArre* anp Donatp C. Burrum,* Junior MremBers AIME 
(San Francisco Meeting, February 1949) 


THE importance of temper brittleness in 
alloy steels has long been realized in 
Europe. In the United States recognition of 
its importance has developed within the 
last several years. Many brittle failures 
encountered in parts made of alloy steel are 
undoubtedly attributable, wholly or in 
part, to temper brittleness. These failures 
have occurred particularly at low tempera- 
tures, under shock loading, and in the 
presence of notches, restraints and com- 
bined stresses. 

It has been almost universally accepted 
that plain carbon steels are not susceptible 
to temper brittleness. As a result, consider- 
able effort has been expended in attempts 
to discover the manner in which alloying 
elements introduce temper brittleness. 

It is desired to raise the possibility that 


plain carbon steels are not only susceptible _ 


to temper brittleness, but are much more 
susceptible than alloy steels, in the sense 
that they embrittle much more rapidly. It is 
suggested that previous views, (that plain 
carbon steels are not susceptible), are 


‘based upon an erroneous interpretation of 


_ the experimental results. 


INTERPRETATION OF PREVIOUS DATA 


For many years the standard criterion 
_ for susceptibility of a steel to temper brittle- 
ness consisted of comparison of the energy 


The statements and opinions in this article 
are those of the authors and do not necessarily 
express the views of the Ordnance Department. 


absorption, in a notched-bar impact test at 
room temperature, of specimens that had 
received two heat treatments.! One speci- 
men (or group of specimens) was quenched, 
tempered, and quenched from the temper. 
The other specimen (or group) differed only 
in having received an embrittlement treat- 
ment, which might consist of a slow cool 
from the tempering temperature, or of an 
isothermal hold in the range 450-550°C 
subsequent to quenching from the temper. 
If the energy absorption of the specimen 
receiving the embrittlement treatment was 
lower than that of the specimen not given 
this treatment, it was said that the steel 
was susceptible to temper brittleness. If the 
energy absorptions were the same, it was 
said that the steel was not susceptible. 
Several investigators?* found that plain 
carbon steels showed negligible difference 
in energy absorption in such tests (at least 
when their manganese content was below 
0.60 pct), and concluded that plain carbon 
steels are not susceptible to temper 
brittleness. 

Recently the deficiencies of the criterion 
mentioned above have been pointed out.4~® 
The criterion now generally used for sus- 
ceptibility to temper brittleness retains the 
heat treatments used in the earlier scheme, 
but instead of the notched-bar impact tests 
being made only at room temperature, they 
are made over a range of temperatures, 
covering the transition from ductile to 
brittle fracture. If the transition tempera- 


- Published by permission of the War Depart- 
ment, U. S. A. Manuscript received at the 
office of the Institute June 14, 1948; revision 
received August 10, 1948. Issued as TP 2482 in 
_ MerAts TECHNOLOGY, December 1948. 

_ * Watertown Arsenal Laboratory, Water- 
| town, Massachusetts. 


ture of the specimens receiving the em- 
brittlement treatment is higher than those 


1 References are at the end of the paper. 
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not given this treatment, the steel is con- 
sidered susceptible to temper brittleness. If 
the transition temperatures of the two 
groups of specimens are the same, the steel 
is considered not susceptible. It has been 
reported that plain carbon steels showed 
negligible difference in transition tempera- 
ture in such tests, and the earlier con- 
clusion that these steels are not susceptible 
to temper brittleness was considered 
confirmed.® 

The lack of difference in transition tem- 
perature (and in energy absorption at room 
temperature) between specimens of plain 
carbon steel given an embrittling treatment 
and specimens not given an embrittling 
treatment may not, however, mean that 
temper brittleness does not develop in plain 
carbon steels. An alternative explanation is 
that temper brittleness develops so rapidly 
in plain carbon steels that even the speci- 
mens not given a deliberate embrittling 
treatment were unknowingly fully em- 
brittled. This unintentional embrittlement 
might take place during the quench from 
the tempering temperature. If the speci- 
mens not given the embrittling treatment 
were nevertheless fully embrittled, they 
would behave in the notched-bar impact 
tests just like the companion specimens 
given the embrittling treatment. 


EXPERIMENTAL VERIFICATION 


To determine whether a plain carbon 
steel is temper brittle, its temperature of 
transition from ductile to brittle fracture 
may be compared with that of an alloy 
steel, with and without a treatment de- 
signed to develop temper brittleness. The 
old concept that plain carbon steels are not 
susceptible to temper brittleness then leads 
to the predictions: 

1. Without the embrittlement treat- 
ment, the transition temperatures of the 
two steels are roughly equal. 

2. With the embrittlement treatment, 
the transition temperature of the carbon 
steel is lower than that of the alloy steel. 
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The new hypothesis that plain carbon 
steels develop temper brittleness very 
rapidly (so rapidly that they become em- 
brittled even when quenched from a high 
tempering temperature) leads to the 
predictions: 

3. Without the deliberate embrittlement 
treatment, the transition temperature of 
the carbon steel is higher than that of the 
alloy steel. 

4. With the embrittlement treatment, 
the transition temperatures of the two 
steels are roughly equal. 

The two steels just mentioned should of 
course have similar microstructures. Since 
it is difficult to match microstructures of 
unhardened steels with respect to such fac- 
tors as interlamellar spacing and per cent of 
proeutectoid constituent, comparison of 


tempered martensitic steels appears prefer- _ 


able. If the carbon steel and the alloy steel 
consist of tempered martensite and are 


similar in hardness, carbon content, and 


austenitic grain size, the steels should be 
comparable.* 

An experimental test has been made as 
outlined above; details are given in the 
Appendix. The results of the test, as shown 
in Fig 1 to 4, are in complete agreement 


with predictions (3) and (4), and in dis- — 


agreement with predictions (1) and (2). 
The experimental work, therefore, supports 
the idea that plain carbon steels develop 


temper brittleness very rapidly, as opposed , 


to the older view that plain carbon steels 
do not develop temper brittleness. 


Discussion OF HyPorHEsIs 


That alloying elements should retard the 


development of temper brittleness is not 
surprising; molybdenum was shown to do so 


some years ago.’ Since temper brittleness 5 


may be associated with precipitation of an | 


* There is a slight possibility that solution 


of alloying element in the ferrite may signifi- — 


cantly influence the transition temperature of 


the alloy steel. No data on this subject have — 


been found in the literature. 
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iron carbide from ferrite, the effects of 
alloying elements upon the rate of temper 
embrittlement might be similar to their 
effects upon the precipitation of proeutec- 
toid carbide from austenite. Molybdenum 
retards formation of proeutectoid carbide® 
and retards temper embrittlement.? Chro- 
mium slows formation of proeutectoid 
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carbide®!° and most other alloying ele- 
ments are suspected of doing the same. It 
seems likely that these elements would also 
slow the development of temper brittleness. 

Earlier speculations about and investiga- 
tions of the identity of a phase whose pre- 
cipitation from ferrite supposedly causes 
temper brittleness have centered about the 
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idea that temper brittleness only occurs in 
alloy steels.* Suggestions have ranged from 
a compound of an alloying element, such as 
chromium oxide,! to iron carbide or iron 
nitride, whose solubility supposedly is de- 
creased by the alloying elements.* On the 


* This earlier work was summarizied a few 
years ago.® 
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present hypothesis, to explain the difference 
in behavior of carbon steels and of alloy 
steels, it is not necessary to assume that 
alloying elements play any part in the 
temper brittleness reaction except to 
retard its rate; they need not be contained 
in the precipitate (if any) nor need they 
affect the pertinent equilibrium relation- 
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ships. This does not mean that alloying 


elements may not also affect the equilib- 


rium relationships, perhaps even in such a 
way as to increase temper brittleness. 

The commonly-accepted lower toughness 
of plain carbon steels as compared to 
alloy steels may be partly due to their 
being more temper-brittle, as ordinarily 
heat-treated. 

Addition of suitable quantities of the 
proper alloying elements, to be determined 
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Experimental Details 


The steels used were commercial 5¢-in. 
hot-rolled rounds. Their chemical composi- 
tions, in per cent, were: 


Steel (e Mn 
Carbon: SAE 1045..........] 0.47 0.81 fo) 
MOMs OA ZT AO 4 islet cc kod 0.39 0.79 (0) 


by further research, may provide a method 
of retarding temper brittleness to such an 
extent that it will not be of practical 
importance. 

It may be noted that the transition tem- 
peratures of alloy steels water-quenched 
from high tempering temperatures do not 
necessarily represent material entirely free 
from temper-brittleness; alloy steels may 
embrittle to some extent on quenching from 
the temper, though not as much as plain 
carbon steels. All steel parts and specimens 
tempered at moderate or high tempera- 
tures may be somewhat temper-embrittled. 
Temper-brittleness may thus be an almost 
universal phenomenon in tempered steels, 
superimposed on or competitive with the 
tempering, but in a sense slower.. 


CCONCLUSIONS 


It is suggested that: 
1. Plain carbon steels are susceptible to 


4 temper brittleness. 


2. Temper brittleness develops so rapidly 
in plain carbon steel that even drastic 
quenching from a high tempering tempera- 


ture is insufficient to suppress it. 


3. Alloying elements retard the rate of 


_ development of temper brittleness. 


ite ed eek ie 


Limited experimental results support this 
hypothesis. 


Ss 12 Ni Cr Mo 
0.037 0.013 <o.o1 0.07 0.01 
30 0.028 0.015 T.26 0.77 0.02 


The bars were heat treated, as shown in 
Table 1, in the form of 0.220-in. squares 
2.16 in. long. This small size was necessary 
to produce too pct martensite throughout 
the carbon steel when quenched. 


TABLE 1—Heat Treatments 


S.A.E. 1045 


All bars austenitized }g hour at Lt quenched 
in brine. (Austenitic grain size A.S.T.M. 8.) 

All bars tempered 14 hr at 675°C, quenched in 
brine. (Hardness Roto. 

Half the bars embrittled 50 hr at 455°C, quenched 
in water. (Hardness Ro 19.) 


S.A.E. 3140 


All bars austenitized }¢ hr at ae quenched in 
oil. (Austenitic grain size A.S.T.M. 8.) 
All bars tempered 4 ni at 675°C, quenched in 
water. (Hardness Rg18}4 
Half the bars Pcie 


8 hr at 480°C, quenched 
in water. (Hardness Rg18}4.) 


The bars were then machined to half-size 
V-notch Charpy specimens having the fol- 
lowing dimensions: 


INCHES 
Wirdthicer se crecer nari easteveivts arcana 0.197 
Depths. Aeecigtcnindys © Moretti 0.197 
Derleth ratibelenctctsencesnerouensr aay iets 2.16 
NotchabDeptite sn oes sits kari 0.039 
NOTCH RAGLUS ts) sisteleeunc ae cwieusioue 0.005 


The hardness of the specimens was 
checked, with the results shown in Table 1, 
and the bars were then broken on a stand- 
ard 220 ft-lb Charpy machine. 
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The transition temperatures* as taken 


from Fig 3 and 4 are as follows: 


° 

Cc 

Nominally unembrittled carbon steel........- —85 
Embrittled carbon steel... LR ee, eo 

Nominally unembrittled alloy eheel oan toe —I115 
Embrittledialloy steeliv. ce oc © sores echoes —55 


It will be seen that while there is 25°C 
difference in the transition temperature 
between the unembrittled and embrittled 
1045, the 3140 has a 60°C difference for 
specimens in the same state. It will also 
be noted that while there is a 30°C dif- 
ference in the transition temperature of the 
unembrittled specimens for the two steels, 
the embrittled steels have only the slight 
difference of 5°C. The significance of these 
results is discussed in the text. 

It may be noted that the transition tem- 
perature of the carbon steel is somewhat 
higher with the embrittling treatment than 
without this treatment. This suggests that 
quenching from the high tempering tem- 
perature partially embrittled the carbon 
steel, and that additional temper brittleness 
was developed by embrittling treatment. 
An increase in transition temperature of 
plain carbon steel, introduced by a treat- 
ment to develop temper brittleness, is 
contrary to previous published data,® but 


recent unpublished work! lends support to 


this observation. Failure of earlier investi- 
gators to find this effect may be due to their 


* The transition temperature is taken here 
as the temperature at which the fracture is 
50 pct fibrous (ductile), as read from the 
curves of per cent fibrous vs. temperature of 
test. Previous experiments at Watertown 
Arsenal Laboratory indicate that the half-size 
specimen has a transition temperature approxi- 
mately 20°C lower than has the standard 
V-notch Charpy bar. 
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use of unhardened material. The change 
in transition temperature produced by 


deliberate embrittlement treatments ap-— 


pears to be greater for a microstructure 
of tempered martensite than for other 
microstructures.}*)1% 
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An Electron Diffraction Study of Oxide Films Formed on 
Nickel-chromium Alloys 


By J. W. Hickman* Memper AIME, anv E. A. GuLBRANSEN* 
(Philadelphia Meeting, October 1948) 


INTRODUCTION 


Durinc the past two decades consider- 
able progress has been made in the art of 
manufacturing heater alloys. The con- 
ventional iron-chromium-nickel alloys have 
been improved by the addition of small 
quantities of other elements. Up to the 
present time, to our knowledge, there has 
not appeared a systematic study of these 
alloys where the newer tools of investiga- 
tion have been brought to bear on the 
problem. It is not yet clear what roles the 
additional elements play in increasing life 
time in usage. As a first approximation one 
might guess that elements such as man- 
ganese, silicon, zirconium, calcium and 
aluminum would aid in the formation of a 
protective film on the alloy surface, thus 
retarding the oxidation rate and increasing 
lifetime. 

If these: additional elements do form 
protective oxides in the outer surface of 
the oxide film, it may be possible to identify 
them by means of reflection electron 
diffraction. It is also possible that the 
additional elements may not diffuse to the 
surface but may remain at the interface 
between the oxide and the metal. Then, 
too, the major elements in the alloys un- 
doubtedly form oxides which are stratified 


-on the surface. If the minor elements 


concentrate in a layer in contact with the 
substrate where they undergo oxidation 
and if this oxide film offers resistance to 


Manuscript received at the office of the 
Institute December 22, 1947. Issued as TP 2372 
in Mrtats TECHNOLOGY, June 1948. 

* Westinghouse Research Laboratories, East 
Pittsburgh, Pa. 


the diffusion of iron, chromium and nickel 
ions, then the lifetime of the heater ele- 
ment might be expected to increase. It is 
also possible that preferential reduction in 
the diffusion rates of the several ions may 
occur to such a degree that oxides may 
form in the body of the film and on the 
outer surface which are different from those 
that would normally form if the additional 
elements were not present. The use of 
transmisson electron diffraction may aid 
us in interpreting these phenomena. 

Up to the present time all of the factors 
which influence the lifetime of a given 
heater element are not definitely known. 
Among these are: (1) The rate of oxidation 
of the alloy. This may be dependent upon 
the composition and the physical state of 
the alloy. (2) The stability of the structure 
of the coating which forms. Transitions 
from one structure to another or solid 
phase reactions resulting in a change of 
composition may occur. The tendency ‘of 
the film to adhere to the substrate when 
heated and cooled successively will be 
important. (3) The evaporation of various 
constituents from the alloy such as the 
removal of carbon by oxygen in a decar- 
burization reaction. 

With these possibilities in view, an elec- 
tron diffraction study of the oxides occur- 
ring on six different nickel-chromium alloys 
was undertaken with the hope that the 
results of this study could be correlated 
with oxidation rate studies as determined 
by means of the vacuum microbalance 
method! and with lifetime tests carried 


1 References are at the end of the paper. 
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out in the usual manner. In this paper we 
shall report only on the electron diffrac- 
tion studies; later reports will be concerned 
with oxidation rate measurements, decar- 
burization rate studies, X ray diffraction 
studies of the rods, sheets and oxidized 
surfaces and metallographic studies of the 
rod materials. 

The electron diffraction studies are con- 
cerned with (1) the determination of the 
structures of the outer layers of oxides 
occurring on abraded specimens, (2) the 
determination of the structures of the 
oxides occurring on the outer surfaces and 
in the body of oxides formed on polished 
specimens, and (3) the effects of heating 
and cooling oxide films in the vacuum of 
the camera (10-4 mm of mercury). 


LITERATURE SURVEY 


litaka and Miyake? have reported that 
they obtained an_ electron diffraction 
pattern of NiO-Cr.O3 from the heated 
surface of an 80 pct nickel 20 pct chromium 
alloy. They state that the marked non- 
oxidizing property of this alloy may be 
explained by the formation of this oxide 
film. 

Scheil and Kiwit? have studied the 
scaling of iron-chromium-nickel alloys. 
Those alloys which lost less than 0.001 g 
per cm? in 7.5 hr at 1000°C were considered 
satisfactory. Scales on the satisfactory 
alloys were characterized by the presence 
of CrxO; only. They also deduced that the 
stability of the scale increased with in- 
creased chromium content. Those alloys 
which were unsatisfactory, that is which 
oxidized in such manner that weight loss 
was greater than o.o1 g per cm? in 7.5 hr 
at 1000°C, formed scales which were char- 
acterized by the presence of iron oxides. 

Considerable work has been done on 
lifetime tests of alloys containing small 
quantities of minor constituents. Hessen- 
bruch! has shown that an addition of mag- 
nesium or lithium to chrome-nickel shows 
an improvement while small additions of 
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calcium have marked effects on life time. 
In addition to the alkaline earth elements, 
investigations of small additions of neigh- 
boring elements were carried out. Alumi- 
num causes a slight improvement while 
silicon was a little better. Titanium gen- 
erally does not bring any improvement 


‘while zirconium, like magnesium, brings 


about a noticeable improvement. How- 
ever, the effect of all other additions is 
overshadowed by the addition of 0.05 to 
0.3 pct of cerium mischmetal which con- 
tains about 99 pct metals of the cerium 
group. Of this about 45 pct is cerium, 30 
pet is lanthanum, 20 pct didymium and 5 
pet ytterbium. Cerium has marked effects 
since the addition of 0.2 pct increases the 
lifetime by a factor of ten at roso°C with 
the untreated alloy lasting about 65 hr and 
the treated alloy lasting 650 hr. Further 
tests with thorium, vanadium, and tan- 
talum, showed great improvement with 
thorium, less improvement with tantalum, 
and an impairing effect with vana- 
dium. Of the metals studied calcium, 
cerium, thorium and zirconium show strong 
beneficial influence as compared with 
aluminum, silicon, tantalum, vanadium 
and titanium. Calcium and cerium, as 
compared with zirconium and thorium 
additions, have the advantage of low cost. 
This is important since a large part of the 


added metal is lost because of the high. 


vapor pressure of these metals at 1500°C, 
the temperature at which the alloys are 
formed. Similar improvement of the iron- 
nickel-chromium alloys is noted with addi- 
tions of cerium, calcium and thorium. 

As far as we know no study has been 
made of the structures of the oxides 
occurring on the surfaces of these alloys 
over a wide time and temperature range. 

Holler’ has reported that the 80 Ni-20 
Cr heater alloy undergoes failure because 
of the loss of chromium which forms 
Cr.03. This loss of chromium results in a 
marked increase in the temperature- 
coefficient of resistance which is highly 
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characteristic of nickel. If the rate of 
chromium loss per unit length of wire is 
greater in some sections than in others, the 
wattage density over these sections is 
greatly increased. This elevates the tem- 
perature which accelerates the loss of 
chromium and hastens the breakdown of 
the heater element. It is quite evident from 
Holler’s’ work that some method of pre- 
venting loss of chromium by oxidation or 
evaporation is required to increase the 
lifetime of heater elements of the 80 Ni-20 
Cr series. 


SELECTION AND ANALYSES OF SPECIMENS 


Specimens for this study are specially 
prepared and analyzed by the Driver 
Harris Co., Harrison, N. J. through the 
courtesy of Mr. F. E. Bash who supplied 
us with the results of the life-time tests. 

Three samples of nominal composition 
80 Ni-20 Cr and three samples of nominal 
composition 61 Ni 16 Cr-23Fe comprise 
those under study. Each of these sets of 
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APPARATUS 


The apparatus used in this study has 
been described in earlier papers.7:8 The 
electron diffraction camera consists of the 
following: (1) an electron gun, (2) a 0.004- 
in. anode aperture, (3) an axial symmetric 
magnetic field, (4) a sample manipulator 
with furnace, and (5) a fluorescent screen 
and photographic plate chamber. Using 
47-5 kv and a current of 50 microamp, 
exposures of 2 to 10 sec are necessary. 

A furnace’ is mounted on the end of the 
specimen manipulator and can be heated 
by an internal heater which elevates the 
temperature of the sample up to 1000°C. 
The specimen to be studied is mounted on 
the front surface of the furnace block. Its 
temperature is regulated by a thermo- 
couple type of controller. 

Gas purification trains are included in the 
auxiliary apparatus in order that pure 
oxygen, air, hydrogen, and other gases 
may be added to the camera when it is 
isolated for this purpose from the vacuum 


TABLE 1—Analyses of Samples of Nickel-chromium Alloys 


Useful 
ret Classification Cc |Mn| Si| Cr | Ni | Fe |*Zr| Ca | Al] Mg} Life | T¢mP 

oO. (Hr) 
12046 | New Ni-CR Alloy V 0.08/0. 01/1. 39/19.91| Bal. | 0.34 |o. 10/0. 024/0.07 157 II75 
12246 | Old Ni-CR Alloy V 0. 08/0. 01/0. 30]}19.98] Bal. | 0.32 |0.05|0.029/0.08 86 1175 
13246 | Old Ni-CR Alloy IV 0.12/I.70/0.30/19.98] Bal. | 0.20 0.006 25 1175 
13346 | New Ni-CR Alloy 0.06/0.10|1. 24/16.57/61.47| Bal. |o. 06|0.029/0.07 245 1125 
12646 | Improved Ni-CR Alloy © |0.06/0.06/0.35|16.47|61.17| Bal. |o.04/0.029/0.04 66 I125 
13446 | Old Ni-CR Alloy 0.04|1.69|0. 31/16. 22/61. 39] Bal. 21 I125 


* F. E. Bash, Driver Harris Co., 


three samples characterizes the develop- 
ment of the particular nominal composition 
over a period of years. Table 1 gives the 
analyses of the samples together with the 
results of the life-time tests. 

Samples of the same heat numbers have 
been rolled into sheets of 0.005-in. thick- 
ness for the oxidation rate measurements 
which will be reported by one of us.* In a 
future paper there will appear an X ray 
diffraction study of the rod and sheet 
material and of the scales which form when 
the samples are oxidized in air. 


Harrison, N. J. 


pumps. In this manner the chemical 
reaction is carried out at the elevated 
temperature. 


EXPERIMENTAL PROCEDURE 


The treatment of the surface prior to 
oxidation is important when the reflection 
method of electron diffraction is used. A 
clean, flat, slightly matted surface, which 
can be penetrated by the electrons, gives 
sharp intense patterns. Two methods of 
preparing the sample surfaces are used in 
this study. Those samples which are used 
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in the existence diagram studies are given 
a surface finish using the precision abrader’ 
ending up with 4/o emery paper. Samples 
from which the oxide film is removed by 
anodic action are given a metallographic 
polish through chrome rouge ending up 
with Nos. 1 and 3 alumina. 

Oxidations are carried out after the 
polishing treatment without any other 
pretreatment such as annealing or etching. 
Purified oxygen under approximately 1 mm 
pressure is used in all oxidations unless 
otherwise specified. Electron diffraction 
reflection photographs are taken in the 
vacuum of the camera before oxidation; 
after 1, 5, 30 and 60 min. oxidation; and 
after cooling to room temperature under 
approximately 0.05 atm pressure of hydro- 
gen. Hydrogen is used as a cooling medium 
to enhance the cooling rate and to deter- 
mine whether the oxides present on the 
surface are easily reducible. 

Since it is possible that the composition 
of the oxide film on the surface may be 
different from that of the body of the film, 
a series of experiments are performed using 
metallographically polished specimens. 
These specimens are oxidized using 0.1 
atm of oxygen for the times stated at the 
several temperatures. Rate measurements 
with the microbalance! are used to deter- 
mine the time of oxidation required at each 
temperature to give an oxide film of 
proper thickness (less than 750 A) which 
can be penetrated by an electron beam 
(60 kv) using the transmission technique. 
Reflection photographs of the oxidized 
surfaces are taken at high temperature 
and after cooling to room temperature in 
the vacuum of the camera. The oxide film 
is then removed by anodic action and a 
transmission photograph of the removed 
film is taken. In some cases the films could 
not be removed readily so that transmis- 
sion photographs are not available. 

Since we have deemed it advisable to limit 
the operation of the electron diffraction 
camera furnace to 950°C, three samples 
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of the best of each series, as far as life- 
time is concerned, are oxidized in air in an 
auxiliary tube furnace for 24, 48 and 72 hr 
at 1050°C. The oxidized surface, removed 
by gentle scraping with a steel spatula, 
is investigated by transmission electron 
diffraction. 

The samples of the heating and cooling 
experiments are oxidized for five min at 
400°C. These are held at the several tem- 
peratures for 10 min before the electron 
diffraction photographs are taken. It is 
hoped that this procedure will permit 
equilibrium to be established in the thin 
film. 


MeEtTHOD OF INTERPRETATION 


The electron diffraction interplanar dis- 
tances are compared with those obtained 
by other workers using X ray diffraction. 
The data from the oxidations using 1 mm 
of oxygen are presented in the form of 
existence diagrams of the oxides plotted 
on a time-temperature scale (Fig 1-6). 
The results of the heating and cooling 
experiments are presented graphically 
in Fig 7 and 8. The terms oriented, sharp, 
medium and diffuse occurring on Fig 1-8 
and represented by the letters O, S, M, 
and D, respectively, refer to the types of 
diffraction patterns. Those patterns are 
termed ‘‘oriented’” where intense arcs 
or spots occur as the result of preferential 
growth of the oxide crystals on the surface. 
The remaining three classifications are 
made on the basis of the width of the 
diffraction lines. 


RESULTS AND DISCUSSION 


Table 2 gives a summary of the 1 mm 
oxidation studies which are shown more 
completely in graphical form in Fig 1-6. 
The results of the heating and cooling 
experiments are shown in Fig 7 and 8. 
Table 3 gives a comparison of the inter- 
planar distances and intensities obtained 
in this study with those reported by other 
workers using X ray diffraction. A com- 
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Fic 1—OXxXIDE FILMS ON NICHROME 12046. 


TABLE 2—Oxides Found on the Alloys at 
400-950°C 


Heat Fig 


No. Oxide Structure 


NiO (400°C and 1 min at 500°C) 
Cr2O3 (30-60 min at 500°C) 
Cr203 (600-950vC) 


NiO. (400-500°C) : 
Cr2O3 (600-900°C and 1-5 min at 


950 
Cr2O3 + NiO-Cr2O3 (30-60 min at 
950°C) 


NiO (400-500°C); Spinel* (600°C) 
Cr203 (700-800°C); NiO Cr203 (900- 
950°C) 


12046 I 


12246 2 


13246 3 


Spinel* Cr2O3 (600- 
900° 

CroO3 + NiO-Cr203 (1-5 min at 
950°C) : 

NiO + Cr20z (30-60 min at 950°C) 


Spinel* (400°C) 

Spinel* (x min at 500°); Spinel* 
+ NiO (s—60 min at 500°C) 

Cr203 (600-950°C) 


Spinel* (400—-600°C) 
NiO - Cr2Oz (700-950°C) 


—— TTT 


* Probably FesO« 


(400-500°C); 


parison of the results obtained from the 
oxidized polished specimens using trans- 
mission and reflection electron diffraction 
is given in Table 4. 

An inspection of Table 1 shows that the 
six alloys studied may be divided into two 
series of three each. Within each series the 
alloys differ only in the quantities of minor 
constituents which are present. Two of the 
alloys of each series differ primarily in the 
amount of silicon present while the third 
contains an appreciable amount of man- 
ganese. With only three alloys available in 
each series it is not possible to determine 
the exact roles which the minor consti- 
tuents play. However, a correlation of the 
oxide structures which occur on the surface 
with the results of the lifetime tests and 
rate measurements may enable us to recog- 
nize trends in minor constituent effects. It 
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is unfortunate that we do not have an 
alloy in each series containing no man- 
ganese, zirconium, calcium and aluminum 
to act as a reference point. 
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12046, 12246 and 13246 are relatively small 
with 12046 and 12246 differing mainly in 
silicon content while 12246 and 13246 
differ in manganese content although the 


Taste 3—Experimental Interplanar Distances of the Oxides 


Cr2Os NiO NiO-Cr203 Spinel* 
Electron X ray Electron X ray Electron X ray Electron X ray 
d I d I d I d I d I d I d I d I 
-59 2 | 3.62 4:5). 2-4t 8 | 2.40 6 | 4.27 3 | 4.79 2 4.85 0.6 
2 86 6,)| 2.67 7.0 | 2.08 8 | 2.08 Io | 4.13 I 2.98 | 4 | 2.97 2.8 
2.48 |10 | 2.47 7.0 | 1.484 |10 | 1.474 6 | 2.91 Shall wae to | 3 |] 2.53 |10 | 2-53 10.0 
2:07 © hoa. fF 3.0 | 1.264 | 3 | 1.258 | 2.4 | 2.50 |10 | 2.50 1o | 2.42 | I | 2.42 b Te 
2.05 £.|"203, 0.4 | 1.203 | 2 | 1.203 | I.2 | 2.40 I 2.10 | 4 | 2.10 3.2 
1.82 Ayr s8r 4.5 | 1.045 | I | 1.042 | 0.2 2.06 2 | 2.07 EP Is Re PY EN pk rte 23 1.6 
1.674 | 4 |] 1.67 10.0 | 0.962 | I | 0.957 | 0.4 | 1.90 I 1.62 | 4] 1.61 6.4 
1.570 | 1 | 1.58 0.6 | 0.928 | 2 | 0.933 | 0.6 | 1.695 | 3 1.695 | 1.5 | 1.48 | 5 | 1-483 8.0 
1.475 | 5 | 1.465 3.0 | 0.862 | 1 | 0.852 | 0.3 | 1-595 | 4 1.596 | 6.0 1.326 0.6 
1.433 | 5 | 1.432 4.5 1.465 | 5 | 1.467 | 8.0 1.279 2.0 
1.308 | 5 | 1.204 1.6 1.405 | 2 1.210 0.5 
1.238 | 2 | 1.236 0.6 Yi3t4 | 2 | B.3t4. [> 220 1.121 1.0 
1.194 | 2 | 1.209 0.6 1.262 | 2 | 1.265 | 2.5 1.092 328 
{. 392 0.5 5.59. 2 | 1.196 | 1.0 1.049 1.0 
1.148 0.6 1.16 2 0.970 1.6 
PoerAl i tel ees) 0.6 ¥2252.1°2 0.966 0.8 
1.094 | 3 | 1.087 Tied. 1.088 | 3 | 1.080 | 2.5 0.940 0.6 
1,053 | 2 |. 1-042 1.0 0.880 1.0 
0.946 | 3] 0.946 0.6 
Sample 12046 Sample | 12046 Sample 13446 ample 1264 
950°C 400°C 700°C 400°C 
5 min 5 min 5 min 5 min 
ee ee eee 
* Probably FesO.. 
TABLE 4—Ovxide Films on Polished Specimens 
Pn a EERSTE EERE GL 
400°C (2 Min) 500°C (2 Min) 600°C (30 Min) 950°C (1 Min) 
Heat 
No. 
R he R J T R T R De 
12046 NiO Cr203 NiO Cr2O3 Cr2O3 Cr203 Cr2Os Cr203 
12246 Cr203 Cr203> Cr2O3 Cr203 F 
q ; iO-Cr2Oz |NiO-Cr203 NiO-Cr203 
13246 Cr203 Cr203 Cr2O3 Spinel* | Cr20O;> NiO:Cr203 
13346 Spinel* Spinel* Cr2O3 pinel* Cr203 
Cr2O0, Cr2O3 
12646 Cr2Os Cr20;> Cr2O3 
3 NiO-Cr203 |NiO-Cr2O3 
13446 Cr203 Cr203 NiO-Cr2O3 | Cr2Ox Cr203> NiO-Cr203> 
Spinel* Spinel* | Cr2Or Spinel* | Spinel* Cr2O3 


R = Reflection, T = Transmission, 
* Probably Fe204. 


80 Ni-20 Cr (Nominal Composition) 


An inspection of Fig 1-3 shows that the 
composition of the outer surface of the 
oxide film is a function of the temperature 
of oxidation and the composition of the 
alloy. Table 1 shows that the differences in 
composition in nickel-chromium alloys 


elements zirconium, calcium and aluminum 
are absent in 13246. These three alloys may 
undergo the following principal reactions: 


(1) Ni + 40.= NiO 
(2) 2Cr + 340.— Cr.03 
(3) NiO + Cr,0;— NiO: Cr203 


Thermodynamic data for NiO-Cr.O3 are 
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not available but the existence of Cr.O; on 
the surface is favored over the complete 
temperature range as shown in an earlier 
paper.® In addition to the above reactions, 
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the minor constituents may undergo oxida- 


tion although it is doubtful whether the 


electron diffraction method is sensitive 
enough to detect their oxidation products. 

A comparison of Fig 1 and 2 shows that 
an increase in the quantity of silicon affects 
the appearance of NiO-Cr,O3 which has a 


cubic (spinel) structure. An increase in the 


amount of silicon prevents the formation of 
NiO-Cr.O3 at 950°C (Fig 1). Since the 
quantity of silicon present is the only major 
difference in alloys 12046 and 12246, the 
diffusion of nickel ions to-the surface is 
retarded by an increase in the concentra- 
tion of silicon. This retardation may result 
from the presence of a silicon oxide layer, 
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either crystalline or amorphous, through 
which nickel ions cannot pass with facility. 
The effects of zirconium, calcium and 
aluminum may not be determined with the 
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data available since we have no zero point 
of comparison. However, earlier work with 
Zr-Cu and Zr-Ni alloys!® shows that oxides 
of zirconium are not observed in the outer 
surface of the oxide layer. The authors 
have also reported on Alchrome-6° which 
contains 74 pct Fe, 20 pct Cr and 6 pct Al. 
This alloy does not show the presence of 
Al,O3; at high temperatures although 
aluminum may be present in the spinel type 
oxide which is observed. One might expect 
that zirconium and aluminum would play 


‘roles similar to silicon in retarding the 


diffusion of other ions to the surface. It is 
also possible that these minor constituents 
result in a stabilization of the oxide struc- 
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tures by forming solid solutions. This we 
have not been able to prove with the tech- 
niques used. 
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The optimum amount of silicon which 
should be added could probably be deter- 
mined by a systematic electron diffraction 
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Fic 3—OxImE FILMS ON NICHROME 13246. 
Note: FesO4 is probable composition. 


The presence of manganese and the 
absence of zirconium, calcium and alumi- 
num seem to have a decided effect on the 
ability of iron to get to the surface since 
Fe30,4 is observed on alloy 13246 at 600°C 
even though iron is present in smaller 
amount than in alloys 12046 and 12246. 
These two factors also result in the presence 
of NiO-Cr.0; at 800°C and above as shown 
in Fig 2 and 3.. From the lifetime tests 
(Table 1) one would conclude that the 
presence of manganese may be detrimental 
while the presence of silicon is beneficial. 
With the alloys available for study it is not 
possible to differentiate between the effects 
of manganese and the elements, zirconium, 
calcium and aluminum. 


study of the oxidation of a series of alloys 


correlating this information with lifetime 
tests and rate studies. It is possible, of 


- course, that a compromise would need to 


be made since increasing the amount of 
silicon may introduce difficulties in fabrica- 
tion for use as heaters. 

The occurrence of nickel oxide in the low 
temperature region with oxides containing 
chromium as the temperature is elevated 
is an indication that the rates of formation 
and diffusion of the ions of nickel and 
chromium vary in a different manner with 
temperature. This is in agreement with a 
study of copper-nickel alloys by the 
authors!! where oxides of copper occur in 


. containing varying amounts of silicon and | 
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the low temperature region and nickel 
oxide occurs as the temperature is elevated. 
The evidence for the stratification of 
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reflection electron diffraction technique 
cannot determine whether one or both of 
the following reactions occur on alloys 
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Fic 4—OxIDE FILMS ON NICHROME 13346. 
Note: Fe304 is probable composition. 


oxides on the surface is shown by the~ 


results (Table 4) obtained with polished 
samples of 12046 at 400 and 500°C, 12246 
at 600°C and 13246 at 600°C. In the case 
of 12046 Cr2O3 is in contact with the sub- 
strate and NiO is on the surface while 12246 
shows Cr2O3 underneath NiO-Cr.03 and 
13246 shows Cr,O3 underneath Fe3Ou. 

The heating and cooling experiments 
(Fig 7) offer quite definite proof that oxida- 
tion is proceeding primarily by the out- 
ward diffusion of metallic ions since in all 
three cases the composition of the surface 
layer changes as the temperature is ele- 
vated. This change can occur only by the 
outward diffusion of metallic ions. The 


12046 and 12246: 


(4) 2Cr+ 3 NiO=—Cr.0; + 3 Ni 
(5) 2 Cr + 36 O.= Cr,O03 


Reaction (4) involves a solid phase reac- 
tion which does not require the presence of 
oxygen. If reaction (5) does occur, it is 
taking place when the partial pressure of 
oxygen is approximately 10-5 mm. The 
transmission data of Table 4 indicate that 
reaction (4) is the more probable on 12046 
since Cr203 is observed both by reflection 
and transmission above 600°C. 

On alloy 13246 another reaction is possi- 
ble upon heating: 


(6) NiO + Cr,03— NiO:Cr.03 
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It appears that the reactions occurring on 
this alloy upon heating follow (5) and (6). 

With this series of alloys there is a corre- 
lation of long ‘Useful Life” -with the 
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large addition of silicon with smaller 
quantities of zirconium, calcium and 
aluminum while alloy 12646 differs from it 
in lower silicon content. Alloy 13446, which 
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Fic 5s—OxIDE FILMS ON NICHROME 12646. 
Note: Fes04 is probable composition. 


oxides observed on the surface. Alloy 12046 
which has the longest life (157 hr) shows 
only the presence of Cr,O3 up to 950°C; 
alloy 12246 with a ‘‘ Useful Life” of 86 hr, 
shows the presence of NiO-Cr,O3 at 950°C, 
while alloy 13246, with a ‘‘ Useful Life” of 
25 hr, shows the presence of NiO-Cr.O; at 
800°C and above. In this series one can 
conclude that the lower the temperature of 
occurrence of NiO-:Cr.O3, the shorter 
the lifetime will be. 


61 Ni-16 Cr-23 Fe (Nominal Composition) 


Table 1 shows the differences in composi- 
tion in alloys 13346, 12646 and 13446. 
Alloy 13346 is characterized by relatively 


is characterized by high manganese con- . 


tent, contains the same amount of silicon 
as alloy 12646 but does not contain any 
zirconium, calcium and aluminum. 

In addition to the reactions listed under 
the preceding section, the following reac- 
tions may occur: 


(7) 3Fe + 202— FeO, 
(8) 2Fe + 340.— Fe.03 
(9) Fe + 1440.= FeO 
(10) 2Fe;04 + 1440.— 3Fe.03 


(11) 2FeO + 1402= Fe203 
(12) 4FeO = Fe;0, + Fe 
(13) FeO + Cr,03;= FeO-Cr.0; 
(14) NiO + Fe.03;—= NiO-Fe.0; 


— 


oe tadingnss We oe 


ase 
\ 


J. W. HICKMAN AND E. A. GULBRANSEN 


It is also possible that reactions involving 
the minor constituents may occur. 

In this series, too, the “‘Useful Life” 
bears a relationship to the amount of 
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alloys 13346 and 12646, which have the 
longest life, form primarily Cr2,O3; on the 
surface while alloy 13446 forms NiO-Cr,O3 
at 700°C and above. Alloys 13346 and 
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Fic 6—OXIDE FILMS ON NICHROME 13446. 
Note: Fe304 is probable composition. 


silicon present, decreasing as the silicon 
content is lowered. The presence of man- 
ganese and the absence of zirconium, cal- 
cium and aluminum result in shorter 
lifetime. 

The quantity of silicon present has an 
effect on the temperature of occurrence of 
NiO-Cr203 on alloys 13346 and 12646 (Fig 
4 and s). This effect is the opposite of that 
obtaining in the preceding series since 
NiO-Cr.O3 occurs at a lower temperature 
on alloy 13346 which has the higher silicon 
content. Fig 4, 5 and 6 show that the 
oxides occurring on the surface at 700°C 
and above are Cr203, NiO-Cr2O3 or a mix- 
ture of these. It is evident, however, that 


12646 are in reverse order as far as appear- 
ance of NiO-Cr.03 is concerned since by 
analogy with the 80 Ni-20 Cr series one 
would expect the latter to-form NiO-Cr.03 
at a lower temperature while the converse 
appears to be the case. 

All of the alloys are characterized by 
the appearance of a spinel, probably FesOu, 
in the low temperature range followed by 
the occurrence of Cr,O3, NiO-Cr.O3 or a 
mixture of these as the temperature is 
elevated. This is probably another indica- 
tion that iron ions form and diffuse more 
readily at low temperatures while chro- 
mium ions reach the surface more quickly 
at high temperatures. With the exception 
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of alloy 12646 at 500°C, NiO is not ob- 
served on the surface even though nickel is 
the major constituent of the alloys. This 
-would indicate that iron ions form and 


: 


OXIDE STRUCTURE 


O = NiO-Cro03 
x = Cro03 
[] = Nio 


AN ELECTRON DIFFRACTION STUDY OF OXIDE FILMS 


as the result of heating in the camera 
vacuum. We have not attempted to make 
the necessary kinetic studies to determine 
the time required to bring about these 
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diffuse more readily than nickel ions at low 
temperatures. 

Unfortunately transmission patterns of 
the oxides could not be obtained from all 
of the samples. In some cases the films 
could not be removed successfully by 
anodic action while in others, particularly 
at the higher temperatures, the films were 
too thick for penetration by the electron 
beam. Table 4 shows that the oxides are 
stratified on 12646 at 600°C and on 13446 
at 500°C, 

In all cases the heating and cooling 
experiments show (Fig 8) that diffusion of 
ions and solid phase reactions are occurring 


changes. It is possible that these solid phase 


reactions may to a great extent determine 
the stability of the oxide film and have a 
decided effect on the lifetime of the heater 
element. The heating and cooling experi- 
ments in both series are preliminary in 
nature. We feel they are important particu- 
larly if extended systematically, especially 
when made in air or oxygen atmos- 
pheres and as functions of time. 

Our results indicate that the problem of 
building a heater alloy for long life at 
elevated temperatures may be dependent 
upon the proper selection of materials 
such that Cr,O; will form on the surface 
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at a relatively low temperature and con- 
tinue to exist unchanged as the tempera- 
ture is elevated and lowered in cycles. It is 
evident from life tests that this series of 


13346 


OXIDE STRUCTURE 


@) = NiO-Cr203 
Om S Cr203 
+ = Fe304 
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covering several cycles are required to 
determine whether iron will continue to 
appear in the low temperature ranges of 
the heating cycle. If one considers the two 
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alloys is not as good as the 80 Ni-20 Cr 
series. It is possible that this difference 
may be ascribed to the formation of iron 
oxides on the surface with subsequent 
solid phase reactions occurring as the 
temperature is elevated. It is well known 
that iron oxidizes more rapidly than nickel 
or chromium. This fact together with the 
indication that iron ions diffuse more 
rapidly at low temperatures would make 
for higher oxidation rate of the alloy and a 
shorter lifetime. 

The experiments performed are not com- 
plete since heating-cooling experiments 


metals, iron and chromium, one realizes 
that iron oxidizes more rapidly than chro- 
mium over the temperature range 300 to 
1000°C while the appearance of a given 
oxide on the surface of an alloy of these 
metals may be dependent upon the relative 
rates of formation and diffusion of the ions. 
Our results indicate that oxides of iron 
form at low temperatures indicating that 
the rates of formation and diffusion of iron 
ions are higher than chromium ions. Now, 
as the temperature is elevated, chromium 
ions get to the surface faster than iron ions 
and CrO3 is observed. This may still occur 
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even if the oxidation rate of iron is greater 
in the absolute sense than that of chromium 
since iron ions may not be able to diffuse 
to the surface while chromium ions do reach 
the surface. The chromium oxide film which 
forms on the outer surface of the oxide layer 
may act as a barrier for the passage of iron 
ions yet permit chromium ions to go 
through. 

Other experiments are necessary to deter- 
mine what happens to the iron in the heat- 
ing and cooling cycles. If the outer Cr2Os3 
layer acts as an effective barrier to iron, 
one would not expect to find oxides of iron 
occurring in the outer surface during the 
second heating up period. Under these 
conditions only Cr2O3; should be observed 
and the lifetime of the heater need not 
necessarily be dependent upon the rate of 
oxidation but rather upon the tenacity 
with which the oxide coating adheres to 
the substrate. 


Oxidation of Alloys 12046 and 13346 at 
1050°C in Air 

Samples of these alloys are oxidized in 
air in a tube furnace at ro50°C for 24,.48 
and 72 hr. These are removed from the 
furnace and cooled rapidly in air. Samples 
for transmission electron diffraction are 
scraped from the surfaces using a steel 
spatula. These are ground in an agate 
mortar, deposited on to a Parlodion film, 
placed on a microscope screen and photos 
are taken with the electron diffraction 
attachment of an RCA microscope type B 


TABLE 5—Oxidations at 1050°C in Air 


12046 | Cr2O3 
13346 | Cr2Oa] Cr2O2 


NiO-Cr203 


NiO-Cr2O3 | NiO-Cr203 


at 60 kv. Table 5 shows the results of these 
studies together with existence diagram 
data for r hr at 950°C (Fig 1, 4). 


An inspection of Table 5 shows that the 
oxides occurring at 1050°C are the same as 
those which appear at 950°C. This indicates 
that the existence diagram studies at 950°C 
probably represent what is happening at 
the temperatures of the life-tests. 


GENERAL 


It would appear from this study that the 
selection of materials for heater alloys 
should be made on the basis of obtaining a 
suitable composition such that the oxida- 
tion rate is lowered while at the same time 
the oxide which does form should have the 
ability to undergo successive heating and 
cooling without scaling from the substrate. 
On this basis the 80 Ni-20 Cr series offers 
the most promise. It is quite definite that 
the minor elements included in the alloys 
in this study do not comprise the only ones 
which may be beneficial. In fact it has 
been known for some time that additions 
of silicon improved while additions of man- 
ganese shortened the life of the alloy* but 
we have not found any information con- 
cerning the determination of the oxides 
which form on the surface and the rela- 
tionships, if any, of these oxides to the 
lifetime of the alloy. 

Our results do not indicate that the 
marked non-oxidizing property of the 80 
Ni-20 Cr series of alloys may be explained 


on the basis of the formation of NiO-Cr.03 | 


as postulated by Iitaka and Miyake? but 
rather that long lifetime may be associated 
with the occurrence of Cr.03 and the 
absence of NiO-Cr2Os3. 

In agreement with Scheil and Kiwit? we 
do find that the most satisfactory alloys 
form Cr,O3 while the least satisfactory 
form iron oxides and NiO-Cr.Q3.- 

Hessenbruch! has noted that with an 
improvement in lifetime of the 80 Ni-20 
Cr alloys there occurs a change in the 
physical appearance of the oxides which 
form. The black oxide occurring on the 
chrome-nickel alloys turns green when 
additions are made. From our results this 


et 


a, 


; 
: 


J. W. HICKMAN AND E. A. GULBRANSEN 533 


may be explained on the basis of the sup- 
pression of the formation of NiO-Cr.0; 
with Cr20; forming alone on the surface. 


CONCLUSIONS 


The 80 Ni-20 Cr series of alloys shows 
marked improvement as the result of addi- 
tions of silicon. This improvement may be 
correlated with the structures of the oxides 
which occur on the surface; that alloy 
with the longest life shows only the pres- 
ence of Cr2O3 while smaller quantities of 
silicon permit the formation of NiO-Cr2Os3. 
The presence of manganese and _ the 
absence of zirconium, calcium and alumi- 
num result in shorter lifetime which is cor- 
related with the appearance of NiO-Cr203 
at lower temperatures. Silicon appears to 
retard the diffusion of nickel ions to the 
surface while nickel reaches the surface 
and takes part in solid phase reactions 
when manganese is present and the ele- 
ments, zirconium, calcium and aluminum 
are absent. 

The 61 Ni-16 Cr-23 Fe series does not 
show the same correlation of lifetime and 
oxide structures as the 80 Ni-20 Cr series 
since the best alloy, 13346, shows the 
presence of NiO-Cr.03 at 950°C while the 


next best, 12646, does not form this oxide. 
However, both alloys form Cr.O;_ pri- 
marily. There does exist a correlation 
between lifetime and the amount of silicon 
with the higher silicon alloy being the 
better of the two. The addition of man- 
ganese and the absence of zirconium, cal- 
cium and aluminum which result in shorter 
lifetime may be correlated with the appear- 
ance of NiO-Cr.O3 at lower temperatures. 
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An Electron Diffraction Study of Oxide Films Formed on 
Copper-nickel Alloys at Elevated Temperatures 


By J. W. Hickman* MemBer AIME anp E. A. GULBRANSEN* 
(Philadelphia Meeting, October 1948) 


INTRODUCTION 


RECENT work by the authors! on the 
oxide films formed on alloys of titanium and 
zirconium with nickel and copper indi- 
cated that an investigation of the oxides 
which form on alloys of copper and nickel 
might permit the relative rates of forma- 
tion and diffusion of the ions of these metals 
to be determined. This binary system is of 
further interest since the alloys which 
form are of the solid solution type over the 
entire range. In addition nickel is much 
more oxidation resistant than copper. 

A comparison of the free energies of 
formation of the simple oxides which may 
occur on these alloys indicates that nickel 
oxide should be observed over the entire 
time and temperature ranges of oxidation 
for all alloy compositions.! In order for 
nickel oxide to predominate on the surface, 
it is necessary that nickel ions form 
and diffuse to the surface. Two factors 
which may influence the formation of 
nickel oxide may be the ionic sizes, where 
Cut is o.96A and Ni*+ is 0.70A, and 
the charges on the ions. On the basis of 
size, Nit+*+ should diffuse more readily than 
Cut while on the basis of charge, Cut 
should form more readily than Ni*++. 

According to Uhlig? passivity to corro- 
sion in an alloy appears at a critical compo- 
sition which for copper-nickel alloys is 
related to the tendency of the d band of 
electronic energy states to fill with elec- 
trons. This composition in the copper- 
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nickel alloys corresponds to 4o at. pct 
nickel at which composition Uhlig? (quot- 
ing La Que’s data) states that the alloy 
system becomes passive. Magnetic and 
specific heat data indicate that the d band 
of copper-nickel alloys is filled at 60 at. pet 
copper or 40 at. pct nickel. 

Mott and Jones* have shown that if, on 
alloying nickel with copper, one considers a 
copper atom to be identical with a nickel 
atom except for an extra electron (nickel 
has the configuration: 3d® 4s? and copper: 
3 d'° 4s) then at 60 at. pct copper or 40 at. 
pet nickel enough electrons are contributed 
by copper to fill the d band of the alloy. 
At this composition the magnetic suscepti- 
bility approximates zero according to 
Grew.! 

Although the electron diffraction data 
will not determine the rates of the several 


reactions which may occur during oxida- _ 


tion, yet a determination of the structures 
of the surface oxides may yield informa- 
tion concerning the relationships, if any, 
which may exist between the oxide struc- ' 
tures which form and that composition 
where the magnetic susceptibility approxi- 
mates zero. It is quite possible, of course, 
that the mechanisms of the oxidation and 
corrosion reactions may be so widely 
different that no correlations betweén them 
may be possible. 


SURVEY OF LITERATURE 


The metals, copper and nickel, which are 
face-centered cubic, form solid solution 
alloys which are face-centered cubic with 
no superstructure for all compositions. 

Three oxides of nickel have been investi- 
gated structurally by X ray diffraction. Of 
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these NiO is the most stable over a wide 
temperature range. Preston® has investi- 
gated the structure of oxide films on nickel 
using the electron diffraction reflection 
technique. The only oxide observed was 
NiO with a lattice parameter of 4.10A. 
Darbyshire* found that films of oxide 
separated from the metal by electrolytic 
corrosion were structurally identical with 
NiO in the massive form. The transmission 
patterns gave a lattice parameter of 4.11A 
in good agreement with the results ob- 
tained by Preston.’ Gulbransen and Hick- 
man’ have studied the oxidation of nickel 
from 300 to 700°C and report that NiO is 
observed over the complete temperature 
range. 

Germer® has identified the oxidation 
product occurring on copper as cuprous 
oxide. Smith® has investigated the struc- 
ture of thin films of cuprous oxide 
and has found the oxide to be cubic 
with a lattice parameter of 4.28A which is 
slightly higher than the reported X ray 
value of 4.24A. A systematic study of the 
oxides which form on copper over the 
temperature range 100 to 500°C, reported 
by Gulbransen and Hickman’ shows only 
the presence of cuprous oxide with an 
average lattice parameter of 4.32A. 

No systematic study of the oxides occur- 
ring on copper-nickel alloys has been made 
using the electron diffraction technique. 
Miyake’® has studied the oxides which form 
on the following alloys: 70 pct Ni, 30 pct 
Cu; 40 pct Ni, 60 pct Cu and 7 pct Ni, 93 
pct Cu. He has reported that only a CuO 
film was found on these alloys but forma- 
tion of NiO beneath the uppermost layer 
was suggested. 

Frohlich,""* who has studied the oxida- 
tion of pure and alloyed copper, states that 
the rate of oxidation of pure and alloyed 
copper is independent of the method of 

* The authors feel that Frohlich’s work has 
a connection with their experimental results 
since the statement is made that alloys of 


copper and nickel form a copper rich zone 
containing oxide inclusions of nickel. 
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preparation and pretreatment and of the 
oxygen pressure between 45 and 760 mm 
of mercury. Apparently copper diffuses 
into the Cu,O layer since normal Cu,O does 
not have all the copper lattice positions 
occupied while analysis shows an excess of 
copper in the oxide layer formed by diffu- 
sion. In most alloys the region between the 
base metal and the oxide layer is enriched 
in the alloying element. However, Ca, Cr, 
Li, Mn, Si, and Ti form a well-defined layer 
of their own oxide. Alloys with Al, Be and 
Mg are easily oxidized while alloys with 
B, Si, Sn or Zn, whose oxides restrain 
diffusion, resist oxidation. Frohlich"! states 
that metal diffuses into the oxide layer but 
oxygen also diffuses into the alloy as is 
shown by the formation of a copper-rich 
zone containing oxide inclusions of Mn, Ni, 
Si, Ti or Sn. 


SAMPLE PREPARATION AND METHOD 


A complete description of the apparatus 
used in this study is reported by Gul- 
bransen.!?:13 When the reflection electron 
diffraction technique is used to study oxide 
surfaces, the preparation of the metallic 
surface prior to oxidation is important in 
determining the quality of the patterns 
obtained. Experiments have shown that a 
clean, flat, slightly matted surface, which 
can be penetrated by the electrons gives 
sharp, intense patterns. 

Samples, as received, in the form of rods 
of 0.375-in. diam are cut to 0.375-In. 
lengths. These are given a surface finish 
using the precision abrader!? ending up with 
4/o emery paper. Oxidations are carried out 
after the abrading treatment without any 
other pretreatment such as annealing or 
etching. Purified oxygen under approxi- 
mately 1 mm pressure is used in all the 
oxidations. Electron diffraction photo- 
graphs are taken in the vacuum of the 
camera before oxidation; after 1, 5, 30 
and 60 min. oxidation; and after cooling to 
room temperature under approximately 
0.05 atm pressure of hydrogen. 
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Table 1 lists the samples investigated 
together with. their heat numbers and 
analyses. All alloy samples are obtained 
from Driver Harris Co., Harrison, N. J. 
through the courtesy of Mr. F. E. Bash. 
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METHOD oF INTERPRETATION 


The electron diffraction interplanar dis- 
tances are compared with those obtained 
by other workers using X ray diffraction. 
No attempt is made to determine the 
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The alloys are prepared from electrolytic 
copper and electrolytic nickel with a small 
amount of magnesium deoxidizer being 
used. Analyses are made for copper, the 
balance being nickel. No analyses for minor 
ingredients such as carbon, silicon, man- 
ganese or iron are made. 


TABLE 1—Analysis of Copper-nickel Alioys* 


HEAT NUMBER Per CENT Cu 


5446S I0.00 
4646S 19.94 
41468 29.30 
4246S 38.90 
4346S 49.37 
4446S 59.56 
47468 68.78 
4846 S 80.32 


In a subsequent paper we shall present 
micrographs and X ray diffraction data of 


the alloys. 


orientation of oxide films which show evi- 
dence of such effects by the appearance of 
intense arcs or spots; nor is any study made 
of the orientation of the metallic interface. 
The data from the oxidations are presented 
in the form of existence diagrams of the 
oxides plotted on a_ time-temperature 
scale (Fig 1-11). The terms oriented, 
sharp, medium and diffuse occurring on the 
existence diagrams and represented by the 
letters O, S, M, and D, respectively, refer 
to the types of diffraction patterns. Those 
patterns are termed ‘‘oriented” where 
intense arcs or spots occur as the result of 
preferential growth of the oxide crystals on 
the surface. The remaining three classifica- 
tions are made on the basis of diffraction 
line widths. 
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RESULTS AND DisCUSSION 
Table 2 gives a synposis of the results 
which are presented more completely in 
graphical form in the existence diagrams 
(Fig 1-11). 


Copper 


An inspection of Fig 11 shows that Cu,0 
is the only oxide observed over the tem- 
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copper ions reach the surface. This is evi- 
denced by an inspection of the Kr values 
given with Eq 1-4 inclusive. CuO may 
occur only on the surface providing copper 
ions have rates of formation and diffusion 
which are too low to permit reaction (1) to 
be operable. 

Since the experimental conditions are 
such that an excess of oxygen is always 


TABLE 2—Oxides Found on the Metals and Alloys 


Oxide Structure 


et 


NiO 
Cu20, CuO at 300-400°C; Cu20, NiO at 500°C, NiO at 600- 


Cu20 at 300-400°C; Cu20, CuO at 500°C; NiO at 600-800°C 
Cu20 at 300°C; Cu20, CuO at 400-500°C; NiO at 600-800°C 
Cu20 at 300°C, Cu20, CuO at 400-500°C; NiO at 600-800°C 
Cu20 at 300-400°C; Cu20, CuO at 500°C, NiO at 600-800°C 
Cus0, CuO at 300-500°C; NiO at 600-800°C 

Cu20, CuO at 300-500°C; NiO at 600-800°C 

Cu20 at 300°C; Cu20 > Cu20 + CuO at 400-500°C; Cu:0 > 


CuO at 600°C; NiO at 700-800°C 


Oxid. 
Metal or Alloy | Fig | Temp °C} Time 
(Min.) 
Nickel ac woncesmee 1 | 300-800 | 1-60 
10.00 Cu-Ni....... 2 | 300-800 | 1-60 
800°C 
19.94 Cu-Ni....... 3 | 300-800 | 1-60 
29.30 Cu-Ni....... 4 | 300-800 | 1-60 
38.90 Cu-Ni....... 5 | 300-800 | 1-60 
49.37 Cu-Ni....... 6 | 300-800 | 1-60 
59.50 Cu-Nis...%. o< 7 | 300-800 | 1-60 
68.78 Cu-Ni....... 8 | 300-800 | I-60 
80.32 Cu-Ni....... 9 | 300-800 | 1-60 
88.74 Cu-Ni....... ro | 300-800 | 1-60 
COppeF aad -mns's es Ir | 300-600 | 1-60 1120 


perature range 100-600°C. The patterns 
become more diffuse as the temperature is 
elevated. Thermodynamic data for the 
copper oxides are given in an earlier paper.’ 
The following reactions may occur in the 
oxidation of copper: 
(1) 2 Cu (s) + 0.5 O2 (g) = CuO (s) 
where 
Kr = 10t!8 at 300°C and rot. at 700°C 
(2) Cu (s) + 0.5 O2 (g) = CuO (s) where 
Kp = 10t?-4 at 300°C and rot®-8 at 700°C 
(3) CuzO (s) + 0.5 Ox (g) = 2 CuO (3) 
where 
Kr = 107-9 at 300°C and 1ot*-! at 700°C 
(4) Cu (s) + CuO (s) = Cu,0 (s) where 
Kr = 10t?-4 at 300°C and 1ot!-? at 700°C. 
Reaction (1) probably occurs initially. 
At least electron diffraction investigations 
of very thin films show the presence of 
Cu.0. The oxide film may continue to grow 
in thickness by copper ions diffusing out- 
ward, by oxygen diffusing inward or by a 
combination of these mechanisms. In the 
temperature range 300-700°C CuO should 
be the only oxide observed if sufficient 


Cu20 at 300-s00°C; Cu20 — CuO at 600-700°C, NiO at 800°C 


available to take part in the gas-metal 


reaction, the reaction products which are 
observed will be dependent upon the rates 
of formation and diffusion of copper ions 
and the rate of diffusion of oxygen through 
the oxide film. The experimental results 
indicate that the oxidation of copper 
proceeds primarily according to reaction 
(1). If any CuO does form, a solid phase 


reaction according to. reaction (4) imme- . 


diately occurs to form Cu,0. This would 
indicate that the oxidation of copper is 
determined by the formation and diffusion 
of copper ions and that the diffusion of 
oxygen inward at best plays only a minor 


‘role in the reaction mechanism. 


Nickel 


The existence diagram of the oxides 
occurring on nickel (Fig 1) shows only the 
presence of NiO over the complete time- 
temperature range. The diffraction patterns 
undergo a change from diffuse to sharp in 
the temperature range 400 to 500°C. 
Although the structures of the substrates 
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are the same in all cases, the oxide films 
show a tendency to be oriented in the 
higher temperature range. This cannot be 
attributed solely to substrate influence 
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oxides on all of the alloys after 5 and 60 
min. respectively. An inspection of Fig 12 
and 13 shows that oxides of copper are 
observed on all of the alloys at 500°C and 
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since at 700°C the films are not oriented in 


the thin region while they become oriented 
as the film becomes thicker. It appears that 
orientation is occurring as a result of 
growth. 


Alloys 


The existence diagrams of the oxides 
occurring on the alloys (Fig 2-10) show 
that oxides of copper and nickel are ob- 
served on all of the alloys somewhere in the 
_ time-temperature Tange. Fig 12 and 13 are 
included to show the occurrence of the 


below while nickel oxide is observed on all 
the alloys about 700°C. There appears to be 
a mass action effect occurring in these 
reactions since copper oxides are observed 
up to 700°C on $8.74 pct copper-nickel and 
up to 600°C on 80.32 pct copper-nickel 
while nickel oxide is observed alone on the 
remaining alloys at 600°C and above. 

In addition to the reactions which may 
occur on the metals separately, the following 
solid phase reactions may occur: 

(s) Ni (s) + CuO (s)= NiO (s) +2 
Cu (s) where 
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Kp = 10+7-1 at 300°C and 1ot-? at 700 are 
(6) Ni (s) + CuO (s) = NiO (s) + Cu 

(s) where 

Kp = 10+®-5 at 300°C and rot? at 700°C. 

Reactions (5) and (6) show that NiO should 
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be observed over the complete time-tem- 
perature range if nickel ions are formed and 
reach the surface. 

Since the results show that NiO is not 
observed over the complete temperature 
range, sufficient nickel ions have not 
formed and diffused to the surface to make 
reactions (5) and (6) operable. The results 
indicate that copper ions have greater 
rates of formation and diffusion than nickel 
ions in the temperature range below 600°C. 

Below 600°C the presence of nickel in the 
alloy lattice or the presence of a thin film of 
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nickel oxide in contact with the substrate 


does have an effect on the diffusion of 


copper ions to the surface. This is evidenced 
by the appearance of CuO on the alloys in 
contrast with its absence on copper. 
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Probably reaction (3) which gives the 
formation of CuO from CuO is operable. 
It appears that nickel hinders the diffusion — 
of copper and would therefore reduce the 
oxidation rate of copper. In an earlier — 
paper! the authors studied the oxidation 
of so pct Ti-Ni, 70 pct Ti-Ni and 28 pet 
Ti-Cu. The results on these alloys show 
only the presence of TiO» (rutile) on the 
nickel alloys while Cu,O is observed at 
300-400°C, and TiO: (rutile) at 500- 
700°C on the copper alloy. Table 3 shows 
a comparison of the sum of the relative 
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rates of formation and dffusion of the ions 
of titanium, copper and nickel as obtained 
from this study and the earlier report.! 

An inspection of Table 3 shows that 
Cu > Ti > Ni at 300-400°C; Ti > Cu > 
Ni at 500°C, and Ti > Ni > Cu at 600- 
7oo°C. One would predict from Table 3 
that a ternary alloy composed of these 
three metals would have oxides of copper 
on the surface at 300-400°C; titanium 
oxide at 500—700°C and that nickel oxide 
would not be observed in the outer surface 
of the oxide layer. 
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of the oxides which are present in the 
outer surface of the oxide layer may not be 
correlated with the decreased rate. Since it 
is known that nickel oxidizes at a much 
lower rate than copper, our results indicate 


' that one might expect to observe a gradual 


decrease in the rate of oxidation as the 
percentage of nickel is increased. 

Our results are not in agreement with 
those reported by Miyake!® who found 
only a CuO film on the surfaces of the 
following alloys: 70 Ni 30 Cu, 40 Ni 60 Cu 
and 7 Ni 93 Cu, with the suggestion that 


TABLE 3—Sum of Rates of Formation and Diffusion of the Ions 


Alloy 300°C 400°C 500°C 600°C 700°C 
Bem edes OMe etal aiclay = ira etal ors ree cicPel od Vere corel Velen « Cay ia Cus rt Ori Cal Lie Cul ciniCu 
EG TNOINNS 69a tig Gane Seen, 6 Oe COD oOee Re Boomer Ti Ni ta NL DiS Nig Lig Ni | Ti, > Ni 
oo) USSU S 5 pet eR sino) cpio pbes Op oaeasSnor Ti > Ne Tt > Nt | ts > Ni |) Ti Ne | TivS Ni 
PR NOLO Gc 7 Or Cat INA se sia) .oa0e adedy-eraticae hs ayelereis ae eke dha Ca > Ni | CaS NeWica > Nit) Ni > Cu | Nils ‘Cu 


Although alloys of copper and nickel are 
reported? to be passive to corrosion when 
the at. pct of nickel reaches 4o pct, the 
results of this study show no indication that 
there is a structural change in the oxide 
coating formed at elevated temperatures 
as the result of a gas-metal reaction. If the 
appearance of passivity to corrosion is 


connected with a filling up of the d band 


of electronic energy states of the alloy by 
donations from copper atoms, then this 
filled d band does not appear to affect the 
structures of the oxides which form on the 
alloy as the result of gas-metal reactions. 
The methods used in this study cannot 
determine the rates of the reactions which 
occur. In order to determine whether the 


_ composition which corresponds to passivity 


4 
; 
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to corrosion also corresponds to a di- 
minution in oxidation rate, it is necessary 
to make rate studies using the quartz 
microbalance.14 

If there exists a composition in the 
copper-nickel alloy system where a sudden 
change in oxidation rate occurs, the results 
of this study indicate that the structures 
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NiO may be present beneath the uppermost 
layer. This study shows the presence of 
Cu,0, CuO and NiO on the surface of 70 
Ni 30 Cu and 4o Ni 60 Cu depending upon 
the temperature of oxidation (Fig 13) while 
to Ni 90 Cu shows the presence of CuO 
and NiO. 


SUMMARY 


The results of this investigation of thin 
oxide films formed on alloys of copper and 
nickel are presented as existence diagrams 
of the oxides on a time-temperature scale. 
The study shows that: 

1. The oxide structures of thin films are 
identical with those of bulk oxides as 
determined by X ray diffraction. 

2. Only simple oxides of the metals are 
found; no complex oxides containing both 
metals are observed. 

3. In general oxides of copper are 
observed on all the alloys at low tem- 
peratures while nickel oxide occurs at 
higher temperatures. 

4. The temperature at which nickel 
oxide occurs on the surface does not appear 
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to be very dependent upon composition 
although it does occur at lower tempera- 
tures for higher nickel concentrations. 

s. The occurrence of nickel oxide on the 
surface is more strongly dependent upon 
temperature than upon composition. 

6. There does not appear to be any 
unique structural change at that composi- 
tion where the copper-nickel alloy system 
approximates zero in magnetic suscepti- 
bility and becomes passive to corrosion. 
This may indicate that the mechanisms of 
corrosion and oxidation are different. 

7. The experimental results indicate that 
the rates of formation and diffusion of ions 
are important factors in determining the 
oxide which will be observed.* In general, 
copper ions form and diffuse more readily 
at low temperatures while nickel ions 
reach the surface more quickly at high 
temperatures. 


*The authors consider this statement 
expresses a valid conclusion from their experi- 
mental results. It is evident that the thermo- 
dynamic stabilities of the oxides are not the 
controlling factors since nickel oxide is not 
observed over the complete time, temperature 
and composition range. The important factors 
determining the oxide that will be observed 
must, therefore, be the formation and diffusion 
of metallic ions. 
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8. The fact that NiO does not occur over 
the complete time-temperature range for 
all alloy compositions indicates that, 
although thermodynamic equilibria have 


undoubtedly been attained, the rates of © 


formation and diffusion of nickel ions are 
not sufficiently high for the solid phase 
reactions to occur. 
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Oxide Films Formed on Metals and Binary Alloys. An Electron 
Diffraction Study 


By J. W.. Hickman* 


(San Francisco Meeting, February 1949) 


INTRODUCTION 


Most of the electron diffraction studies 
of oxide films which form on metals and 
alloys have been carried out by oxidizing 
the specimens in an auxiliary furnace, cool- 
ing down to room temperature and then 
inserting the sample in the camera and 
taking a diffraction photograph. Prior to 
the investigations at the Westinghouse 
Research Laboratories, no systematic study 
of the oxidation of any metal or alloy had 
been made over a wide temperature range 
with photographs taken at elevated tem- 
peratures except the investigation of iron 
by Jackson and Quarrell.? 

In order to interpret the electron dif- 
fraction patterns of the oxides which may 
form on alloys, it seemed advisable to make 
a comprehensive study of the oxidation of 
the purest metals available in the bulk 
form. Thus far studies have been completed 
on iron,? cobalt,? nickel,? chromium,? cop- 
per,? tungsten,* molybdenum,’ beryllium,# 
uranium,‘ thorium,‘ titanium® and zir- 
conium® while investigations are in progress 
on tantalum and columbium. 

The next step in the study is concerned 
with the investigation of the oxides which 
form on binary alloys. Some of the alloys 
consist of a single phase while others con- 
tain more than one phase. The identifica- 
tion of the oxides on the surface of a binary 
~ Manuscript received at the office of the 
Institute June 24, 1948. Issued as TP 2483 in 
METALS TECHNOLOGY, December 1948. 

* The late J. W. Hickman was associated 
with Westinghouse Research Laboratories, 


East Pittsburgh, Pa. 
1 References are at the end of the paper. 
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alloy may be more difficult than on the 
metals since oxides. containing both metals 
as well as those of each metal separately 
may form. Furthermore, it is possible that 
solid solutions of the various oxides may 
occur. In these cases the electron diffraction 
method may not be able to identify the 
oxidation products unequivocally. Exam- 
ples of solid solutions which may present 
difficulties are MoO, and WOz, Fe304 and 
FeO:Cr2,O3 since the diffraction patterns 
are so similar. Since electron diffraction can 
determine only the structure of the oxide, 
the chemical composition must be inferred 
from the diffraction data based upon X ray 
diffraction investigations of specimens of 
known composition. 

It is possible in some cases to decide 
whether a given solid phase reaction can 
occur on the surface of an alloy by a study 
of available thermodynamic data. Table 1 
lists the equations for the formation of 
most of the oxides from the elements to- 
gether with values of logio Kr for the sev- 
eral temperatures. 


AF, = —RT In Kn 
AFR 
due bey = loge k 
a —=aipysT- mn ast 


AF, and Ke are the free energy and 
equilibrium constant of the reaction. 
Calculations may be made using the 
values given in Table 1 to determine 
whether a given solid phase reaction is 
possible thermodynamically. For example, 
a solid phase reaction should occur between 
aluminum and chromium oxide to form 
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chromium and aluminum oxide at 700°C 
according to: 


2Al(s) + Cr2O3(s) = AlzOa(s) + 2Cr(s) 
AF°, 
= | 
qs7st — Sikes 
= 71.1 — 45.3 = 25.8, 


Kr = 10 + 28 


[x] 
Thus 
This shows that aluminum will reduce 


chromium oxide but it gives no indication 
of the rate at which the reduction will 


TABLE 1—Free Energies of Formation of the Oxides (Units of 


Reaction 


2Al(s) + 3402(g) — Al2O3(s) to 600°C....... 
5 + $20a(g) = AlsOa(s) above 600°C... 
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occur. Furthermore, if both aluminum and 
chromium are present in an alloy, Eq 1 can 
only occur providing aluminum ions reach 
the surface. Various factors may prevent 
this reaction from taking place. Among 
these, the rates of formation and diffusion 
of aluminum ions may be so low that an 
insufficient number of ions reach the sur- 
face to form aluminum oxide in sufficient 
quantity to be detected in the diffraction 
pattern. 

For oxidation to occur, a metallic ion 
must form and diffuse to the surface. The 
energy necessary to remove the required 
number of electrons from the valence level 
may be related to the ionization potential 
of the gaseous atom. This energy varies 
from 7 to r2 volts per electron removed. 
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After the ion forms, it must diffuse by some 
mechanism to the surface where oxidation 
occurs. The ease with which an ion can 
diffuse to the surface is undoubtedly related 
to its size. These two factors, the energy 
required to form the ion and the size of the 
ion, may determine to a great extent which 
oxide will form on the surface of a binary 
alloy. Table 2 lists the available ionic radii 
of the metals of which the binary alloys are 
composed. 


—AF°R 
4-575 
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TaBLE 2—Jonic Radii of the Metals 


METALLIC Ion Raptus* (A) 


ee 0.31 
Sit+ She 
Titt 0.68 
Zri* 0.80 
Mor t 0.62 
Crit ee 
Fe2t 0.75 
Fes+ 0.60 
Co2t 0.72 
Nie Sees! 
Nits, Oc e6t 
Cutt 

wit 

wst 


* G. L. Clark: Applied X-rays. 356, McGraw Hill, 


(1940). 
+ Calculated from the divalent radius on the basis 
of the Fe’+/Fe2* ratio. 


SURVEY OF LITERATURE 
Metals 


Electron diffraction studies of the oxida- 
tion of iron have been reported by Jackson 
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and Quarrell,! Nelson® and Timori.’ Jackson 
and Quarrell! were the first workers to 
report that the oxide film which is present 
on the surface of iron at elevated tempera- 
tures undergoes a chemical transformation 
when it is cooled to room temperature as 
evidenced by the appearance of FeO at 
elevated temperatures and Fe;04 upon 
cooling. 

Arkharov and Voroshilova® investigated 
the oxidation of cobalt by X ray diffraction 
and found CoO in contact with the metal 
and Co3Q, as a thin layer on the outside. 

- The possibility of Co,0; being present be- 
tween these was conjectured although its 
presence was doubtful. No electron dif- 
fraction studies are reported for this metal. 

‘Preston® and Darbyshire!® have found 
only NiO on the surface of nickel although 
three oxides NiO, NizO; and Ni;O4 have 
been investigated by X ray diffraction. 

The oxidation of chromium has not been 
investigated by electron diffraction al- 
though two oxides, Cr2O3 and CrOs, are 
reported by X rays. 

Germer! and Smith!2 have reported that 
Cu,0 formed on copper while CuO has 
been investigated by X ray diffraction. 

No electron diffraction study of the oxi- 
dation of tungsten and molybdenum has 
been reported. The most recent X ray dif- 
fraction study of the oxides of these metals 
is that of Hagg and Magneli.!? 

There are apparently no reports of elec- 
tron diffraction investigations of oxides 
formed on beryllium, uranium, thorium, 
titanium and zirconium. 

Of the three dioxides of titanium, anatase 
is stable below 915°C although two modifi- 
cations are reported with a transition at 
642°C. On this basis one might expect to 
observe only anatase in the temperature 
range of the present study. 

Cohn and Tolksdorf" have reported that 
the monoclinic modification of ZrO: is 
stable up to 1000°C. 
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Binary Alloys 


The oxidation of only a few of the alloys 
described in this report has been investi- 
gated by electron diffraction. No electron 
diffraction investigations have been made 
of the oxides which form on alloys contain- 
ing titanium, zirconium, molybdenum and 
tungsten. 

Portevin, Pretet and Jolivet,'® in a study 
of various alloys of iron and silicon, have 
reported that silicon is absent in the Fe.O3 
and Fe;0, layers and is concentrated within 
the boundary of the original steel. 

Alloys of chromium and iron have been 
investigated by Mahla and Nielsen.1* They 
have found a mixture of alpha FeO; and 
Fe304, with Fe;0,4 predominating, on 12 pct 
and 27 pct chromium-iron when these 
alloys are furnace oxidized for 10 min. at 
O75RC. 

Titake and Miyake?” have reported that 
a pattern of NiO-Cr2O; is obtained from the 
heated surface of an 80 pct nickel-chro- 
mium alloy. They state that the marked 
non-oxidizing property of this alloy may be 
explained by the formation of this oxide 
film. 

Miyake,!8 who has studied the oxides 
which form on 70, 4o and 7 pct nickel- 
copper alloys, has reported that only a CuO 
film is found on these alloys but formation 
of NiO beneath the uppermost layer is 
suggested. 


DISCUSSION OF RESULTS 
Metals 


Table 3 gives the analyses of the metals 
used in this study while Table 4 is asynop- 
sis of the oxides formed on the metals upon 
oxidation with x mm of oxygen at the sev- 
eral temperatures for 60 min. Fig 1 and 2 
show typical electron diffraction photo- 
graphs of the oxides. All of the possible 
oxides do not occur on all of the metals with 
the experimental conditions used. In some 
cases the temperature range covered does 
not include all the possible oxides but, in 
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most cases, temperature is not the con- 
trolling factor. The experimental conditions 
used, namely 1 mm of oxygen with subse- 
quent evacuation in order that the diffrac- 
tion photograph may be taken, may 
prevent the observation of some of the 
oxides. 


TABLE 3—Analysis of the Metals 


METAL ANALYSIS 

Fe Research ‘Puron’’ about 99.95 pct (Oz about 
0.04 pct) 

Co _ Electrolytic: P, 0.003; Al, 0.033; AlzOs, 0.004; 
C, 0.0015 ~ 

Ni Commercial grade: C, 0.02; Mn, 0.29; Si, 
0.02; Cu, 0.07; Co, 0.80; FeO, 0.15 

Cr Electroplated on Oxygen Free, High Con- 
ductivity Copper 

Cu Oxygen Free, High Conductivity 

W  99.9+ 4 

Mo 99.95+ _. 3 p 

Be The Beryllium Corporation, Reading, Pa., 


(Vacuum melted) 
U Westinghouse Lamp Division, Bloomfield, 


New Jersey 

Th Westinghouse Lamp Division, Bloomfield, 
New Jersey 

Ti (94-98): Hz (0.0-0.1), C (0.0-0.5), N2 (0.7- 
0.9), Fe (0.02—0.7), Si (0.0-1.5), Al (0.03), 
Zr (0.1), Ca (0.1) 3 

Zr  (95-99.5): Hz (0.01), C (0.3), Si (0.3) 


Table 4 shows that the oxide which oc- 
curs on iron, cobalt, tungsten and molyb- 
denum is dependent upon the temperature 
at which oxidation occurs. It may also be 
dependent upon the thickness. of the oxide 
film. In these cases, if the oxide film is 
formed at a low temperature and if it is 
heated in the vacuum of the camera (1074 
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structure may be dependent upon the 
thickness of the oxide film. 

Fig'3 shows how the temperature of the 
Fe,0,FeO transition varies with film 
thickness upon heating and cooling in 
vacuo when the film is formed at low 
temperature. Fig 4 shows the transitions 
which occur when the film is formed at 
high temperature, cooled in oxygen, then 
heated and cooled in vacuo. The tempera- 
ture of this transition (Fig 3) increases with 
increasing film thickness in the heating 
process until the film reaches a thickness 


greater than 1 500A. Film thicknesses may _ 


be calculated from oxidation rate measure- 
ments.!9 At some point between 1500 and 
4000A the transition temperature decreases 
slightly. It is difficult to say whether this 
effect is real or the result of experimental 
differences. The thickness of the oxide film 
appears to have little effect on the reverse 
transition in the cooling process. It is sig- 
nificant that the transition temperature 
goes from 400-425°C at a film thickness of 
450A to 550°C when the film is 1 500A thick. 

The chemical reactions which occur upon 
heating oxides on these four metals may be 
given by the following equations: 


mm of mercury), transition to the high FesO«(s)-+ Fe(s) Tare [2] 
; , 5 CosO04(s) + Co(s) = 4CoO(s) [3 
temperature oxide occurs. This transition 2WO3(s) + W(s) =3WOxs) [4 
from the low to the high temperature 2Mo0;3(s) + Mo(s) = 3Mo0,.(s)_ [5 
TABLE 4—Ovxide Films Formed on the Metals i 
Temperature °C 
Metal Reference 
100 200 300 400 500 600 700 
Tronissn JPidh. woxdctaamriies a y-Fe203 | a-Fe2O3| FesOu Fes3O4 FeO FeO 2 
a-Fe2O3 
Cobaltys as cig weatetaiee sted Co304 Co304 CoO CoO CoO 
: CoO 00 
INICKEN SG. <@ tine en src atta es NiO NiO NiO NiO NiO 2 
Chrommiuumib nee sevens saree Cr203 Cr203 Cr203 Cr203 Cr203 2 
Coppertis |i Cotta tan sete Cu20 | Cu20 Cu20 Cuz Cu20 Cu20. 2 
Twn ester sonia sue ay ie ae cater WO; WO; WO; WO; WO; 3 
WO2 
Molybdenum nian mesiirnaets MoOs MoO; MoO2 MoOz MoO2 3 
Beryllitinn is. tomers otters BeO BeO BeO BeO BeO 4 
Weanitim, $= yarns sae cs UO2 UOz UO2 4 
Thorium... ThO2 ThO2 ThOe ThO2 4 
PAGariisin, iad te ahs tYeert es) otal i102 TiOg TiOs *TiOe TiO2 5 
ZALCONM TA y ctv dale trae iie ons ole ZrO2 ZrO2 ZrO2 ZrOz ZrO2 5 
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Fic 1—PATTERNS OF OXIDE FILMS FORMED ON METALS. 


Fic 2—PATTERNS OF OXIDE FILMS FORMED ON METALS. 
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CIOIGIOR TOK 


OXIDE STRUCTURE TYPE OF PATTERN 


(=) = SPINEL (Fes 0,4) O = ORIENTED 
S = SHARP 

a = O -Fe203 M= MEDIUM 
D = DIFFUSE 


Fic 3—HEATING AND COOLING IRON OXIDE FILMS. 


OXIDE _STRUCTUR TYPE OF PATTERN 


OC = SPINEL (Fex04) O = ORIENTED 
S = SHARP 


M= MEDIUM 
D= DIFFUSE 


' 
7 
} 
Fic 4—OxIE FILMS FORMED ON FE AT 700°C; COOLED IN O2; HEATED AND COOLED IN VACUO. 
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The above equations indicate that the 
reactions are occurring essentially in the 
absence of oxygen; they involve the out- 
ward movement of metallic ions from the 


ens 


Mo (60 MIN.) 


[s] 


QXIDE STRUCTURE 


ce] = MoO2 


MoO3 
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occurring at a higher temperature for the 

thicker film while the results on molyb- 

denum are inconclusive in this respect. 
The ease with which reversibility occurs 


ae 


TYPE OF PATTERN 


O = ORIENTED 
S = SHARP 
M = MEDIUM 
D = DIFFUSE 


: Fic 5—HEATING AND COOLING OXIDE FILMS ON MOLYBDENUM AND TUNGSTEN. 


substrate into the oxide layer where a 
solid phase reaction occurs to form the 
high temperature oxide. The equations, as 
given, indicate that the reactions are re- 


versible and that the low temperature 


oxide may form upon cooling. Fig 3 and 4 
show the reaction to be reversible on iron. 

However, Fig 5 which presents the ef- 
fects of heating and cooling oxides on 
molybdenum and tungsten, shows that the 
transition, XO3;— XOz, occurs upon heat- 
ing but the reverse transition, XO2 — XOs, 
does not take place when the oxide is 
cooled. Other experimental results (not 
given here) indicate that the transition on 
tungsten is dependent upon film thickness, 


with the iron oxides is probably dependent, 
among other factors, upon the similarity 
of the two oxide structures while the dis- 
similarity of the two oxide structures on 
tungsten and molybdenum!’ may make the 
reverse transition more difficult. On the 
basis of this structural argument one might 
expect the Co3;0,-CoO transition to be re- 
versible since the oxide structures bear the 
same relationship to each other as Fe3O4 
does to FeO. Up to the present time this 
transition has not been studied in detail. 
The results obtained with nickel are in 
agreement with earlier investigations. 1° 
The oxides, Ni3O, and NizO3, whose ex- 
istence is doubtful, are not observed. 
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The absence of CuO on the surface of 
copper is probably dependent upon two 
factors; namely, sufficient copper ions are 
reaching the surface to form Cuz0 and the 
dissociation pressure of CuO is probably 
so high that the following reaction becomes 
operable when the camera is evacuated: 


2CuO(s) > Cu,0(s) + % O2(s) [6] 


The following experiment can be per- 
formed to determine whether Eq 6 takes 
place in the vacuum of the camera. A sam- 
ple of copper, which is oxidized at 600°C 
for 1 min. with 1 mm of oxygen, shows the 
presence of Cu,0. Upon cooling in 7.6 cm 
of oxygen, a mixture of Cu,O and CuO is 
obtained. Heating in the vacuum of the 
camera yields CuzO at 600°C while further 
oxidation at this temperature gives only 
Cu.O. If the specimen is then cooled to 
room temperature in 7.6 cm of oxygen, CuO 
is obtained. These results indicate that Eq 
6 does occur in the vacuum of the camera 
(xo-4 mm of mercury) at 600°C. 

The metals, molybdenum and tungsten, 
seem to differ in the sequence of appearance 
of oxides on their surfaces. With molyb- 
denum, MoO, is in contact with the metal 
while, on tungsten, WO; occupies this posi- 
tion. The trioxides of the metals are more 
stable thermodynamically than the diox- 
ides so that the above difference is un- 
doubtedly caused by differences in the 
mechanisms of the oxidation reactions. 

The oxide films on beryllium change only 
in physical characteristics with increasing 
temperature, the diffraction lines becoming 
sharper as the temperature is elevated. 

Although three oxides of uranium have 
been reported, only UO: is observed up to 
300°C. This metal oxidizes very rapidly 
even when in the bulk form with the dif- 
fraction patterns going from sharp to dif- 
fuse as the temperature increases from 100 
to 300°C. 

All of the diffraction patterns of the 
oxides on thorium are quite diffuse. Al- 
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though this metal appears to oxidize at a 
lower rate than uranium, the patterns are 
not as sharp. This may be caused by 
the formation of very small crystals or the 
oxide may be going into solution in the 
metal. 

The appearance of the rutile modification 
of TiO, on the surface of titanium is unex- 
pected since anatase is the stable modifica- 
tion below 915°C. It is probable that the 
regions of stability of the titanium dioxides 
are influenced by the presence of the metal- 
lic substrate. 

The expected monoclinic modification of 
ZrO» is observed on zirconium. All of the 
photographs are very diffuse which may 
indicate solubility of the oxide in the 
metallic substrate. A further indication of 
this is the fact that the films cannot be re- 
moved readily from the metal. 


SUMMARY 


This study of the oxide structures that 
form on the surfaces of the metals shows 
that: 

1. The oxide structures of thin films are 
identical with those of bulk oxides as 
determined by X ray diffraction. 

2. The oxidation of iron shows the 
presence of three structural transitions: 

a. Gamma Fe,0; to alpha Fe,03 at 
aoc C, 


b. Alpha FeO; to FesOgat 225° to 450°C, 


c. Fe3O4 to FeO at 450° to 550°C. 

In addition the Fe3O4-FeO transition is 
reversible upon heating and cooling. 

3. The oxidation of cobalt indicates one 
structural transition from Cos04 to CoO at 
400 to 600°C. 

4. In the temperature ranges studied no 
lattice transitions occur in the oxides 
formed on nickel, chromium, copper, 
beryllium, uranium, thorium, titanium and 
zirconium. The absence of CuO on copper 
is due to the fact that the camera must be 
evacuated before a photograph is taken. 
This results in the decomposition of CuO to 
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form CuO since the oxygen pressure over 
CuO is 3 X 1073 mm at 600°C and the 
partial pressure of oxygen in the camera is 
to—> mm of mercury. 

The occurrence of rutile (TiO2) on ti- 
tanium in the low temperature range where 
anatase (TiO2) is expected may be similar 
to the occurrence of FeO in the form of thin 
films on iron at temperatures lower than 
are observed when bulk samples are 
investigated. 

5. Structural transitions are observed on 
tungsten and molybdenum going from the 
trioxide at low temperatures to the dioxide 
as the temperature is elevated. The tem- 
perature of the WO; — WOsg transition ap- 
pears to be dependent upon the oxide film 
thickness while the results on the MoO; — 
MoO, transition are inconclusive in this 
respect. These transitions are irreversible. 

6. The diffuse diffraction patterns ob- 
tained from oxidized zirconium and the 
difficulties encountered in attempting to 
remove the oxide film from the substrate 
may be evidence of solubility of the oxide 
in the metal. 


Binary ALLOYS 


Most of the alloys have not been ana-’ 
lyzed chemically. The titanium and zir- 


conium alloys were supplied by Metal 
Hydrides Inc., Beverly, Mass. These alloys 
contain titanium and zirconium having the 
analyses given for these metals in Table. 3. 
The alloys 80Mo-W, 50Mo-W, 20Mo-W, 93 
Mo-Ni, 95Mo-Co, 95Mo-Cr, 95W-Ni, 95W- 
Co and 95W-Cr were prepared by powder 
metallurgy from metals with a purity of 
99.5+ by the Westinghouse Lamp Division, 
Bloomfield, N. J. The 80W-Cu alloy was 


obtained from Callite Tungsten Corpora- 


tion, Union City, N. J. The copper-nickel 
alloys, which were supplied by Driver 
Harris Co., Harrison, N. J., were prepared 
from electrolytic copper and nickel using 
a small amount of magnesium deoxidizer. 


’ The 5Si-Fe alloy contains 5.60 pct Si, 0.015 


pet C while the 14.5Si-Fe alloy contains 
14.50 pct Si, 0.80 pct C and 0.35 pct Mn. 
The 27Cr-Fe alloy contains 26.07 pct Cr, 
0.09 pct Ni, 0.40 pct Si, 0.54 pet Mn, 0.17 
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Fic 6—OxIDE FILMS ON 10.00Cu-NI ALLOY AT 400°C; COOLED TO 25°C IN HYDROGEN. 


pct C, o.org pet P, 0.017 pet S and the 
balance Fe. The 2Be-Cu has the nominal 
composition 97.5-98 pct Cu, 2.0-2.25 pet 
Be and 0.25 pct Ni. 

The 80 Ni-Cr alloy contains 0.34 pct Fe, 
19.91 pct Cr, 0.07 pet Al, 1.39 pet Si, 0.01 
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pct Mn, 0.08 pct C, 0.10 pet Zr, 0.024 pet 


Ca and the balance Ni. 
The diffraction patterns in Fig 6 illus- 
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hydrogen causes reduction to take place 
which results in the formation of CuO ac- 
cording to: 


a 


. 95 Pct Mo-Cr at 700°C. 


wOO 


trate the effects which occur as an oxide 
film builds up on the surface of ro pct cop- 
per-nickel at 400°C. In the vacuum of the 
camera and after 1 min. oxidation, CuO is 
observed on the surface. After 5 min, oxida- 
tion the pattern shows the presence of 
Cu,0 and CuO. The following reaction is 
occurring: 


CuzO(s) + 4 O2(g) = 2CuO0(s) [7] 


Oxidation for 30 and 60 min. results in 
complete transformation to CuO while 
cooling from 400 to 25°C in 0.05 atm. of 


. 95 pct Mo-Cr art 600°C. 
. 95 Pct W-CR AT 700°C, 
. 95 Pct Mo-Co at 700°C. 


2CuO(s) + He(g) 
= Cu,0(s) + H20(g) [8] 
Fig 7 shows typical electron diffraction 
patterns of the oxides that occur on five 
alloys. In each experiment six photographs 
are taken. The first pattern is obtained 
from the heated alloy surface before oxida- 
tion has begun while the next four are 
taken after oxidation has proceeded for 1, 
5, 30 and 60 min. The last photograph is 
taken after the specimen is cooled to room 
temperature in 0.05 atm. of hydrogen. 
Both physical and chemical changes 


occur on the surface of 80 pct tungsten- 
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copper as the oxide film forms at 500°C. 
In the vacuum of the camera a pattern of 
the metal lattice and of WO; is obtained 
while after oxidation has proceeded for 1 
min. the pattern shows the presence of WO; 
and Cu,0 with rather diffuse lines. Al- 
though the same oxides are present after 
5 min. oxidation, the lines are more diffuse. 
After 30 and 60 min. oxidation Cu,O occurs 
alone. These patterns are sharp and show 
the presence of moderately large crystals 
since discrete spots are superimposed on the 
diffraction lines. Upon cooling in hydrogen 
some of the Cu.O is reduced as evidenced 
by the appearance of WO3. During cooling 
the average crystallite size decreases. This 
series of patterns indicates that both metals 
undergo oxidation with WO; occurring in 
contact with the substrate while Cu.O 
tends to concentrate in the surface as the 
film builds up. In addition the average 
crystallite size of Cu2O appears to be larger 
than that of WOs. Since these two metals do 
not form a real binary alloy, the reactions 
studied in the oxidation process may be 
indicative of those that obtain with a 
mechanical mixture of the metals. 

The patterns obtained from 95 pct 
molybdenum-chromium at 700°C in the 
vacuum of the camera show only the 
metallic lattice. MoO: is observed after 1 
and 5 min. oxidation. After oxidizing for 
30 min., Cr20; becomes predominant on 
the surface. This oxide remains on the sur- 
face even after cooling in hydrogen al- 
though the crystallite size appears to 
increase. 

At 600°C the metal pattern persists on 
95 pct molybdenum-chromium even after 
5 min. oxidation although MoO, is also 
present after oxidation has proceeded for 


_ 1 min. The pattern obtained in the vacuum 


of the camera shows evidence of preferred 
orientation since the diffraction lines do not 
have the same intensity over their entire 
lengths. After 30 min. oxidation the pattern 
of MoO, becomes predominant and this 


‘ 
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pattern persists even when the specimen is 
cooled to room temperature in hydrogen. 

A sample of 95 pct tungsten-chromium 
was oxidized at 700°C. The diffraction pat- 
tern obtained in the vacuum of the camera 
shows the presence of the metallic struc- 
ture. After 1 and 5 min. of oxidation, WO2 
also occurs. When oxidation has proceeded 
for 30 min. the metallic pattern disappears 
and WO, is observed alone. Cooling in 
hydrogen to room temperature has no visi- 
ble effect on the patterns. 

The oxidation of 95 pct molybdenum- 
cobalt at 700°C illustrates the effects of 
increasing crystallite size on the diffrac- 
tion patterns. All of the patterns are sharp 
but the diffraction lines have an increasing 
number of spots superimposed on them as 
the oxide film builds up on the surface. 
Cooling in hydrogen does not cause any 
visible chemical change but the crystallite 
seems to decrease. In all cases the patterns 
show the presence of MoO: and Co;0,4 on 
the surface. 

An inspection of Table 5 which lists the 
oxides that form on the binary alloys after 
60 min. oxidation at the several tempera- 
tures, shows that some of the alloys form 
oxides of only one of the metals in the 
temperature range studied while others 
show the presence of oxides of each of the 
metals depending upon the temperature of 
oxidation. For purposes of discussion the 
alloys are divided according to the above 
classification. 

The alloys 5oTi-Ni, 7oTi-Ni, 20Zr-Cu, 
60Zr-Co, 7oZr-Ni, 80Mo-W, 20Mo-W, 
93Mo-Ni, 93W-Ni, 95W-Cr, 80W-Cu, 
sSi-Fe and 14.5Si-Fe show the presence of 
the oxides of only one of the metals. Of 
these alloys the oxide expected from 
thermodynamic data (Table 5, column A) 
is found on soTi-Ni, 7oTi-Ni, 20oMo-W, 
93Mo-Ni and 93W-Ni while on the other 
alloys the expected oxide does not occur. 
It is apparent that ions of zirconium, tung- 
sten and silicon are not forming in sufficient 
numbers and diffusing rapidly enough to 
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cause those solid phase reactions to occur 
which would form the oxides expected 
thermodynamically. It is, of course, possi- 
ble that in all of these cases the oxide films 
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On the remainder of the alloys, including 
28Ti-Cu, so0Mo-W, 95Mo-Co, 95Mo-Cr, 
95W-Co, 13Cr-Fe, 27Cr-Fe, 8oNi-Cr, 2Be- 
Cu and the copper-nickel series, oxides of 


TABLE s—Ovxide Films Formed on the Binary Alloys 


Temperature °C 
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Cu20 


Fe 30 4 
aFe.03 
Spinel 


off fF fF FE WH 
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Cr2O3 
Spinel 
Cr2O3 
BeO 


NiO 
NiO 


NiO 
NiO 
NiO 
NiO 
NiO 
NiO 


Spinel 
Cr2O03 
NiO 
NiO 
NiO 

‘| Nio 
NiO 
NiO 
NiO 
NiO 


Alloy ss Ooo"? z3I»O»§©“SCN 
300 400 500 600 
50Ti-Ni TiO2 TiO2 TiO TiOz 
70Ti-Ni TiO2 TiO2 TiO TiO2 
28Ti-Cu Cu20 Cu20 TiOz TiOe 
20Zr-Cu Cu20 Cuz0 CuO CuO 
60Zr-Co Co304 Co304 Co304 Co304 
e 
70Zr-Ni NiO NiO NiO NiO 
80Mo-W MoO; MoO; MoO; MoO:z 
MoO2 MoO2 MoO2 
50Mo-W MoO2 MoO2 WO; WOs 
20Mo-W WO; WO; WO; WO; 
93Mo-Ni MoO; MoO3 MoO; MoOs3 
MoO: MoO2z MoO2 
95 Mo-Co MoO2 MoO2 MoO2 MoO2z 
Co304 
95 Mo-Cr MoOz MoO: MoO: MoO2 
93 W-Ni WOs3 WO; WO; WO2 
95W-Co CoO WO: WO; WO; 
WOsz 
95 W-Cr WO; WO; WO; re 
2 
80W-Cu Cu20 Cu20 Cu20 Cu20 
5Si-Fe Fe304 FesO4 Fe;04 Fe304 
.14.5Si-Fe Fe;04 Fe304 aFe.03 aFe203 
13Cr-Fe Fe304 FeO. Fe3;04 
Cr2O3 Cr2O3 
27Cr-Fe Cr2O3 Cr203 Cr2O3 r2O3 
80Ni-Cr NiO NiO Cr203 Cr2O3 
2Be-Cu Cu20 Cu20 Cu20 BeO 
CuO CuO BeO 
10.00Cu-Ni | CuO CuO NiO NiO 
19.94Cu-Ni | Cu20 Cu20 me NiO 
u 
29.30Cu-Ni | CuO Cu2,0 CuO NiO 
CuO 
38.90Cu-Ni | Cu20 CuO Cu20 NiO 
’ CuO CuO 
49.37Cu-Ni | Cu20 Cu:0 Row NiO 
u 
59.56Cu-Ni | Cu20 Cux0 Cu20 NiO 
CuO CuO 
68.78Cu-Ni | Cu20 CuO on NiO 
u 
80.32Cu-Ni | Curd Cu20 Cur0 CuO 
CuO CuO 
88.74Cu-Ni | Cu20 Cu20 Cu20 CuO 


CuO NiO 


A. Oxide expected from thermodynamic data. 
B. Oxide expected from ionic size data. 


may be stratified on the surfaces of the 
alloys. Furthermore, a comparison of the 
relative rates of formation and diffusion of 
the metallic ions shows that one of the ions 
in each of the alloys has a higher rate of 
formation and diffusion over the complete 
temperature range. 


both of the metals occur. In most of these 


cases the oxide expected thermodynami- 


cally (Table 5, column A) is found in the 
high temperature range while oxides of the 
other metal occur at low temperatures. 
The exception is 95Mo-Co where Co;0, 
occurs at high but not at low temperatures. 
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These results indicate that the rates of 
formation and diffusion of the ions in each 
of the alloys vary in a different manner as a 
function of temperature. 

Apparently the oxides which should be 
observed according to the thermodynamic 
data of Table 1 can be predicted for only a 
small percentage of the alloys studied. 

The use of the ionic radii alone (Table 2) 
as a method of predicting the oxide works 
somewhat better although there are some 
discrepancies. The following alloys agree 
over the complete temperature range: 
soTi-Ni, 7oTi-Ni, 20Zr-Cu, 60Zr-Co, 7oZr- 
Ni, 80Mo-W, 93 Mo-Ni, 95Mo-Co, 13Cr-Fe, 
and 27Cr-Fe. In addition the following 
alloys are in agreement in the high tempera- 
ture region: 28Ti-Cu, 80Ni-Cr, 2Be-Cu and 
the copper-nickel alloys. Disagreement is 
obtained with 20oMo-W, 93W-Ni, 95W-Co, 
95W-Cr, 80W-Cu, 5Si-Fe and 14.5Si-Fe 
over the entire temperature range. 

Thus, it is not possible to predict which 
metal oxide will be observed on the surface 
of an alloy if one considers the thermody- 
namic properties of the several oxides and 
the sizes of the various metallic ions. It may 
be possible, however, to build up an em- 
pirical table, based on experimental obser- 
vations, comparing the sums of the rates of 
formation and diffusion of the several ions. 
The data in Table 5 can be represented in 
graphical form, Fig 8, indicating the rela- 
tive tendencies of ions in the binary alloys 
to reach the surface to form oxides. A 
separate graph is given for each tempera- 
ture determination. 

In Fig 8 at least one binary alloy of each 
pair of metals connected by an arrow has 
been investigated. In some cases more than 
one alloy composition has been studied. 
Among these are the molybdenum-tung- 
sten, iron-chromium and copper-nickel 
alloys. Since the sequence of metals in Fig 
8 is based, for the most part, upon a single 
alloy composition, it is possible that other 
compositions of the same metal pair may 
yield different results. 
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All arrows in Fig 8 are directed away 
from the metal having the greater tendency 
to reach the surface. For example, a study 
of the molybdenum-cobalt, molybdenum- 
tungsten, molybdenum-nickel and molyb- 
denum-chromium alloys at 300°C shows 
that molybdenum gets to the surface faster 
than all of these metals since only oxides of 
molybdenum are observed. Similarly a 
study of cobalt-tungsten, tungsten-nickel 
and nickel-chromium alloy shows that 
cobalt is faster than tungsten, tungsten is 
faster than nickel and nickel is faster 
than chromium. Furthermore, the tung- 
sten-chromium alloy shows tungsten faster 
than chromium. Thus the schematic picture 
is derived. In order to establish the position 
of cobalt with respect to nickel and chro- 
mium unequivocally, binary alloys of 
cobalt with these metals need to be 
studied. These alloys are in the process of 
fabrication at the present time. When the 
investigations of these alloys are com- 
pleted, all possible combinations of the 
metals molybdenum, cobalt, tungsten, 
nickel and chromium will have been 
studied providing composition variables are 
not considered. On the basis of the sequence 
given in Fig 8, oxides of cobalt should be 
observed on cobalt-nickel and _ cobalt- 
chromium alloys at 300°C. 

An inspection of Fig 8 shows that it 
would be advisable to investigate the fol- 
lowing binary alloys in order to establish 
the positions of the metals with greater 
certainty over the complete temperature 
range: Co-Ni, Co-Cr, Co-Be, Co-Fe, 
Co-Cu, Ni-Be, Ni-Fe, Cu-Mo, Cu-Cr, 
Cu-Fe and others. 

Fig 8 does permit the lowing predic- 
tions concerning the above metallic pairs: 

1. Cobalt > nickel at 300, 600, 700°C. 
This would indicate that oxides of cobalt 
might be expected over the entire range. 

2. Cobalt > chromium at 300 and 600°C 
while chromium — cobalt. at 700°C. This 
would indicate that oxides of cobalt would 
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occur below 600°C and Cr2O3 above this 700°C. This prediction may be invalidated 


temperature. since solid solution alloys of these metals 
3. Beryllium — cobalt and nickel at do not form. ; 
500°C. It is evident that much useful informa- 
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4. Cobalt — iron at 600°C. 

5. Copper — cobalt at 400 and 500°C 
while cobalt — copper at 600 and 700°C. 

6. Nickel and iron are indeterminate 
over the entire range. , 

7. Copper — chromium at 300-500°C 
while chromium— copper at 600 and 
700°C. 

_8. Copper — molybdenum at 500°C 
while molybdenum — copper at 600 and 


tion could be obtained by investigating the 
above binary alloys. Future reports by the 
author will be concerned with the oxidation 
of some of these binary alloys. 

The major discrepancy in Fig 8 is con- 
cerned with the results obtained on 80 pct 
tungsten-copper. It is impossible to fit 
tungsten and copper in Fig 8 without con- 
tradiction at 600 and 700°C. Tungsten has 
greater tendency to reach the surface than 
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either chromium or nickel and each of 
these metals reaches the surface faster than 
copper. However, only Cu.O is observed 
on. the surface of 80 pct tungsten-copper at 


OXIDE STRUCTURE 


[_] = MoO2 
Z1 * Mods 
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that the following metals may be improved 
by addition of the metals indicated below: 

1. Molybdenum at 700°C and above by 
adding chromium. 


Be 


[s] 


4 


93 Mo -Ni 
(60 MIN) 


[s] 


TYPE OF PATTERN 
O = ORIENTED 

S = SHARP 

M = MEDIUM 

O = DIFFUSE 


Fic 9—HEATING AND COOLING OXIDE FILMS ON 80Mo-W AND 93Mo-NI ALLOYS. 


600 and 700°C. Since tungsten and copper 
do not form a binary alloy, it is possible 
that a comparison of the relative rates of 
formation and diffusion of the ions may be 
meaningless. 

In placing molybdenum and tungsten in 
Fig 8 the data for the 50 Mo-W alloy of 
Table 5 are used. Additional work involving 
chemical or spectrographic analyses of the 
oxide films is required in order to be more 
certain of the relative rates of ions of these 
metals. 

The results shown in Fig 8 may be useful 
in predicting how a given metal may be 
improved in oxidation resistance by the 
addition of another metal. It is possible 


2: Copper above 500°C by adding 
chromium or nickel and above 400°C by 
adding titanium or beryllium. 

3. Nickel at 500°C and above by adding 
chromium. 

4. Cobalt at 700°C and above by adding 
chromium. 

In case (1) it is possible, of course, that 
the vapor pressure of MoO; may be so high 
that the Cr.O3 film which forms may not 
confer any protection. The above predic- 
tions are made on the basis that the most 
protective oxide is occurring in the outer 
surface of the oxide layer. 

It is also possible that elements such as 
silicon and zirconium confer protection by 
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oxidizing and remaining in contact with the 
metal thus slowing down the passage of 
ions from the substrate to the surface. This 
appears to be the case in the nickel- 
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chromium alloys where an increase in the 
amount of silicon prolongs the life time 
when the alloys are used as heater elements. 


HEATING AND COOLING OXIDE FILMS 
ON THE ALLOYS 


80Mo-W and 93Mo-Ni 


Fig 9 shows that transitions in the oxide 
structures occur when oxide films formed 
on the alloys at 300°C are heated and 
cooled in the vacuum of the camera. The 
transition from MoO; to MoO, at some 
temperature between 300 and 500°C is in 
agreement with that occurring on molyb- 
denum as shown in Fig 5. A comparison of 
the results shown in Fig 9 with those given 
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for the alloys in Table 5 indicates that the 


transition from MoO; to MoOs:.occurs ata .. 


lower temperature when the film is heated. 
This may be due to the fact that the films 


used in the heating experiments are much ~ 


thinner. Cooling the oxide films in vacuo 
does not cause the reverse transition to 
occur. The non-reversibility of this reaction 
may possibly be explained by the dis- 
similarity of the two oxide structures. 


Copper-nickel Alloys 


Fig 10 shows the results that are obtained 
when alloys of copper and nickel are oxi- 
dized at 300°C and then heated in the 
vacuum of the camera. In all three cases 
Cu.0 is formed at 300°C and solid phase 
reactions, which form NiO, occur as the 
temperature is elevated according to: 


Ni(s) + Cu,0(s) = NiO(s) + 2Cu(s). 


lo] 


A comparison of the results given in Table ; 


5 with those of Fig 10 shows that the above 


reaction occurs at a lower temperature © 


when the percentage of copper is low. There 
is a gradual increase in the temperature at 


which this reaction occurs as the concen- © 


tration of copper increases. 


2 pct Beryllium-copper and 28 pet 
Titanium-copper Alloys 


Fig 11 shows the results obtained when 
oxidized specimens of these alloys are 
heated and cooled in vacuo while Fig 12 
gives diffraction patterns of the oxides. 

In the case of 2 pct beryllium-copper the 
following solid phase reaction occurs: 


Be(s) + Cu,0(s) = BeO(s) + 2Cu(s) 


— 


[10] 


This reaction occurs between 500 and © 


600°C for the thin film under investigation 
while Table 5 shows that both Cu,O and | 


BeO are present at soo°C and BeO at 


600°C. Cooling to room temperature from — 


600°C does not result in any change. 


On 28 pct titanium-copper the following . 


solid phase reaction occurs: 


Ti(s) + 2Cu,0(s) : 


= TiO.(s) + 4Cu(s). [11 
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Fic 12— HEATING AND COOLING OXIDE FILMS IN VAC 
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This occurs between 500 and 600°C upon 
heating while TiO, is observed alone as 
500°C when oxidation occurs at constant 
temperature as shown in Table 5. This 
difference may be the result of differences 
in film thickness. 


SUMMARY 


The study of the oxide structures occur- 
ring on the binary alloys shows that: 

1. In general it is impossible to predict 
the oxide that will be observed on the basis 
of the thermodynamic stabilities of the 
several possible oxides or of the sizes of the 
ions that may form. 

2. Oxides of some of the elements are not 
observed in the outer surface of the oxide 
layer. Among these are oxides of silicon and 
zirconium. 

3. Some alloys show the presence of 


oxides of only one of the metals indicating _ 


that ions of the other metal have much 
lower rates of formation and diffusion in 
the temperature region studied. 

4. Other alloys show the presence of 
oxides of one of the metals at low tempera- 
tures while oxides of the other metal ap- 
pear at elevated temperatures. In these 
_ cases the rates of formation and diffusion 
of the two metallic ions vary in different 
manner with temperature. 

5. Heating and cooling experiments show 
that solid phase reactions take place when 
oxides on the surfaces of some alloys are 
heated in vacuo. In these cases metallic 
ions form and diffuse to the surface where a 
solid phase reaction occurs to form the more 
stable oxide. 

6. Complex oxides containing more than 
one metal do not form on the surfaces of 
most alloys. Exceptions to this are alloys 
which contain iron, chromium or nickel. 

7. The occurrence of nickel oxide on the 
surfaces of the copper-nickel alloys is more 
dependent upon the temperature of oxida- 
tion than upon the alloy composition. 

8. An empirical table of comparisons is 


OXIDE FILMS FORMED ON METALS AND BINARY ALLOYS ; 


given in graphical form showing the sums 
of the relative rates of formation and diffu- 
sion of the several ions based on the elec- 
tron diffraction data. Additional investiga- 
tions are suggested in order that the relative 
positions of the ions may be determined 
with greater accuracy. Predictions concern- 
ing the relative positions of ions in binary 
pairs not yet studied are given. 
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Decarburization of Chrome Nickel Alloys by Their Surface Oxides 
in High Vacua and at Elevated Temperatures 
By E. A. GuLBRANSEN,* W. S. Wysonc,* AND K. ANDREW* 


(Philadelphia Meeting October, 1948) 


INTRODUCTION 


THE reaction of carbon in solid solution 
in a metal with the surface oxide film on 
many metals may be inferred from thermo- 
dynamic calculations for high vacua and 
high temperature conditions. Holm’ has 
recently shown that oxide films may be 
removed from ferrous materials by heating 
in a vacuum at high temperatures and 
that carbon is the essential element in the 
reaction. Considerable work has _ been 
described in the literature on the de- 
carburization reaction. Several general 
references may be noted.?.3:4 However, the 
nature of the mechanism involved in the 
decarburization is not well understood. 

Our interest in this reaction resulted 
from many attempts to degas and to 
reduce by pure and dry hydrogen the 
surface oxides on strips of various types 
of chrome-nickel alloys. Some of the early 
experiments on the behavior of 13 pct 
chrome-iron in vacua of the order of 
5 X 10° mm and at a temperature of 
600°C have been reported.® These experi- 
ments showed a slow reaction with the 
residual oxygen. or water vapor in the 
system and no reaction with hydrogen. 
This is in accord with thermodynamic 
data which would lead to the prediction 
that it is extremely difficult to maintain a 
hydrogen atmosphere at 600'C pure 
enough to reduce Cr203 formed on the 
surface. The crystal structure of the super- 
ficial oxide film formed on 13 pct chrome- 
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Institute May 10, 1948. Issued as TP 2438 in 
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iron and Nichrome V has been investigated 
in the thin film range by Gulbransen, 
Phelps and Hickman,® and shown to be 
Cr2Os. 

It was surprising to us to note that when 
a specimen of Nichrome V containing 
approximately 80 pct nickel and 20 pct 
chromium was heated to 850°C in a high 
vacuum, the specimen lost weight. The 
rate of weight loss was very temperature 
sensitive. A study of this reaction in vacua 
and in a hydrogen atmosphere is the 
subject of this communication. 


Type REACTIONS 


Let us consider the various reactions 
which may occur when a metal is heated in 
vacua, in a hydrogen atmosphere, or in an 
oxygen atmosphere. The number and 
kind of reactions will depend upon the 
chemical nature of the metal, its alloying 
constituents and the location of the alloy- 
ing constituents. The metals used in this 
study are chrome-nickel alloys of the 
heater type. They consist essentially of 
chromium, nickel and iron, small amounts 
of carbon, silicon and manganese and 
traces of zirconium, calcium, aluminum 
and magnesium. The trace elements are 
added to improve the lifetime and other 
characteristics of the alloy when used as 
a heater. 

Seven of the more important reactions 
with which we are going to be concerned 
here are as follows: 

1. Metal - (gas) = metal + gas — de- 
gassing of the metal 

2. xM(s) + y 46 O2(g) @ M.O,(s) — 
oxidation 
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3. MzO,y (s) +9 Hz (g) 24M (3) + 
y H2O (g) — reduction with hydrogen 

4. MzO, (s) + yC (solid soln. in metal) 
= xM ;(s) + y CO (g) — surface decar- 
burization 
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THERMODYNAMIC CALCULATIONS 


The thermodynamic quantities neces- 
sary to calculate the equilibria of the sev- 
eral important reactions are well known.* 
Fig 1 shows the results of the calculations 


= 2Cr(S) +3CO(g) 


Fic 1—DECARBURIZATION BY THE OXIDES Cr3O;, FeO aAnp NiO. Curve No. 304649-D. 


5. C (solid soln. in metal) + 2He (g) 2 
CH4 (g) — gas decarburization 

6. yC (solid soln. in metal) + «M (s) 
= M,C, (s) — carbide formation 

7. M,O, (s) 2M,0O, (g) — volatiliza- 
tion | 

With the exception of reaction (6) each 
of the above involves a change in weight 
and can be studied in detail by a sensitive 
weight change method. The appearance or 
disappearance of the surface oxide as well 
as other changes occurring in the surface 
structure can be studied using the electron 
diffraction reflection method. In some 
cases it is possible to strip the oxide film 
electrochemically and to study the crystal 
structure using the transmission electron 
diffraction method. Further checks on the 
nature of the reaction can be made using a 
mass spectrometer analysis of the gases 
involved in the reaction and chemical 
analyses of the carbon content of the metal 
or alloy. 


for the surface decarburization reaction 
for the oxides Cr2O3, FeO and NiO. These 
oxides may occur separately on the alloys 
of interest to us. However, they are found 
also as mixtures and in the form of spinels. 
Fig 1 shows a plot of the equilibrium 
carbon monoxide pressure as a function 
of the temperature in °C for a carbon. 
content of 0.05 pct. The decarburization 
reaction for Cr2O3 is feasible only if the 
reaction is carried out in vacua. For Cr2O3 
an equilibrium pressure of 1074-5 atmos- 
pheres or approximately 0.07 mm of Hg 
is calculated for a temperature of go0°C. 
The reactions are more favorable for 
FeO and NiO than for Cr2O3; at a given 
temperature. 

The second reaction considered is the 
decarburization by hydrogen to form 
methane. Fig 2 shows the results of the 
calculations. The equilibrium pressure 

* For purposes of calculation the carbon is 


assumed to be in solid solution and its activity 
proportional to the mole fraction, 
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of methane is plotted against the tempera- 
ture in °C for hydrogen pressures of 1.5 mm 
and 1.5 cm and for a carbon content of 
0.05 pct. The reaction is more favorable 


LOG P CH, 
ATM. 
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The gas purification trains have been 
described for the preparation of the oxygen 
and hydrogen." The final stage of the 
hydrogen purification is a _ palladium 


LOG P CH, (ATM) VS t°C 
NICHROME CARBON CONTENT =0.05% 
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at low temperatures and for higher carbon 
contents. The results show that the 
decarburizing reaction with hydrogen is 
very unfavorable under these conditions 
because of the difficulty of maintaining 
the concentration of methane below the 
equilibrium value. The data for the free 
energies of methane are taken from Kelley,’ 
for FeO from Chipman and Murphy,® for 
NiO and Cr.03 from Thompson® and for 
CO from Kelley.?° 


APPARATUS 


Vacuum Microbalance 


A special vacuum microbalance appa- 
ratus is used to study the reaction of 
Nichrome and Nichrome V with oxygen, 
hydrogen or high vacua at elevated tem- 
peratures. The microbalance with its 
auxiliary apparatus is essentially the same 
as the one previously described. 

The balance has a sensitivity of approxi- 
mately 0.8 divisions (1 division equals 
0.001 cm) per microgram for a sample 
weight of 0.6840 g. The period of the 
balance is 8 sec. The readings are repro- 
ducible to 14 of a division or approximately 
Ors X-10, gs 


diffusion tube operating at temperatures 
of 300 to 500°C. 

The vacuum in the all-glass system is 
achieved by the use of a three stage glass 
mercury diffusion pump and a hyvac 
forepump. Vacua of the order of ro-§ mm 
of Hg or better are readily obtained. The 
pressure is measured by a large McLeod 
gauge. 

A furnace of large eae capacity is used 
to surround the “Vycor” specimen tube. 
The temperature may be varied from 
25 to 925°C and controlled in general to 
within +3° of the correct temperature. In 
many of these experiments the temperature 
is maintained to within +1 degree. 


Electron Diffraction 


The electron diffraction adapter of the 
R.C.A. type B-4 electron microscope is 
used to study the crystal structures of 
the oxide or metal surfaces. The specimens 
are taken from the thin strips of the 
materials used in the microbalance experi- 
ments. Reflection patterns are made of 
the surface. Picard!’ has described the use 
of the electron diffraction adapter of the 
electron microscope for this purpose. 
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Mass Spectrometer 


The Westinghouse mass spectrometer 
is used for the analyses of the gases result- 
ing from the decarburization reaction. 


SAMPLES 


One sample of Nichrome and two 
samples of Nichrome V are used in this 
work. These samples were prepared for 
us by the Driver Harris Co. in the form 
of 3¢-in. ribbon 5 mil thick. The analyses 
of the three samples are as follows: 


TABLE 1—Chemical Analyses of Specimens 


as Cast 
SS _—E EE 
Nichrome Nichrome V 

No.133 No. 122 No. 132 
Cc 0.06 0.08 0.12 
Mn 0.10 0.01 1.70 
Si 1.24 0.30 0.30 
Cr 16.57 19.98 19.98 
Ni 61.47 Balance Balance 
Fe Balance 0.32 0.20 
Zr 0.0 0.05 
Ca 0.029 0.029 
Al 0.07 0.08 
Mg 0.006 


The specimens are abraded, starting 
with No. 2 grit paper and finishing with 
4/o paper. The abrading is done under 
kerosene to avoid oxidation. Strips of the 
material are washed in absolute alcohol, 
cut to approximate size and trimmed to a 
weight of 0.6840 g. The specimens have 
measured surface areas of about 14 cm.? 


METHOD 


The weighed samples in turn are placed 
on the balance beam, checked for alignment 
and the glass balance tube sealed shut. 
The apparatus is evacuated to a pressure 
of the order of 10-§ mm of Hg, liquid air 
being placed around the traps duririg the 
evacuation. 

The vacuum decarburization reaction is 
studied by raising the furnace around the 
sample tube and taking readings of the bal- 
ance beam every few minutes. The tem- 
perature of the furnace is noted at the 
same time. The temperature is raised at a 


uniform rate until the maximum allowable 
temperature for the “Vycor” specimen 
tube is reached (approximately 92 sC). 
The pressure in the system is measured 
at frequent intervals by a McLeod gauge. 
A change in weight and in gas pressure 
indicates that the reaction is occurring. 
Samples of the gases given off in the 
reaction are collected in several cases for 
mass spectrometer analysis. Reflection 
electron diffraction patterns of the surface 
crystal structure are sometimes made. 

It is desirable in general to use specimens 
having a definite and known thickness of 
oxide film. These films may be prepared 
by oxidizing the specimen under definite 
temperature and time conditions to give 
the proper thickness. These conditions 
have been exactly determined in another 
study by the authors; this will be pub- 
lished in the near future. The actual weight 
gain is measured and the thickness calcu- 
lated assuming the bulk density for the 
oxide and a surface roughness ratio of 
unity. The surface oxide structures have 
been determined on these alloys by Hick-. 
man and Gulbransen." 

The behavior of the metal in a hydrogen 
atmosphere at decarburization tempera- 
tures is studied by heating the metal plus 
surface oxide in a pure and dry hydrogen 
atmosphere of 1 to 20 mm of mercury 
pressure. The liquid air trap is placed close . 
to the sample tube and serves to maintain 
a low concentration of water vapor in 
the system. From a thermodynamic point 
of view these conditions permit the reduc- 
tion of CrsO3 by the hydrogen. Where 
samples for mass spectrometer analyses 
are to be taken from the system a pressure 
of 1.5 mm of Hg of hydrogen is used. 

To study the temperature coefficient of 
the reaction it is necessary to carry out 
the decarburization reaction on specimens 
containing equal and known thicknesses of 
oxide. The oxidation and decarburization 
reactions for these experiments are carried 
out at the same temperature. 
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RESULTS 


Vacuum Microbalance 


_ Fig 3 to 14 and Tables 2, 3, and 4 show 
the rate data on the decarburization 
reaction. The balance readings in divisions 
are plotted against time, and the tem- 
perature readings are shown above the 


TABLE 2—Surface and Internal Rates of Decarburization 


ture. The thicknesses of the oxide film are 
calculated by assuming a surface roughness 


ratio of 1 and the bulk density for the 


oxide. 


Initial Film in Vacua 


Fig 3 shows the course of a decarburiza- 
tion reaction on a specimen of abraded 


Maximum Rate Internal Rate 
Oxide Film 
Metal ae 8 
Thickness A 
Temp °C | Rate cm per sec | Temp °C | Rate cm per sec 
INSCHTOMIG AV ic Fi speasie ae ais eee iene rota Initial 900 ors ix 59728 900 4.4X TS 
INGOHTORIC: Vines sales mists evqlarers a ates: fenet=as Initial* 905 13.2 X 10710 905 3-1 X 107 
Nichrome V.. 1250 920 1.67 X 1078 925 7.0 X To 
Nichrome V.. 3850 900 r.o0 X to# 900 4.8 X roy 
Nichromes2). 2's divareie.c.cen a Hele ereeanaes 680 905 0.56 X 1078 925 70-26 TOs 
INichrome fh ooo .s ap ccc same sames 1700 925 1.4 >< -205¢ 925 8.8 X to~10 
ee SS Eee eee 
* 2.2 cm Hz present. 


curves. The temperature is raised during 
the first part of the run and is finally 
stabilized at a temperature between 900 


TaBLE 3—Temperature Dependence Surface 
Decarburization Reaction 


Tem- Tem- Time in 


1B aU Win. o¢:|| eet oo ee 
ere | ere |T tO | Re | Time in Min. 
moval 
856 11290 0.8857 290 0.00345 
885 1158 0.8636 119 0.00840 
900 1173 0.8525 88 0.01136 
910 1183 0.8453 42 0.0238 


TABLE 4—Mass Spectrometer Data 


Vacuum Experiment* Hydrogen Experiment? 
Mass Relative | Mass Relative 
No. Gas Amounts | No. Gas Amounts 
28 co 6.53 28 co 10.0 
32 Oz 0.5 32 Oz 0.0 
43 ? 0.6 43 ? 0.0 
44 CO2 0.0 44 | COs 0.0 
83 vf 0.4 
85 ? 0.26 


@ No nickel or water vapor lines present. 

> System trapped with liquid air. 
and 925°C. In the experiments shown in 
Fig 8 and 9 the oxidation and decarburiza- 
tion are carried out at the same tempera- 


Nichrome V. The equilibrium room tem- 
perature oxide film is present at the start 
of the experiment. Below 800°C a small 
weight gain is noticed indicating additional 
oxide film formation. This confirms pre- 
vious observations on the behavior of 
13 pct chrome-iron at 600°C in high vacua.® 
Above 843°C a weight loss is noted. This 
reaction is very temperature-sensitive and 
we attribute the weight loss to the decar- 
burization of the metal by the superficial 
oxide layer present on the metal surface. 


This will be proved in subsequent experi- 


ments. After the surface oxides are re- 
moved, the reaction rate decreases to 
what we call the internal rate. This rate 
we have attributed to the reaction between 
the interstitial carbon and the internal 
oxide inclusions. We have followed this 
reaction with one sample for several days 
and have found that the sample continues 
to lose weight at a steadily decreasing 
rate. The reaction appears to continue until 
either the carbon or the oxygen is removed. 

The two rates of decarburization are 
summarized in Table 2. The maximum 
rate is determined from the steepest slope 
of the plot while the internal rate is deter- 


ieee ee ee Ne 


Vee Fay ss: 
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mined from the long time slope. The latter 
rate is difficult to evaluate because of its 
time dependence. The time dependence 
is a function of the carbon and oxygen 


810 -900°C + 900-925° 


571 


rected for the latter effect is in reasonable 
agreement with the thickness of the room 
temperature equilibrium films determined 
by other methods." 


CO EQUIVALENT OF 
OXIDE FORMED 
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09 OO Ome O— ary 


SCALE 
READING 
DIVISIONS 
WT. LOSS 4909 


aan 
: ARKEE 


te) 40 80 120 


160 200 240 280 320 360 


TIME (MIN.) 
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concentrations. The surface rate may be 
estimated by subtracting the internal rate 
from the maximum rate. 

The maximum rate observed in the 
removal of the initial oxide film is 9.5 X 
to-!9 cm per sec and the internal rate is 
4.4 X 107! cm per sec. If we assume that 
both reactions are acting independently, 
the original film thickness is estimated to 
be ooA for a surface roughness ratio of 
unity. Part of this film was formed in the 
vacuum of the apparatus during the 
heating up period. This value when cor- 


Initial Film in Hydrogen 

The presence of hydrogen makes it 
necessary to inquire as to the possible 
influence of two other reactions. These are 
as follows: (1) the reduction of the oxide 
by hydrogen and (2) the removal of carbon 
by hydrogen to form methane. The reduc- 
tion of chromium oxide is only feasible, 
from a thermodynamic point of view, if 
the water vapor formed is maintained at 
a low ratio to the hydrogen pressure and 
if the oxygen concentration is maintained 
at a negligible value. The removal of carbon 
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by hydrogen to form methane has been 
discussed. The thermodynamic equilibria 
is very unfavorable for this reaction. 
Experimentally, the difficulty lies in main- 


0.06 


ie} 25 30 
e TIME (MIN.)—> 


may be the result of the removal of 
hydrogen from the lattice or the removal of 
carbon monoxide which had been pre- 
vented from being evolved by the presence 


Fic 14—ErFrrect oF CO pressurE. CurRVE No. 304648-D. 


taining the methane in a static system 
below its equilibrium value. 

Fig 4 shows the course of a decarburiza- 
tion reaction in an atmosphere of 2.2 cm 
of hydrogen. The sample, its preparation 
and the conditions of the experiment are 
nearly identical with that of Fig 3 except 
for the presence of the hydrogen. The 
temperature at which the reaction starts, 
the shape of the curves and the amount of 
oxide removed are nearly identical for the 
two experiments. These facts lead us to 
assume that the hydrogen has a com- 
paratively minor influence on the main 
reaction. 

A comparison of the surface and internal 
ratio is shown in Table 2. These rates are 
in reasonable agreement with the vacuum 
experiment. 

After 210 min. of reaction the system is 
evacuated and further readings are made. 
This part of the curve is shown at the 
right in Fig 4. The initial change upon 
evacuation is due to the removal of thermal 
convection currents normally present in a 
gas atmosphere. This correction is only an 
additive constant and does not affect the 
validity of the readings. The interesting 
part of the curve is that after evacuation 
the specimen loses further weight. Part 
of the weight loss is caused by the internal 
rate previously discussed. The remainder 


of a hydrogen atmosphere. We have not 
attempted to collect this gas because of 
the small amounts available. 


Decarburization in Vacua with Oxide Films 
of Definite Thickness 


In order to study the reaction in more 
detail it is necessary to use specimens 
having known thicknesses of oxide films 
present. Four such experiments are made. 
Two experiments are made on samples of 
Nichrome V No. 122, having added oxide 
films of 1250A and 38s50A respectively. 
Two experiments are made with samples 
of Nichrome, having added oxide films of 
680A and 1700A respectively. In order to 


eliminate the initial oxide film, the speci-- 


mens are heated to goo°C before oxidizing 
at temperatures of 700 and 800°C. The 
added oxide is weighed and its thickness 
in angstrom units calculated assuming a 
surface roughness ratio of unity. All oper- 
ations are made in the vacuum micro- 
balance system proper. 

The courses of three of the four experi- 
ments are shown in Fig 5, 6 and 7 and the 
data from the four experiments are shown 
tabulated in Table 2. It is not possible 
from this table to say in what manner the 
film thickness affects the rate of the 
reaction. The effect of temperature is quite 
evident from the data. The internal rates 


; 
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are in agreement considering the tempera- 
ture effect and the large errors involved in 
deciding just what to take for the long 
term rate. Fig 3 to 7 show that the overall 
weight loss is greater than the calculated 
weight of CO formed by the reaction of 
carbon with the added oxide. The neces- 
sity of considering the internal rate is 
apparent. : 

The shape of an individual curve is 
interesting. The temperature effect is quite 
marked. If we consider for the moment 
Fig 6, we see that the rate decreases rapidly 
when about 60 pct of the film is removed. 
For Fig 6 this would correspond to an oxide 
film of about 270A. The rate gradually 
decreases to the internal rate. Similar 
effects are noticed in Fig 5 and 7. 

Several facts are brought out in these 
experiments: (1) the reaction is very tem- 
perature-sensitive; (2) the CO equivalent 

of the oxide added is definitely to be 
correlated with the shape of the curve; 
and (3) the rate appears to depend upon 
the film thickness especially fot the film 
thicknesses below sooA. 


Energy of Activation of the Surface Decar- 
burization Reaction 


The evaluation of the energy of activa- 
tion from the decarburization curves of 
the type shown in Fig 5, 6 and 7 involves 
a separation of the temperature factor 
_ from the thickness factor. This is necessary 


since the functional dependence of the . 


rate upon the thickness is not linear and 
is not known in general. However, this 
difficulty can be resolved by considering 
the time necessary to remove a definite 
~ fraction of the film. The activation energy 
may be calculated from a plot of the 
logarithm of the reciprocal of the time for 
removing one half of the film against the 
reciprocal of the absolute temperature. 
Fig 8 shows the curves for the decar- 
_burization of Nichrome V No. 132 for four 
different temperatures. The half thickness 
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The information obtained from _ these 
curves is shown in Table 3. One source of 
error should be pointed out. No attempt 
is made to separate the internal rate from 
the surface rate. Fig 9 shows the course 
of the g10°C experiment. At this tempera- 
ture it is relatively easy to separate the 
two rates. At a temperature of 857°C 
the separation involves carrying out the 
experiment over a time interval of one to 
two days. Since the internal rate is only 
1o pct or less of the surface rate, we have 
not attempted the separation. 

Fig ro shows a plot of the reciprocal of 


ii 
the time for 1% reaction against T on a 


logarithmic scale. An energy of activation 
of 88,000 cal per mol is calculated. 


Effect of Hydrogen on the Decarburization 
Reaction 


Fig 11 shows the results of a decarburiza- 
tion reaction for a s5240A oxide film in 
vacua while Fig 12 shows the results for 
a 4400A oxide film in a pure and dry 
hydrogen atmosphere of 1.5 mm mercury 
pressure. The rate of heating the specimen 
is 1° per min. or less. The temperature 
conditions are nearly identical for the 
two curves. The experiments are stopped 
after one quarter of the films are removed. 
It is of interest to compare the shapes of 
the two curves. This is done by plotting 
on a large graph, drawing a smooth curve 
through the data and applying Lagrange’s 
interpolation method for determining the 
slopes of the curves. The slopes of the two 
curves are plotted in Fig 13 against the 
temperature. Below 901°C the decarburiza- 
tion reaction in hydrogen has a greater 
reaction rate while above go1°C_ the 
reaction is inhibited by the presence of 
the hydrogen. Carbon monoxide gas is 
found to be evolved in both experiments 
from a mass spectrometer analysis. It -is 
possible that the removal of carbon 
monoxide from the surface is the limiting 
factor in the hydrogen atmosphere while 


of the oxide film is shown in the graph. 
- 


a 
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another rate factor is limiting the reaction 
in a vacuum. We have not studied the 
effect of hydrogen pressure on the reaction. 


Effect of Carbon Monoxide Pressure 


The effect of a back pressure of carbon 
monoxide has been studied over the pres- 
sure range up to 0.045 mm of Hg. This 
is done by isolating the reacting system 
from the vacuum pumps, and measuring 
the pressure of the gas. Two experiments 
are made at temperatures of 885 and gor°C. 
Fig 14 shows the results of these experi- 
ments. The reaction appears to decrease 
slightly with time as the carbon monoxide 
pressure increases. The calculated equi- 
librium pressure of carbon monoxide over 
Cr.O3; and a metal containing 0.05 pct 
carbon is 0.07 mm of Hg. 


Mass Spectrometer Results 


The gas samples are collected by iso- 
lating the system from the pumps and 
collecting the gas in one liter bulbs. These 
are arranged so they may be sealed off 
readily from the system during the reac- 
tion. Table 4 shows the results on two gas 
samples. The mass numbers, the possible 
gases and the relative amounts of gas are 
tabulated. In the vacuum experiment the 
gas is collected while the specimen is de- 
carburizing at goo°C. A gas pressure of 
0.025 mm of Hg is used. No liquid air 
trap is used. The results show that CO is 
the largest component present. 

The Oz shown is accounted for in the 
following manner. The decarburization 
reaction occurs while the system is being 
evacuated. The CO from this reaction is 
mixed with the residual O, from the pre- 
vious oxidation process. In order to lower 
the amount of residual O» the system is 
allowed to build a pressure of 0.005 mm of 
Hg and then is re-evacuated. Several of 
these flushings are still not sufficient to 
remove completely all of the residual 
oxygen and at the same time to collect 
the CO from the decarburization reaction. 


The hydrogen experiment is carried out 
after oxidation by thoroughly evacuating 
and flushing with hydrogen before the gas 
is finally collected. Again the temperature 
is goo°C and carbon monoxide is the only 
gas observed. This confirms our assumption 
that the main reaction in a hydrogen 
atmosphere is the decarburization reaction. 
We have not tried to collect the gas formed 
at lower temperatures. 


Electron Diffraction Study 


Two samples of Nichrome V are oxidized 
at 800°C for 2 hr. One of the samples is then 
subjected to a vacuum decarburization 
treatment. The course of the latter experi- _ 
ment is shown in Fig 5. Punched discs. of 
the surface of the two samples are made 
and studied by the electron diffraction 
reflection method. The specimen of Ni- 
chrome V which was oxidized but not 
subjected to decarburization gave a well 
defined pattern of NiO-Cr.03 while the 
decarburized sample gave no discernible” 
pattern of the oxide. On visual inspection, 
the former specimen had a blue gray color 
while the latter specimen was bright. This 
evidence adds weight to the theory that 
decarburization is taking place through a 
surface reaction with the oxide film. 


q 
’ 


Discussion oF RESULTS 

One of the objectives of this work is the 
understanding of the mechanism of the 
decarburization reaction. To date we have | 
been unable to put forward a mechanism 
which agrees with the experimental data 
and with solid state theory. However, it is ~ 
possible to present some tentative ideas 
which must be included in any general — 
theory. These’ are as follows: (1) from _ 
information on the relative sizes of the — 
atoms and ions it would appear that the — 
diffusion of carbon monoxide through — 
the oxide lattice is slow compared to the — 
diffusion of carbon and the metal ions, — 
(2) the thickness of the oxide film ae 
only a minor role since the rate is inde-— 
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pendent of film thickness at a given tem- 
perature except for films below sooA, 
(3) the diffusion of chromium or other 
metal ions formed in the reaction through 
the oxide film to the metal is rapid and 
probably has little influence on the reaction 
rate, and (4) a hydrogen atmosphere 
surrounding the system retards and limits 
the diffusion of carbon monoxide away 
from the system. 

Without experimental proof we feel that 
the evidence previously presented indicates 
that the reaction must take place at or 
near the oxide-gas interface. If this is 
true, what is the limiting factor in the 
reaction? Let us consider whether the 
diffusion of carbon to the metal-oxide 
interface is the limiting rate. This can be 
readily checked by comparison of the 
experimental data with that from carbon 
diffusion experiments. No direct data 
are available on the rates of diffusion of 
carbon in nichrome alloys. However, the 
data of Wells and Mehl! on the diffusion 
of carbon in gamma iron are available. 
The comparison can be used only as a 
first approximation. The data lead to a 
value of 32,000 cal per mol for the energy 
of activation. This is to be compared to 
a value of 88,000 cal per mol found for 
the decarburization reaction. One is led 
to conclude that either the diffusion of 
carbon is not the limiting reaction or that 
the data and the analyses are in error. 
Further work is needed to settle this 
question. 

Another question of interest is the role 
of hydrogen or other gases on the rate of 
decarburization. Let us consider the role 
of diffusion of carbon monoxide into the 
gas phase, alone. From kinetic theory the 


diffusion constant D for carbon monoxide ~ 


in the gas is given by the expression 


D= xe Here ) is the mean free path of 


CO in the hydrogen or other gas and ¢ 
is the average velocity of the molecule. 


577 


The temperature and pressure variation 


; : Kr 
of \ are given by the equation \ = Pi 
Here K is a constant. Substituting we have 


KT¢ 
=> : 
versely proportional to the pressure. If 
this is the correct interpretation of the gas 
effect, it is possible to predict that the wet 
hydrogen decarburization reaction rate is 
also limited by the carbon monoxide 
diffusion into the surrounding gas. 

The large values found for the vacuum 
decarburization reaction rates suggest that 
other decarburization reactions, for in- 
stance, wet hydrogen, may take place 
through the intermediate stage of the 
oxide film. Wet hydrogen is an oxidizing 
atmosphere to chrome-nickel alloys at 
temperatures of 800 to 1000°C: For metals 
having carbon contents of o.1 pct or lower 
the population of carbon atoms in the 
surface layer of the metal is low. Thus the 
probability of a carbon atom and a water 
molecule coming into proximity for reaction 
without adsorption or oxide formation is 
very small. Since the conditions are oxidiz- 
ing, it would appear that a film would form 
rather quickly. As the carbon removes the 
oxygen from the oxides to form carbon 
monoxide, further oxide is formed by 
reaction of the released metal ions with 
water vapor. This might be studied by the 
use of electron diffraction method under 
the conditions of the decarburization. 

Radioactive carbon tracer experiments 
offer an additional tool for the study of 
carburization and decarburization reaction 
rates. We hope to extend this work in the 
future by the use of such methods. 


The diffusion constant is in- 


CONCLUSION 


1. The decarburization of chrome-nickel 
alloys of the heater type by their surface _ 
oxides in high vacua is studied over the 
temperature range of 800 to 925°C. The 
reaction for these alloys starts at a tem- 
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perature of 840°C and increases rapidly 
with temperature. The rate of the reaction 
is dependent on film thickness for oxide 
films of less than 500A. Above this thick- 
ness the rate is independent of thickness 
within the errors of our method. The rate 
of the reaction is an exponential function 
of the temperature. An energy of activation 
of 88,000 cal per mol is calculated. 

2. The effect of a hydrogen atmosphere 
is to increase the reaction rate for the 
reaction below goo°C and to decrease the 
rate above 900°C. The former effect is not 
understood although the latter effect can 
be attributed to the diffusion of carbon 
monoxide through the hydrogen and away 
from the surface. 

3. The shape of the weight loss curves 
indicates that two reactions are involved. 
The first is the more important one and 
can be attributed to the reaction of the 
surface oxides with the carbon in solid 
solution in the metal. The second reaction 
is slower and probably involves a reduction 
of the oxide inclusions by the carbon. This 
reaction is termed “internal decarburiza- 
tion” and proceeds as long as there are 
carbon and oxygen available for reaction 
in the metal. 

4. Mass spectrometer analysis shows 
that carbon monoxide is the main con- 
stituent of the gases evolved during the 
reaction. 


s. Visual observation and electron dif- 
fraction studies confirm the fact that the 
surface oxides are reduced by the carbon. 

6. The evidence favors the view that 
the decarburization reaction occurs at 
the oxide-gas interface. 
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The Cobalt-chromium Binary System* 
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(Philadelphia Meeting, October 1948) 


INTRODUCTION 


A CONSIDERABLE number of high-tem- 
perature alloys, that is, alloys which have 
load-carrying ability at elevated tempera- 
tures, have been developed on an empirical 
basis. In order to determine why these 
alloys possess this particular ability, a 
project was started at Battelle Memorial 
Institute on the fundamental factors pro- 
moting high-temperature strength of alloys. 

At the time of inception of this study, 
the cobalt-base alloy, Vitallium, was 
widely used because of its good high- 
temperature properties. One phase of this 
study was to include an investigation of 
the structures observed in Vitallium after 
various heat treatments. However, before 
investigating the structural features of 
Vitallium, it appeared logical to examine 
the phase diagrams of the related binary 
systems in order to develop information 
as to which phases’ might be present in 
Vitallium. A preliminary survey of the 
pertinent alloy systems was made, with 
particular emphasis on the cobalt-chro- 
mium system, which is the base for the 
Vitallium series of alloys. 

The early work of Lewkonja! and 


* Guertler? indicated that cobalt and chro- . 


mium are completely miscible in the liquid 
state, and, within a narrow temperature 


* This work was done under the sponsorship 
of the Office of Naval Research, U. S. Navy, 
Contract No. Ns5-ORI-111. Manuscript re- 
ceived at the office of the Institute December 
4, 1948; revision received February 15, 1948. 
Issued as TP 2393 in METALS TECHNOLOGY, 
June 1948. 

+ Research Metallurgist, Metallurgical Re- 
search Engineer and Asst. Supervisor of Proc- 
ess Metallurgy, respectively, Battelle Memorial 
Institute. 

1 References are at the end of the paper. 
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range, in the solid state; that the liquidus 
shows a minimum; and that the alloys con- 
taining 45 to 85 pct chromium undergo a 
transformation at 1200 to 1250°C. 

More recently, Wever and Haschimoto,? 
Wever and Lange,‘ and Matsunaga’ carried 
out experimental work which led to the 
diagrams shown in Fig 1 and 2. Both dia- 
grams are based on thermal analysis, 
metallographic, magnetic, and dilatation 
data; in addition, X ray diffraction results 
were used by Wever and Haschimoto, and 
electrical resistance measurements by Mat- 
sunaga. It is apparent from a comparison 
of the two diagrams that there was a dif- 
ference of opinion as to the locations of the 
boundaries of the various phases, and as to 
the existence of a phase containing approxi- 
mately 47 pct chromium. With these excep- 
tions noted, it might be pointed out that the 
two diagrams are similar, and that, in gen- 
eral, any particular reaction which is shown 
on both diagrams occurs at a lower tem- 
perature on the Matsunaga diagram than 
on that of Wever-Haschimoto-Lange. 

Thus, in view of the gaps in the data and 
the questionable features in the published 
diagrams, it appeared desirable to start the 
fundamental study of Vitallium by deter- 
mining the diagram for the cobalt-chro- 
mium system. 


EXPERIMENTAL WORK 


For the convenience of the reader, the 
diagram as determined by the present 
investigation is presented in Fig 3. The 
liquidus and solidus data for the low- 
chromium alloys were taken from the work 
of Wever and Haschimoto,’? while the 
melting point for pure chromium is the 
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most recent value reported by the National 
Bureau of Standards. 

The first part of this study was concerned 
with the cobalt-rich half of the equilibrium 
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certain of the fields in the cobalt-chromium 
binary system so that these fields become 
important in the interpretation of Vitallium 
structures. 
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Frc 2—CoBALT-CHROMIUM DIAGRAM (Matsunaga). 


diagram, and especially with the alpha- 
beta transformation, since this region is of 
special interest in the interpretation of 
Vitallium structures. Later, the study was 
extended to include the entire equilibrium 
diagram since the addition of the other 
elements present in Vitallium may enlarge 


The determination of the cobalt-chro- 
mium binary: equilibrium diagram con- 
sisted primarily of a metallographic study 
of cobalt-chromium alloy specimens heat 
treated at various temperatures. X ray 
diffraction analyses were used principally 
as a method of identifying phases so that 
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suitable etchants could be developed 
for the metallographic identification of 
these phases. However, in several cases, 
where particles of a phase were too small to 
develop characteristic etching structures, 
it was necessary to depend entirely upon 
X ray diffraction analysis for phase identi- 
fication. Attempts were made to determine 
some of the transformation temperatures 
using thermal analyses. This method 
proved to be unsatisfactory since the reac- 
tions at the lower temperatures were so 
sluggish that thermal analyses were im- 
practical; at higher temperatures the 
problem of thermocouple protection and 
contamination became so great that the 
temperature scale was not precise. 


Preparation of Alloys Studied 


The alloys studied in this investigation 
were prepared using electrolytic cobalt 
refined at Battelle and commercial electro- 
lytic cobalt and chromium as melting stock. 
The analyses of these materials are tabu- 
lated below: 


Commer- | Electrolytic 
Element | Battelle Cobalt Ee OatalelChiomiln 
(& <o0.01 to 0.03 0.03 <0.01 
Si <0.O1 
Fe 0.06 to 0.36 0.15 <0.01 
Ni 0.07 to 0.18 OLDE 
Ne <0. 001 0.004 <0.005 
tS} <0.005 0.01 
Cu 0.03 
Co Balance Balance 
Cr Balance 
Oz | 0.034 ; 
He 0.003 


The amounts of carbon, iron, and nickel 
present in the Battelle-refined cobalt are 
listed as ranges because the cobalt was 
electrorefined in batch lots and the compo- 
sition of the resulting metal varied to some 
extent from lot to lot. 

The chemical compositions of the alloys 
used in this investigation are listed in 
Table 1. The ‘“‘V” series of alloys were 
melted by induction in a vacuum apparatus 
under a pressure of 30 microns or less of 
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mercury, and then either bottom poured 
into a copper-chill mold or permitted to 
solidify in the melting crucible. After 
removal from the vacuum apparatus, the 
ingots were sealed in evacuated silica tubes, 
packed in sand contained in large magnesia 
crucibles, and homogenized at 1315°C for 
50 to 85 hr. 

Four of the vacuum-melted alloys (7, 20, 
26, and 31 pct chromium) were removed 
from the homogenizing furnace and forged 
into strips 1 in. wide by 54¢ in. thick. The 
26 and 31 pct chromium alloys were hot 
short and forged with difficulty. The ingots 
of the 7 and 20 pct chromium alloys forged 
with greater ease. The forged strips of these 
four alloys were cold rolled from 5% ¢-in. 
thickness to 14-in. thickness. The purpose 
of cold working these alloys was to convert 


TABLE 1—Chemical Compositions of Cobalt- 
chromium Binary Alloys 
SS 


Code} Cr, C, | Fe,| Ni,} Ne, | Co, | Method of 
No. | pét | pet | pct] pet] pct | pet | Melting* 
V-7 7.38] 0.02/0.29/0.10|0. 005] bal. V 
V-14|14.1 | 0.01/0. 16/0. 09/0. 001} bal. V 
V-20|19.6 | 0.02/0.26]0.02/0.004} bal. V 
V-26|26.2 | 0.04]/0.23]0.06|0.034] bal Vv 
V-31 |31.2 | 0.01/0.19]0.07/0.006| bal V 
V-36|35.8 | 0.0t/0.14|0.07|0. 003] bal V 
A-39 |39 k 0.007] bal A 
E-4I |41 0.005] bal A 
E-42 |42 0.005| bal A 
V-42 |42 bal V 
E-44 |44.5 0.007| bal A 
E-46 |46 0.006) bal A 
E-49 |49 0.006] bal A 
E-52 |52.5 0.005] bal A 
V-53153 ~ 0.01/0.19/0.04/0. 000] bal V 
E-55 |55 0.005] bal A 
A-56|56 0.003] bal A 
A-59|59 0.006] bal A 
V-59159 0.01/0. 20/0. 03]/0.005] bal V 
A-62 |62 0.007| bal A 
V-63 163 0.01/0.17/0.05]0.011| bal V 
A-65 |65.5 0.006] bal A 
V-70|70 0.04/0.40]0.02/0.004] bal V 
A-73 |73 0.005] bal. A 
V-84 |84 0.01/0.17/0.02/0.012] bal. 


* V—melted and cast in vacuum. 

A—melted under purified argon atmosphere and 
solidified in melting crucible. 
them to the low-temperature hexagonal 
(beta) phase. The other vacuum-melted 
alloys were not forged or rolled because, 
with their higher chromium contents, they 
were not amenable to working without ex- 


cessive cracking. 
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Metallographic examination of the V-70 
and V-84 alloys, homogenized at 1315°C for 
80 hr, revealed epsilon and an unknown 
constituent. X ray diffraction analysis 
identified this constituent as chromium 
nitride (Cr.N). Since this nitride was not 
observed in the as-cast alloys, it was appar- 
ent that nitrogen was being picked up dur- 
ing homogenization. 

Prior to this, the general practice had 
been to determine the chemical analyses of 
the alloys in the as-cast condition. When 
X ray diffraction analysis indicated that 
chromium nitride, in substantial amounts, 
was present in the high-chromium alloys, a 
sample of the homogenized V-84 alloy was 
analyzed for nitrogen. As cast, this alloy 
contained 0.012 pct nitrogen, and, after 
homogenization, 0.357 pct nitrogen. The 
precautions taken to protect the ingots 
during homogenization, by sealing them in 
evacuated silica tubes, effectively pre- 
vented oxidation, but, as shown above, did 
not prevent the pickup of nitrogen. 

To circumvent the pickup of nitrogen 
during melting and during heat treatment 
at elevated temperatures, it appeared ad- 
visable to carry out these operations in a 
protective atmosphere. After consideration 
of the various atmospheres which could be 
used for this purpose, argon purified so as 
to be free from nitrogen was selected as the 
most practical. Consequently, a purifica- 
tion train was set up to remove water vapor 
and nitrogen from high-purity commercial 
argon. 

The argon was passed first through mag- 
nesium perchlorate to remove most of the 
moisture, and then through copper coils 
immersed in a bath of acetone and dry ice 
to reduce the moisture to a dew point of 
—80°C. Nitrogen was then removed by 
passing the dried gas through a container 
of titanium metal granules heated to 750°C. 
After it had been demonstrated that nitro- 
gen contamination was a problem, melting 
and heat treatment of the alloys were car- 
ried out in tube furnaces using the purified 
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argon as the protective atmosphere. To 
determine the efficiency of this system, 


particles of pure electrolytic chromium — 


metal (containing 0.003 pct nitrogen) were 
heated at 1540°C for one hour and furnace 


‘cooled; the chromium showed a nitrogen 


pickup of 0.007 pct. 

Those heats having the prefix of either 
“EB” or “A” in Table 1 were melted in a 
tubular-Globar furnace under an atmos- 
phere of purified argon. These alloys were 
prepared as s50-g melts, with the exception 
of E-55 and A-s9 which were 200-g melts. 
The charges for these heats were carefully 
mixed to minimize segregation and were 
melted at temperatures ranging from 1550 
to 1650°C. After melting, the alloys were 


stirred vigorously. The heats prefixed ““E” — 
and the A-so alloy were then quenched in © 


water to room temperature. Alloys A-62 


“ 


and A-65 were furnace cooled to 1425°C, — 
A-73 was cooled to 1470°C, and A-39 was — 


cooled to 1395°C; after 60 min. at these — 


respective temperatures, the alloys were 
water quenched. 

For most of the alloys studied, the 
differences between the chromium con- 


v 


tents of the tops and bottoms of the ingots — 


amounted to less than 0.5 pet chromium. 
Consequently, Table 1 lists the average 
chromium contents. For the alloys contain- 


ing more than 36 pct chromium, these ~ 


average values are rounded off to the 
closest 0.5 pct chromium, since, as will be 
discussed later, the portion of the diagram 
above 36 pct chromium is, from the stand- 
point of chromium concentration, accurate 
only to about 1 pct. 

The possible effects of the impurities, 
carbon, iron, nickel, and nitrogen, on 
the locations of the boundaries and on the 
existence of the various phases in the 
cobalt-chromium diagram presented here 
are recognized. At the present time, it is 
believed that the effects of these impurities 
are probably not important. However, a 
study of the effects of carbon, iron, nickel, 
and nitrogen, among other alloying ele- 
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ments, on the low-chromium portion of the 
diagram is to be made, and the results of 
that investigation will evaluate the effects 
of these impurities. 


Identification of Phases In Cobalt-chromium 
Binary System 


Before discussing the heat treatments 
used to determine the composition and 
temperature range of stability of the 
various fields in the cobalt-chromium 
binary equilibrium diagram, the five 
phases present in this system and the 
methods used to identify them will be 
described. 

After considerable experimentation with 
numerous metallographic etching reagents, 
it was found that by the use of the following 
three reagents, the various phases could be 
differentiated: 


Reagent No. 1 Ethyl alcohol............. 100 cc 
Ethylene glycol........... 20 cc 
Nitric acid.. 20 cc 


Bet electrolytically with 6 to 7% “volts across the 

ee Radgent ING strewn Vel Geaadeacls (iicliorsy's lonateie Wiese, sxe 100 cc 
GiLTIGACIGs.) se avsusne eee i 52 
1 steyn (oie (0 lee ty este cee ce Cie 6g 

See electrolytically with 6 to 12 volts across ine 

SS Roncent No. 3 4 to I pct aqueous solution of 
chromic aci 

ets electrolytically with 3 to 714 volts across the 

cell. 

Following is a description of the five 
phases present in the cobalt-chromium 
binary system: 

Alpha phase is the high-temperature 
modification of the cobalt-rich terminal 
solid solution. It has a face-centered cubic 
lattice. Specimens of alpha lightly etched 
with Reagent No. 1 have no structural 


features, but with prolonged etching a 


characteristic roughening of the surface 


occurs without developing sharp grain 
boundaries. This roughening is made more 
conspicuous by subsequent etching with 
Reagent No. 2. Fig 4 shows a specimen of 
alpha phase after etching with Reagents 
Nos. 1 and 2. 

Beta phase is the low-temperature modi- 
fication of the cobalt-rich terminal solid 
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solution. It has a hexagonal close-packed 
lattice. Specimens of beta phase lightly 
etched with Reagent No. 1 have no struc- 
tural features, but with prolonged etching 
grain boundaries are developed. A second 
etching treatment using Reagent No. 2 
slightly darkens the entire surface of the 
specimen. Fig 5 shows a specimen of beta 
phase after etching with Reagents Nos. 1 
and 2. 

Thus specimens that are roo pet alpha or 
too pct beta can be differentiated by pro- 
longed etching with Reagent No. 1 fol- 
lowed by etching with Reagent No. 2. 
Alpha will have a characteristically rough- 
ened surface free from grain boundaries, 
while beta phase will be quite smooth with 
well-defined grain boundaries. 

When specimens containing mixtures of 
alpha and beta phases are lightly etched 
with Reagent No. 1, alpha phase is at- 
tacked more rapidly than beta and, when 
subsequently etched with Reagent No. 2, 
the alpha phase is darkened more than the 
beta phase. Fig 6 shows a specimen con- 
taining particles of alpha in-a matrix of 
beta phase after etching with Reagents 
Nos. 1 and 2. 

Both alpha and beta phases are stained a 
yellow to buff color when lightly etched 
with Reagent No. 3. 

Gamma phase is a brittle intermetallic 
compound of cobalt and chromium with a 
composition corresponding approximately 
to the ratio Co2Cr3. It has a rather complex 
crystal structure, the actual nature of which 
has not been determined. Gamma phase 
shows little or no attack when etched with 
any of the three reagents described above. 
As a consequence, the gamma phase in mix- 
tures of alpha and gamma or beta and 
gamma can be easily recognized if the 
specimens are etched with Reagent No. 3 
which darkens either alpha or beta and 
leaves the gamma white. Fig 7 and 8 show 
structures consisting of gamma particles in 
matrices of beta and alpha, respectively, 
etched with Reagent No. 3. 
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Fic 4 


Fic 6 
Fic 4—A.pHA. 
Fic 5—BeEta. 
Fic 6—ALPHA (DARK) PLUS BETA (LIGHT). 
The above micrographs, at 500X, show the structures of a cobalt-chromium binary alloy con- 
taining 20 pct chromium, aged 65 hr at temperatures of 900, 750, and 800°C, respectively (Speci- 
mens 39, 38, and 30 of alloy V-20). The specimens shown in Fig 4 and 5 were heavily etched with 
Reagent No. 1 followed by a light etch with Reagent No. 2. The specimen shown in Fig 6 was 
lightly etched with Reagent No. 1 followed by a light etch with Reagent No. 2. Alpha phase 
(Fig 4) has a characteristically roughened surface without well-defined grain boundaries, while 
beta has a smooth surface with clear-cut grain boundaries, In mixtures of alpha and beta, alpha is 
attacked more rapidly by Reagent No. 1 and darkened more by Reagent No. 2 than is beta phase. 
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Fic 7—GAMMA PARTICLES IN A MATRIX OF BETA OBSERVED IN A SPECIMEN CONTAINING 31 PCT 
: CR, AGED 65 HR AT 850°C. ELECTROLYTIC CHROMIC ACID ETCH X 500. 

Fic 8—GAMMA PARTICLES IN A MATRIX OF ALPHA OBSERVED IN A SPECIMEN CONTAINING 36 PCT 

ae _ CR, AGED 50 HR AT 1010°C, ELECTROLYTIC CHROMIC ACID ETCH. X 500. 

Fic 9—GAMMA PARTICLES IN A MATRIX OF EPSILON OBSERVED IN A SPECIMEN CONTAINING 

65.5 PcT CR, AGED 5 HR AT 1200°C. ELECTROLYTIC CHROMIC ACID ETCH. X 500. THE GAMMA 

- PARTICLES ARE ATTACKED LESS RAPIDLY THAN IS THE EPSILON. a 


© 


re 


588 - 


As a result of the extreme brittleness of 
gamma phase, Rockwell hardness inden- 
tations in this material are always sur- 
rounded by numerous cracks. 

Epsilon phase is the chromium-rich termi- 
nal solid solution. It has a body-centered 
cubic lattice. Grain boundaries are weakly 
developed in epsilon phase upon prolonged 
etching with either Reagent No. 1 or No. 3. 
However, epsilon phase is not darkened by 
Reagent No. 3 so it is not readily confused 
with either the alpha or beta phases. When 
specimens containing mixtures of gamma 
and epsilon are etched with Reagent No. 3, 
the epsilon is attacked more rapidly than 
gamma leaving the gamma in relief, as 
shown in Fig 9. Thus, when present in the 
same specimen, gamma is readily distin- 
guished from epsilon. Specimens containing 
roo pct gamma and roo pct epsilon, when 

etched with Reagent No. 1, have almost 
structure-free surfaces. Rockwell hardness 
indentations in epsilon are always sur- 
rounded by slip lines while in gamma phase 
cracks are produced. In fact, specimens 
consisting of roo pct gamma will usually 
contain numerous cracks resulting from the 
sectioning and grinding operations. Thus, 
gamma can also be distinguished from 
epsilon by its tendency to crack. 

Delta phase is a high-temperature modifi- 
cation of gamma phase and is so unstable 
at lower temperatures that it cannot be 
retained even with a severe quench. Al- 
though experimental difficulties made the 
temperature measurement of the thermal 
analyses somewhat questionable, cooling 
curves obtained for alloys heated into the 
range of stability for delta showed strong 
arrests and in some cases even a pronounced 
recalescence at temperatures in the range of 
1250 to 1300°C. Fig 1o through 13 show 
structural evidence of delta phase. Fig 10 
shows a specimen containing 42 pct chro- 
mium aged 5 hr at 1300°C and water 
quenched. The phases present in this speci- 
men are gamma (light) and alpha. Fig 11 
shows a specimen of the same alloy aged 5 
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hr at 1320°C and water quenched. The 
regions that were gamma when aged at 
1300°C now contain particles of a second 
phase (alpha) with a pearlitic-like distribu- 
tion. Fig 12 shows a specimen of the same 
alloy treated in an identical manner as the 
specimen shown in Fig 11 except that it was 
furnace cooled from the aging treatment. 
The alpha particles have diffused and 
agglomerated upon slow cooling. Fig 13 
shows the structure observed in a specimen 
containing 46 pct chromium aged 5 hr at 
1360°C (within the delta field) and water 
quenched. This specimen is entirely pearl- 
itic, although specimens of this alloy aged 
at much lower temperatures contain large 
particles of gamma in matrices of either 
alpha or beta. These structures indicate 
that a phase, delta, exists at elevated 
temperatures and that this phase is so 
unstable that it decomposes upon quench- 
ing to form gamma and alpha. The amount 
of alpha observed in the decomposed delta 
decreases with increasing chromium con- 
tent of the delta; in the higher chromium 
range, delta simply transforms to gamma 
upon quenching. ; 


Heat Treatment and Metallographic 
Examination 


The first part of this investigation, the 
study of the cobalt-rich half of the equilib- 
rium diagram, was carried out using seven 
vacuum-melted alloys containing from 7 to 
42 pct chromium (Alloys V-7, V-14, V-20, 
V-26, V-31, V-36, and V-42). In order to 
block in the fields in this portion of the 
diagram, specimens of these seven alloys 
were aged for 65 hr at temperatures of 600, 
650, 700, 750, 800, 850, goo, 925, 950, 1000, 
1050, II100, II§0, 1200, 1250, and 1300°C, 
and water quenched. Aging temperatures 
were controlled to within less than + 10°C 
for this preliminary survey. The heat- 
treated specimens were cut in half and the 
cut faces prepared for metallographic 
examination. Results of this metallographic 
examination are given in Table 2. The 


Fic 11—SAME AS FIG 10 EXCEPT THAT T. 
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Fic 12 
Fic 10—STRUCTURE OF AN ALLOY CONTAINING 42 PCT Cr, AGED 5 HR AT 1300°C AND WATER 
QUENCHED. ELECTROLYTIC CHROMIC ACID ETCH. X 500. 
HE SPECIMEN WAS AGED AT 1320°C. ELECTROLYTIC CHROMIC 
ACID ETCH. X 500. 
Fic 12—SAME AS FIG 11 EXCEPT THAT THE SPECIMEN WAS FURNACE COOLED AFTER THE AGING 
TREATMENT. ELECTROLYTIC CHROMIC ACID ETCH. X 500. 
Fic 13—STRUCTURE OBSERVED IN AN ALLOY CONTAINING 46 pct CR, AGED 5 HR ATI 360°C AND 
§ WATER QUENCHED. ELECTROLYTIC CHROMIC ACID ETCH. X 500. 
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structures observed in the V-7 alloy speci- 
mens were quite difficult to interpret and, 
as a consequence, structural ratings of the 
V-7 specimens are not included in Table 2. 


Taste 2—Heat Treatment and Structural 
Data Relative to Specimens Used to Block 


in the Cobalt-rich Half of the Cobalt- 
chromium Equilibrium Diagram 


Aging 
Treat- 
ment 
Alloy Speci- Tem- Structure Rating 
men pera- 
ture 
°¢ 
V-14 43 600 | Beta 
Initial 44 650 | Beta 
Structure: 37 700 | Beta 
Homogenized| 38 750 | Alpha + trace Beta 
Aging Treat-| 30 800 | Alpha 
ment Time: 31 850 | Alpha 
65 hr 39 900 | Alpha 
40 950 | Alpha 
32 1,000 | Alpha 
33 1,050 | Alpha 
41 1,100 | Alpha 
42 1,150 | Alpha 
34 1,200 | Alpha 
35 1,250 | Alpha 
36 1,300 | Alpha 
V-20 43 600 | Beta + Gamma pre- 
Initial cipitate 
Structure: 44 650 | Beta + Gamma pre- 
Cold-worked cipitate 
Beta 37 700 | Beta + Gamma pre- 
Aging Treat- cipitate 
ment Time: 38 750 | Beta 
65 hr 30 800 | 15 pct Alpha + 85 pct 
Beta 
31 850 | Alpha 
39 900 | Alpha 
45 925 | Alpha 
40 950 | Alpha 
32 1,000 | Alpha 
33 1,050 | Alpha 
Ar 1,100 | Alpha 
42 1,150 | Alpha 
34 1,200 | Alpha 
35 1,250 | Alpha 
36 1,300 | Alpha 
V-26 43 600 | Beta + Gamma pre- 
Initial cipitate 
Structure 44 650 | Beta + Gamma pre- 
Cold-worked cipitate 
Beta 37 700 | Beta + Gamma pre- 
Aging Treat- cipitate 
ment Time: 38 750 | Beta + Gamma pre- 
65 hr cipitate 
30 800 | Beta + Gamma _pre- 
cipitate 
31 850 | Beta +.Gamma pre- 
cipitate 
39 900 | 60 pct Alpha + 4o pct 
Beta 
45 925 | Alpha 
40 950 | Alpha 
32 1,000 | Alpha 
33 1,050 | Alpha 
41 1,100 | Alpha ' 
42 1,150 | Alpha 
34 1,200 | Alpha 
35 1,250 | Alpha 
36 1,300 | Alpha 
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TABLE 2—(Continued) 


Structure Rating 


Beta + Gamma pre- 
cipitate 

Beta + Gamma 
cipitate 

Beta + Gamma 
cipitate 

Beta + Gamma 
cipitate 

Beta + Gamma 
cipitate 

Beta + Gamma 
cipitate 

Beta 

4 pet Alpha + 96 pct 

Beta 

Alpha 

Alpha 

Alpha 

Alpha 

Alpha 

Alpha 

Alpha 

Alpha 


V-31 
Initial 
Structure: 
Cold-worked 
Beta 
Aging Treat- 
ment Time: 
65 hr 


pre- 
pre- 
pre- 
pre- 


pre- 


V-36 
Initial 
Structure: 
Homogenized 
Aging Treat- 
ment Time: 
65 hr 


Beta (Precipitation of 
Gamma very slug- 
gish because of low 
temperature) 

Beta + Gamma ‘ 

Beta + Gamma 

Beta + Gamma 

Beta + Gamma 

Beta + Gamma 

Beta + Gamma 

Beta + Gamma 

Beta + Gamma 

Alpha + Gamma 

Alpha + trace Gamma 

Alpha 

Alpha 

Alpha 

Alpha 

Alpha 


Beta + Gamma 
Beta + Gamma 
Beta + Gamma 
Beta + Gamma 
Beta + Gamma 
Beta + Gamma 
Beta + Gamma 
Beta + Gamma 
Beta + Gamma 
Alpha + Gamma 
Alpha + Gamma 
Alpha + Gamma 
Alpha + Gamma 
Alpha + Gamma 
Alpha + Gamma 
Alpha + Gamma 


V-42 
Initial 
Structure: 
Homogenized 
Aging Treat- 
ment Time: 
65 hr 


Determination of the Limits of the Alpha 
Plus Beta Field 


Further studies were carried out on the 
V-7, V-14, V-20, V-26, and V-31 alloys to 
determine accurately the limits of the alpha 
plus beta field. The technique used in this 
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determination is illustrated by the follow- 
ing presentation of the experimental work 
carried out on the V-20 alloy. 

In order to locate the boundaries of the 
alpha plus beta field for the V-20 alloy, it 
was necessary first to determine the time 
required for this alloy to reach equilibrium 
in the temperature range of the two-phase 
field, Preliminary tests indicated that V-20 
alloy specimens aged at a temperature 
between 800 and 810°C would contain both 
alpha and beta; consequently, the equilib- 
rium time study was carried out at 808°C. 
Since the V-20 alloy was in the form of cold- 
rolled strip and consisted of cold-worked 
beta, a cursory investigation was made to 
compare the reaction rates (beta to alpha) 
in the cold-worked and in the recrystallized 
conditions. As was anticipated, specimens 
of cold-worked and of recrystallized beta 
heat-treated under identical conditions 
showed that transformation to alpha oc- 
curred more rapidly in the cold-worked 
than in the recrystallized material. Conse- 
quently all of the specimens used in the 
investigation of the beta to alpha transfor- 
mation were recrystallized prior to subse- 
quent heat treatment. 

Six specimens of the V-zo0 alloy were 
transformed to alpha by heating at 1000°C 
for one hour. These together with six re- 


crystallized beta specimens were placed in. 
a furnace operating at 808°C. This furnace. 


was closely controlled; the on-off cycle 
corresponded to a temperature range of 
less than 2°C. One specimen with a 
prior strtucture of alpha and one with 
a prior structure of recrystallized beta 
were removed from the furnace after 10 
min., 14 hr, 114 hr, 5 hr, 1734 hr, and 
so hr at temperature, and water quenched. 
The specimens were polished and etched, 
as described previously, to differentiate 
between alpha and beta; the amount of 
alpha present in each specimen was esti- 
mated visually by means of the microscope. 
The results of this examination are given in 
Table 3 (Specimens 11 through 22). The 


values of per cent alpha listed are the 
averages of the estimated amounts of 
alpha present in several fields on each 
specimen. 

It has been shown by Austin and Rickett® 
that isothermal transformation data (per 
cent transformation vs. time) can be repre- 
sented by a straight line if the per cent 
transformation is plotted on a probability 
scale and the time at temperature on a 
logarithmic scale. Such a plot for the data 
obtained from the specimens isothermally 
treated at 808°C is shown in Fig 14. The 
upper line represents the transformation of 
alpha to beta and the lower one the trans- 
formation of beta to alpha. On extrapola- 
tion, these lines intersect at a point on the 
line which would be approached asymp- 
totically by the true transformation-time 
curves. The transformation-rate curves 
shown here indicate that over 31 days 
would be required to attain equilibrium in 
the V-20 alloy at 808°C, and that under 
these conditions this alloy consists of 74 
pet alpha, balance beta. Since 31 days is an 
impractical length of time for heat treating, 
a shorter period, so hr, was adopted to 
facilitate a practical approach to equilib- 
rium conditions in these alloys. 

The next step consisted of heat treating 
pairs of specimens (with prior structures of 
alpha and of beta) at 795°C and at 816°C 
for 50 hr and estimating the amount of 
transformation occurring at these tem- 
peratures. The data obtained are included 
in Table 3 (Specimens 23 through 26). 

The transformation data for the V-20 
alloy specimens treated for 50 hr at 795, 
808, and 816°C were then plotted in two 
ways, as shown in Fig 15. The squares in 
this figure represent the arithmetical 
averages of the amounts of alpha present in 
the initially alpha and the initially beta 
specimens after 50 hr at 795, 808, and 
816°C. The circles represent the probable 
equilibrium amounts of alpha; these values 
correspond to the points which are midway 
between the data points for 50 hr as located 
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on the probability logarithmic plot of per 
cent beta vs. time. (See Fig 14 for probable 
equilibrium amount of alpha after 50 hr at 
808°C.) The lines drawn through the 
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is approximately the same—namely, 793 to 
818°C. 

The above-described procedure was ap- 
plied to the determination of the limits of 


Taste 3—Heat Treatment and Structure Ratings of S pecimens Used to Determine the Limits 
of the Alpha Plus Beta Field 


Aging Treatment 
F Initial . 
Alloy | Specimen | gt cture Structure Rating 
Time Temper- 
ture °C 
V-14 Te} Alpha 50 hr 581 Alpha—Sluggish because of low temperature 
54 Beta 50 hr 581 Beta 
55 Alpha 50 hr 700 Alpha 
56 Beta 50 hr 700 Beta 
49 Alpha 50 hr 720 Alpha 
50 Beta 50 hr 720 7 pct Alpha + 93 pct Beta 
51 Alpha 50 hr 737 Alpha 
52 Beta 50 hr 7137 95 pct Alpha + 5 pct Beta 
47 Alpha 50 hr 740 Alpha 
48 Beta 50 hr 740 Alpha + trace Beta 
V-20 II Alpha 10 min. 808 Alpha 
13 Alpha 30 min. 808 Alpha 
I5 Alpha 90 min. 808 Alpha 
17 Alpha 5 hr 808 99 pct Alpha + 1 pct Beta 
- 19 Alpha 174% hr 808 97 pet Alpha + 3 pct Beta 
21 Alpha 50 hr 808 94 pet Alpha + 6 pct Beta 
12 Beta 10 min. 808 <1 pct Alpha + 99+ pct Beta 
14 Beta 30 min. 808 I pet Alpha + 99 pct Beta 
16 Beta 90 min. 808 4 pet Alpha + 96 pct Beta 
18 Beta 5 hr 808 pet Alpha +94 pct Beta 
20 Beta 1744 hr 808 17 pet Alpha + 83 pct Beta 
22 Beta 50 hr 808 33 pet Alpha + 67 pct Beta 
23 Alpha 50 hr 795 10 pct Alpha + 90 pct Beta 
24 Beta 50 hr 795 <1 pct Alpha + 99+ pct Beta 
25 Alpha 50 hr 816 99 pet Alpha + <1 pct Beta 
26 Beta 50 hr 816 75 pet Alpha + 25 pct Beta 
V-26 47 Alpha 50 hr 888 5 pct Alpha — 95 pct Beta 
48 Beta 50 hr 888 12 pct Alpha — 88 pct Beta 
Tt Alpha 50 hr 905 Alpha 
12 Beta 50 hr 905 93 pet Alpha — 7 pct Beta 
49 Alpha 50 hr OIL Alpha 
50 Beta 50 hr QIl Alpha 
13 Alpha 50 hr 918 Alpha 
14 Beta 50 hr 918 Alpha 
V-31 47 Alpha 50 hr oll Beta 
48 Beta 50 hr OIl Beta 
55 Alpha 50 hr 919 Beta 
56 Beta 50 hr 919 Beta 
57 Alpha 50 hr 926 Beta 
58 Beta 50 hr 926 Trace Alpha + Balance Beta 
53 Alpha 50 hr 938 o2 pet Alpha + 8 pct Beta 
54 Beta 50 hr 938 98 pet Alpha + 5 pct Beta 
49 Alpha 50 hr 044 Alpha 
50 Beta 50 hr 944 Alpha 


arithmetical averages and the probable 
equilibrium values were then extrapolated, 
and the temperatures corresponding to o 
and roo pct alpha were taken as the limits 
of the alpha plus beta field in the V-20 alloy. 
Regardless of which method is used to 
obtain the amount of alpha present at a 
particular temperature, the temperature 
range for the two-phase field in this alloy 


the two-phase regions in the V-7, V-14, 
V-26, and V-31 alloys. Specimens of the 
V-7 alloy, quenched from above and within 
the two-phase field as delineated in the 
Matsunaga diagram (Fig 2), showed micro- 
structures which were difficult to interpret 
and, consequently, to rate with respect to 
the relative amounts of alpha and beta 
present. This difficulty was attributed, at 
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least partially, to the slow rates of reaction _ these data showing the temperature ranges 
at these relatively low temperatures. Con- -of two-phase (alpha plus beta) stability for 
sequently, the work on this alloy was the V-14, V-26, and V-31 alloys. 


100 


90 @———® Probable Per Cent Alpha at Equilibrium 


O— — Bi Arithmetical Average of Per Cent Alpha 
After 50 Hours’ Heating 
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Temperature °C. 
Fic 1 5—PuLor SHOWING PER CENT ALPHA PHASE PRESENT UNDER EQUILIBRIUM CONDITIONS AND 
AFTER 50 HR HEATING OF AN 80 PcT Co, 20 pcT CR ALLOY. 


The arithmetical average was obtained by averaging the per cent alpha present in two speci- 
mens, one initially 100 pct alpha and the other initially 100 pct beta, isothermally treated for 
50 hr at the same temperature. The probable per cent alpha at equilibrium was obtained by 


plotting the same data on a probability scale and determining the per cent transformation value 
that was midway between the data points. 


discontinued. The data obtained from the As indicated in Table 3, specimens of the 
study of the V-14, V-26, and V-31 alloys V-14 alloy with prior structures of alpha 
are presented in Table 3. Fig 16 isa plot of _ did not transform to beta when aged for 50 
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hr at temperatures in the range of 581 to 
740°C. Specimens with prior structures of 
beta transformed to alpha in the tempera- 
ture range of 719 to 738°C. Matsunaga‘ 


would not be observed if the specimens 
represented true equilibrium conditions. 
However, in the higher chromium alloys the 
beta field is narrow, and at temperatures 


? 


e PRIOR STRUCTURES 
@ BETA 
O ALPHA | 


ALPHA- PER CENT 


14% Cr ALLOY 
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710 720 730 740 880 


890 900 910 920 930 940 


TEMPERATURE ~°C. 


Fic 16—PLots OF PER CENT ALPHA VS. AGING TEMPERATURE FOR 14, 26, AND 31 PCT CR ALLOYS 
SPECIMENS AGED IN TWO-PHASE (BETA PLUS ALPHA) REGION. 


(see Fig 2) found that cobalt-chromium 
alloys containing 20 pct chromium or less 
showed much greater sluggishness in trans- 
forming from alpha to beta than did the 
higher chromium alloys. If the tempera- 
tures for the beginning and end of the 
alpha-beta reaction for the V-14 alloy are 
taken only from the specimens with prior 
structures of beta, as was done in Fig 16, 
the indicated limits of the two-phase field 
will be located at higher temperatures than 
those under equilibrium conditions. For 
this reason the limits of the two-phase field 
for the V-14 alloy have been placed at 
slightly lower temperatures on the equilib- 
rium diagram than indicated by Fig 16. 
There are three anomalies in the data for 
the V-26 and V-31 alloys (Table 3). For the 
V-26 alloy aged at 888°C and the V-31 
alloy aged at 926 and 938°C, the specimens 
with prior structures of beta contained 
more alpha than those with prior structures 
of alpha, each pair of specimens having 
been aged at the same temperature. These 
results are contrary to expectations and 


below this portion of the field, gamma 
containing approximately 55 pct chromium 
is precipitated. Thus, most of the V-26 and 
V-31 alloy specimens which, according to 
the preliminary diagram, were supposed to 
have prior structures of beta, actually 
contained small amounts of gamma along 
with the beta. Since the gamma did not 
go into solution very rapidly on aging, the 
tests represented conditions for beta with 
lower chromium contents than. indicated 
by the chemical analyses of the alloys, and, 
therefore, with lower reaction temperatures 
and greater amounts of alpha at a given 
aging temperature. Metallographic exami- 
nation of the beta prior structures in the 
V-26 and V-31 alloys revealed the presence 
of 14 to 1 pct of gamma. This amount of 
gamma corresponds to a 4 to 44 pct lower 
chromium content, which represents a 5 to 
10°C lowering of the lower limit of the 
alpha plus beta field. 

Structures obtained in specimens of the 
V-36 alloy indicate that the peritectoid 
horizontal is very close to 960°C. 
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Solubility of Gamma in Beta 


The solubility of gamma in beta was 
studied in alloys containing up to 36 pct 
chromium. The general plan of study for 
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temperatures was taken as the equilibrium 
temperature for the solubility limit of 
gamma in beta of that particular composi- 
tion. Table 4 contains heat-treatment and 


TABLE 4—Heat Treatment and Structural Ratings of Specimens Used to Determine the 
Solubility Limit of Gamma in Alpha and Beta 


ot eee 


Aging Treatment 
Alloy | Specimen rehnth 2 Structure Rating 
: ‘emper- 
= Time Hr ature °C 
i 
V-20 46 Alpha 50 740 Beta < 
47 Alpha 50 720 Beta + trace Gamma precipitate 
he 52 Alpha 50 750 Beta 
| 53 Alpha 50 725 Beta 
55 Spec. 53 50 675 Beta + Gamma precipitate 
57 Spec. 55 50 725 Beta + less Gamma than in 55 
59 Spec. 57 50 740 Beta — no Gamma 
V-26 56 Alpha 50 860 Beta — no Gamma e 
57 Spec. 56 50 840 Beta + trace Gamma precipitate 
58 Spec. 57 50 820 | Beta + Gamma precipitate 
59 Spec. 58 50 855 Beta + less Gamma than in 58 
60 Spec. 59 50 865 Beta + trace Gamma 
61 Spec. 60 50 875 Beta — no Gamma 
V-31 51 Alpha 50 890 Beta fe 
yah 60 Alpha 50 860 |Beta + Gamma precipitate 
61 Spec. 60 50 890 Beta + Gamma precipitate 
62 Spec. 61 50 905 Beta + Gamma precipitate 
63 Spec. 62 50 915 Beta + trace Gamma precipitate 
66 Alpha 50 875 Beta + trace Gamma precipitate 
67 Spec. 66 50 850 Beta + Gamma precipitate 
68 Spec. 67 50 880 Beta + Gamma precipitate 
69 Spec. 68 50 900 Beta + last trace Gamma precipitate 
V-36 | 27 Alpha 65 747 Beta + Gamma 
SE Alpha 50 890 Beta + Gamma 
55 Alpha 50 919 Beta + Gamma precipitate 
56 Beta 50 919 Beta + Gamma precipitate 
57 Alpha 50 926 Beta + Gamma precipitate 
58 Beta SG 926 Beta + Gamma precipitate 
53 Alpha 50 938 Beta + trace Gamma 
54 Beta 50 938 Beta + trace Gamma 
x 47 Alpha 50 044 Beta + trace Gamma 
48 Beta 50 044 Beta + trace Gamma 
SOM acaipba Ge 50 ; 959 Alpha + trace Gamma 
60 Homogenized 50 959 Alpha + trace Gamma 
613 Homogenized 50 970 Alpha + 2-3 pet Gamma 
: 03 pec. 61 50 1,010 Alpha + 7 pct Gamma 
68 Spec. 63 50 1,030 Alpha + Gamma 
72 Spec. 68 50 1,045 Alpha + 5 pct Gamma 
74 Spec. 72 50 1,045 ret + 144 pct Gamma 
70 Spec. 50 1,060 Alph: 
71 Alpha 50 1,030 Alcha + slight trace Gamma 
73 Spec. 71 50 1,015 Alpha + 2 pct Gamma . H 
75 Spec. 73 50 1,045 Alpha + 114 pect Gamma 
17 Spec. 75 50 1,060 


Alpha + trace Gamma 


each alloy consisted of determining the 
highest temperature at which aging for 
50 hr produced a trace of gamma precipi- 
tate in specimens which were previously 
all beta; and then determining the lowest 
temperature at which s5o-hr aging treat- 
ments would result in re-solution of this 
trace of gamma, The average of these two 


structural data relative to specimens used 
in determining the solubility limit of 
gamma in beta. 

Specimens of the V-20 alloy contained 
precipitated gamma when aged at tem- 


peratures of 720°C or below and this pre- 


cipitated gamma was taken into solution on 
aging at 740°C or above. Thus for the V-20 
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alloy, the equilibrium temperature for the 
solubility limit of gamma. in beta is 
approximately 730°C. 

Specimens of the V-26 alloy aged at 
840°C or below contained gamma pre- 
cipitate. This gamma precipitate was taken 
into solution by aging at a temperature of 
875°C. The relative amounts of gamma 
observed after the various aging treatments 
indicated that the equilibrium temperature 
for the solubility limit of gamma in beta 
containing 26 pct chromium is approxi- 
mately 850°C. 

Specimens of the V-31 alloy showed the 
first evidence of precipitated gamma when 
aged at temperatures in the range of 890 

‘to 860°C. This gamma was redissolved upon 
aging at temperatures in the range of goo 
to 15°C. Therefore, the equilibrium 
temperature for the limit of gamma solu- 
bility in beta containing 31 pct chromium 
is approximately goo°C. 

Attempts were made to determine the 
temperature at which gamma starts to 
precipitate from beta containing 36 pct 
chromium. The reactions in this alloy were 
so sluggish and the temperature range for 
beta phase so narrow that these tests were 
discontinued. However, the data in Table 
4 show a definite decrease in the amount of 
gamma present when specimens are aged 
in the temperature range of 938 to 959°C. 


Determining the Limits of the Alpha Plus 
Gamma Field 


The procedure used to determine the 
solubility limit of gamma in alpha con- 
taining 36 pct chromium was the same as 
that used to determine the solubility of 
gamma in beta in the lower chromium 
alloys. Table 4 contains data relative to the 
heat treatment and structural rating of the 
specimens used in this determination. 

- The preliminary survey of the cobalt- 
rich portion of this diagram indicated that 
specimens of the 36 pct chromium alloy 
were entirely alpha when aged at tempera- 
tures above 1100°C (see Table 2). Speci- 
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mens of this alloy with prior structures 
which were too pct alpha precipitated 
gamma when aged at temperatures. of 
1030°C or below. Aging at successively 
higher temperatures resulted in partial 
re-solution of this gamma phase, until at a 
temperature of 1060°C complete re-solution 
of the gamma was attained. The relative 
amounts of gamma present after the vari- 
ous aging treatments indicated that the 
temperature at which gamma starts to 
precipitate from alpha containing 36 pct 
chromium, under equilibrium conditions, is 
‘approximately 1050°C. 

Further data fixing the limits of the alpha 
plus gamma field were obtained by apply- 
ing the Lever Law to the structural data 
obtained for alloys with higher chromium 
contents. The structural data given in 
Table 5 for Alloys V-42 and V-53 and in 
Table 6 for Alloys E-41, E-42, E-44, and 
E-46 are useful in determining the limits of 
this two-phase region. 

Specimens of Alloy V-53 aged at tem- 
peratures of 1200°C and below contain 1 to 
2 pet of alpha or beta in a matrix of gamma. 
Therefore, the limit of the gamma field 
toward the cobalt side of the diagram must 
be slightly higher than, but very close to, 
53 pct chromium. Specimens of the E-41, 
E-42, E-44, and E-46 alloy quenched after 
aging at 1300°C all contained both alpha 
and gamma. The relative amounts of these 
phases present indicate that alpha contain- 
ing approximately 39 pct chromium and 
gamma containing approximately 47 pct 
chromium are in equilibrium at 1300°C. 
Since the limit of solubility of gamma in 
alpha at 1050°C is about 36 pct chromium 
and at 1300°C is about 39 pct chromium, it 
is apparent that the boundary between 
the alpha and the alpha plus gamma fields 
is almost vertical. On the other hand, the 
boundary between the gamma and the 
alpha plus gamma fields has a decided 
change in slope between 1200 and 1300°C 
since below 1200°C this boundary is very 
near 53 pct chromium and it crosses the 
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1300°C ordinate at about 47 pct chromium. 
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The relative amounts of delta and alpha 


Specimens of Alloys E-41, E-42, E-44, and observed in specimens of the E-41, E-42, 
E-46, quenched after aging at 1300 and E-44, and E-46 alloys aged 5 hr at 1320 and 
1320°C for s hr (see Table 6), show that 1340°C and in specimens of the E-42, E-44, 


TaBLE s—Heat Treatment and Structural Data for Specimens of Vacuum Melted Alloys with 
High Chromium Contents 


Alloy | Specimen 


V-42 


V-53 


V-63 


V-70 


V-84 


cal 


wo 


WwnH 


ae MN THO DOOWHH 


> 


ioe] 


Initial 
Structure 


Homogenized 
Homogenized 
Specimen 47 


Homogenized 


As cast _ 
Homogenized 


87 hr 600°C 
87 hr 600°C 
87 hr 600°C 
24 hr 1,100°C 
24 hr 1,100°C 


5 hr 1,300°C 
74 hr 600°C 
Homogenized 

3 hr 1,300°C 
74 hr 600°C 
Homogenized 

5 hr 1,300°C 
74 hr 600°C 
Homogenized 
Homogenized 
74 hr 600°C 


5 hr 1,300°C 
5 hr 1,300°C 
87 hr 600°C 
Homogenized 


5 hr 1,300°C 
Homogenized 
5 hr 1,300°C 
74 hr 600°C 
5 hr 1,300°C 
74 hr 600°C 
Homogenized 
5 hr 1,300°C 


74 hr 600°C 


Homogenized 
Homogenized 


87 hr 600°C 
87 hr 600°C 
87 hr 600°C 
Homogenized 


Aging Treatment 


Structure Rating 


1,250 |Alpha + 30 pct Gamma 

1°300 Alpha + 30 pct Gamma : 

1,350 Alpha + 40 pet Gamma containing Alpha pre- 
cipitate (Delta) as 

1,375 Alpha + 45 pct islands of Gamma with pearlitic 
core (Delta) 

I 316 70 pct Alpha + 30 pct Gamma 

1,410 Melted Alpha + 45 pct Gamma containing 
Alpha precipitate (Delta) 


700 Gamma + I pct precipitate (Beta) 

900 Gamma-+ 1 to 2 pct precipitate (Beta) 
1,100 Gamma + 1 to 2 pct Alpha 
1,200 Gamma + 1 to 2 pct Alpha 
1,375 Delta (Gamma + precipitate) 


700 Gamma + trace Epsilon 

700 Gamma + trace Epsilon 

800 Gamma + trace Epsilon 

950 Gamma + 2 to 3 pct Epsilon 

950 Gamma + 2 to 3 pct Epsilon 
1,000 Gamma + 5 pct Epsilon 
1,100 Gamma + 3 pct Epsilon 
1,100 Gamma + 5 pct Epsilon 
1,200 Gamma + 4 pct Epsilon 
1,350 Delta 
I,410 Delta 


700 Epsilon + precipitated Gamma 

900 Epsilon + precipitated Gamma 
1,305 Epsilon + nitride impurities 
1,460 Epsilon + nitride impurities 


700 Epsilon + fine precipitated Gamma 
800 Epsilon + fine precipitated Gamma 
900 Epsilon + precipitated Gamma 
900 Epsilon + precipitated Gamma 
950 Epsilon + 65 to 70 pct Gamma 
950 Epsilon + 65 to 70 pct Gamma 
1,000 Epsilon + 60 pct Gamma 
1,100 Epsilon + 40 pet Gamma + trace nitride im- 
purities 
1,100 Epsilon + 40 to 45 pct Gamma + trace nitride 
impurities 
1,200 Epsilon + nitride impurities 
I,300 Epsilon + nitride impurities 


700 Epsilon + fine precipitated Gamma 
900 Epsilon + Gamma 
I,100 Epsilon + nirride impurities 
1,535 Epsilon + nitride impurities (not melted) 


the minimum temperature of stability for and E-46 alloys aged 5 hr at 1360°C (see 
cobalt-rich delta is between these two tem- Table 6) established to within fairly close 
peratures. The minimum temperature of limits the boundaries between the alpha 


stability for cobalt-rich delta was placed at _ plus delta field and its two adjoining fields, 
1310°C on the diagram. 


alpha and delta. 
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TABLE 6—Heat Treatment and Structural Data for High-chromium Alloys Melted and 
Heat Treated in an Atmosphere of Purified Argon 


Aging Method of 
Alloy Temperature °C* Cooling Structure Rating 
A-39 I,395* Quenched Alpha + 4 to 5 pct Gamma (Delta). Was not molten at aging 
temperature. 
E-41 1,300 Quenched Alpha + 15 to 20 pct Gamma 
1,320 Quenched Alpha + 25 pet Gamma containing precipitated Alpha (de- 
composed Delta) 
1,340 Quenched Alpha + 25 pct Gamma containing precipitated Alpha (de- 
composed Delta) ; 
E-42 1,300 Quenched Alpha + 40 pct Gamma 
1,320 Quenched Alpha + 40 to 45 pct Gamma containing precipitated Alpha 
(decomposed Delta) 
I,340 Quenched Alpha + 50 pct Gamma containing precipitated Alpha (de- 
composed Delta) 
1,360 Quenched Alpha + 45 pet Gamma containing precipitated Alpha (de- 
composed Delta) 
1,300 Furnace cooled | Alpha + 40 pct Gamma 
1,320 Furnace cooled | Alpha + 40 to 45 pct Gamma containing agglomerated Alpha 
precipitate (decomposed Delta) 
1,340 Furnace cooled | Alpha + 40 to 45 pct Gamma containing agglomerated Alpha 
: precipitate (decomposed Delta) 
E-44 1,300 Quenched 30 pct Alpha + Gamma 
I,320 Quenched 30 pct Alpha + Gamma containing Alpha precipitate (de- 
composed Delta) 
1,340 Quenched 25 pct Alpha + Gamma containing Alpha precipitate (de- 
composed Delta) 
1,360 Quenched 15 pct Alpha + Gamma containing Alpha precipitate (de 
composed Delta) ; 
E-46 1,300 Quenched to to 15 pet Alpha + Gamma containing Alpha precipitate 
1,320 Quenched Gamma containing Alpha precipitate (decomposed Delta) 
1,340 Quenched Gamma containing Alpha precipitate (decomposed Delta) 
1,360 . Quenched Gamma containing Alpha precipitate (decomposed Delta 
E-49 1,300 Quenched Gamma with trace of precipitate (Delta) 
1,320 Quenched Gamma with trace of precipitate (Delta) 
1,340 Quenched Gamma with trace of precipitate (Delta) 
1,360 Quenched Gamma with trace of precipitate (Delta) 
E-52 1,300 Quenched Gamma with trace of precipitate (Delta) 
1,320 Quenched Gamma with trace of precipitate (Delta) 
1,340 Quenched Gamma with trace of precipitate (Delta) 
1,360 Quenched Gamma with trace of precipitate (Delta) 
E-55 I,250 Quenched Gamma « 
1,300 Quenched Gamma with trace of precipitate (Delta) 
1,320 Quenched Gamma with trace of precipitate (Delta) 
1,340 Quenched Gamma with trace of precipitate (Delta) 
1,360 Quenched Gamma with trace of precipitate (Delta) 
1,360 Furnace cooled | Gamma (Delta) 
A-56 1,360 Quenched Gamma (Delta) 
1,360 Furnace cooled | Gamma (Delta) 
A-59 1,425* Quenched Gamma (Delta) 
A-62 1,320 Quenched Epsilon + trace Gamma (Delta) 
I,400 Quenched Epsilon + 25 pct Gamma (Delta) 
T,425* Quenched Epsilon + 35 pet Gamma (Delta) 
A-65 1,200 Quenched Epsilon + 35 to 40 pet Gamma 
1,250 Quenched Epsilon 
I,320 Quenched Epsilon 
I,400 Quenched Epsilon 
I,425* Quenched Epsilon 
1,480 Quenched Epsilon + 5 to 8 pct melted 
A-73 1,150 Quenched Epsilon + 15 to 20 pct Gamma 
I,200 Quenched Epsilon : 
1,470* Quenched Epsilon 


* The specimens marked * were aged 1 hr, while all the other specimens were aged for 5 hr at the indicated 
temperatures., 2 
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Determining the Limits of the Gamma Plus 
Epsilon Field 

The boundary between the gamma and 
the gamma plus epsilon fields is very closely 
fixed by the structures observed in speci- 
mens of Alloy V-59 aged at temperatures 
ranging from 700 to 1200°C (see Table 5). 
All of these specimens have matrices of 
gamma with a small amount of epsilon, 
ranging from a trace at 700°C to 4 pct at 
1200°C. Thus, this boundary is established 
as being very close to 58 pct chromium at 
temperatures below r100°C and extending 
to about 59 pct chromium at 1200 to 
1250°C, 

The boundary between the epsilon and 
the epsilon plus gamma fields is readily 


determined by applying the Lever Law to 


the structures observed in specimens of 
Alloys V-63, V-70, V-84, A-65, and A-73 
aged at temperatures within the epsilon 
plus gamma field (See Tables 5 and 6.) 
Using this method, it was found that the 
solubility of gamma in epsilon increases 
rapidly with increasing temperature above 
goo°C. This boundary crosses the tooo°C 
ordinate at about 86 pct chromium, the 
1100°C ordinate at about 80 pct chromium, 
and the 1200°C ordinate at about 70 pct 
chromium. 


The Delta Field 


Specimens of alloys containing from 46 
to 59 pct chromium, when aged at tem- 
' peratures above 1300°C, are found to be 
entirely delta phase (see Alloys E-46, E-40, 
E-52, E-55, A-56, and A-sg in Table 6, and 
Alloys V-53 and V-sg in Table 5). Since 
delta phase is found to exist at tempera- 
tures well above the eutectic temperature 
(specimen of Alloy A-s59 heated at 1425°C 
and specimen of Alloy V-59 treated at 
1410°C) delta must be the product of a 
peritectic reaction. The exact temperature 
of this peritectic reaction was not deter- 
mined. However, the arrests observed in 
the cooling curve of a 59 pct chromium 
alloy indicate that the peritectic tempera- 


THE COBALT-CHROMIUM BINARY SYSTEM 


ture is close to 1470°C. If the peritectic 
temperature were much lower than 1470°C 
a larger portion of the A-65 alloy specimen 
treated at 1480°C (see Table 6) would have 
melted, and the specimen of Alloy V-63 
aged at 1460°C (see Table 5) would have 
partially melted. On the other hand, no 
melting would have occurred in the speci- 
men of Alloy A-65 treated at 1480°C if the 
peritectic temperature were much higher 
than 1470°C. 


Determining the Limits of the Epsilon Plus 
Delta Field 


The epsilon plus delta field is very 
narrow since alloys containing 59 pct chro- 
mium are roo pct delta and alloys contain- 
ing 63 pct or more chromium are 100 pct 
epsilon when aged at temperatures above 
1300°C. Specimens of Alloy A-62 contain a 
trace of delta in a matrix of epsilon when 
aged at 1320°C, about 25 pct delta in a 
matrix of epsilon when aged at 1400°C, and 
about 35 pct delta in a matrix of epsilon 
when aged at 1425°C. Thus, it is apparent 
that the boundary between the epsilon and 
the epsilon plus delta fields lies between 
62 and 63 pct chromium and slopes slightly 
toward the chromium-rich side of the dia- 
gram with increasing temperature. 


Determining the Eutectic Composition and 
Temperature 


The “E” series of alloys, ranging from 
4r to 55 pct.chromium, were melted in an 
atmosphere of: purified argon, quenched 


from the melting temperature, and sub- 


jected to metallographic examination to 
determine the composition of the eutectic. 
Table 7 contains the structure rating of 


these specimens. Alloy E-42 consisted of - 


alpha plus gamma (the gamma was delta 
at the eutectic temperature) with a lede- 
burite-like distribution. The E-41 alloy 
contained excess alpha and the E-44 alloy 
contained excess gamma. It was, therefore, 
assumed that the eutectic composition is 
very close to 42 pct chromium. A specimen 


i 
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of Alloy A-39 aged at 1395°C (see Table 6) 
showed no indications of having been 
partially melted at the aging temperature. 
On the other hand, a specimen of Alloy 
V-42 melted when aged at r410°C (see 
Table 6). These data indicate that the 
eutectic temperature is close to 1400°C, 
Wever and Haschimoto? report the eutectic 
temperature as 1408°C, while Matsunaga® 
established the eutectic temperature as 
1393 C. No further attempts were made to 
determine this temperature more accu- 
rately since there is reasonably close agree- 
ment between the values obtained by these 
two investigators and the data from the 
present investigation. 


DISCUSSION OF THE COBALT-CHROMIUM 
BINARY EQUILIBRIUM DIAGRAM 


The cobalt-chromium binary equilibrium 
diagram as determined by the present in- 
vestigation is shown in Fig 3. No attempts 
were made to determine the liquidus and 
solidus lines for this system. The liquidus 
and solidus lines for the cobalt-rich side of 
the diagram are those determined by 
Wever and Haschimoto.’ The liquidus line 
for the chromium-rich side of the diagram 
is roughly the same as that of Wever and 
Haschimoto up to 60 pet chromium. For 
higher chromium contents the results of 
Wever and Haschimoto are probably not 
too accurate since the structures that they 
show for these higher chromium alloys con- 
tain needles of the nitride phase encoun- 
tered in the present investigation when the 
alloys were not protected by a suitable 
inert atmosphere. The presence of these 
large quantities of nitrogen probably in- 
fluenced the melting temperatures of their 
alloys. The melting point of chromium 
used for this diagram is the most recent 
value reported by the National Bureau of 
Standards. 

The temperature of the alpha-beta trans- 
formation in pure cobalt has been the sub- 
ject of many investigations. Edwards and 
Lipson’ have studied this transformation in 


considerable detail and present in their 
paper a rather complete bibliography on 
the subject. The temperature of 425°C 
was selected for use in the diagram pre- 


TABLE 7—Structural Data for Eutectic Series 
(“E” Series) Alloys Melted Under Purified 
Argon and Quenched from the Molten State 


STRUCTURE RATING 
EHAt os ee ops Alpha + 30 pct Gamma (was Delta) 


I OEY ein 3 hind Alpha + 45 pct Gamma (was Delta) with 
eutectic distribution 

Ts4A ere teas Io pet massive Alpha + 90 pct Alpha + 
Gamma aggregate (decomposed Delta) 

EA G crercis eye Gamma with Alpha precipitated in some 
areas (decomposed cored Delta) 

IDE Loan eo a0 Gamma with Alpha precipitated in some 
areas (decomposed cored Delta) 

BS 2.c00 Gamma (was Delta) 

OA eae tect Gamma (was Delta) 


sented in Fig 3 since recent work at Battelle 
has shown that, when specimens containing 
both alpha and beta are heated to succes- 
sively higher temperatures, an increase in 
the amount of alpha present is first ob- 
served at a temperature of about 425°C. 
The formation of more alpha shows that 
this temperature must be at least slightly 
above the beta to alpha transformation. 

Both the limits of the alpha plus beta 
field and the limit of solubility of gamma in 
beta above 20 pct chromium were quite 
accurately determined since this portion of 
the diagram is of greatest importance in 
the heat treatment of Vitallium alloys. The 
remainder of the diagram fits the experi- 
mental data obtained in the present investi- 
gation. However, beyond 36 pct chromium 
the lines may be in error by 10 to 15°C and 
by 2 pct in chromium concentration. 

The diagram, as drawn, shows delta 
phase as a high-temperature modification of 
gamma, the transition from gamma to 
delta being an allotropic transformation. It 
is possible that gamma forms at 1 310°C by 
a peritectoid reaction and delta decomposes 
at approximately 1260°C by an eutectoid 
reaction, the products of this decomposition 
being gamma and epsilon. Thus, the two- 
phase delta plus gamma field, shown in Fig 
3, may be bounded by short horizontal lines 
at 1310 and 1260°C. However, metallo- 
graphic evidence indicates that if such js 
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the case, the horizontal lines must be quite 
short and not such as to lead to erroneous 
interpretations of the structures found in 
alloys heated into the delta region. 
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Platinum-tungsten Alloys 


By Rosert I. Jarrere,* Junior MremBer, AnD Hertur P, Nietsen,t Mremper AIME 
(San Francisco Meeting, February 1949) 


IN recent years much attention has been 
given to high-melting alloy systems. It has 
been of interest in this respect to investigate 
the alloys of platinum and tungsten, which 
were known from the literature to have 
very high melting points up to about 50 pct 
tungsten, but about which little had been 
published on the high-tungsten side of the 
system. 

Powder metallurgical methods were used 
throughout this investigation for the 
preparation of the alloys, utilizing electrical 
sintering techniques such as are used for 
tungsten and molybdenum. In the course 
of the work it was found desirable to deter- 
mine fusion temperatures of the alloys, and 
it was possible from these and other data to 
draw a tentative constitutional diagram 
(solidus, mostly) applicable to the high- 
temperature part of the system. No attempt 
was made to determine solid solubility vs. 
temperature data, nor to investigate the 
lower temperature transformations in the 
solid state. Data on the microstructure, 
hardness, and a note on oxidation resistance 
of the sintered alloys were obtained. 


Past Work 


Miiller' determined liquidus temper- 
atures of platinum-rich alloys to 50 pct 
tungsten, using a radiation method em- 
ploying a photoelectric cell, and found that 
the melting points increased progressively 
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from 1771°C for platinum to 2350°C for 
the 50 pct alloy. Microscopic evidence by 
Miiller that complete solid solutions exist 
to 50 pct tungsten was not checked by 
Kremer? who, according to Vines and 
Wise,? found that “although the 8 pct 
tungsten alloy was a solid solution, the 26 
pet tungsten alloy contained a eutectic or 
an intermediate phase.” Hultgren and 
Jaffee using X ray methods found con- 
tinuous solid solutions to at least 33.6 pct 
tungsten (35 at. pct) after annealing in 
vacuum for 6 days at 1000°C. 

Vines and Wise’ report work communi- 
cated to them by E. C. Rhodes on wrought 
alloys to 7 pct tungsten, which showed that 
tungsten hardened platinum extremely 
rapidly, and was one of the most potent 
hardeners of the binary additions to 
platinum. Considerable quantities of 4 pct 
tungsten platinum wire have been pro- 
duced for grids in radar tubes and for air- 
craft spark plugs. Some of the alloy for the 
latter application is made by-sintering, the 
remainder by smelting and casting. 


MATERIALS 


The platinum powder used in this work 
was kindly supplied by the Research and 
Development Laboratory of the Owens- 
Corning Fiberglas Corp., Newark, Ohio. 
It was prepared from scrap platinum. After 
dissolving in aqua regia and evaporating 
almost to dryness, the solution was worked 
up several times with concentrated HCl. 
The resultant platinic chloride was diluted 
considerably, and metallic zinc was added, 
which precipitated the platinum in a very 
finely divided form. After dissolving the 


604 


excess zinc with HCl, the platinum powder 
was washed thoroughly with hot water. A 
final ignition was made at 750°C, and the 
purity of the powder was estimated to be 
at least 99.9 pct. 

Three kinds of tungsten powder were 
used, all of which were obtained from the 
Fansteel Metallurgical Corp. It was found 
early in the work that the lower the purity 
of the tungsten powder used the lower were 
the apparent solidus temperatures ob- 
tained. The Fansteel Corporation very 
generously furnished a special lot of tung- 
sten powder reduced from an ammonium 
paratungstate of low impurity content, so 
that this factor might be minimized. Table 
1 lists analyses of the tungstic acid or 
ammonium paratungstate from which the 
tungsten powders were reduced. The impu- 
rities would be expected to be present in 
the reduced metal in somewhat higher per- 
centages. Types 425 and 427 are standard 
tungsten powders of different particle size; 
the powder listed as HP is the special high- 
purity variety. 


TABLE 1—Tungsten Powders 


Aver- 
Par. 
ar- : 
Analysis, 
Type Giele Analyzed as Pee Cont 
Mi- 
crons 
425 | 6 Tungstic Acid Chlorides*.. 0.12 
SiQs ses on O20F 
a otha dies 0.011 
PS Mi ieee Ree 0.013 
427 | 144+] Tungstic Acid | Chlorides*.. 0.06 
StOa lees sear 0.02 
pra attests’ 0.007 
BORO: ws tae 0.01 
HPt Ammonium CaO iRskan f) ae, 
Paratungstate | SiOe........ 0.01 


* Alkali and alkaline earths as chlorides, chiefly 
potassium. 

+ Reduced eo analyzed for oxygen only; 0.11 
pet was found. 


SINTERING 


After mechanically mixing the com- 
ponent powders in a small tumbling 
machine, enough powder of the desired com- 
position to make a 14 X \% &X 5-in. com- 
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pact was weighed out, and pressed at 15 
tons per sq. in. pressure in a single-acting 
hardened steel die. This die was so designed 
that the end and side pressure could be 
released while about 1-2 tons per sq. in. of 
vertical pressure still remained on the 
compress. This technique permitted sound 
bars to be pressed from the high-tungsten 
compositions, whereas normal pressing 
methods with this die usually resulted in 
the formation of longitudinal cracks. 

Presintering was carried out for 2 hr at 
1000°C in an atmosphere of pure hydrogen. 
Alloys of high platinum content showed a 
peculiar swelling during presintering which 
could not be eliminated, but which could 
be minimized by gradually heating to the 
presintering temperature. The swelling 
action was thought to be caused by en- 
trapped gases or perhaps it may have been 
caused by residual zinc, or the like, in the 
platinum powder. 

High-temperature sintering was done 
electrically in an atmosphere of purified 
hydrogen in a sintering bell, shown dia- 
grammatically in Fig 1. The upper clip as 
shown in Fig 1 was modified by in- 
serting a spring clip made of water-cooled 
stainless steel tubing in the 14-in. copper 
piping ‘““U” bend. A molybdenum clip 
which dipped into a water-cooled mercury 
well served as the other lead. Power for the 
bell was provided by a 10o-kva transformer 


with a 2-turn secondary and a tapped 


primary of a maximum of 440 turns. The 
amount of power required to sinter the 
alloys was greatest for pure tungsten, tak- 
ing about 1200 amp at 5.2 volts to fully 
sinter a 5 X 144 X \4-in. compress; the 
corresponding maximum sintering temper- 
ature was 2850°C. 

In actual use a seal of plasticene was 
inserted between the cover and base of 
the sintering bell, in place of the lead gasket 
bolted down as shown in Fig 1. As an 
added precaution, the hydrogen was led 
from the top of the bell into a surge tank 
before burning it. 
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Fic I—ELECTRIC SINTERING BELL USED FOR SINTERING PLATINUM-TUNGSTEN ALLOY. Top CLIP 
WAS MODIFIED AS DISCUSSED IN TEXT. 
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FusIon TEMPERATURES 


The method of Piriani and Alterthum® 
was used for determining the fusion tem- 
peratures of the alloys. A small hole, 
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of the metal, because it was radiating under 
nearly black-body conditions, and because 
there was a large temperature gradient 
between the center and surface of the bar 


14, in. in diam and 3{¢-in. deep, was 
drilled into the presintered bar, which was 
then sintered in the regular manner. The 
presence of this small hole did not appear 
to interfere materially with the attainment 
of proper sintering. The section around the 
hole then was ground away somewhat, as is 
shown in Fig 2, in order to make certain 
that fusion would take place at the drilled 
hole. The temperature of the bar during 
heating to fusion was followed continuously 
with a disappearing-filament optical pyrom- 
eter sighted at the bottom of the hole, 
which appeared brighter than the surface 


Fic 2—(Lrerr) SINTERED BAR WITH HOLE DRILLED INTO IT, AND AREA REDUCED, READY FOR 
MELTING-POINT DETERMINATION. 
Fic 3—(RicHtT) AFTER FUSION, HOLE FILLS WITH MOLTEN METAL, AND SIDES (SHOWN ON LEFT) 
COLLAPSE. 


At fusion the hole filled with molten metal 
and the brightness of the hole dropped. 
The highest point recorded was taken as 
indicating the fusion temperature. Usually 
the bar broke in two after fusion. Fig 3 
shows a bar in which the heating was 
stopped before it broke, and illustrates the 
manner in which the hole filled up and the 
sides collapsed when fusion took place. 

The melting point of a molybdenum bar 
made from regular Fansteel powder was 
2530°C as measured by this method, which 
is somewhat lower than the accepted value 
of 2620°C, A tungsten bar made from the 
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high-purity HP powder was found to melt 
at 3220°C and 3210°C in two separate 
determinations. This value for tungsten is 
considerably lower than the accepted value 
of 3380°C, based on the results of Piriani 
and Alterthum® and Henning and Hense.® 
The difference in observed and accepted 
melting points for tungsten, at least, may 
have been the result of impurities, even 
though they are quite low. However, in 
view of this divergence, the results should 
be considered as accurate on a relative 
basis, with some question as to their abso- 
lute accuracy. 

The fusion temperatures for alloys well 
homogenized, as deternined by this method, 
are closely related to true solidus temper- 
atures, since an alloy cannot withstand a 
stress while there is appreciable liquid 
throughout its structure. However, inevi- 
tably, the fusion temperature so deter- 
mined will be a small but indeterminate 
temperature interval higher than the true 
solidus temperature, because there must be 
a certain amount of liquid present to fill the 
hole or cause rupture across the hole, and 
because of the considerable thermal gra- 
dient between center and surface. The 
method would give results most accurately 
for pure metals or alloys which fuse at con- 
stant temperature, and would tend to give 
results somewhat high for alloys fusing 
over a temperature range. 

The optical pyrometer available for this 


work was a Leeds and Northrup dis-. 


appearing-filament potentiometric type, 
having . maximum temperature reading of 
3200°F. It was necessary to use additional 
filtering with this pyrometer in order to 


measure the high temperatures involved, 


and a combination of Corning Red No. 
3480 and Blue No. 556 was found to be 
satisfactory. A similar instrument reading 
up to 5200°F and calibrated up to 3400°F 
with a G. E. tungsten ribbon filament 
standard lamp, was available for stand- 
ardization purposes, and the lower temper- 
ature instrument, plus the filters and the 
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mica window, was calibrated against it up 
to 2760°C; and the calibration, which was a 
straight line, was extrapolated to about 
3320°C. The instruments were sighted on a 
small hole drilled in a tungsten bar which 
was heated electrically in the sintering bell. 
A helium atmosphere was used instead of 
hydrogen, so that the atmosphere could 
issue through the sight hole, and the mica 
window could be included in the calibration. 


THE PLATINUM-TUNGSTEN DIAGRAM 


Although, as has been discussed in the 
previous section, the fusion temperatures 
determined in alloys fusing over a temper- 
ature range will be somewhat higher than 
the true solidus temperatures; for con- 


TABLE 2—Fusion Temperatures and X Ray 
Analysis of Sintered Platinum-tungsten 


Alloys 

6! Plati Chae 

om- ati- olids 

pact Type of num, Tem- Phases 
Num- ees Weight pera- Presentt 
ber el Per Cent ture, 

99 HP fo) 3220 | BCC 

3210 

85-1 2 3195 BCC 

93 4 31r0 |-BCC 

94 6 3015 | BCCand FCC§ 
106-1 13 2465 

95 25 2460 BCC and FCC 
105 38 2430 FCC 

96 50 2345 | FCC 

104 75 2080 | FCC 
85 4257 2 3140 
86 4.4 2005 
87 10.8* 2420 
82 425t O25: 3210 
83 1.0 3140 
84 i. 2950 
63 20 2230 
64 40 2260 


* Determined from surface temperature, utilizing 
brightness vs. black-body measurements as deter- 
mined on other specimens of similar composition. 

+Lower purity tungsten than type HP 
Table 1). P 

{The BCC patterns had lattice constants of 
about 3.164 and the FCC patterns had lattice con- 


° 
stants of 3.90-3.94A, both characteristic of the parent 
tungsten and platinum solid solutions. 
§ Only a few lines of FCC pattern were found for 
this alloy 


(see 


venience the two were considered to be the 
same. Table 2 lists the solidus data so 
obtained on a series of platinum-tungsten 
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alloys from o-75 pct platinum. The data 
for the alloys made with high-purity 
tungsten powder are plotted in Fig 4, to 
gether with the liquidus points to 50 pct 


3400 


TEMPERATURE, °C. 


PT 10 20 30 40 
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Miiller’s liquidus temperatures have 
been extrapolated to the 2460°C reaction 
line to intersect at 61 pct tungsten, and the 
solidus points to intersect the 2460°C line 


50 60 70 80 


TUNGSTEN, PER CENT BY WEIGHT 


SYSTEM, BASED PRINCIPALLY ON SOLIDUS DETERMINATIONS. 
X ray and microscopic examinations of sintered alloys are shown as whole squares for one 


}. 
Fic 4—A TENTATIVE DIAGRAM FOR THE HIGH-TEMPERATURE PART OF THE PLATINUM-TUNGSTEN | 
A 
? 


phase and shaded squares for two-phase alloys. 


tungsten as determined by Miiller.! It may 
_ be seen that Miiller’s data fit in with the 
present data in a reasonable way. 

There appears to be a peritectic reaction 
between tungsten solid solution containing 
about 5 pct platinum and liquid containing 
about 4o pct platinum at 2460°C. Actually 
there is no proof that the reaction is a 
peritectic and not a eutectic, such as is 
found in the nickel-tungsten system and in 
the cobalt-tungsten system, except that 
the liquidus and solidus lines rise so 
rapidly from platinum to the reaction 
temperature as to make a eutectic reaction 
improbable. 


at 62 pct tungsten (which has been taken as 
the maximum solid solubility largely frou ; 
microscopical examination). The exact 
compositions corresponding to the peri-~ 


tectic reaction are not known. Liquidus ~ 
data have been dotted in above 2460°C to 
show the probable nature of the data, al- _ 
though, of course, there were no liquidus | 
determinations made. 4 

There is little doubt but that the solidus _ 
temperatures as shown for the tungsten, 
solid solutions are high. Those shown for 
the platinum solid solution probably are— 
less in error since the solidus line is much — 
less steep there. 
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Microscopic examination and X ray 
patterns of sintered alloys confirmed in 
general the indications of the solidus date. 
Only two phases were found by the X ray 


TEMPERATURE, °C. 
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HP tungsten is used. It is interesting to 
note that all of the curves appear to inter- 
sect at o pct platinum, which would indi- 
cate that the effect was an interaction 


20 30 40 


PLATINUM , WEIGHT PERCENT - 
Fic 5—DEPENDENCE OF FUSION TEMPERATURE OF PLATINUM-TUNGSTEN ALLOYS ON PURITY OF 
TUNGSTEN. 
HP, most pure, and 425, least pure, tungsten. (Analyses given in Table 1.) 


examination: face-centered cubic platinum 
solid solutions and body-centered cubic 
tungsten solid solutions. 

No data were obtained on the change of 
solid solubility with temperature, and the 
solubility lines are shown dotted, sloping to 
lower values, since it is probable that there 
is decreasing solubility with temperature 
for both phases. ; 

The maximum solid solubility of plati- 
num in tungsten has been placed at 5 pct 
platinum, as a compromise between the 
X ray data, which show it above 4 and 
below 6 pct, and microscopic data which 
show it above 6 and below 13 pct. 


EFFrect oF PuRITY OF TUNGSTEN 


Plotted in Fig 5 are the fusion temper- 
atures of the platinum-tungsten alloys up 
to 40 pct platinum, made with the various 
kinds of tungsten. It is apparent that there 
is a considerable lowering of the fusion 
temperature by the use of less pure. Thus, 


‘the temperature of the peritectic reaction 


is 2230°C when the less pure 425 tungsten 


is used, and 2460°C when the more pure 


between the platinum and the impurities, 
rather than an effect inherent in the tungs- 
ten itself. The same lot of platinum was 
used in the above experiments with differ- 
ent types of tungsten. 


MICROSTRUCTURE 


The tungsten-rich alloys with platinum 
contents up to 6 pct showed one-phase 
structures under the microscope. Grain 
sizes were fine, except around the fused 
section in specimens on which fusion de- 
terminations were made. Fig 6, 7, and 8 
show micrographs at 250% of the sintered 
alloys made with HP tungsten powder. 
The small rounded specks shown on these 
micrographs most probably are etching 
pits. 

Two-phase structures are shown in Fig 9 
and 10, where it is seen that the structure 
consists of rounded tungsten-rich grains 
surrounded by a matrix of platinum solid 
solution. Price, Smithells, and Williams’ 
attribute this kind of structure to sintering 
in the presence of a liquid phase. This con- 
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dition does not appear to hold in the 
present case, however, because the 13 pct 
platinum alloy was sintered to a maximum 
temperature of 2350°C, and the 25 pct 


> Oy ie 


ine Pr aha ' 
Fic 6—SINTERED PLATINUM-TUNGSTEN ALLOYS. 250 X. PURE TUNGSTEN, SINTERED AT 2850°C, 
ETCHED IN BOILING 3 PCT H2QOsx. 
Fic 7—Four PER CENT Pt, SINTERED AT 2250°C, ETCHED AS ABOVE. 
Fic 8—SIx PER CENT Pt, SINTERED AT 2200°C, ETCHED AS ABOVE. 
Fic 9—THIRTEEN PER CENT Pt, SINTERED AT 2350°C, ETCHED AS ABOVE. 


platinum alloy was sintered to a maximum 
temperature of only 2200°C. Since the 
fusion temperature of these alloys was 
2460°C, it is doubtful if there was any 
liquid present during sintering. A significant 
factor which may have led to formation of 
this structure in this case is the high 
intersolubility of platinum and tungsten. 
One-phase platinum-rich solid solutions 
were found for all alloys with over 38 pct 
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platinum, although it is possible that a very 
slight amount of second phase may have 
been present in the grain boundaries of the 
38 pct platinum alloy. Micrographs of these 


alloys in the sintered condition are shown 
in Fig 11, 12 and 13. What appear to be an- | 
nealing twins may be seen in Fig 11 and 12, 
indicating the face-centered cubic nature of 
the solid solutions. The 75 pct platinum 
alloy did not show these twins, however, 
as may be seen in Fig 14. The porosity of 
the high-platinum alloys was caused partly 
by swelling during presintering and partly 
by insufficiently high sintering temper- 


ee 
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atures. The latter is particularly true for 
the 50 pct and 75 pct platinum alloys which 
were sintered at 2070 and 1650°C maximum 


> 
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tion powder patterns made using unfiltered 
copper 
tungsten content were brittle and could be 


radiations. Specimens of high 


Fic 10—SINTERED PLATINUM-TUNGSTEN ALLOYS. 250 X. TWENTY-FIVE PER CENT Pt, SINTERED AT 
2200°C, ETCHED IN BOILING H2O2. 

Fic 11—THIRTY-EIGHT PER CENT Pt, SINTERED AT 2 300°C, ETCHED IN HOT AQUA REGIA. 

Fic 12—FIFTY PER CENT Pt, SINTERED AT 2070°C, ETCHED AS ABOVE. 

Fic 13—SEVENTY-FIVE PER CENT Pt, SINTERED AT 16 50°C, ETCHED AS ABOVE. 


temperatures, both considerably below 
their fusion temperatures. 

There is a possibility that the twin-like 
markings shown in Fig 13 and 14 may not 
be annealing twins, but another phase, 
similar to the kappa-phase markings found 

- by C. S. Smith for Cu-Si alloys, which also 
resembled annealing twins.® 


X Ray ANALYSIS 


Table 2 lists the phases found for the 
high-purity Pt-W alloys from back-reflec- 


conveniently prepared by crushing in a 
diamond mortar. The specimens consisting 
of the platinum solid solution were hard 
but tough, and required the use of a 
diamond-impregnated cutting disc in order 
to reduce them to powder. All specimens 
were from fusion temperature determi- 
nations, and may be considered as quenched 
from that temperature. 

Lattice constants on the body-centered 
cubic tungsten phase patterns were calcu- 
lated from the 420 line spacing, which oc- 
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curred at a theta value of about 80°. The 
patterns were fairly sharp, and reasonable 
accuracy was had in the lattice constant 


_ determination. A shift in the lattice con- 


VICKERS HARDNESS 


613 


Pieces of the sintered alloys were brought 
slowly up to 2200°F over a period of 4 hr, 
held there 2 hr, and slowly cooled. The 
results of this test are illustrated in Fig 14. 


WEIGHT PER CENT PLATINUM 
Fic 15—VICKERS HARDNESS OF SINTERED PLATINUM-TUNGSTEN ALLOYS. 


stant of tungsten from 3.1583 A found for 
the pure HP tungsten to 3.1572 A for 4 pet 
platinum was found, but the data were not 
accurate enough for solubility estimation, 
in view of the small lattice change. A few 


lines of the FCC platinum solid solution 


were found in the pattern for the alloy 
containing 6 pct platinum. 


Very diffuse patterns of the FCC 


_ platinum phase alloys were obtained, and 


va a ee ee 


consequently little accuracy in the lattice 


constants was obtained. It appears from 


the data that 38 pct platinum is fairly 
close to the limit of solid solubility. 


OXIDATION BEHAVIOR 


Oxidation behavior of sintered alloys was 


tested at 2200°F (1204°C) in still air. 


Apparently there is no appreciable oxi- 
dation resistance until the platinum con- 
tent is high enough to place the alloy well 
in the alpha field. No oxidation rates are 
reported on the high-platinum alloy be- 
cause their porous nature prevented any 
estimation of area. 

Small additions of tungsten to platinum 
do not appear to adversely affect the life 
of platinum at 2600°F (1427°C), nor do 
they markedly prolong it. A comparison in 
life at 2600°F was made between pure 
thermocouple-grade platinum wire and 
2.5 pct W alloy wire drawn down from a 
cast ingot made with No. 425 tungsten. 
Both wires were 24 B and S gauge, and 
only a light load of 20 g was applied to 
make contact. Pure platinum lasted 76 hr, 
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and 2.5 pct tungsten lasted 87 hr, as tested 
by continuous electrical heating in still air. 


HARDNESS 


Platinum hardens the tungsten solid 
solution markedly, increasing from 160 
Vickers (10 kg load) for pure sintered tung- 
sten to almost goo Vickers for the limit of 
solid solution at about 5 per cent platinum. 
In the two-phase region the hardness de- 
creased as the amount of tungsten phase 
decreased to about 400 Vickers at 25 pct 
platinum. Hardness readings were not 
taken on specimens with higher than 25 pct 
platinum because of excessive porosity 
found in those specimens. Fig 15 shows 
the variation of Vickers hardness with 
composition. 

Microhardness measurements were made 
on the two phases using the Tukon Tester 
with a load on the Knoop Indenter of o.1 
kg. A one-phase alloy with 5 pct Pt gave a 
hardness of 1100 Knoop, while an alloy of 
40 pct Pt, also one phase, gave a hardness 
of 500 Knoop. A two-phase alloy of 10 pct 
Pt gave hardnesses of goo and 450 Knoop 
for the two phases. These appear to corre- 
late well with the Vickers hardness 
measurements. 


WORKABILITY 


There appears to be little doubt that the 
tungsten-rich alloys in the one-phase and 
two-phase regions are not workable. An at- 
tempt was made to swage sintered bars 
containing 2.5 and 5 pct Pt at 1450°C, but 
they cracked immediately in the first die. 
This result is not unexpected in view of the 
high hardness of these alloys. 

The workability of the high platinum 
content alloys has not been satisfactorily 
determined because sound bars were not 
obtained. - 


SUMMARY 


Platinum-tungsten alloys made by pow- 
der metallurgy méthods were investigated 
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over the range 25-100 pct tungsten. Solidus — 


temperatures, as determined by an elec- 
trical fusion method, correlated well with 
liquidus measurements in the literature, 
and showed that the melting point of the 
platinum solid solution increased up to 
2460°C at 65 pct tungsten, where a peri- 
tectic reaction between melt and a tungsten 
solid solution with 5 pct Pt apparently 
took place. The solidus of the platinum- 
tungsten alloys appeared to be influenced 
considerably by the purity of the tungsten 
used. 

The higher tungsten alloys investigated 
were hard, brittle, and nonworkable. A 


hardness maximum occurred at the limit — 


of solid solubility of 5 pct platinum in 
tungsten. Addition of platinum to tungsten 
does not improve the oxidation resistance 
at 2200°F materially until the composition 


of the alloys is well within the platinum ~ 


solid solution. Small additions of tungsten 


to platinum do not appear to change © 


appreciably its life at 2600°F. 
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Fractographic Study of Cast Molybdenum * 


By C. A. Zaprre,t Memper AIME, F. K. Lanpcrart anp C. O. Worvent 
(Philadelphia Meeting, October 1948) 


SUMMARY 


FoLtowinc the discovery of Parke and 
Ham that deoxidation control of cast 
molybdenum can be predicated upon 
simple fractographic examination, a special 
study of that metal was undertaken to 
investigate those patterns ascribed to forge- 
ability and nonforgeability. 

An elaborately developed system of 
cleavage patterns immediately rewarded 


the study; and they are reported here as a 


necessarily preliminary contribution calling 
_ attention to information which is both new 
in type and in origin. 

In general, the present observations con- 
firm those of Parke and Ham, and Wood- 
side; but they also disclose a wealth of 
detail and correlated phenomena which 
greatly expand the earlier information. For 
example, the oxide pattern of nonforgeabil- 
ity is found to be complex, perhaps involv- 
ing as many as three distinctive patterns. 
And the nature of the carbide seems to be 
at least twofold. 

In addition, transgranular facets are 
here shown for the first time. Elaborately 
complex, but in a characteristic manner, 
these facets depict distortion in original 
crystal growth which provides truly extra- 
ordinary patterns. No carbide and oxide 
forms display themselves transgranularly, 


Manuscript received at the office of the 
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except in profile as exceedingly thin super- 
ficial films at the grain boundaries. Crys- 
‘tallographic features 
condition undoubtedly resulting from the 


are also rare—a 


great substructural distortion; but occa- ~ 


sionally registrations are found of cleavage 
on {oor}, and faulted areas believed to be 
Neumann-type deformation on {112}. 


INTRODUCTION 


Parke and Ham,! and again Woodside,’ 
have reported that the forgeability of 
molybdenum cast by their vacuum-electric- 
arc process can be predicted with great 
dependability by a simple fractographic 
observation. They state that nonforgeabil- 
ity is the result of a grain boundary oxide 
which can be readily identified on the frac- 
ture facet at high magnification; and they 
convert the nonforgeable condition to a 
forgeable one by increasing the carbon 
content of the melt until the oxide struc- 
tures subsequently observed in the fracto- 
graph become replaced by a second strongly 
marked pattern characteristic of carbide 
and coincidentally indicative of forgeability. 

Considerable importance immediately 
attaches to such observations: (1) because 
of their direct commercial application to 
one of metallurgy’s inviting and relatively 
unexplored metals; (2) because of a gen- 
eral scientific curiosity regarding the 
nature of these characteristic markings; 
and (3) perhaps more important, because of 


1 References are at the end of the paper. 
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the far-reaching significance of the fact 
of deoxidation control by a new and unex- 
plored tool whose first application is so 
unequivocally effective. 

Accordingly, this laboratory decided to 
investigate the cleavage facets of cast 
molybdenum with more detailed study 
than accorded by the two previous publi- 
cations on the subject; and samples of cast 
molybdenum having differing conditions 
of forgeability and nonforgeability were 
obtained from the Climax Molybdenum 
Co. Research Laboratories. 

Immediately, observations resulted which 
raised many more questions than were 
answered. The information contained on 
the cleavage facet is obviously manifold 
and highly complex. Issues are raised on 
such an array of aspects involving not only 
forgeability, but matters of crystal growth, 
nonmetallic phase relationships, and frac- 
ture mechanisms, that a preliminary report 
seems advisable, its principal contribution 
calling attention to many of these phe- 
nomena and reserving their separate ex- 
plorations for future research. This is the 
purpose of the present writing. 


SoME PHYSICAL PROPERTIES OF MOLYB- 
DENUM METAL 


Before proceeding with discussion of the 
observations, a brief description of metallic 


TABLE 1—Some Properties of Molybdenum 


Metal* 
PROPERTY REMARKS 

Atomic No........2-+2+-ee8e% 7 
Specific Gravity......--++++++- 8.95 to 10.28) 
Melting Pts. cicesse- 1c 2620 C (4750 F) 
WieletiCes cc sity. stasis soot aren ie epee By NEB) ; 
Crystal Structure.........---- Body-centered cubic 
Lattice Constant (20°C)....... 3.1403 A 
Slip Plane 

Low Temperature.........-- {112 

High Temperature.......... {110 
Slip Direction........-+++¥++- [rrr 
Twinning Plane.......--+++-- {rian 
Hardness.4. ence eee eee es 175 Brinell 


* From Ref. 3, 4, 5) 0. 


molybdenum and certain of its nonmetallic 
compounds will serve as a background for 
interpreting the cleavage patterns in later 
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sections. Molybdenum is obtained princi- 
pally from the sulphide, molybdenite 
(MoS:), also the complex oxide, wulfenite 
(PbMoO,). The metal does not occur un- 
combined in nature. In Table 1 a few notes 
are assembled on properties of molybde- 
num pertinent to this study. 


THERMOCHEMISTRY OF SOME MOLYBDENUM 
CoMPOUNDS 


Next we shall sketch the chemical back- 
ground of several nonmetallic compounds 
of molybdenum which are either known or 
suspected to be prominent in the phe- 
nomena to be discussed. Since the cleavage 
patterns immediately raise issues regarding 
thermochemistry, particularly of the oxide 
and carbide, the information is discussed 
previous to presentation of the patterns. 


Molybdenum Oxide : 

Mellor‘ reports the following oxides of 
molybdenum in order of decreasing valence: — 
MoOs, Mo,0s, MoO,, Mo,Os, (MoO). : 

Of these, MoO; seems to be the most 
common; and Kelley® finds its melting 
point to be 795°C, with a heat of fusion of 
approximately 2500 cal (15° gm-cal per 
mol). At about 400°C, Mo begins to oxidize 
in air, producing a highly volatile and dense 
white smoke at temperatures approaching 
700°C.® These observations, it will be noted 
here, somewhat prepare one for the non- 
forgeability experienced with oxygeniferous 
Mo, although the complete story may be 
complex. 

Data at hand limit consideration to the 
dioxide, MoOz. Thompson’ gives: 


oe 


Mo + O2 = MoO: [1] 
AF° = —130,884 — 4.304 T In T 4+ 2.21 ' 
x 1078T? — 2.515 X 104T-} ‘ 

+ 67.57 T [ra] 


_ which provides: 


AF°os¢ = —121,613 cal/mol =~ [xb] 
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Molybdenum Carbide 


Even fewer data are available for the 
carbide. Crude grey molybdenum, made 
directly from molybdenite in the electric 
furnace, is known to contain carbon;’ and 
molybdenum is believed to have an appre- 
ciable carbide-forming tendency in steels. 
Mellor! reports MozC having been formed 
by heating powdered Mo in CO. Kelley*® 
reports: 


2 Mo + Cg = Mo2C [2] 
AF° = 4,200 — 4.80 T [2a] 
AF°s5¢ = 2,770 cal/mol [2b] 


Molybdenum Sulphide 


Although attention has been called in the 
previous publications only to the oxide and 
the carbide of molybdenum, the known 
association of molybdenum with sulphur 
suggests including some thermodynamic 
values for the sulfide, particularly in view 
of the numerous unsolved patterns to be 
presented. 

Kelley? confines attention to the disul- 
phide, MoSz, and the trisulphide, MoSs: 


Mo + 2S(rh) = MoS. [3] 
AF° = —57,640 — 15.78 T log T + 5.60 
tor Tl? —io,252: x 106°T 
+ 49.24 T [3a] 


AF°25°¢ = —54,190 cal/mol [3b] 
Mo + 3S(rh) = MoS; [4] 
AF° = —60,440 + 8.1 T log T 
— 9.78 T [4a] 
AF°s5%¢ = —57,380 cal/mol, [4b] 


Molybdenum Nitride 


Although nitrogen has not yet been in- 
troduced into the discussion, it is well to 
record for future possible reference the 
meager information which does exist:* 


xMo + 44N2 = Mo,N [5] 
AH = —16,600 + 600 cal/mol [sa] 
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GENERAL THERMODYNAMIC STATUS OF 
MELTING AND CASTING REACTIONS 


Eq 1, 2, 3 and 4 are depicted in Fig r on 
the basis of the variation of free energy with 
temperature. Eq 5 (nitride) is neglected in 
absence of sufficient data. The principal 
information can be outlined as follows: 

1. Oxygen: Molybdenum reacts with 
oxygen to form oxide (here MoO,) with 
much greater avidity as the temperature 
decreases. (See Curve I.) Conversely, on 
heating, the oxide tends to dissociate. This 
must not be confused with the volatility of 
the oxide, however, which also increases 
with increasing temperature. 

2. Carbon: Molybdenum carbide (Mo2C) 
increases in stability with increasing tem- 
perature (see Curve II), opposite to the 
trend of the oxide, but changing less 
rapidly. 

3. Sulphur: Both the disulphide (MoSz) 
and the trisulphide (MoS3) tend to disso- 
ciate on heating. (See Curves III and IV.) 
The trisulphide is less stable than the 
disulphide, as would be expected. Each 
behaves similarly to the oxide, attaining 
similar AF values at temperatures of melt- 
ing, but falling considerably short of the 
oxide in stability at lesser temperatures. 

Thus there appears to be a tendency for 
the carbide to develop at high tempera- 


tures and to dissociate on cooling; whereas | 


the oxide tends strongly to form on cooling. 
The known fact that carbon will reduce 
molybdenum oxide on heating has been 
mentioned; and it is an obvious conclusion 
from these calculations. As for the actual 
status of the [C] — [O] equilibrium in this 
system, we can begin with:7 


CO = Cg + 02 [6] 
AF® = 26,089 + 0.433 T In T — 1.028 
X 10T? + 0.584 X 10®T-1 
— 5.68 T% + 19.98 T [6a] 


Summing the reactions of Eq 1, 2, and 
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Fic 1—THERMODYNAMIC REPRESENTATION OF AF®° vs. T FOR SEVERAL POSSIBLY IMPORTANT 
REACTIONS IN THE MELTING AND CASTING OF MOLYBDENUM. 


6: 
Mo + Oz = MoO. {r] 
4Mo + 2Cg = 2 Mo2C [2] 
2CO = 2(3402) + 2Cg [6] 
we have ; 


MoO; + 2Mo.C = sMo+ 2CO_ [7] 
AF°vn a —AF — 2AF xy bare 2AF vy 
= 70,306 + 3.438 T In T — 0.154 
61? — 6.916 <:10°T>* 4111.36 
| T” — 97.93 T [zal 
In Fig 1 the heavy diagonal line is a plot 
of this Eq 7. The steep slope toward more 
negative values of AF° at higher tempera- 
tures conforms to the known reduction of 
molybdenum oxide by carbon. 
Because the activities of Mo, MoOz, and 
Mo.C can be neglected when all phases 


continue to be present, the equilibrium 

considerably simplifies: | 
(Mo) *(Pco)? 

(MoQ2)(Mo2C)? 


~ 


K= = (Poco)? [7b] 


revealing a system which is invariant at any 
given temperature. From the relationships: 


Semmes = —1535° 
log K = peed = 2 log (Pco) = — T 


—o.7s1 In T + 3.37 X 10° °T + 20.0 
x 10°T-? — 2.48 TA ot 4 [7c] 


we obtain: 
log Poo = — mas — 0.375 In T + 1.69 
x 10 + Age = a + 107 (rd) 
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Fic 2—P.or oF Pco vs. T FOR THE SYSTEM MO—Mo2C—Mo0Osg. 


Values for Peo are plotted in Fig 2. 
Since the system is invariant at any given 
‘temperature, Po is fixed by the require- 
ments of the equilibrium, and can only 
change with the disappearance of one or 
more phases. Thus, pressures greater than 
Poo will remove all free Mo from the 
system; and pressures less than Pgo will 
cause the disappearance of at least one of 
the two nonmetallic phases. The vacuum- 
arc process specifies the latter condition to 
obtain by continuous evacuation of the 
system. Whether the oxide or the carbide 


disappears as a free phase depends upon 
relationships of free carbide with dissolved 
oxide, and free oxide with dissolved carbide 
—also the Po and Pc of the gas phase.!° 
While these are inviting avenues to explore, 
they will not be further discussed here. Nor 
will the nitrogen and sulphur reactions be 
carried beyond their listing as matters to be 
kept under attention. Only under high 
pressures of Pco will the oxide and the car- 


bide of molybdenum exist together at 


elevated temperatures. Under reduced 
pressure, as in the vacuum-arc process, the 
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temperature range of the mutual oxide- 
carbide exclusion extends to very low 
temperatures. 


EXPERIMENTAL OBSERVATIONS 


Description of Specimens 


From Parke and Ham’s article,! one can 
learn the details of the special vacuum-arc 
melting process. Essentially, it is a tech- 
nique by which molybdenum compresses 
are melted in an electric arc and cast and 
immediately cooled in a copper mold, the 
entire operation being conducted in vacuo. 

When the oxygen content is too high, 


_ according to the claim,!? the resulting cast 


is nonforgeable. By adding a small amount 
of carbon, the oxygen content is reduced; 
and a condition of forgeability can be 
attained in this way. The specimens studied 
in this research are listed in Table 2. One 
will observe that most values for oxygen 
and carbon are only qualitative, the ex- 
perienced forgeability or nonforgeability 
serving as principal criterion. Quantitative 
values will be necessary in subsequent 
detailed studies, of course; but here it is 
sufficient that the fractographic patterns 
be related directly to the forgeability, and 
to the nonmetallic analysis in a qualitative 
manner only. 


Oxygeniferous Molybdenum 


Referring to Table 2, one will observe 
that Specimen 201 provides a typical 
sample whose oxygen content is known to 
be high enough to prevent forgeability. 
Consequently, greatest attention is paid it. 
The second specimen, listed without num- 
ber, was obviously defectively oxygeni- 
ferous, having a fibered structure whose 
dendrites were visibly separated by an 
oxide coating. It was therefore used for 
check observations. Specimen 107, lacking 
all previous designation, was immediately 
found fractographically to belong to the 
nonforgeable class. On these three speci- 
mens the following observations are based. 
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TABLE 2—Specimen History 
Sam- Carbon isle 
“43 fo) gen 
es Forgeability Gantent Cae Remarks 
tent 
201 Non- High | Definitely 
forgeable high [o] 
Non- igh | Definitely 
forgeable high [o]} 
107 No infor- 
mation 
132 | Forgeable | (= 0.02 pct?) Described 
as [C] at 
“lower 
limit”’ for 
forgeabil- 
ity 
133 | Forgeable | (~ 0.03 pct?) Described 
as [C] on 
OS okehyen hal 
side”’ 
211 | Forgeable 0.04 pet Definitely 
high [C] 


* Climax Molybdenum Co. Res. Lab. No. 


Conventional Metallograph 


In Fig 3, a conventional metallograph of 
Specimen 201, etched in 5 pet NaOH—15 
pct K3Fe(CN). solution, reveals nothing 
but a single-phase structure, with no indi- 
cation of a grain boundary constituent 
beyond the fact that the boundary did etch 
more rapidly than the body of the crystal. 


Fractographs 


Fracturing these specimens in any man- 
ner apparently provides consistently typed 
facets. In the present study the metal was 
merely chipped by hammering, or broken 
by bending in a vise. Fig 4 presents a 
fractograph which unmistakably types the 
metal as oxygeniferous, in keeping with 
previous observations." The light field 
containing aligned, tufted forms, en- 
croached upon by a dark, finely granulated 
and generally shapeless field, immediately 
rewards examination of virtually any 
fracture of the nonforgeable molybdenum. 
It is a most marked characteristic. 

In Fig 5, at higher magnification, the 
tufted forms reveal a feathery detail. - 

In the Parke and Ham paper,’ these 
structures were referred to as “oxide 
dendrites”; but Woodside? subsequently 
confines attention to the more definitely 
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Fic 3—CONVENTIONAL METALLOGRAPH OF SPECIMEN 201. 335 X- 
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Reduced approximately one-third. 


~_ 


Fic 4—TyPICAL FRACTOGRAPH OF NONFORGEABLE, OXYGENIFEROUS MOLYBDENUM. SPECIMEN 201, 
760 X. 
Reduced approximately one-third. 


oxidic form, the granulated dark mass; 
and he restricts all feathery patterns to 
evidence for the carbide. This indication of 
some ambiguity on the “oxide dendrite” 
rapidly strengthens on closer study. 

While final identification of the nature 


of these light-field structures must be left 
for the future, the authors strongly incline 
toward the belief that oxide dendrites as 
such do not exist. In the first place, whereas 
the carbide dendrites show elevation and 
observable mass, as will later be seen, the 
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structures shown in Fig 4 and 5 seem more 
suggestive of voids. Secondly, though 


. somewhat feathery in structure, they lack 


the extremely fine detail soon to be shown 
for carbide feathers. The conclusion is 
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system, such as desorption of surface 
oxygen, could also be important; but the 
point to be made here is that these fields all 
hint at an invasion of a field of carbide 
dendrites by a subsequent oxide phase. 


I07. 1400 X. 
Reduced approximately one-third. 


therefore tentatively drawn that this 
tufted structure so characteristically ob- 
served in oxygeniferous molybdenum is 
essentially a void structure, representing 
the loci of former carbide dendrites, or of 
partially deteriorated dendrites, whose car- 
bon has been removed by a reaction similar 
to Eq 7. 

Under the Poco conditions of the vacuum- 
arc process, the oxide and carbide are 
mutually exclusive for a long period of 
cooling after casting. From the curves in 
Fig 1, and from the known volatility of the 
oxide, one can rather readily picture a 
condition in which carbide develops in its 
preferred high-temperature range and later 
becomes invaded by an oxide phase in a 
temperature range more favorable to the 
oxide. Dynamic factors in the mechanical 


In Fig 6 one sees that finely granulated 
pattern which is almost certainly oxide; 
and it is seen to advance from junctions 
which are perhaps grain boundaries, or 
possibly lineage boundaries. There is 
nothing here to suggest the tufted pattern, 
which strengthens the belief that the oxide 
is an encroaching superficial phase and the 
tufted structures carbide residua. Note the 
small grey patches of massive oxide buried 
in the finely granular field. 

An unusually picturesque growth of 
oxide in Fig 7 may have much significance. 
Note that the tree-like growths proceed 
generally from one direction, which is 
probably a high-oxygen area or source, and 
that they invade an area of markedly 
feathery structures. These structures con- 
tain such fine detail (compare with Fig 4 
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and s, for example) that they are believed 
to be “carbide feathers” in a considerably 
less advanced stage of decomposition than 
the similar markings previously shown. 


e 
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standards for investigating carbide pat- 
terns, with Specimen 132 as an alternate 


A conventionally polished specimen, - 


etched as before, shows little other than the 


Fic 6—FRACTOGRAPH SHOWING OXIDE SPREADING FROM INTER- OR INTRACRYSTALLINE BOUNDARIES. 
SPECIMEN 201. 660 X. : 
Reduced approximately one-third. 


Fig 8 displays the oxide of molybdenum 
in its massive form. Readily recognized, 
these grey masses have a tendency toward 
a palmetto-leaf structure. They are less 
common than the finely granular structure 
previously shown, for their presence ap- 
parently indicates a very advanced stage of 
oxidation. 


Carboniferous Molybdenum 
Conventional Metallograph 


Referring again to Table 2, one finds 
Specimens 211 and 133 as recommendable 


polygonal grains of an elemental metal 
(see Fig 9); although an observable grain 
boundary phase confirms the presence of 
carbide. 


Fractographs 


Immediately upon observing the fracture 
of any of the carboniferous and forgeable 
specimens, a pattern reveals itself which is 
markedly unlike any found in oxygeni- 
ferous specimens. There is generally a 
groundmass having poor reflectivity, such 
that the fractograph in Fig 10 was obtained 
with some difficulty. A feathery nature 
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seems to be generally expressed in the 
peculiar markings; but they lack the strong 
directionality previously observed with the 
“tufts” in oxygeniferous metal, and 
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In Fig 13 a detailed view of the ‘‘tufted 
structures” reveals a strong directionality 
and a range of pattern detail from needle- 
like species to fairly delicate feathers. In 


specifically characteristic of what may be 
called the true carbide feather shown in Fig 
11, and at 3000 diam in Fig 12. 

Thus, the feather pattern in Fig 11 can 
be seen to lie against the background pat- 
tern in Fig 10, which seems generally to be 
the case. Whether this implies a chemical or 
constitutional difference between the two 
patterns of Fig 10 and 11 is not known. 
There is implied, however, that the fracto- 
graphic patterns of both oxygeniferous and 


carboniferous molybdenum reveal deli- | 


cacies in structure and/or stoichiometry 
which are considerably more complex than 
previously believed. 


Unknown Structures 


Against this background of standard 
patterns, we shall now briefly return to 
some further observations made in oxy- 
geniferous alloys. 


: 


, ¢ "in ie i is P 2 
Fic 7—FRACTOGRAPH REVEALING OXIDE INVADING WHAT IS BELIEVED TO BE A CARBIDE AREA. 


SPECIMEN 201. 400 X. 
Reduced approximately one-third. 


spite of the basic structural similarity to 
the ‘‘carbide feathers,” one can imme- 
diately distinguish the field of Fig 13 from 
that of either Fig 1o or Fig 11. One clear 
distinction, for example, is the flatness and 
reflectivity of the oxygeniferous field in 
Fig 13, as contrasted to the roughness and 
poor reflectivity of the field in Fig 10. This 
difference perhaps accounts for the differ- 
ence in forgeability, cleavage obviously 
being more difficult in the latter case. 

Whether these markings are the decar- 
burized residua of areas shown in Fig 10 
and 11, whether they represent a distinct 
phase, or whether they merely represent 
intradendritic looseness, which may at 
higher temperatures have housed an oxide 
phase, is not known. 

In Fig 14, the “tufted structure” again 
appears in an oxygeniferous specimen, this 
time coincident with a heavier marking. 
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Fic 8—FRACTOGRAPHS SHOWING MASSIVE OXIDE. SPECIMEN 201. 


Above, 660 X. Below, 800 X. Both reduced approximately one-third. 


This second marking is the one referred to 


in Woodside’s publication® as a character-. 


“ 


istic of oxide, rather than the ~ oxide 


dendrite.” 
In this the authors concur, with the 
expanded viewpoint that there are now at 


least three oxidation patterns evident: 
(x) tufted, (2) finely granular, and (3) grey 
massive—connoting increasing oxidation in — 
that order. Fig 14 combines (1) and ~ 
(2), the latter here representing the — 
heavier markings. Comparison of Fig 13 
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Fic 10—FRACTOGRAPH OF CARBONIFEROUS MOLYBDENUM REVEALING A CHARACTERISTIC BACK- 
GROUND STRUCTURE. SPECIMEN 133. 600 X. 
Reduced approximately one-third. 


and 14, incidentally, may strengthen the 
carbide-residua theory, for the increased 
stage of oxidation in Fig 14 accompanies a 
tufted structure of minimum detail—re- 
duced, as it seems, to a basic spiny marking. 

An unusual pattern in Fig 15 remains in 
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; 300 X. 


a 


part unsolved; but the gross markings are 
second-stage (type II) oxidation. The thin- 
lined markings may be a minutely pre- 
served remnant of the carbide. Certainly 
the angularity is remarkable, the spines 
and needles each at respective angles, and 
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Fic 11—FRACTOGRAPH OF CARBONIFEROUS MOLYBDENUM REVEALING THE TYPICAL “CARBIDE 
FEATHER.” SPECIMEN 2II. 700 X. 
Reduced approximately one-third, 


FIG 12—FRACTOGRAPH OF ‘‘CARBIDE FEATHER” AT HIGH MAGNIFICATION. SPECIMEN 133. 3000 X, 
Reduced approximately one-third. 


~ 
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I07. II00 X. 
Reduced approximately one-third. 


6 


TI OXIDATION PATTERNS. SPECIMEN 107. 1600 X. 


7 


Fic 14—F RACTOGRAPH SHOWING TYPE I AND TYPE i 
Reduced approximately one-third. 


the entire field traversed by linear markings plane, use cannot be made of angular 
which are parallel to one another and al- measurements as effectively as in planar 
most perfectly bisect the angle between cleavage. One can only guess that the fir- 
spine and needle. Since the cleavage facet tree markings refer to a precipitation, or 
in this material is characteristically a precipitation site; and that the extensive 
crystal boundary, rather than a crystal linear traces represent either twinning or 
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Fic 15—FRACTOGRAPH SHOWING TYPE II OXIDE PATTERN WITH AT LEAST TWO OTHER SETS OF 


UNIDENTIFIED MARKINGS. 


OF CAST MOLYBDENUM 


SPECIMEN 201. 825 X. 


Reduced approximately one-third. 


Fic 16—FRACTOGRAPH TAKEN FROM OUTSIDE OF A 
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SMALL BUBBLE (LEFT 2250 X) AND FROM INSIDE 


OF A VERY LARGE BUBBLE (RIGHT 250 X) IN CARBONIFEROUS MOLYBDENUM. SPECIMEN 132. 


Reduced approxim 


slip. The gross ‘‘crowfeet”’ oxide markings 
would seem to locate intergranular junc- 
tions, except that the continuity of angular 
traces is unbroken by them. They therefore 
perhaps represent major interlineage dis- 
junctions within a single grain. 


ately one-third. 


One further observation is presented in 
Fig 16 as an exterior and interior view of 
typical gas holes. The specimen is car- 
boniferous (No. 132). Note that the bubble 
on the left developed at the apparent 
junction of two grains. This is in keeping 
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with the proposed oxidation of carbide, 
creating a CO gas phase of sufficient pres- 
sure to form a bubble in the residual liquid 
between two approaching areas of crystal 
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again are highly distinctive. The transition 
from intergranular to transgranular is 
registered in the combined fractographs in 
Fig 17. Two photographs were required, 


at 


Fic 17—CoMBINED FRACTOGRAPHS OF CARBONIFEROUS MOLYBDENUM SHOWING INTERGRANULAR 
FRACTURE (ABOVE LEFT) CHANGING TO TRANSGRANULAR FRACTURE (LOWER RIGHT). SPECIMEN 132. 


700 X. 


Reduced approximately one-third. 


growth. The fact that neither carbide nor 
oxide structures appear on the internal 
wall of the very large bubble on the right 
is interesting. 


Transition: Intergranular to Transgranular 


Quite regardless of carbon or oxygen 
content, so far as can yet be observed, the 
fracture in molybdenum at ordinary 
temperatures travels quite heterogeneously 
through grain boundary and through 
grain. The choice of path undoubtedly lies 
in the local resolution of rupturing forces, 
which apparently often succeeds in favor- 
ing transgranular cleavage. 

When this occurs, all patterns so far 
discussed disappear, proving their super- 
ficial restriction to grain boundaries. A new 


‘class of patterns arises instead, which 


of course, because of the orientation of the 
separate facets. Note (1) the typical car- 
bide pattern of the grain boundary, (2) 
the immediate disappearance of the carbide 
pattern in depth as registered on the 
transgranular facet, and (3) the occurrence 
of two gas holes—both in the grain bound- 
ary, and one of these also at the cleavage 
junction. 


Transgranular Structures 


Most striking of all molybdenum frac- 
ture patterns are the transgranular. Their 
outstanding characteristic is the indication 
of violent distortion during grain growth. 
Fig 18 shows a typical example at moderate 
magnification, the ridgelike markings possi- 
bly indicating isothermal fronts in a pul- 
sating progress of solidification. 
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A better idea of the magnificent elabora- 
tion found in these facets stands in the 
fractographs of Fig 19 and 20. In these 
there appear vast intergrowth and mis- 
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attributed to a distinction between oxygen- 
iferous and carboniferous grains, for the 
latter is a special, rather than a typical, 
structure. 


Fic 18—TRANSGRANULAR CLEAVAGE, SHOWING GROWTH DISCONTINUITIES. SPECIMEN UNNUM- 


BERED. 47 


eae 


Reduced approximately one-third. 


growth markings which conform to the fact 
that violent temperature gradients exist 
in the melting and casting of this refractory 
metal. Unlike most metals, and undoubt- 
edly because of these vast distortions, 
molybdenum scarcely ever reveals a pat- 
tern having crystallographic significance. 
Although twinning and slip are both known 
to occur, the characteristic patterns are 
crystallographically informationless. 
Although each of these figures could be 
discussed separately at some length, we 
shall point only to the maze of growth 
patterns, the indications of fluctuating 
growth, the evidence of tiny impurities on 
some of the more expansive facets, and the 
astonishing alignment of apparently sepa- 
rately nucleated growths in the pattern of 
Fig 20. The difference between the pat- 
terns in Fig 19 and 20 is not yet to be 


Crystallographic Registrations 
When fracture is intergranular, regis- 
trations on the facet need have no crys- 
tallographic significance, because the plane 
of failure is not necessarily crystallographic. 
When failure is transgranular, however, 


the attributes of the fractograph are 


characteristically those of the single crys- 
tal; and planar traces are frequently 
observed at angular dispositions which 
reveal the orientation of the grain, the 
plane of cleavage, and the planar family of 
the registrations in question. Much crys- 
tallographic information is in this means 
available from fractographic study. 

In considerable contrast to such condi- 
tions, molybdenum offers virtually no 
crystallographic information on its trans- 
granular facets. This is believed to be the 
result of the vast distortion evident in the 
intragranular structure. 


ee 
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Fic 19—TRANSGRANULAR CLEAVAGE OF CARBONIFEROUS MOLYBDENUM. SPECIMEN 133. 220 X. 
Reduced approximately one-third. 


aL At Fe oy END BN bh FANE SN 1 
Fic 20—TRANSGRANULAR CLEAVAGE OF OXYGENIFEROUS MOLYBDENUM. SPECIMEN UNNUMBERED. 


350 X. 
Reduced approximately one-third. 


Occasionally there appears a marked of the crystal exposes all three of the 
cleavage profile showing the expected rec-_ {too} cleavage family; and three faulted 
tangularity for this BCC structure. Fig 21 regions register 45° dispositions to the 
provides an example. cleavage profile. Some extremely fine lines 

In Fig 22 an unusually informative at go° to the cleavage profile might suggest 
example occurs in which a detached block _ the “striae” found in other metals.” 
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Fic 21—TRANSGRANULAR FRACTURE REVEALING THE 90° PROFILES OF {100} CLEAVAGE. SPECIMEN 
UNNUMBERED. 700 X. __ 
Reduced approximately one-third. 


‘a Ww SS. 
FIG 22—TRANSGRANULAR FRACTURE EXPOSING ALL THREE SETS OF {100} CLEAVAGE; THREE 
REGIONS OF {112} FAULTING, POSSIBLY TWINNING, SHOWING 45° DISPOSITION TO (100); LIGHT 
“STRIAE,” SHOWING 90° DISPOSITION TO (100); CHARACTERISTIC TRANSGRANULAR DISTORTION 
MARKINGS IN bas relief ON (001) AND IN PROFILE ON (100); ALSO SEVERAL GAS HOLES. SPECIMEN 


133.0280 Dxs 


- 


Reduced approximately one-third. 


fe OY ee See 


— 


C. A. ZAPFFE, F. K. LANDGRAF AND C. O. WORDEN 


There is also observable in this figure the 
characteristic distortion markings both in 
bas relief on the cleavage face and in 
profile on the cleavage edge; and several 
gas holes are evident. 

Concerning the faulted regions, they are 
believed to represent a deformation phe- 
nomenon kindred to Neumann bands in 
BCC iron.*? Their form is therefore probably 
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23. The angularity is strongly marked be- 
tween 69° and 75°, such that these may be 
the 71°30’ markings of {112} on (oor) for 
either twinning or slip, or both. 


CONCLUSIONS 


In condensing these observations to their 
principal features, one can perhaps draw 
the following broad conclusions: 


B ‘@ 


the {112} claimed for twinning in molyb- 
denum. Whether the material in the zone 
is twinned or not is believed by the present 
authors to rest upon reasons similarly 


operating in the Neumann band phe- 


nomenon.!2 Twinning is not common in 
BCC structures. 

As for the light ‘“‘striae,” their 90° dis- 
position to (100) eliminates the possibility 
of an identification with {111} or {112} 
operations and suggests instead an {hkO} 
or {hOO} relationship. Temporary assign- 
ment will be made to dodecahedral 
{rro} slip, but other possibilities will be 
kept in mind. 

An unsolved pattern is submitted in Fig 


a a 
Fic 23—GEOMETRIC CLEAVAGE PATTERN OF UNSOLVED SYMMETRY. SPECIMEN 133. 850 X. 
Reduced approximately one-third. 


1. Molybdenum cast by the electric- 
arc-vacuum process is characterized in- 
tragranularly by a vast substructural 
distortion, and intergranularly by a marked 
susceptibility to carbide and/or to oxide 
precipitations. 

2. All three conditions are readily and 
specifically observed by the technique of 
fractography, to the extent that deoxida- 
tion control can be applied in the plant by 
its use, as described by Parke and Ham. 

3. Nonforgeability of the cast metal fol- 
lows from intergranular precipitation of 
oxide (or oxides) which can be detected in 
fractographs as: (1) a tufted pattern in 
initial stages, which may represent the 
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hiatuses of oxidized “carbide feathers,” (2) 
a finely granular and etched area in ad- 
vanced stages, and (3) a grey massive form 
of separated oxide in locally completed 
stages of oxidation. 

4. Forgeability of the cast metal depends 
upon riddance of the intergranular oxide. 
To accomplish this, Parke and Ham 
utilized both vacuum and an excess of 
carbon. The forgeable condition is recog- 
nized immediately fractographically by the 
appearance of intergranular carbide having 
perhaps two characteristic patterns: (1) a 
background pattern of rather disorganized 
and poorly reflective carbide forms, and 
(2) a pattern of highly characteristic ‘‘car- 
bide feathers” having good reflectivity, a 
pronounced group alignment, and often 
appearing superimposed on Carbide Type 
1. If the Oxide Type 1 marking is the resid- 
uum of attacked carbide, it is of the 
Carbide Type 2. 

5. Both forgeable and nonforgeable 
metal breaks at room temperature both 
intergranularly and transgranularly. The 
transgranular fracture pattern is imme- 
diately identified as one of the most elabo- 
rate imperfection patterns yet observed in 
fractographic investigations. No trace of 
either carbide or oxide structures has been 
observed in transgranular patterns, nor can 
a difference yet be detected in transgranu- 
lar patterns between carboniferous and 
oxygeniferous metal. The intergranular 
precipitations are entirely superficial. 

6. Although the transgranular pattern is 
characteristically noncrystallographic, very 
likely the result of the great visible dis- 
tortion in crystal growth, patterns occa- 
sionally reveal {100} cleavage, profiles at 
90°, faulted regions at 45° to (100) which 
are believed to be Neumann-type deforma- 
tion bands, and fine striae at 90° to (100) 
which possibly represent {110} slip. 

7. All observations reported here stem 
from a necessarily preliminary study, and 
the conclusions are therefore tentative. . 


FRACTOGRAPHIC STUDY OF CAST MOLYBDENUM 


ACKNOWLEDGMENT 


Particular acknowledgment is due the 
Office of Naval Research for their support 
of the fundamental investigation of frac- 
tography in this laboratory from which 
this paper stems as a special study; also 
to Mr. George Timmons and Messrs. Ham, 
Parke, and Woodside of the Climax 
Molybdenum Co. Research Laboratory 
who provided all samples studied in this 


research, who were most cooperative in the 


conduct of the investigation, and who were 
the first in the authors’ knowledge to dis- 
cover and apply commercially a utilization 
of fractography. 


REFERENCES 


1. R. M. Parke and J. L. Ham: The Melting 
of Molybdenum in the Vacuum Arc. 
TP 2052, Met. Tech. (Sept. 1946); Trans. 
AIME (1947) 171, 416. 

2. G. C. Woodside: Deoxidation Control by 
Fractography. Iron Age (1947) 160 (23) 


78-79. 

. Molybdenum. Ency. Brit., 1942 ed. 15, 
682-684. 

. J. W. Mellor: A Comprehensive Treatise 
on Inorganic and Theoretical Chemistry. 
1922. New Yo1k. Longmans Green 
and Co. 

5. J. Gelok: Properties and Applications of 
Molybdenum. Materials and Methods 
(1947) 26 (3) 86-89. 

6. K. K. Kelley: Contributions to the Data 
on Theoretical Metallurgy. V. Heats of 
Fusion of Inorganic Substances. Bur. 
of Mines Bull. 393 (1936) 166 pp. 

7..M. deKay Thompson: The Total and Free 
Energies of Formation of the Oxides of 
Thirty-two Metals. (1942). New York. 
Electrochem. Soc. 

8. K. K. Kelley: Contributions to the Data 
on Theoretical Metallurgy. VIII. The 
Thermodynamic Properties of Metal 
Carbides and Nitrides. Bur. of Mines 
Bull 407 (1935) 66 pp. . 

. K. K. Kelley: Contributions to the Data 
on Theoretical Metallurgy. VII. The 
Thermodynamic Properties of Sulphur 
and Its Inorganic Compounds. Bur. of 
Mines Bull. 406 (1937) 154 pp. 

10. O. G. Specht and C. A. Zapffe: The Low 
Temperature Gaseous Reduction of 
Magnetite Ore to Sponge Iron. TP 1960, 
Met. Tech. (June 1946), Discussion, 
TP 2059, Met. Tech. (Sept. 1946); Trans. 
AIME (1946) 167, 237, discussion, 277. 

TPekss A Zapffe: Fractographic Structures in 
Bismuth. Metal Prog. (1946) 50, (2), 
283-203. 

12. C. A. Zapffe: Neumann Bands and the 

Planar-Pressure Theory of Hydrogen 

Embrittlement. Advance copy (August 

1946) 8 pp. British Iron and Steel Inst. 


br Ww 


‘Oo 


_— 


as ———— se sens —ee 


: 


: 


| 


— > 


ren 


The Low Temperature Properties of Tin and Tin-lead Alloys 


By H. S. Katisn* anp F. J. DUNKERLEY,} JuNIOR MempBers AIME 


(Philadelphia Meeting, October 1948) 


INTRODUCTION AND PREVIOUS WORK 


Tue determination of the low tempera- 
ture tensile properties of tin and tin-lead 
alloys was initiated as part of an extensive 
research program on the phasial equilibria 
of tin binary systems below 13.2°C and the 
property changes associated therewith. A 
survey of the literature revealed that, 
although some room temperature tensile 
data were available for tin and a few tin- 
lead alloys, there existed no survey report 
of the low temperature tensile properties 
of these alloys. Accordingly, the tensile 
data for tin and a series of pure tin alloys 
containing from o.o1 to 50 pct lead were 
measured at eleven temperatures from 
—196 to +20°C and are presented here in 
survey form. 

In addition to the importance of these 
tensile data as a preliminary to certain 
fundamental research, this information 
promises also to be of commercial impor- 
tance because of the extensive use now 
being made of tin-lead solders in refrigera- 
tion and gas liquefaction equipment. 
Occasional failures of the solders in low 
temperature service have been. attributed 
by some metallurgists to low temperature 
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embrittlement, while others hold that 
failure results from the transformation of 
the tin-rich phase of the solder from the 
solid white (beta) to the powdered gray 
(alpha) form. From the data previously 
available in the literature, neither of 
these explanations can be completely 
corroborated. 

Cohen and van Lieshout! have estab- 
lished the beta to alpha tin transformation 
at 13.2°C and have shown that strain 
accelerates the transformation. Further, 
they showed that although 1 pct lead 
retarded the transformation, it was not 
eliminated. It will be pertinent, then, to 
note whether the beta to alpha transforma- 
tion of the tin-rich phase will occur in a 
short-time tensile test. 

Polanyi and Schmid? studied the tensile 
properties of tin single crystals at — 185°C 
and report that tin is brittle at this tem- 
perature. In 1946, Kostenets® reported that 
pure tin was brittle at —196 and —253°C, 
while lead remained ductile at both these 
temperatures. He also studied the tensile 
properties of tin-lead alloys containing from 
to to 75 pet lead at —253, —196 and 
+17°C. The ultimate tensile strength 
increased more than two times in going 
from room temperature to —196°C and 
about three times that value on further 
cooling to —253°C. All the alloys were 
brittle at —196°C except those containing 
more than 75 pct lead. Even at —253°C, 
the 75 pct lead alloy retained 36 pct elonga- 
tion in a 30 mm-ga. length. 

Creep is also an important phenomenon 


1 References are at the end of the paper. 


637 


638 


which must be considered in the tensile 
testing of tin-base alloys. Chalmers* found 
that polycrystalline tin shows macro-creep 
above 57 psi at room temperature. 
This minimum creep stress threshold may 
be higher for the tin-lead alloys and at lower 
temperatures, but with data now available, 
this cannot be forecast with any certainty. 


MATERIALS AND PROCEDURES 
Preparation of Alloys 


Tin and lead of extremely high purity 
were used in all the alloys. The tin was 
obtained from the Vulcan Detinning Co. 
and was produced by an electrolytic 
process. Spectrographic analyses on the 
tensile bar castings themselves showed that 
all impurity elements analyzed for were less 
than the detectable limit. The lead was an 
extremely pure commercial grade contain- 
ing less than 0.009 pct residual impurities 
and was obtained from the American 
Smelting and Refining Co. The lead con- 
tent of the alloys with 1 pct or less was 
determined by spectrographic methods or 
by wet methods in the case of higher lead 
contents. The commercial solder included 
in the test analyzed 49.82 pct Sn, 1.57 pct 
Sb and o.or pet Cu. 

The pure tin and the series of tin-lead 
alloys, containing 0.01, 0.05, 0.1, 0.35, 
1.0, 1.66, 5.0, 10.0, 38.7 and 50.0 pct lead, 
were melted in a graphite crucible under 
a protective cover of cottonseed oil. The 
molten metal was then teemed into the 
mold from a graphite bottom-pour ladle. 
A split steel mold, designed to feed the 
casting from the bottom to prevent cold 
shot, was used to prepare the cast tensile 
bars. The metal was poured at 300°C and 
the mold was heated to 200°C by platen 
heaters fitted to each half of the mold. 
Immediately after pouring, the mold was 
water quenched from the bottom to insure 
sound castings as well as to obtain a 
reasonably fine grain size. When this 
casting technique was rigorously followed, 
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each casting produced six tensile bars of — 


good surface which could be tested without 
further machining except for threading 
the grips. The standard tensile specimen 


was 0.25 in. in diam, of 1 in.-ga. length © 


with a 1% in. shoulder radius. 


Heat Treatment and Microstructure 


The tin-lead system is a simple eutectic 
with solid solubility of both tin and lead 
in each other. Stockdale® has established 
the eutectic composition as 38.14 pct lead, 
and the eutectic temperature at 183.3°C. 
Homer and Plummer® and Stockburn’ 
found the maximum solid solubility of lead 
in tin to be 1.6 pct and 2.0, respectively, 
at the eutectic temperature, while the 
solubility of tin in lead is 19.5 pct at this 
temperature. The solvus line on the tin- 
rich side has not been accurately deter- 
mined, but from work now in progress, it 
is believed the solid solubility of lead in 
tin at room temperature is less than 0.3 pct 
lead. The solubility of tin in lead at room 
temperature, although not of primary 
interest here, is about 0.4 pct tin. 

All the alloys were homogenized at 
170°C for 200 hr in a Silicone bath prior 
to testing to eliminate segregation which 
occurred during cooling from the melt. 
Metallographic examination showed that 


alloys containing less than 1.6 pct but 


greater than o.1 pct lead were cored in the 
as-cast form as shown in Fig 1a. However, 
the above homogenization treatment en- 
tirely eliminated coring and produced the 
uniform spherodized structure shown in 
Fig 1c. Annealing at lower temperatures 
and shorter times, for example, 150 hr at 
125°C, did not eliminate segregation, as 
shown by Fig rb. The 5 to 1o pct lead 
alloys had a typical dendritic microstruc- 
ture in the as-cast condition. Annealing 
resulted in agglomeration of the second 
phase as seen in Fig 2a, but its distribution 
throughout the structure was little affected. 
The as-cast eutectic structure was lamellar 
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near the outside surface of the casting, but 
even water quenching the mold did not 
cool the casting fast enough to prevent 
general spherodization, as shown in Fig 2a. 


Ar WS 
SA 


proeutectic lead was obtained which, upon 
annealing, formed large massive particles. 

The relatively fine grain size of the cast 
structure was retained by all the alloys 
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Fic 1—MIcROSTRUCTURES OF A I PCT LEAD TIN-LEAD ALLOY IN THE AS CAST AND ANNEALED 
f CONDITIONS. 

a. As cast. 6. Annealed 125 hr at 150°C. c. Annealed 200 hr at 170°C. Etched in 5 parts 
glycerine, 3 parts acetic acid, 1 part nitric acid. Left 50 X. Right 500 X. Reduced approximately 


one third. 

Rather large particles of proeutectic lead 
also appear in this microstructure because 
the alloy contained about 0.6 pct lead in 
‘excess of the eutectic composition. The 
50 pct lead alloy was essentially the same 
as the eutectic structure except that more 


during homogenization at 170°C except 
for those containing 1. and 1.6 pct lead. 
In these cases, strain imposed by the 
differential cooling of the mold and speci- 
men appeared to accelerate grain growth 
so that an average of only 5 to 8 grains 
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in a 0.25 diam cross-section was ultimately The device ultimately developed is a. 
obtained. The effect of this abnormal grain modification of the usual “weigh-bar,” 
size will be considered in the discussion. consisting of a carefully machined thin 
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a. 10 pct lead, 500 X. b. 38.8 pct lead, 100 X. ¢c. 50 pct lead, roo X. Etched in 8 parts ely 


cerine, I part acetic acid, 1 part nitric acid. Left: as cast. Right: annealed 200 2 f 
approximately one third. : es Reduced) 


Testing Methods walled 75 S-T aluminum tube, 0.02 sq wll 
The tensile tests were made on a Bald- iM Cross-section, with two longitudinal wir | 
win-Southwark tensile machine of 60,o00 Strain gauges mounted on opposite sided | 
lb capacity, equipped with a 6,000 Ib scale and wired in series to compensate for any. 
which could be read only to +5 lb. Since lack of axiality. A calibration curve was 
the loads needed for these tests were quite established for load vs. the apparent strain — 
low, it was necessary to design a special on the weigh bar by taking strain readings 
device for accurately measuring the loads. at small load intervals up to 1,000 lb, ; 
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The weigh bar unit was threaded into 
the upper grip at the top and into a 4 in. 
diam stainless steel extension rod at the 
bottom to which the specimen was at- 
tached. The stainless steel extension rod 
reduced the heat leak along the grip 50 
that during the low temperature tests, 
the weigh bar did not fall below room 
temperature. The bottom grip was threaded 
through the bottom of an insulated brass 
container for holding the liquid in which 
the specimens were immersed for the low 
temperature tests. The vessel was also 
equipped with a stirrer, copper cooling 
coils and a bimetallic thermoswitch. The 
thermoswitch actuated an on-off solenoid 
which admitted compressed air to the 
Dewar of liquid air and forced the latter 
through the copper cooling coils. This, 
along with a slight steady flow of coolant 
controlled by a bleeding by-pass around 
the solenoid in the compressed air line, 
permitted temperature control to within 
+1°C down to —165°C. This assembly 
was then attached to the testing machine 
by Robertson shackles which gave ball 
point contact and thus insured axiality 
of loading. Also, the coolant container, 
being threaded to the lower grip, was 
prevented from preloading the specimen 

_ by supporting it with springs. 
Petroleum ether was used as the immer- 
sion liquid down to —125°C, while iso- 
pentane was found most satisfactory for 
the immersing bath between —125° to 
—165°C. The temperature control mech- 
anism described above was used to main- 
tain the test temperatures above —165°C, 
while at —183 and —196°C, liquid oxygen 
and liquid nitrogen, respectively, were used 
directly in the container with the thermo- 
switch removed. The temperature of the 
bath was measured by a copper-constantan 
thermocouple placed near the specimen. 

The selection of the proper strain rate 
“which would permit comparison of the 

tensile data both as a function of the 
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composition and temperature was difficult 
because of the influence of strain rate on 
creep rate and extent of work hardening. 
In pure tin, any load in excess of 57 psi 
(3 Ib on 0.25 diam test bar) results in 
macro-creep at room temperature while 
no creep data on tin-lead alloys are avail- 
able. Thus, if the creep rate at low loads 
is significant at a given testing tempera- 
ture, a very slow strain rate would indicate 
nil tensile strength. Equally important is 
the effect of strain rate on the extent of 
work hardening. Since tin and presumably 
the tin-lead alloys will be below their 
recrystallization temperatures at most of 
the testing temperatures, work hardening 
will occur as long as the metal retains any 
ductility. The. increase in strength caused 
by work hardening, which can be realized 
before the metal reaches its ultimate tensile 
strength, will depend upon the strain rate. 

It was decided, accordingly, since neither 
creep properties nor work hardening 
characteristics of these alloys were avail- 
able, that a strain rate of o.2 in. per in. 
per min., which was primarily a practical 
one, would be used. This rate gave sufficient 
time for measuring the load by the “ weigh- 
bar’? method when brittle fractures oc- 
curred and, further, was fast enough to 
minimize creep phenomena. 

This experimental set-up permitted 
determination of the ultimate tensile 
stress to within +1 lb in temperature 
ranges where plastic deformation occurred, 
and possibly within about +5 lb when 
the specimens were brittle. Per cent 
elongation was measured in the one inch 
gauge length and the reduction in area data 
was obtained from measurement of the 
initial and final diameter at the point of 
fracture. Attempts were also made to 
measure yield strengths, but neither the 
“weigh-bar” nor the ‘“‘drop-of-the-beam” 
method gave reliable results. Therefore, 
only low temperature ultimate tensile 
strength, per cent elongation in one inch, 
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and reduction in area data were obtained 
for these alloys. Single specimens of each 
composition were tested at each of eleven 
temperatures between —196 and +27°C. 
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inclusively, the ultimate tensile strength, 
the reduction in area and elongation in a 
1 in. ga. length being plotted as functions 
of both temperature and composition. 


Reduction of Area and Elongation, Per cent 
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Fic 3-—THE EFFECT OF TEMPERATURE ON THE TENSILE PROPERTIES OF PURE TIN. 


A single test at each temperature and 
composition level was considered sufficient 
for this survey because the temperature 
and composition intervals were small. 


DISCUSSION OF RESULTS 


The data obtained in this investigation 
are presented graphically in Fig 3 to 10 


As explained earlier, yield strength data 
were not obtained because the methods 
of measurement were not reliable. Al- 
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though more fundamental data would be ~ 


required for a rigorous analysis, it is 


believed that these low temperature — 


tensile properties can be adequately ex- 
plained in terms of the effect of decreasing 
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temperature on (1) the critical shear or 
flow stress, (2) the extent or amount of 
cold work, and (3) the technical cohesive 
strength® (fracture strength at. nil cold 
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of the second phase will influence the 
magnitude of the net temperature effects. 
In addition, the possibility that the beta 
to alpha transformation of the tin or tin- 


0.01% Pb 
0.05 % Pb 
0.10 % Pb 
0.35% Pb 


-40 


Temperature. °C. 


Fic 4—THE EFFECT OF TEMPERATURE ON THE ULTIMATE TENSILE STRENGTH OF TIN-LEAD 


ALLOYS 


CONTAINING FROM 0.01 TO 0.35 P€T LEAD. 


_ work). In the case of the alloys containing 
' two phases, the tensile properties will be 


the composite of these three factors oper- 
ating on the separate phases, and thus 
the amount, the form and the distribution 


rich phase would occur during the tests 


below 13.2°C had to be considered as 


previously mentioned. Careful macro- 
examination, however, of the fractured 
surfaces revealed none of the gray (alpha) 
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modification, so that the transformation 
was eliminated as a variable or contributing 
factor. 

Attention is also called to the use in 
this discussion of certain terms which 
differ from their generally inferred mean- 
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ing. It was found convenient, for example, 
to use only the reduction in area as the 
principal measure of ductility, instead of 
elongation. The temperature of embrittle- 


ment 7s, as used here means the tem-— 


perature at which so pct of the maximum 


1.0% Pb 
1.66% Pb 
5.0 % Pb 
10.0% Pb 
38.7% Pb 
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Fic 5—THE EFFECT OF TEMPERATURE ON THE ULTIMATE TENSILE STRENGTH OF TIN-LEAD ALLOYS 


CONTAINING FROM I.0 TO 38.7 PCT LEAD. 
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ductility as defined by reduction in area 
is lost. The self-defined term, temperature 
of maximum ultimate tensile strength, 
Tm, is also a new and convenient expres- 
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to +23°C. The ultimate tensile, strength, 
starting at 1600 psi at room temperature, 
increased rapidly as the temperature 
decreased, reaching a maximum value of 
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Fic 6—THE EFFECT OF TEMPERATURE ON THE ULTIMATE TENSILE STRENGTH OF PURE. 50-50 
TIN-LEAD ALLOY AND 50-50 COMMERCIAL TIN-LEAD SOLDER. 


used throughout the discussion. 
Technical cohesive strength means the 
fracture stress at nil cold work or nil 
ductility. The critical flow stress is defined 
as the applied stress required to start flow. 


' PurE TIN 


Fig 3 is a graphical summary of the: 


‘tensile properties of gure tin from —196 


14,200 psi at — 140°C, and then decreased 
abruptly to 5300 psi at —196°C. The 
reduction in area remained at too pct to 
—125°C, then dropped sharply and ap- 
proached a value of 6 pct at — 183°C. 
The elongation, on the other hand, in- 
creased steadily to a maximum of 94 pct, 
then gradually decreased to~a value of 
6 pct at —196°C. 
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In terms of the three fundamental phe- 
nomena mentioned above, these data 
can be explained as follows. Fracture at 
temperatures down to —125°C occurred 
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strength. Since the tensile strength con- 
tinued to rise from —60 to —140°C, it 
must be presumed that the critical flow 
stress also rises in this temperature range. 
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principally by flow, since the metal re- 
mained essentially 100 pct ductile at the 
point of failure. The rapid increase in 
ultimate tensile strength as the tempera- 
ture decreased was a result, then, of an 
increase in both the critical flow stress and 
work hardening. Down to —60°C, work 
hardening was probably increasingly im- 
portant, as evidenced by the increase in 
elongation to a maximum at this tem- 
perature. Below —60°C, the amount of 
work hardening apparently decreased and 
the critical flow stress became more impor- 
tant in establishing the ultimate tensile 


Now as the ductility began to fall off at 
—130°C, failure in tension occurred par- 


tially by cleavage and partially by flow. — 


At the temperature of 50 pct reduction 
in area, for example, failure probably 
occurred half in cleavage and half by 
flow, and this, then, represented the 
defined temperature of embrittlement, 
Ts. At this point, the cleavage stress was 
being increased by work hardening because 
considerable ductility still remained. Then 
the contribution of flow stress to the 


ultimate tensile strength fell off as the 


ductility decreased until failure occurred 


tee 
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principally by cleavage. Simultaneously, 
the cleavage stress decreased and ap- 
proached the true fracture stress at nil 


100 


° 5.0% Pb 
¢ 10.0% Pb 
° 38.7% Pb 
* 50%Pb 


‘Reduction of Area, Per cent 


O ° 
-200- -I60° -120 


647 


ture on the low temperature tensile prop- 
erties will be emphasized. 
In order to avoid confusion, the rela- 
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cold work, that is, the technical cohesive 


strength. 
TIN-LEAD ALLOYS 


Fig 4 to 10 contain the tensile properties 


_ of the tin-lead alloys from — 190 to + 27°C. 


From the general shapes of the curves, it 


is believed the same general phenomena 


which occurred in pure tin also took place 
in the alloys. The appearance of increasing 
amounts of the second lead-rich phase, 
however, caused definite differences in the 


magnitude of the changes in tensile 


strength and ductility which occurred as 
the temperature decreased. Therefore, since 
the temperature effects differ only in 
degree, their explanation in terms of the 
three fundamental phenomena will not 
be repeated, but rather the influence of 
the composition and resulting microstruc- 


tionships of composition and low tem- 
perature tensile properties will be discussed 
in the following sequence: First, the general 
effect of composition on (1) the tempera- 
ture of maximum ultimate tensile strength, 
Tm, (2) the embrittlement temperature, 
Tp, (3) the value of the maximum ultimate 
tensile strength and (4) the ultimate tensile 
strength both above and below Tz. 
Second, the specific influence of the micro- 
structure of each alloy on these four func- 
tions or properties will be considered in 
the order mentioned. 

Fig 4, 5 and 7 show that the first addi- 
tions of lead had little or no effect on 
either the temperature of maximum ulti- 
mate tensile strength, Tm, or the tempera- 
ture of embrittlement, Ts. Higher lead 
contents, however, affect both Ty and Tz 
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and, in order to show these effects more 
clearly, Fig 11 was constructed from the 
tensile and ductility vs. temperature plots. 
Here it is noted that Ty and 7s are not 
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synonymous as in the case of pure tin. 
This is believed to be caused by the inter- 
action of the three fundamental phenomena 
mentioned above operating simultaneously 
on the two phases present in most of the 
alloys. 

It can be seen in Fig 11 that Ty, remains 
essentially constant up to o.3 pct lead, 
rises sharply to a maximum at about 1.6 pct 
lead, then gradually decreases toward 
absolute zero. T's follows the same general 
trends but falls about 10° below Ty until, 
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wel 38, 


at o.1 pct lead, it rises from 20 to 30° above 
the latter and finally at 60 pct lead, they 
coincide. The maximum ultimate tensile 
strength increases steadily from 0.01 to 
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o.1 pct lead, drops slightly at 0.35 pct 


strength decreases about 400 psi, followed 
by a rapid increase to a maximum at ro pct 


and a subsequent decline at 38.7 and 50 pct — 


lead. In order to explain these effects 
adequately, the variations of ultimate 
tensile strength with composition must also 
be considered. Fig 12 and 13 are cross-plots 
of ultimate tensile strength vs. the loga- 
rithm of the lead content for the testing 


lead, and then increases slightly at 1.0 pet 
lead. Then from 1.0 to 1.6 pct lead, the © 
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temperatures above and below Tx, respec- 
tively. The curve for —183°C is also 


‘included in Fig 12 for comparison pur- 


poses. Above Tz, lead contents up to 
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preted in terms of the influence of the 
amount, the size or form, and the distri- 
bution of the second phase. The first 
additions of lead did not affect Ty or Tz 
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Temperature, °C. 
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- about 0.3 pct increase the ultimate tensile 


strength slightly. Between 0.2 and 0.3 pct 
lead, a sharp break occurs for all the 
temperatures and increasing lead improves 
the tensile strength toa maximum between 
s and ro pct. The values then fall off for 
the 38.7 and 50 pct lead alloys. In Fig 13 
it is seen that below Tz, a slight strength- 
ening occurs up to about o.1 pct lead at 
—125 and —140°C, then an apparent 
minimum is seen between 1 and 1.6 pct 
lead. At —183°C there is a slight decrease, 
and at —196°C a slight increase in strength 


- for lead contents to about 1.6 pct. Above 


this composition, the ultimate tensile 


‘strength increases steadily and then either 


attains or approaches a maximum. 
These data can be quite logically inter- 


as long as the lead remained in solid solu- 
tion. The solid solubility of lead in tin at 
and below room temperature is not known 
precisely, but the variation in tensile 
strength with temperature, as shown in 
Fig 12 and 13, indicate it probably lies 


between o.1 and 0.3 pct. Further, if these 


data up to 1 pct lead’are replotted with 
composition on a linear scale, as in Fig 14 
and 15, a very definite change in slope is 
observed at about o.1 pct lead for all 
temperatures. On the basis of these data 
and certain other work in progress,® the 
solid solubility of lead in tin was assumed 
to lie between o.1 and o.3 pct lead. This 
leads to the following explanation. Lead in 
alloys up to o.1 pct had no effect on either 
Tm or Ts because the lead was in solid 
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solution. Between o.1 and 0.3 pct lead, 
however, fine particles of lead-rich phase 
appeared throughout the tin matrix and in 
the grain boundaries to cause precipitation 
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was an extrapolated value, it is not con- 
sidered significant. For temperatures above 


Tz, the ultimate tensile strength continued 


to increase because of either more lead in 
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hardening. The particles were too small, 
however, to affect T or Tz; yet, as seen 
in Fig 11, the maximum tensile strength 
noticeably increased at about o.1 pct 
lead, probably as a result of precipitation. 
hardening. Similarly, the ultimate tensile 
strength at all the testing temperatures 
apparently increased for o.1 pct lead alloy. 
This is in agreement with other work which 
shows marked effects of small additions 
of various residual elements in alloys on the 
room temperature tensile strength.1%")- 
12,1314 Ty, for the 0.3 pct alloy is slightly 
higher than for lower lead alloys, while 
Tp seems unaffected. The maximum tensile 
strength dropped slightly, but since this 


0.01 TO 50 PCT LEAD. 


solid solution or precipitation hardening. 
At —125°C in the o.1 to 0.3 pct range, 
the tensile strength decreased sharply, but 
since this is based on only one point, ‘the 
validity and significance of the abrupt rise 
and decline of the curve of Fig 14 may be 
questioned. 

In the 0.3 to 1.66 pct lead range, the 
lead-rich phase precipitated principally in 
grain boundaries, the particles becoming 
larger as the amount of lead-rich phase 


increased. At about 1.0 pct lead, the par- — 


ticles exceeded the critical maximum 
particle size for hardening, slip was 
facilitated and Ts and Ty thus increased 
rapidly. Up to 1.0 pct lead, the maximum 


AND THE MAXIMUM ULTIMATE TENSILE STRENGTH | 


H. S. KALISH AND F. J. DUNKERLEY 651 


es 
re 
sore | UN 
Stee LLU Ace ST TTT 
acne ae 2 i 
CTT tH SST 


N 
ie 


$q in. 
O 


+ 


£m ® 


Ultimate Tensiie Strength, thousand Ibs. per 


NM 


“LUN 


Ol 03 05 0 POL OOn 10) 30 50 10 100 
Lead, Per cent 
Fic 12—THE EFFECT OF COMPOSITION ON THE ULTIMATE TENSILE STRENGTH FROM — 105 TO +27°C. 


24 
aul Tana ath | 
me ll ies 
esas CT TT 
a Seen 
URS a 
25 eri Neti 1 
bec ee all 
Se TT ATT TT 
COMIC TI CUT 
Seer Tit CC Ce 
Eo HH Ln oi 
IEE Le 


| 35057, 10 30 10 30 50 10 30 50 100 
yaaa Per cent 


. Fic 13— THE EFFECT OF COMPOSITION ON THE ULTIMATE TENSILE STRENGTH FROM —196 TO 
° 


c 


¢ F 


652 


tensile strength increase, if real, probably 
was caused by precipitation hardening. 
However, from 1.0 to 1.6 pct lead, the 
particles at the grain boundary became 
larger and more numerous and acted as 
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discontinuities, as reflected in Fig 11 by 
the slight drop in maximum _ tensile 
strength. The ultimate tensile strength, 
however, continued to increase with lead 
content in this range above Tz, as seen 
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in Fig 12, and increased slightly or re- 
mained essentially constant for tempera- 
tures below Ts, Fig 13. In the 1.66 pct 
alloy, primary lead-rich phase appeared 
at the grain boundaries, since this compo- 
sition is slightly higher than the solid 
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solubility limit at the eutectic tempera- 
ture.® This, along with the grain boundary 
precipitate, formed a film which was too 
thin to flow. It acted, therefore, as a 
discontinuity and fracture occurred at the 
grain boundaries. Examination of the 
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fractures confirm this reasoning, for a 
conchoidal or grain boundary fracture 
was obtained for the 1 and 1.6 pct lead 
alloys only. This, then, accounts for the 
maxima of Ty and 7, at or about 1.6 pct 
lead. 

As the second phase increased in the 
grain boundaries, its thickness increased 
so that it could flow. Ty and Ts, thus 
decreased as the lead content exceeded 
1.6 pct, becoming essentially constant for 
the 5 and 1o pct lead alloys. In these 
alloys, the intragranular lead-rich phase 
was quite massive, as seen in Fig 2, and, 
being ductile, was subject to work harden- 
ing at temperatures below its recrystalliza- 
tion temperature. As a result, the maximum 
tensile strength and the ultimate tensile 
strength above and below Ts (—110°C) 
both increased to maxima. That work 
hardening is obtained is definitely indi- 
cated by the ductility which remains and 
the elongation which was observed, and 
shown in Fig 8 and to, in these alloys 
down to temperatures even below 7s. In 
the 38.7 pct alloy, the tin-rich phase was 
still continuous, but the lead phase, because 
of spheroidization and agglomeration of 
the eutectic structure, was now massive 
and uniformly distributed. Thus, although 
the ductility was improved appreciably, as 
shown by Fig 8, 7 and Ts, decreased only 
slightly because of the uniform distribution 
of the second phase. Both the maximum 
tensile strength and ultimate tensile 
strength above Ts decreased from to to 
38.7 pct lead, probably because the tin-rich 
phase in some areas may have fractured, 
leaving the lead phase to determine the 
strength of the alloy. If this occurred, 
metallographic examination of the de- 
formed section immediately after fracture 
would be expected to reveal micro-cracks. 

Above 38.7 pct lead, Tz and Ty de- 
creased sharply, because the amount of 
ductile lead-rich phase was increasing. 
The maximum tensile strength and the 
ultimate tensile above Ts for the 50 pct 
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alloy, that is, —140°C, decreased appre- 
ciably, presumably because the continuous 
tin-rich phase had become brittle and the” 
critical flow stress of the predominant 
lead-rich phase is low. Below Ta, for this 
alloy, there was little change in tensile 
strength. However, considerable ductility — 
still remained at Tz, so that the cleavage 


stress of the alloy was conceivably being — 


increased by work hardening. 
A comparison of the tensile properties — 


of the 50-so pure alloy with the 50-50 


commercial composition, Fig 6, shows 
that the commercial alloy has a con- 


sistently higher ultimate tensile strength — 


at any given temperature, while its Ty is 
about 30°C higher. Embrittlement of the 
solders at subatmospheric service tempera- 
tures such as those encountered in refrig- 
eration equipment does not, therefore, 
appear feasible from these data. Tin-lead 
solders containing about 70 pct or less lead, 
however, would become brittle in gas 
liquefaction installations (operating below 
— 160°C). Creep rupture or transformation 
of the tin-rich phase below room tempera- 
ture is another possible cause of failure. 
The solution of the problem from these two 
approaches requires creep and _phasial 
equilibria data, and at present none of this 


.information is available. 


From an extrapolation of the Ts and Ty 
vs. composition curves of Fig .11, one 
would predict that higher lead contents 
would remain ductile to increasingly lower 
temperatures. This is in agreement with 
Kostenets’ who found that both 75-25 
Pb-Sn and pure lead retained good ductility 
down to — 253°C. 

Thus, although it was not possible to 
isolate the specific effects of all the vari- 
ables, the interpretation of the low tem- 
perature tensile properties of tin-lead alloys 
in terms of their microstructure seems to be 
logical and straightforward. As in any 
survey investigation, however, questions 
have arisen which cannot now be answered. 
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True stress strain, yield strength and cer- 
tain other fundamental data are needed 
to answer these questions and confirm 
the basic reasoning used above. It is hoped 
that such data can be obtained in the near 
future. . 


CONCLUSIONS 


1. Pure tin and all the tin-lead alloys 
containing up to 5.0 pct lead become brittle 
at about —110°C, except for the 1.0 and 
1.66 pct lead alloys which give brittle 
fractures at higher temperatures. Alloys 
containing more than 1o pct lead remain 
ductile at successively lower temperatures 
as the lead content increases. Since tin is 
body-centered tetragonal and lead is face- 
centered cubic, this low temperature 
behavior substantiates the prediction of 
Seigle and Brick!® that only face-centered 
cubic metals remain ductile at tempera- 
tures near absolute zero. 

2. Tin and tin-lead alloys increase in 
strength as the temperature is decreased 
prior to embrittlement. This increase in 
tensile strength in the ductile state has 
been attributed to the increase of the 
critical flow stress with decreasing tem- 
perature, the effects of work hardening, 
and the increase in technical cohesive 
strength with decreasing temperature. 

_ 3. Additions of lead up to 1.6 pct in- 
creased the ultimate tensile strength 


slightly at any temperature level between 
+27 and —196°C. Above 1.6 pct lead, 


the ultimate tensile strength both above 
and below the temperature of embrittle- 
ment is improved markedly to a maximum 
‘between 5 to 10 pct lead, and then de- 


creased for all the temperatures except 


— 183 and —196°C. At these temperatures, 
the maximum ultimate tensile strength 
occurred in the 38.7 and 50 pct lead alloys. 
The initial increase in tensile strength of 
lead up to 0.1 to 0.3 pct was caused by solid 
solution effects. Past the solid solubility 
“limit and up to 1.6 pct lead, the effects on 
low temperature properties were caused 
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by precipitation of the lead-rich second 
phase in the tin-rich matrix. Above 1.6 pct 
lead, work hardening of the massive and 
ductile second phase caused the increased 
tensile strength for all the test tempera- 
tures. The decline in strength was believed 
to result from embrittlement of thé con- 
tinuous tin-rich phase before the fracture 
stress of the ductile lead-rich phase was 
attained. 

4. Lead in tin is responsible for a loss 
of ductility up to about 1.6 pct and a gain 
in ductility above this composition at any 
temperature between —196 and +27°C. 

5. Lead in solid solution does not 
change the embrittlement temperature. 
As a dispersed second phase, ‘lead raises 
the embrittlement temperature while, 
as a uniformly distributed massive second 
phase, it decreases the temperature of 
embrittlement. 

6. The solid solubility of lead in tin at 
or about room temperature appears to be 
between o.1 and 0.3 pct lead as shown by 
significant changes of the tensile prop- 
erties with composition at all temperatures 
between —196 and + 27°C. 

7. A 50-50 tin-lead commercial solder 
was brittle below —150°C, but at this 
temperature its ultimate tensile strength 
increased to 18,500 psi. Solders of higher 
lead content will become brittle only at 
successively lower temperatures until at 
about 70 to 80 pct lead, the tin-lead alloys 
should remain ductile down to tempera- 
tures near absolute zero. 
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Thermal and Electrical Properties of Ductile Titanium 


By E. S. GreIner* anp W. C. Exuis,* Mempers AIME 
(Philadelphia Meeting, October 1948) 


METALLIC titanium has been prepared in 
small quantities since the beginning of the 
century. Hunter! reported in roro that he 
obtained a malleable product of 99.9 pct 
purity by the reduction of the tetrachloride 
by sodium in a closed container. Later Van 
Arkel*? and Fast? prepared small quantities 
of malleable titanium by thermal decompo- 
sition of titanium iodide. Another method 
for producing malleable titanium from 


tetrachloride was reported by Kroll‘ who 


used magnesium as the reducing agent. 
More recently Dean, Long, Wartman, and 
Anderson> working at the U.S. Bureau of 
Mines have reported the preparation of the 
metal on a pilot plant scale by the reduction 
of titanium tetrachloride by magnesium in 
an atmosphere of helium. Their product, 
which is malleable, was used in the present 
investigation. Early in 1948 after the work 
of this paper was completed Campbell, 


_ . Jaffee, Blocher, Gurland, and Gonser® de- 


scribed the strength and working charac- 
teristics of pure titanium which was 
prepared by the iodide method on a scale 
producing 300 to 600 g per run, in the form 
of 0.3- to o.4-in. diam rods. Their product is 


characterized by low hardness and large 


capacity for cold work which they at- 


tribute to a high degree of purity with 
respect to oxygen, nitrogen, and carbon. 

Titanium has a melting point of about 
1725°C,® it may be classed as a light metal 
since the specific gravity is 4.5 g per cc}. 
The crystal structure is close-packed hex- 


agonal from room temperature to 885°C. 


Manuscript received at the office of the 
Institute May 18, 1948; revision received 
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Above this temperature the structure is 
reported’ as body-centered cubic. The 
change in crystal structure has been asso- 
ciated with discontinuities in specific 
heat,® electric resistance® and thermoelec- 
tric force! at temperatures near 890°C. It 
is reported" that annealed titanium has-a 
tensile strength of 78,700 psi which can be 
increased by cold-work to 123,000 psi. 
In the present investigation, the lattice 
constants at room temperature, the thermal 
expansivity between 30 and 800°C, as well 
as the electrical resistivity and thermo- 
electric force against platinum between 
— 200 and 1000°C have been determined. 


MATERIALS 


For the measurements, two series of speci- 
mens were prepared from titanium fur- 
nished by the U. S. Bureau of Mines. The 
first was made from an annealed sintered 
compact, 0.38 in. thick. Sections of the 
compact were cold-swaged with inter- 
mediate anneals in vacuum to the sizes 
used. Sizes over 0.25-in. diam were an- 
nealed at 1ooo°C and smaller sizes at 
800°C. Specimens originating from the 
sintered compact are designated in this 
paper as A. 

The second series of specimens was made 
from a rod of titanium, o.19 in. in diam, 
which was cold-swaged with the necessary 
intermediate anneals to the required sizes. 
This series*of specimens is designated B. 

The impurities in the specimens of ti- 
tanium, determined by chemical analysis, 
are given in Table 1. Oxygen and nitrogen 
which were not determined by analysis, 
are probably present although in small 
quantities in view of the ductility of the 
material. 
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LATTICE CONSTANTS OF TITANIUM 


The lattice constants of titanium in the 
close-packed hexagonal atomic arrange- 
ment were determined by the powder 
method of X ray diffraction. Powder filings 
from the titanium rods were placed in holes 
drilled in other pieces of the same rods and 
then annealed in sealed, evacuated silica 
tubes. By this method the powder filings 
were kept from contact with the silica 
which is rapidly reduced by titanium at the 
temperature of the heat-treatment. Pow- 
ders from series A and B were annealed 
at 800°C and cooled slowly to room 
temperature. 


THERMAL AND ELECTRICAL PROPERTIES OF DUCTILE TITANIUM 


ues of wave lengths used were those of 
Siegbahn (1931). 

The results of the lattice constant deter- 
minations are given in Table 2. Since the 
precision of an individual determination is 
approximately 0.014 pct, the values ob- 
tained for specimens from series A and B 
are nearly the same, despite the differences 
in impurity content, and were therefore 
averaged. The unit cell of this grade of 
titanium is appreciably smaller than that 
reported by Hiagg' and included in Table 
2, for titanium of unspecified purity and 
prepared by reduction of the tetrachloride 
with sodium. 


TABLE 1—Chemical Analyses of Titanium 


Per Cent by Weight 


Element Method of Analysis 
A B 
Manganese’. sci ais sole sis ous p ohers. efotm ain ie © men ie onto ote: ota: aaa ~ 0.06 0.03 Wet 
Magnesium’ s.c.cun aaviaciaete ray ee tetas ahi Mi Adecareteae es Wee 0.12 0.04 Wet 
SILT COR ah nce ee aco Diets Le tec tevcie: otanausteta s/apasre.ele cps teLs ia Rat iee <o.o1 0.03 Wet 
Calcium cciastos eaters ane onan ORO Gres chee eft rn ON ra aieapetele. bia : <0.001 Spectrochemical 
IOP DER ee sobre ceclensas oe jelnlels gharelare wre Boies wis; Saisie te s-entazinls <0.005 Spectrochemical 
Tron csc e cece tec cece evee eens sees ceneyete nese ces <0.005 Spectrochemical 
PDdetis arwietale = ple hicsefednis' «in oveye cvehs yale ove ane als agi Not detected | Spectrochemical 
Vanadium Not detected | Spectrochemical 
Aluminum < <0.005 Spectrochemical 
Godse Weiss cae onl uk elas liaise Te ciavse Tees Roe eneree betes <0.005 Spectrochemical 


X ray diffraction patterns of the an- 
nealed titanium powders were obtained in a 
back-reflection focussing camera described 
by Jette and Foote.!? Reflection angles were 
corrected? for refraction. The lattice con- 
stants were calculated from the Co-Ka 
(203), (211) and (114) reflections by 
Cohen’s!® least square method which 
eliminates the systematic errors. The val- 


TABLE 2—Lattice Constants of Titanium 


Measured 


Values,* °* Hage 

oC AK Average Values 
Param- 25 U- Values} | Titanium of 
eter Been Unspecified 
i" B 5 Purity kX 

a 2.9450 | 2.9449 2.9450 2.953 

¢ 4.6857 | 4.6833 | 4.6845 4.729 

c/a 1.5911 | 1.5903 | 1.5907 1.601 


* Precision = +0.014 pct 


THERMAL EXPANSIVITY OF TITANIUM 


The thermal expansion characteristics of 
titanium were determined with a fused 
silica dilatometer. The apparatus consisted 
of two concentric quartz tubes; the outer 
tube supported the specimen and was at- 
tached to the housing of a dial micrometer 


calibrated to 0.00004 in. while the inner. 


tube rested on top of the specimen and 
actuated the pointer of the dial. The dif- 
ferential expansion between the specimen 
and the fused silica was measured for a 
series of temperatures to 850°C. 

The cylindrical specimens for the thermal 
expansion measurements were approxi- 


mately o.2 in. in diam and 2.4 in. long. To | 


eliminate contact between the titanium and 
the fused silica in the apparatus, a loosely- 
fitting molybdenum cylinder was placed 


yaw 


- 


E. S. GREINER AND W. C. ELLIS 


around the specimen; and molybdenum ° 


discs, 0.063-in. thick, were secured to each 
end of the specimen by a protruding axial 
pin loosely fitting an axial hole in the 


@ 


400 
TEMPERATURE IN DEGREES C 


Fic 1—THERMAL EXPANSIVITY AND LINEAR COEFFICIENTS OF THERMAL EXPANSION OF TITANIUM. 


THERMAL EXPANSIVITY, AP / Lay x 107 


specimen. Molybdenum was chosen be- 
cause previous experience had shown 
negligible reaction of titanium and molyb- 
denum in the present temperature range. 
The temperature of the titanium was de- 
termined by a chromel-alumel thermo- 
couple with the hot junction in a small hole 
drilled in the specimen. 

To preclude contamination of the speci- 
mens, purified helium was passed slowly 
through the fused silica tubes during the 
tests. The effectiveness of this was shown 
by the freedom from tarnish of the speci- 
mens after heating to about 950°C and 
cooling to room temperature. 

The results of the expansion measure- 
ments are expressed in terms of the ex- 
pansivity, the change in length of the 
specimen between 30°C and the respective 
temperatures, divided by the length at 
30°C. In these calculations corrections were 
applied for the thermal expansion of the 
molybdenum tips on the titanium speci- 


mens and for the thermal expansion of fused 


quartz. 
The expansivities of titanium from speci- 
men series A and B and the coefficients for 


series B (the higher purity material) for 
temperatures between 30 and approxi- 


mately 850°C are shown in Fig 1; and the 
mean linear coefficients of thermal expan- 


sion for various ranges are given in Table 


Fa 
ame 
i 
eee ea LA LINEAR COEFF. OF 
Nese eaae 
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3. These data were obtained during heating 
specimens which had first been annealed at 
g5o°C. The thermal expansivity of the 
specimen from series A is slightly higher at 


HeetH 


THERMAL EXP 


LINEAR COEFF. OF THERMAL 
EXPANSION / DEGREE C x 106 


temperatures above 400°C than that from 
series B. This may be the result of the 
differences in the purity of the two speci- 
mens. The coefficient of thermal expansion 
(Fig 1) increases with temperature in the 
range 30 to 500°C, and remains sensibly 
constant from 500 to 800°C. Using titanium 
of 97.2 pct purity, P. Hidnert!® has re- 
ported coefficients which do not differ 
greatly from those of the present investiga- 
tion for temperatures to 400°C; above this 
temperature the less pure titanium had 
significantly higher coefficients. The value 
of 9.1 X 10-§ °C-! for the mean linear 
coefficient in the range of 30-200°C char- 
acterizes titanium as a metal of moderately 
low coefficient of thermal expansion. 
TaBLE 3—Mean Linear Coefficients of 
Thermal Expansion of Titanium 


Mean Linear Coefficient of Thermal 
Expansion—°C~! X 108 


Range °C 
A B 
30-200 8.8 9.1 
30-400 9.5 0.4 
30-600 10.1 9.7 
30-800 10.4 9.9 
200-400 10.2 9.8 
400-600 II.2 10.2 
600-800 Ib.2 10.6 


ELECTRICAL RESISTANCE OF TITANIUM 


The resistances of specimens of titanium 
wire, 0.052 in. in diam and annealed at 
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800°C for 2 hr in vacuum, were determined 
by the potentiometer method. Briefly this 
consists of passing a low voltage direct cur- 
rent through the specimen and a standard 
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Fic 2—THE CHANGE OF RESISTIVITY - OF 


TITANIUM WITH TEMPERATURE. 


resistance (0.1 ohm) in series, and measur- 
ing the voltage drop across each resistance 
in close succession. From the values of the 
voltage, the resistance of the specimen was 
calculated. Precautions were taken to keep 
the currents low enough to produce no 
detectable heating of the specimen; thermal 
emf’s were eliminated, when present, .by 
averaging the voltage values for the two 
directions of current. 


TaBLE 4—Electric Resistivity of Titanium 


Electrical Resistivity 


Microhm—Cm 
Temperature 
°¢ 
A B 

—1096 15.5 16.6 
— 80 36.5 

= <79 35.6 
20 53.9 55-4 

59 61.2 
60 62.8 
100 68.7 70.1 
208 88.4 
312 105.5 
516 136.7 
664 153.2 
5 


809 165. 
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The temperature of the specimen was 
stabilized before each measurement. Tem- 
perature was determined by a copper-con- 
stantan couple for the range below room 
temperature, mercury-glass thermometers 
for the range 20 to 100°C, and a chromel- 
alumel couple for temperatures above 
100°C. The lower temperatures were at- 
tained with baths of liquid nitrogen and of 
solid carbon dioxide in cellosolve acetate, 
while the temperatures between 20 and 
100°C were attained in thermostatically 
regulated oil baths. For the series of meas- 
urements at temperatures between 25 and 
800°C the specimen, attached to current 
and potential leads and enclosed in an 
alundum tube, was placed in a closed-end 
silica tube which was evacuated to a pres- 
sure of about 5 X 10-5 mm of mercury. 
The silica tube and contents were heated 
by an electrical resistance furnace of the 
tubular type. The resistivities were calcu- 
lated from the resistances at the respective 
temperatures and the dimensions of the 
specimens at room temperature. 


TABLE 5—Comparison of the Resistivity and 
Change of Resistivity with Temperature for 
Titanium with the Values for Neighboring 


Metals 
Resistivity, | 27 at 29°C |r d 
Mekal p (at 20°C) dT at ao A at 20°C 
Microhm- | Microhm- |? “",_ 
cm, em°C7! 
Titanium.... 55 0.183 0.0033 
TOM creat « 9.9* 0.053 0.0054 
Cobalt...... 6.2* 0.032 0.0052 
Nickels. 310 6.8 0.038 0.0056 
Copper...... ve 0.007 0.004 


*W. C. Ellis: Rensselaer Poly. Inst., Eng. and 

Sci. Ser. No. 16 (1927). 

mI boat M. ‘Wise: Proc. Inst. Radio Eng. 25, 730. 
} E. Griineisen: Hand. d. Physik. 13, 16. (1928). 
The results of the resistivity determina-_ 

tions for specimens A and B are given in 

Table. 4. Data for the wider temperature 

range from —200 to 800°C were obtained 

for specimen B and these are plotted in 

Fig 2. Also in Fig 2 is shown the rate of 


change of resistivity with temperature, 


g sistivity with temperature, 
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dp 
aT’ for the range of temperatures studied. 


In Table 5 these values for 20°C are shown 
in comparison with values for other metals 
near to titanium in atomic number. 

The values for the resistivity of titanium 
reported by previous investigators, given 
in Table 6, are both lower and higher than 
the value of 55 microhm-cm at 20°C ob- 
tained in the present investigation. 


TABLE 6—The Elecirical Resistivity of Ti- 
tanium Reported by Various Investigators 


. . Tem- 
Method of Preparing ee pera- Bee 
Titanium Reahne sue No. 
cm 
Reduction of Tetrachloride | 55 20 Present 
Ci oT at are paper 
Decomposition of Iodide...} 42 3 
Decomposition of Iodide...} 51.5*| 20 16 
Decomposition of Iodide. ..} 63+ 20 9 
Reduction of Tetrachloride 
Sit ON ec Sa ea IAS Ce a 56 cy 


* Corrected to 20°C from data in paper. 
+ Calculated from data in paper. 


’ Cold-working to the extent of 30 pct re- 
duction in area increased the resistivity at 
20°C of the titanium used in this study by 
approximately 2 pct. This is within the 
normal range observed for cold-working 
pure metals. 

A high value for the resistivity is quali- 
tatively consistent with the structure of the 
titanium atom in a metal crystal, and with 
the theory!” of conduction in transition 
- elements. In these elements the electrical 
resistance is mainly caused by s—d 
transition in which conduction electrons 
are scattered to available energy. states in 
the unfilled d band. The probability of such 


transitions in titanium is large since the 


energy levels just above the filled portion in 


the d band have a high density of states. 


Consequently theory qualitatively pre- 
dicts a high resistivity which was found 


experimentally. 
The large value for the change of re- 


dp 


TT follows 
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from the same considerations. The re- 
sistivity (Fig 2) is nearly proportional to 
the absolute temperature to 300°C and the 
temperature coefficient (Table 5) is normal 
for a pure metal. This is good evidence that 
the increase in resistivity with temperature 
is caused by the increased thermal agitation 
of the atoms as the temperature is raised. 


d, 
The large value a as in the case of p arises 
from the high density of d states available 
for s—d transitions. The change of oe 


with temperature cannot be rationalized in 
the absence of detailed knowledge of the 
density of states in the d band. 


STRUCTURE TRANSFORMATION IN 
TITANIUM 


Electrical resistance measurements offer 
a means of precisely locating the tempera- 
ture of the transformation of structure from 
close-packed hexagonal to body-centered 
cubic, previously mentioned. De Boer, 
Burgers and Fast,!® using this method, 
established the transformation temperature 
at 882 + 20°C. Accordingly, electrical 
resistance measurements were made on a 
specimen of the present titanium in which 
the temperature range was extended to 
1000°C. The specimen of titanium used was 
from series B and was annealed before the 
measurements at 1000°C for 214 hr in a 
vacuum of about ro—* mm of mercury. 

The results of the electrical measure- 
ments are summarized in Fig 3. The tem- 
perature of the transformation is quite 
definitely established for this titanium at 
885 + 2°C. A further interesting observa- 
tion is that in the body-centered cubic 
modification, the resistance decreases with 
rise in temperature. 

The experiment was carried out in steps 
consisting of five successive heatings of the 
specimen from room temperature to the 
temperatures indicated in Fig 3. This step- 
wise heating showed that for heating below 
about 850°C the resistance was not per- 
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manently changed, but if the heating were 
carried above the transformation there was 
a measurable permanent increase in re- 
sistance everywhere in the temperature 
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studies. For the high temperatures of the 
investigation, the titanium and platinum 
wires were contained in alundum insulator 
tubes and the entire assembly was placed 


— r eal = B.C. CUBIC 
TRANSFORMATION, 885°C 


HEATING* MAX. TEMP 


0 AFTER 5TH 


% AFTER ANNEALING AT 1000°C 
IN VACUUM FOR 2 Y> HOURS 


500 600 700 800 900 1000 


TEMPERATURE IN DEGREES C 


Fic 3—THE RESULTS OF A SERIES OF RESISTANCE MEASUREMENTS ON TITANIUM FOR THE PURPOSE 
OF DETERMINING THE TEMPERATURE OF TRANSFORMATION, 


range as illustrated by the difference in 
position of curves a and 6 in Fig 3. It is 
suggested that the increase in resistance is 
the result of rapid reaction of the titanium 
with the residual gases of the vacuum of 
about 1o—* mm of mercury at temperatures 
above about goo°C, an hypothesis sup- 
ported by the observation that the sample 
was distinctly embrittled in the course of 
the experiment and microscopic examina- 
tion of the cross-section revealed the 
presence of a thin case on the material, 
presumably of oxides and nitrides. The 
absence of irreversible resistance changes 
below the transformation suggests that the 
less closely packed body-centered cubic 
modification is appreciably more reactive 
than the close-packed hexagonal type. 


THERMOELECTRIC PROPERTIES OF 
TITANIUM 


The specimens of titanium used for 
the thermoelectric studies consisted of 
0.042-in. diam wires, which had first been 
annealed at 800°C for 2 hr in vacuum. One 
end of each specimen was welded to an 
annealed high purity platinum wire which 
is used as a standard for thermoelectric 


in a closed-end silica tube which could be 
evacuated and heated to 1000°C. For the 
low temperature investigation, the welded 
junctions of the couples were cooled 
in liquid nitrogen or in a bath of solid 
carbon dioxide and cellosolve acetate. 
The reference junctions of the titanium- 
platinum couples were maintained at 
o°C. The electromotive forces of the 
couples were determined with a precision 
potentiometer. Low temperatures were 
measured with a copper-constantan ther- 
mocouple, and high temperatures with a 
chromel-alumel thermocouple. 

The thermoelectric force of specimens of 
titanium, from the two lots, against plati- 


.hum for temperatures between — 200 and 


1000°C are shown in Fig 4. These data are 
plotted on the, convention that a positive 
value of the thermoelectric force signifies 
that the positive current passes from the 
platinum to the titanium at the welded junc- 
tion (the hot junction for temperatures 
above o°C or the cold junction for tempera- 
tures below 0°C). The curves in Fig 4 show 
that the thermoelectric force of the titani- 
um-platinum couple (with the reference 
junction at o°C) is —o.4 mv at — 200°C, 


ee, | ee 
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decreases to a minimum between —200 
and o°C and then increases to about 13 mv 


at 1000°C. 
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Fic 5—THERMOELECTRIC POWER, PELTIER 
COEFFICIENT AND THE DIFFERENCE BETWEEN 
THE THOMSON COEFFICIENTS OF THE TITANIUM 
—PLATINUM COUPLE; AND THE DERIVED VALUES 
OF THE ABSOLUTE THERMOELECTRIC POWER OF 
TITANIUM. 


derived from the measured thermoelec- 
tric forces using thermodynamic rela- 


tionships.1® The difference in Thomson 
, (dE) 

coefficients, (@ri—oP:) = TOT) was 
similarly calculated. These quantities are 
plotted in Fig 5 with the conventions as to 
sign being those used in the Landolt- 
Bornstein tables. Another quantity which 
is theoretically of some value is the absolute 
thermoelectric power* which is shown in 
Fig 5. The values given had been calculated 
from the experimental data for the tita- 
nium-platinum couple and the values for 
the absolute thermoelectric power of 
platinum reported by Borelius.?° The ab- 

*The absolute thermoelectric power of an 
0 = dT, where o is the 


Thomson coefficient and T the absolute tem- 
perature. See Ref. 20, pp. 392, 396-398. For 
the Ti-Pt couple 


(GE) fe 
(dDrunc JO 1 


element is equal to 
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solute thermoelectric power of titanium is 
positive to about 350°C and then © be- 
comes negative. Theory’? is inadequate, in 
its present state, to explain the detailed 
behavior of this property. 


SUMMARY 


Many of the physical properties of duc- 
tile titanium metal of approximately 99.9 
pet purity have been determined and are 
reported in this paper. 

The lattice constants of the close-packed 
hexagonal phase at 25°C are: @ = 2.9450, 
and c= 4.684; kX. The axial ratio, 
c/a = 1.5907. 

The temperature of the transformation 
from close-packed hexagonal to body-cen- 
tered cubic structure has been established 
by electrical measurements to be 885 + 
a°C. 

The mean linear coefficient of thermal 
expansion of titanium for the range 
30-200°C is 9.0 X 1076 °C-}. 

The electrical resistivity at 20°C is 55 
microhm-cm which is very high for a pure 
metal. Associated with the high resistivity 
is a temperature coefficient which approxi- 
mates the values for metals of high conduc- 
tivity. This is explained by the theory 
which has been developed for conduction in 
transition elements. 

The thermoelectric power of titanium is 
small over the temperature range studied. 
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The Pore Size of Hydrogen Reduced Tungsten Powder 


By Brernarp Kopetman* AND C. C. Grecc* 
(San Francisco Meeting, February 1949) 


Tue reduction of tungstic oxide to 
tungsten metal powder by hydrogen is a 
process by which one might expect the 
resultant metal powder to be porous. In- 


fied at 10,000 by the electron microscope," 
both etched and unetched. 

In an earlier paper by one of the authors,” — 
the existence of pores in tungsten powder 


Fic 1—TUNGSTEN POWDER MAGNIFIED AT 10,000 X BY THE ELECTRON MICROSCOPE. REDUCED 
APPROXIMATELY ONE-THIRD. 


‘deed, sponge iron, prepared by reduction 
of the oxide in a reducing gas, is generally 
accepted as quite porous, with pores large 
enough to be seen readily under the optical 
microscope at relatively low magnifications. 

However, any pores that may exist in 
tungsten metal powder are not resolved 
by the optical microscope, and apparently, 
not even by the electron microscope. Fig 1 
shows commercial tungsten powder magni- 

Manuscript received at the office of the 
Institute March 18, 1948; revision received 
June 14, 1948. Issued as TP 2434 in METALS 
TECHNOLOGY, August 1948. ‘ 

* Metallurgical Research and Development 


Laboratory Sylvania Electric Products, Inc., 
Bayside, N. Y 


was required to explain adequately the 
particle size changes occurring during the” 
reduction of tungstic oxide. 

The inability to detect these pores under 
the electron microscope at 10,000 X 
implies that these pores are of a size of 
roo A units or less. (This in itself is by 
no means proof that pores above 100 
would not exist, since polishing effects on — 
the specimen might smear up holes of 
such small magnitude). 

If, then, these pores are less than 100 A, 
and of the order of molecular size, then 
the density of the metal powder should be 


1 References are at the end of the paper. 
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sensitive to the liquid in which it is im- 
mersed for density determinations, since 
the molecules of the liquid either will or 
will not penetrate the pores of the powder, 
depending upon the pore size of the powder 
and the molecular volume of the liquid. 

In other words, if the individual mole- 
cules of the liquid have diameters larger 
than the diameter of the pores, then the 
liquid will not penetrate, and the powder 
will behave with a volume equal to the 
volume of metal plus the volume of the 
pores, and thus its apparent density will 
be lower. 

The density of the tungsten powder in 
several liquids has been determined, and 
good correlation between density and 
molecular volume has been obtained. 


EXPERIMENTAL 


Density measurements of a high order 
of accuracy were carried out using liquids 
whose molecular volume varied from 30 cu 
A up to 1600 cu A. These limits cover essen- 
tially the range of liquids whose molecular 
weights can be accurately determined, 
and do not include the colloidal sizes 
whose molecular weights, and thus molecu- 
lar volume, are very much open to question. 
Actually, the data show limiting density 
values are obtained at molecular volumes 
considerably below the upper limit studied, 


_ obviating the necessity for extending the 


range. 

The actual method for determining the 
densities is given as follows: Experimental 
densities in this investigation were deter- 


mined by use of a pycnometer of the 


Hubbard-Carmick type. This pycnometer 


is an Erlenmeyer form bottle of approxi- 
mately 25 cc capacity and fitted with a 


ground glass stopper containing a capillary 
which is used to adjust the contents to an 


exact volume. 


A sample of dried tungsten metal powder 


of approximately 20 g is placed in a clean 


Re ORS yee 


dry pycnometer and liquid added slowly 


while stirring the powder to remove air 
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bubbles. This quantity of sample has been 
found most satisfactory from the stand- 
point of wetting the powder and ease of 
handling. Sufficient liquid is added to 
nearly fill the pycnometer and the bottle 
is then heated until boiling begins. Boiling 
is continued for 15 min. with frequent 
stirring of the powder to prevent over- 
heating and ‘‘bumping.” 

The bottle is allowed to cool to room 
temperature and then weighed. Sufficient 
liquid is added so that a slight excess 
remains at the top of the capillary when 
the stopper is inserted. The excess is care- 
fully wiped off the stopper leaving the 
remaining liquid column flush with the 
stopper at the top of the capillary. The 


‘ pycnometer is then rapidly and accurately 


weighed and the temperature of the liquid 
immediately measured and noted. When 
dealing with very volatile liquids it is 
necessary to make a series of rapid weigh- 
ings, with readjustment of the volume in 
each case, until the true weight of the 
pycnometer is obtained. In this case vari- 
ations in temperature of the liquid are 
caused by rapid evaporation of the liquid. 
Density of tungsten powder may be 
calculated from the following equation: 


Dea 
ALE 
Dt 
where D, = density of tungsten, g per cc 

W, = weight of tungsten, g 
Vp = volume of pycnometer, cc 
W. = weight of liquid, g 
Dy, = density of liquid, g per cc © 


The procedure is repeated until the 
determined density assumes a constant 
value. In all determinations, a separate 
sample of liquid is subjected to the same 
treatment as the test sample and the 
density of the liquid measured at the 
same temperature as the test sample. 

The volume of the pycnometer is deter- 
mined from the weight of the pycnometer 
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TaBLe 1—Liquids Studied as to Molecular Weights and Volumes 


Liquid Density 


Molecular | Molar | Molecular | Molecular 


Liquid Handbook Value Weight Volume Volume Diameter 
Experimental Erees i Cubic A 
20° 25° 
QtETi timate cite ana 18 18 30 3.9 
Methyl Alcohol....... 0.792 0.7864 | 0.787 —24.5° 32 40.5 67 5.0 
0.788 —23.5° 
Acetic Acid (glacial)... 1.0408 1.044 | 1.0455—23.8° 60 57-5 95 5-7 
I.0393—29. 0° 
I .0390—29.3° 
Glycerine). sis ns tieieclen I. 260 1.2578 | 1.2517—24.2° 92 7320 121 6.1 
Ethylene Chloride 1.257 1.2455 | 1.2455—25.0° 99 79.5 132 6:4%8 
(sym). I.2466—24.5° 
n-Butyl Alcohol....... 0.810 0.806 | 0.8045—26.8° 14 92.0 153 6.6 
0.8056—25.5° 
Carbon Tetrachloride. 1.595 1.5844 | 1.5892—23.3° 154 97.0 161 6.8 
I.5764—28.8° 
Ethyl Ether.) re. 4: 0.714 0.7078 | 0. 7116—22° 74 104.0 173 6.9 
1-4 Dioxane.........- 1.034 1.022 —26.5° 88 T9275 195 7.2 
1.027 —26.2° 
Butyl Acetate........ 0.882 0.876 0.8713—25.0° 116 133 221 7.5 
0.8715—24.5° 
Amyl acetate........- 0.879 0.866 | 0.8557—z29° 130 152 252 7.8 
Ethyl Phthalate...... U,122 I.123 I.112 —27.1° 222 199 330 8.6 
I. 1115—27.3° 
I. 11§5—23.0° 
Butyl Phthalate...... 1.0465 1.043 —26.5° 278 266 442 9.5 
1.044 —24.7 
: F 1.045 —24.0° 
Oleic Acid............-] 0.895 (18°) 0.888 —28° 282 318 528 10.0 
0.886 —30.5° 
0.892 —23.5°- 
Butyl Stearate........]0.855-0.875 0.8534—28° 341 399 663 10.8 
0.8532—28.3° 
; J 0.8532—28.3° 
‘Pnt-Oleint areata neste 0.915 0.9142—27.3° 885 065 1603 14.5 
0.9170—23.5° 
0.9170—23.5° 
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filled with freshly boiled distilled water at 
a known temperature. 

Table 1 lists the liquids studied, with 
their molecular weights, molar volumes 
in cc, molecular volumes in cu A, molecular 
diam in A assuming the molecules are 
spherical, and the densities, both as given 


by the Handbook of Chemistry and 


Physics and as determined. The very close 
agreement of the density values as gleaned 
from the Handbook and as determined in 
the laboratory, testifies to the high purity 
of the liquids as well as to the accuracy of 
this density method. 


TABLE 2—Molar Volume of Liquids and 
Density of Tungsten Powder 


: Average 
Fah aE peeety Density 
Aqui olume fo} 
ce Sopees Tungsten 
Powder 
Water... ess Herik 18 19.127 19.13 
Methyl Alcohol... . 40.5 18.854 18.97 
i 19.079 
18.912 
Acetic Acid........ re rad 18.906 18.85 
; ‘ 18.732 
Glycerine:: 22s... 2: 73 18.903 18.90 
Ethylene Chloride. . 79.5 19.142 19.13 
19.110 
n-Butyl Alcohol... . 92 18.814 18.81 
18.806 
Carbon Tetra- 07 18.910 19.01 
chloride. 19.023 
y 19.083 
19.032 
Ethyl Ether....:.. 104 18.970 18.97 
IDIOKATIC? «fais oo éu0-0. IE7.5 18.804 18.80 
Butyl Acetate...... 133 ee 18.68 
18.075 
Amyl Acetate...... 152 18.691 18.69 
Ethyl Phthalate....| 199 18.560 18.60 
18.690 
18.547 
Butyl Phthalate....] 266 18.436 18.50 
18.449 : 
18.602 
Oleic Acid....5..-: - 318 18.725 18.65 
re 18.650 
18.583 
Butyl Stearate..... 399 18.453 18.51 
18.446 
18.642 
Biri-Oleine. 6.2.6. 965 18.347 18.48 
18.570 
18.530 


Table 2 tabulates the molar volumes of 
the liquids and the density of the tungsten 
powder when immersed in these liquids. 
The results are shown graphically in Fig 2. 

Examination of Fig 2 reveals that the 
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apparent density of tungsten metal powder 
is indeed a function of the molar volume of 
the liquid. The flattening of the curve at a 
molar volume of about 400 implies that 
there are few or no pores in the tungsten 
powder above this size. This corresponds to 
a pore diameter of about 11 A units (see 
Table 1). 

At the other end of the curve, the fact 
that the density of the powder in water is 
just over 19.1 rather than 19.3 (density of 


-reguline metal) implies that there are pores 


smaller than the diameter of water. Since 
these pores are initially due to liberation of 
water vapor resulting from the reduction 
process, viz: WO; + 3H:— W + 3H.0, 
we are led to conclude that the pores are 
gradually sealing by sintering. 

If this is true, then a reduction cycle 
consuming a longer period of time than the 
conventional 3-hr cycle by which this pow- 
der was prepared should result in further 
closing of the pores, with a corresponding 
increase in apparent density. This is shown 
in the following table: 


TABLE 3—Density of Tungsten Powder in 
Butyl Stearate 


Time of Reduction Density Scie 
SRA Sena eee eeretovel caters cells 18:453 | 18.446 18.45 
DO Nin conser ee I9.1590 | 19.164 I9.16 


As may be seen in Fig 2, there are four 
points which deviate badly from the smooth 
curve. One of these points, that of the oleic 
acid, seems unquestionably due to the 
orientation properties of this type of 
liquid. A molecule of oleic acid is long and 
thin, perhaps like a pencil. Rather than 
orienting itself at random around a tung- 
sten particle, thus allowing it to be treated 
as a sphere with an average molecular 
diameter, it arranges itself like needles 
stuck into a ball, with the long axis per- 
pendicular to the surface of the particle. 
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Thus, its molecular volume will be con- 
siderably less than that assuming a sphere; 
in our case, about half as much. 

The three other points, those due to 
ethyl ether, carbon tetrachloride and 
ethylene chloride, seem off for a different 
reason. These three liquids have rather low 
boiling points and are nonpolar. This com- 
bination of properties results in high vapor 
pressures at room temperature, which 
render density measurements very difficult 
by virtue of temperature gradients in the 
liquid due to the low heats of vaporization.* 


DISCUSSION OF RESULTS 


One is led to believe from casual examina- 
tion of the data that the pores in commer- 
cially reduced tungsten powders extend in 
diameter from just above zero to about 11 
A units. 

However, it seems unlikely that a sphere 
of diameter, say 5 A units, can enter a hole 
of diam of 5 or 53% A units. A hindering 
factor may be a positive dipole in the liquid 
which, being an electric charge, may be 
attracted or repelled by a charged surface 
or hole. This does not seem to be too impor- 
tant since dioxane, with essentially zero 
dipole moment, falls experimentally within 
the curve. A more likely factor is the 
polarizability of the liquid, though it was 
not possible to correlate this property with 
observed behavior. 

At the present time there seems to be no 
way to handle this problem and we can only 
say that the hole in the particle should be 
somewhat larger than the diameter of the 
entering liquid. 

For the moment we may conclude that 
the pores in this commercial tungsten pow- 
der extend from just above zero to some 
15-25 A units. 

The possibility of the apparent pore size 
being affected by adsorbed water, hydrogen 
or other gases was examined briefly. The 
tungsten powder was fired at 500°C for 14 
hr in a vacuum of one micron, and its 
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density in butyl stearate determined. This 
value was 18.57. The powder was also 
evacuated at one micron for 1 hr at room 
temperature. Its density in butyl stearate 
was 18.38. Both of these values agree with 
the average value of 18.51 without vacuum 
treatment within experimental error, ob- 
viating any effect due to adsorbed gases. 

It is of course possible to obtain from this 
data some estimation of pore size distribu- 
tion as well as percentage voids in the 
powder, but the obvious difficulties in deter- 
mining the actual pore sizes do not warrant 
further analysis at this time. It should also 
be pointed out that no attempt is made to 
interpret the data as to whether the pores 
are interconnected, that is, extending 
through the interior, or are m_rely surface 
pores or surface roughness. Interpretation 
of the slope of the curve would throw some 
light on this. 

It is felt that these pores play a role in the 
alkali-silica “‘doping’’ of tungsten powder, 
their role being to trap the “dope” until 
high temperatures are reached, thus aiding 
grain size control. This grain size control is 
of course of vital importance for tungsten 
wire used in the incandescent lamp 


industry. 


Further, it seems likely that any hydro- 
gen reduced metal powder will contain 
pores to a greater or lesser extent, and that 
such pores affect to some extent the sinter-_ 
ing of metal powders. 


SUMMARY 


Strong evidence is presented for the 
existence of pores of molecular size in com-_ 
mercial hydrogen reduced tungsten powder. 

A method is proposed which may be use- 
ful in determining pore size of molecular 
dimensions in various materials, such as in 
sintered products. 

The density of a gaseous reduced product — 
or a sintered material in a liquid of large 
molar volume is a better criterion of the 
nature of the material than the density as 
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determined in water or other conventional 
liquids of small molecular volume. 
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The Magnetic Properties of Sintered Iron and Iron Base Alloys*” 


By W. RosToKER{ 
. (San Francisco Meeting, February 1949) 


INTRODUCTION 


Tue process of diffusion alloying of 
mixed powders offers attractive possibilities 
both commercially and experimentally. 
It avoids the fabrication difficulties aris- 
ing from high alloy contents. Indeed, the 
process is facilitated by larger alloy addi- 
tions. The direct formation of the part or 
test piece and the opportunity to perform 
machining operations under more favora- 
ble conditions are of no small importance. 
However, it is necessary to make only 
brief mention of the interesting features. 
As yet there have been few attempts to 
study this process in detail and to carry it 
to completion, if such is possible. 

It was intended not only to measure the 
intermediate and optimum magnetic prop- 
erties of sintered alloys but to use magnetic 
testing itself as a means of following the 
progress of alloying under various condi- 
tions. Having established that alloys could 
be successfully synthesized by this tech- 
nique, the opportunity was taken to study 
the magnetic properties of several alloys of 
iron and silicon which had hitherto been 
too difficult to prepare in suitable test piece 
form. 

While avoiding some of the difficulties 

* This paper represents a part of a disser- 
tation presented to the Graduate School of 
Lehigh University in partial fulfillment of the 
requirements for the Degree of Doctor of 
Philosophy. The work was done under con- 
tract with the Signal Corps Engineering 
Laboratory, Fort Monmouth, New Jersey. The 
author wishes to thank this agency for per- 
mission to publish the results of this investi- 
gation. Manuscript received at the office of the 
Institute April 23, 1948. Issued as TP 2437 in 
METALS TECHNOLOGY, October 1948. 

+ Research Fellow, Dept. of Industrial 
Metallurgy, The University, Birmingham, 
England. Formerly Graduate Student, Dept. 


Metallurgy, Lehigh University, Bethlehem, 
a. 
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inherent in the fabrication of alloys by 
orthodox methods, the diffusion alloying 
process introduces a few of its own. The 
first of these is the evaluation of the ap-— 
proach to homogenization. In recent years : 
some notable contributions have been made | 
to this question, but considerable uncer- ‘ 
tainty remains in its definition and evalua-~ 
tion. This work has concerned itself with 
further study of this problem and it is 
hoped that more light has been shed on it. 

The second of these difficulties arises — 
from the presence of porosity. It is inevita- : 
ble that in the consolidation of a loose bulk 
of powder, there should remain some voids 
unless extremely high pressures are re- 
peatedly applied. It was therefore of 
importance to investigate their effect on 
magnetic properties. Recently this effect 
has been studied and certain predictions _ 
made of its behavior. It is believed that the _ 
experimental results presented here provide — 
a sound substantiation of the theoretical 
treatment. : 

The attempt has been made to synthe- 
size five alloys of the iron-silicon system __ 
and three each of the iron-nickel and iron- 
cobalt systems. A series of experiments was 
also conducted on some of these alloys to” 
test their susceptibility to heat treatment. _ 

Some unfortunate experiences have pro- 
vided opportunity to report data on the 
deleterious effects of nitrogen on magnetic 
properties when present as a contaminant 
in protective atmospheres. 


MATERIALS, PREPARATION OF SAMPLES 
AND TESTING 


The purest materials available were em- 
ployed for this work. A specially purified, 
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electrolytic iron was supplied to us by 
Plastic Metals, Inc., Johnstown, Pa. An 
analysis of this material indicated a purity 
of 99.96 pct. The major impurities and their 
proportion in the iron are shown in Table 1. 


TABLE 1—Analysis of Electrolytic Iron 


IMPURITY PERCENTAGE 

Cc <0.01 

P 0.005 
iS} 0.005 
Cu 0.01 

Ni 0.015 
Si 0.001 
Sn 0.001 


A quantity of carbonyl nickel was ac- 
quired with a reported purity of 99.92 pct. 
The major impurities and their proportions 
are given in Table 2. 


TABLE 2—Analysis of Carbonyl Nickel 


IMPURITY PERCENTAGE 
(e 0.040 
iS} 0.001 
Cu 0.004 
Fe 0.025 


The silicon and cobalt powders used were 
reported respectively as 99.87 and 98 pct 
pure. The particle size limits of the various 
powders are as indicated in Table 3. 


TABLE 3—Particle Size Limits of the Powders 
PARTICLE SIZE 


POWDER ~° Limits 
Fe —150 mesh 
Ni —4 microns 
Si —150 + 325 mesh 
Co — 200 mesh 


_ For magnetic testing, the most desirable 
form of test piece is a ring. Accordingly a 
multi-part ring die was acquired which 
produced a ring compact having the di- 
mensions 17 in. od X 1% id X approxi- 
mately 14 in. The core of the die was 
provided with a taper at one end to permit 
repressing. The use of a 3 pct solution of 
stearic acid in carbon tetrachloride per- 
mitted smooth pressing even with large 
proportions of abrasive silicon particles in 
the powder mixture. The general procedure 
involved an initial molding at 30 tsi fol- 
lowed by a short, low temperature anneal 
‘and a repressing at 75 tsi. In this way a high 
density product was obtained. This work 
was confined to high density materials so 
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that the alloying process might be more 
easily studied and comparisons made with 
data in the literature. 

The heat treatments were conducted in a 
special General Electric, laboratory, box- 
type, sintering furnace. Low resistance 
molybdenum elements operating under a 
protective atmosphere of dissociated am- 
monia (hydrogen, nitrogen gas mixture) 
provided temperatures under closely con- 
trolled conditions between 750 and 1650°C. 
A water-jacketed chamber permitted cool- 
ing of the charge under a protective 
atmosphere also. The rings were sintered 
in a hydrogen atmosphere. This was 
accomplished by piping the hydrogen 
into one end of a 214 in. od X 2 in. id iron 
pipe welded at both ends. A small hole at 
the other end allowed the hydrogen to be 
exhausted into the dissociated ammonia 
atmosphere. These precautions were neces- 
sary in order to prevent contamination of 
the samples with nitrogen. The deleterious 
effects of this gas will be discussed later. 
The combined and uncombined oxygen was 
removed from the hydrogen by a train con- 
sisting successively of a ‘combustion fur- 
nace, a large cylinder of silica-gel, and a 
freezing trap cooled by a mixture of “dry 
ice” and acetone. 

The sintered rings were tested in the 
standard dc ring testing circuit in the 
manner described in detail by Spooner.’ A 
maximum magnetizing force of 100 oer- 
steds was available. The ballistic gal- 
vanometer had a sensitivity of 0.003 
microcoulombs per mm. The smallest read- 
ing on the galvanometer scale was 50 gauss. 
In all cases, magnetic data appearing in this 
paper are the arithmetic average of values 
for three rings. 

The electrical resistivity is of such im- 
portance in magnetics design that measure- 
ments were made of this property by 
slitting the ring and measuring the poten- 
tial drop for a current of 5 amp., although 
the ring form is not the best test piece. For 


1 References are at the end of the paper. 
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this, a very sensitive millivoltmeter with 
an 8 in., full scale deflection of 10 mv and 
an internal resistance of 500 ohms was used. 
All deflections were at least 2 in. The great- 
est source of error was the measurement 
of the path length, as the rings inevitably 
distorted out of round. The probable error 
in these measurements was about 5 pct. 


HOMOGENIZATION 


The alloying of a physical mixture of 
dissimilar powders involves the condition 
of finite dimensions of both interdiffusing 
bodies. Diffusion, then, must proceed 
under constantly decreasing concentration 
differences. It is to be expected that the 
process of homogenization will change at a 
rate decreasing with time. 

A number of attempts have been made 
to follow the course of homogenization of 
powders, Generally, the state of homo- 
geneity has been defined in terms of some 
sensitive physical property. The progress of 
diffusion to equilibrium is followed by the 
study of the changes of that physical 
property with time and temperature. 

Of these attacks on the problem, two 
deserve special attention. Owen and 
Pickup? have studied the inter-diffusion of 
copper and zinc filings by an X ray tech- 
nique. The spectrograms of loose mixtures 
of copper and zinc particles heated in a 
vacuum showed progressive displacement 
of the mean Ka; lines. They were able to 
follow the progress of inter-diffusion and to 
study those variables which affect its rate 
by choosing the composition of copper 
corresponding to the mean Ka; lines as the 
criterion of homogeneity. Although the 
true rates of inter-diffusion were probably 
obscured by the poor particle contact, 
the technique was promising, especially as, 
in the present work, the powders were 
molded under high pressures thus assuring 
good inter-particle contact. 

It was thought that a short preliminary 
study of the homogenization of an iron- 
silicon alloy by a non-magnetic method 
might assist interpretation of the magnetic 


results. Accordingly, a series of high den- 
sity, iron-silicon (96-4), cylindrical samples 
were prepared. The sintered samples were 
sectioned, carefully polished and etched to 
remove the work hardened layer. X ray 
patterns were taken with a back reflection 
camera using characteristic cobalt radia- 
tion. The displacement of the mean line for 
the (310) plane was observed. An iron cali- 
bration pattern was taken on each film. 

The grain sizes of the samples were gen- 
erally very coarse so that it was necessary 
to rotate both the film and specimen. How- 
ever, the patterns in every case possessed a 
fibrous character which prevented accurate 
measurement. This might be attributed to 
the non-uniform distribution of the cry-~ 
stallite orientations of the various compo- 
sitions in the field of the incident X ray 
beam. It was found that progressively 
changing the radius of the path of rotation 
of the specimen during the exposure re- 
moved these fibers. 

The iron-silicon (96-4) cylinders were 
homogenized for various periods at 800, 
1000, 1150°C. The relation between the 
diameters of the Ka rings and the time of 
homogenization at the three temperatures 
is shown in Fig 1. At 1150°C, the curve 
seems to flatten off after 24 hr. The calcu- 
lated lattice parameter of the alloy at that 
time corresponded to the literature values 
and so it was assumed that homogenization 
had been reached. The magnetic measure- 
ments subsequently made and presented — 
later in the paper did not bear out this ob- 
servation. It must be concluded that the 
X ray technique as practised was not suffi- 
ciently sensitive to indicate small-scale 
inhomogeneity. 

Since homogenization is essentially a 
diffusion mechanism, it is to be expected 
that the well known exponential effect of 
temperature should apply. The equation 
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where X is the diffusion penetration or the 
parameter to which it is related 
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tis time 
T is the absolute temperature 
A, Bare constants 
has been frequently suggested as applicable 
to diffusion processes. Accordingly, a plot 


DIAMETER OF Ka, RING - MM. 


Loc o@ 


of log X? vs. 1/T for constant ¢ should be 
linear. Using the diameter of the Kay ring 
as the criterion of diffusion penetration, 
log (D)? vs. 1/T provides a straight line as 
shown in Fig 2. 

Recently Duwez and Martens* briefly 


_ described the results of the study of 
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homogenization of a nickel-molybdenum- 
iron (65-30-5) mixture. After sintering for 
4 hr at 1286°C in hydrogen, they were 
able to obtain the resolved pattern of the 
homogeneous alloy and on that basis 


1/T, 


Fic 1—(top) DIAMETER OF THE Kay RING OF 4 PCT SILICON/96 PCT IRON MIXTURES VS. HOMOGENI- 
ZATION TIME FOR VARIOUS TEMPERATURES. 
Fic 2—(sortom) LoGARITHM OF THE SQUARE OF THE DIAMETER OF THE Kay RING VS. RECIPROCAL 
OF ABSOLUTE TEMPERATURE. 


claimed that complete homogenization had 
been reached. 

In view of the studies of the magnetic 
properties of inter-diffusing mixtures pre- 
sented in this paper, in which it is seen that 
in no case is homogeneity approached in 
less than 12 hr even at temperatures close 
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to the melting point, it is unlikely that a 
4 hr sinter would be sufficient for complete 
homogenization. It is possible that the 
X ray patterns of Duwez and Martens 
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have created the same illusion as they have 
in the present study. 

The second attempt to study the homo- 
genization process which merits attention 
was made by Rhines and Colton.‘ In their 
paper, electrical resistivity was chosen as 
the parameter by which to follow the inter- 
diffusion of copper and nickel powders. 
That the expected diffusion rate diminished 
with time was clearly demonstrated. It is 
unfortunate that the test piece used did not 


permit absolute measurements of electrical 


resistivity but rather only relative resistiv- 


ity. For this reason, the maxima indicated 
in their curves are not proof of arrival at 


complete homogeneity but suggest that, at 
any one temperature, almost equilibrium 
conditions are reached after prolonged 
heating. 

On the other hand, the ring test piece 
used in the present study permits accurate 
and absolute measurements of magnetic 
properties, and so it was felt that a series 
of tests to relate time, temperature and 
magnetic properties might more clearly 
describe the homogenization process. The 
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4 pct silicon/96 pct iron alloy was again 
chosen for this study. The magnetic prop- 
erties were measured at intervals during 
the homogenization of high density mix- 
tures at five temperatures. It was seen that 

0-3 


0-4 


0:5 
no 
BD 06 
| 
” 
a 
Ww 
te} 
= 07 
oO 
a 
° 
(re 
rip ORS) 
> 
oO 
a 
ro 
o 09 
18 1-0 
23 
28 


677 


= A/T + B. The data for these measure- 
ments are summarized in Table 4. It will be 
seen that other magnetic properties also 
change continuously but their trends are 
not so smooth. 
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maximum permeability and coercive force 


provided good criteria of the state of the 
diffusion process. The time-temperature- 
magnetic property trends are illustrated in 
Fig 3 and 4. By plotting the logarithm of 
the inverse of time against the inverse of 
absolute temperature for a constant value 
of a physical property,‘ linear relationships 
are obtained in Fig 5 which again verify 
that the alloying process obeys the relation 

2 


previously described in which log | 


At any temperature, a pseudo-equilib- 
rium seems to be reached after 24 hr (Fig 
3, 4). Iron-nickel and iron-cobalt mixtures 
exhibit the same tendency. According to 


the X ray data, the 1150°C—24 hr sinter 


was sufficient to achieve homogenization 
or approach it closely. But it can be seen 
that magnetic properties after such a 
treatment fall far short of the ultimate 
properties. Although it is not possible to 
derive an exact relation, the X ray data and 
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\/ TIME 


\/ TIME 


Fic 5— RECIPROCAL OF TIME VS. RECIPROCAL OF TEMPERATURE (SEMI-LOG SCALE) FOR CONSTANT 
VALUES OF MAXIMUM PERMEABILITY AND COERCIVE FORCE, 


the magnetic properties suggest that the EFFECT OF Porosity ON MAGNETIC 
plot of inhomogeneity vs. maximum per- PROPERTIES 
meability or coercive force would closely The apparent dielectric constant of 


resemble that of percentage carbon and per- physical mixtures has been studied by : 
centage oxygen vs. maximum permeability Boettcher® and Polder and Van Santen.” — 
as shown by Yensen.° ; By consideration of the depolarizing effect _ 
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of the individual pores suspended in the 
medium, Boettcher was able to derive an 
expression for the apparent dielectric con- 


AND IRON BASE ALLOYS 4 


case for spherical pores of their generalized — 
equation for ellipsoidal pores. On the basis — 
of their equation, they were able to predict 
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Fic 6—EFFECTIVE DIELECTRIC VS. DENSITY FOR é’ = 4 AND ¢’ = 100 AT FULL DENSITY. (Polder 
and Van Santen.) 7 

(1) Spherical pores. { 

(2) Disc-shaped pores. i 


Ceding 


stant (e’) of the porous mixture in terms of 
the true dielectric constant (€o) of the solid 
medium. Polder and Van Santen point out 
that his equation is only the particular 


the behavior of spherical, disc and needle- 
shaped pores. Since the demagnetizing 
effects in magnetic circuits are analogous 
to depolarizing effects in dielectric circuits, 
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their predictions should qualitatively apply 
to the porous magnetic materials produced 
from powders. 

Two series of rings of various densities 
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are linearly decreased by both spherical 
and disc-shaped porosity. However, high 
permeabilities are much more profoundly 
affected by disc-shaped pores. Polder and 


90 95 100 


% FULL DENSITY 


Fic 4— EFFECT OF POROSITY ON THE FLUX DENSITY OF IRON AT CONSTANT MAGNETIZING FORCES 
AFTER A LONG TERM SINTER. 


were prepared. By sintering for 24 hr at 
850°C, a series was produced which ex- 
hibited spherical porosity or almost so. The 
second series was sintered for only 1 hr at 
850°C. The porosity in these rings was of 
no regular shape but of a flat fissure type 
which should approximate the flattened 
ellipsoid or disc shape. 
Polder and Van Santen distinguish 
between effects at high permeability 
and low permeability. Low permeabilities 


Van Santen’s curves are reproduced in 
Fig 6 for €9 = 4 and €9 = 100. 

The present work confirms these trends. 
In Fig 7 the flux density at constant mag- 
netizing forces (to which the permeability 
is directly proportional) is plotted against 
the percentage of full density for long term 
sinters (i.e. spherical porosity). Both at low 
magnetizing forces where permeabilities are 
high and at high magnetizing forces where 
the converse is true, the relations are linear. 
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In Fig 8, the short term sinter approxi- 
mately reproducing the disc-shaped po- 
rosity, again shows the linear relation at 
low permeabilities, but at the high permea- 
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Polder and Van Santen’s curve of dielectric 
constant (€9 = 100) vs. density. The choice 
of maximum permeability for the com- 
parison is unfortunate since the theoretical 


rage % FULL DENSITY 


Fic 8—EFFrECT OF POROSITY ON THE FLUX DENSITY OF IRON AT CONSTANT MAGNETIZING FORCES . 


AFTER A SHORT TERM SINTER. 


bilities, there is definite curvature to the 
plot. 

Recently Steinitz® published a paper 
dealing with the magnetic properties of 
porous iron. A curve is presented relating 
maximum permeability and percentage of 
full density which is compared with 


relations are based on a constant field. 


,\ 


Increasing maximum permeabilities gen- 


erally occur at progressively lower mag- 
netizing forces. From the data on flux 


line in the manner illustrated in Fig 8 


; 


, 


densities at H = 4o oersteds presented by } 
Steinitz, it was possible to plot a straight 4 


: 
' 


{ 
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confirming the linear relation of short Wy, Br) vary continuously with density. 
sinter porosity content to permeability, For long term sinters, these relations are 


when that property is initially low. Lenel? shown in Fig 9; for short term sinters, in 
has also demonstrated this effect. Fig to. 


8000 


2000 


Lale) 
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% FULL DENSITY 
Fic 9—EFFECT OF POROSITY ON THE MAGNETIC: PROPERTIES OF IRON AFTER A LONG TERM SINTER. 


MAGNETIC PROPERTIES OF SINTERED In the second part of the work of this 
TRON section, an attempt was made to demon- 
strate that a high density iron could be pre- 
: : i interi wd 
into two parts. The first part constitutes a PSO a oe pene alone i 
, . : phase of the work constituted the first 
study of the magnetic properties which are : ; 

: ; : exploratory experiments and was carried 
possible using the commercial ranges of out with the kind permission of the Com- 
pressures and temperatures. The experi- manding Officer, at the Watertown Arsenal, 
mental details have already been described Watertown, Mass.* 
in the last section on porosity. In all cases, Sao Apeth ign eihtx themeuthot toauld ike 46 


the four magnetic properties most com- express his gratitude for the cooperation ex- 
; tended to him by Dr. L. S. Foster and Mr. A. 


| monly reported in the literature (Mm He, Burghardt of that laboratory. 


The work of this section can be divided 
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Both the previously mentioned elec- 
trolytic iron and a carbonyl iron were used. 
The rings were compacted at 30 tsi and 
repressed, after annealing, at 75 tsi. The . 


% FULL DENSITY 
Fic 1o—EFFECT OF POROSITY ON THE MAGNETIC PROPERTIES OF IRON AFTER A SHORT TERM SINTER 


sintering was carried out at 1420°C for 24 
hr in hydrogen followed by a 16 hr treat- 
ment at 800°C, 

The densities of the rings are summa- 
rized in Table 5. The unusual figure of 
7.895 was checked by X ray analysis. The 
measured lattice parameter was 2.8586 A, 
while the accepted value in the literature 


is 2.8606 A. This gave a calculated density | 
of 7.882. 


mum permeabilities of the carbonyl iron ~ 


AND IRON BASE ALLOYS 


Of the magnetic properties, the maxi- 


varied from 17,000 to 32,300 and of the 
electrolytic iron from 13,000 to 23,000. 
Two rings, one each of electrolytic iron 
and carbonyl iron, were sent to Dr. T. D. 
Yensen of the Westinghouse Research — 
Laboratories, who kindly consented to — 
check the magnetic and density measure- 
ments and to conduct carbon and oxygen 


W. ROSTOKER 


analyses by the very accurate method de- 
veloped by himself. 


TABLE 5—Comparative Densities of Iron 


Density 
Average Average Reported in 
Density of Density of Jnl. of Res., 
Electrolytic Carbonyl Iron U.S. Bureau 
Tron Rings Rings of Stds. 28 
(1942) 
7.84 7.805 7.874 


ee 


He reported the magnetic properties of 
the rings as in Table 6. 


TABLE 6—Magnetic Properties of Sintered 


Iron Rings 
Carbonyl} Electrolytic 
ron Iron 
Initial Perm po........... 2,000 450 
Mex POTIMS fim: os. sor ose 24,000 | 15,400 
B for H OMe eee 805 I0o gauss 
EL 12,800 | 12,300 gauss 


ant 
Lan! 
° 


15,200 | 15,400 gauss 
100 17,500 | 17,700 gauss 
ae) 18,300 | 18,400 gauss 
Coercive Force Hc....... 0.141 0.30 oersted 
Remanence Br........... 6,200 9,000 gauss 


On further annealing the rings at 1200°C 
for 25 hr in wet hydrogen and a further 
25 hr in dry hydrogen, the maximum per- 
meabilities were raised to 40,000 and 
18,000 for the carbonyl -and electrolytic 
irons respectively. 

Analyses of the original rings were as in 


> Table 7. 


TABLE 7—Analyses of Iron Rings 


Carbonyl Iron | Electrolytic Iron 


0.0051 
0.015 


0.0026 
0.0028 


The density measurements were reported 


as in Table 8. 
Further sintering of the electrolytic rings 


for 24 hr at 1450°C brought the density up 


to 7.88. It is difficult to say whether the 
‘unusually high density’ values are of 


oo ee 


significance. 
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TABLE 8—Comparative Density 
Measurements 


Our Results Dr. Yensen’s 


Results 
Carbonyl Iron Ring.... 7.805 7.890 
Electrolytic Iron Ring. . 7.850 7.811 


The results show that iron of high den- 
sity and normal magnetic properties 
can be prepared by a powder metallurgy 
technique. 


MAGNETIC PROPERTIES OF SINTERED 
TRON-SILICON ALLOYS 


Silicon is added to iron in quantities up 
to 4 pct and sometimes up to 6 pct. Its 
primary function is to increase the electri- 
cal resistivity, but it serves also to reduce 
the solubilities of carbon and oxygen. The 
malleability decreases rapidly with addi- 
tions of silicon so that alloys containing 
more than 4 pct are very difficult to work 
and more than 6 pct are almost impossible 
to work. The magnetic saturation is de- 
creased almost linearly with additions of 
silicon, but maximum permeabilities seem 
not to be appreciably affected. 

In the discussion on homogenization, the 
optimum and intermediate magnetic prop- 
erties of the 4 pct Si/96 pct Fe sintered alloy 
have been presented as Table 4. It can be 
seen that while the un, values are equal or 
better than similar commercial materials, 
they are inferior to some laboratory alloys!® 
reported in the literature. The Bioo, bo, 
Wa values, however, are quite normal. 
Electrical resistivity values, as will be re- 
ported later, were also comparable to 
literature values. 

Having seen that the homogenous 4 pct 
Si/96 pct Fe alloy could be fairly closely 
reproduced by sinter alloying, mixtures 
containing 6, 7, 8, 9 pct silicon were pre- 
pared and sintered at 1300°C for up to 24 
hr. The magnetic properties of these rings 
are summarized in Table 9. 
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The electrical resistivities as measured 


* from the slit rings are reported in Table ro. 


TABLE 10—Flectrical Resistivities of Iron- 
Silicon Alloys 


In Microhom-cm 


Pct Si 
As Measured | Literature Values 
4 51.3 B31 567520 
6 83.5 8.710 
7 91.0 9010 extrapolated 
8 94.6 81 
9 98.6 9611 


The resistivity data show both positive and 
negative deviations from the literature 
values and the agreement in general is very 
good. 

The densities of the rings as expressed by 
their approach to natural density and the 
grain sizes as measured in section and by 
grinding to half thickness are summarized 
in Tables 11 and 12 respectively. 


TABLE 11—Densities of Sintered Iron- 


silicon Alloys 
Pct or NATURAL DENSITY 
98.1 


Pet S1 


0 SHIP 
ie} 
wn 
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TABLE 12—Grain Sizes of Sintered Iron- 


silicon Alloys 
Pet Sr GRAIN SIZES 

4 Three very large grains 12.5-25.0 mm long; 
one segment of small grains 0.09 mm.? 

6 One large grain about 25.0 mm long; rest of 
the ring small grains approximately 0.09 
mm.? 

Ui Two large grains about 12.5 mm long; rest 
of the ring small grains 0.06 mm.? 

8 One large grain about 12.5 mm long; rest of 
the ring small grains 0.16 mm.? 

9 Uniform grain size 0.16 mm.? 


It is difficult to evaluate the ability of 
the process to produce iron-silicon alloys 
because of the paucity of data in the litera- 
ture on the high silicon alloys. One point is 
immediately apparent and has not been 
previously reported. Although the satura- 
tion values are low, the tm, Hc, Wa values 
for the alloys of higher than 6 pct silicon 
are very good. This is, in addition, to the 
very high electrical resistivities. 
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Since the maximum permeabilities are 
not appreciably affected by the silicon 
content, the high wu» values for larger sili- 
con contents suggest that they have more 
closely approached complete homogeneity 
than the 4 pct Si/96 pct Fe alloy. This is in 
accord with the approximate relationship 
between alloy composition and homogeni- 


_ zation rate proposed by Rhines and Colten‘* 


wherein the homogenization rate increases 
with the approach to. the 50-50 component 
proportions. 

Of the previous attempts to alloy silicon 
with iron by diffusion, three are referred to 
in the literature. Oliver? reports the addi- 
tion of 4 pct silicon as producing a Um = 
1750. The heat treatment details were not 
given, but a cracked ammonia atmosphere 
was used. In view of the harmful effects 
of nitrogen as illustrated further on in this 


_paper, it is probable that this value could 


be higher. Schwarzkopf'? and Steinitz'* re- 
port similar results. In two cases,}?:14 elec- 
trical resistivities are reported which are | 
20 pct higher than for the homogeneous 
alloy. It is possible that these are due to 
porosity. 


MAGNETIC PROPERTIES OF SINTERED 
NICKEL-IRON ALLOYS 


The three nickel-iron alloys of impor- 
tance contain so pct, 65 pct and 78.5 pct 
nickel. The latter two are susceptible to 
cooling rate, the first is not. Of those sus- 
ceptible to heat treatment, the proper 
quench rate can multiply the maximum 
permeability many-fold. 

The three afore-mentioned compositions 
were mixed, molded as previously de- 
scribed and sintered at 1400°C for as long 
as 24 hr. The magnetic properties during 
the various stages of sintering are summar- 
ized in ‘Table 13. The initial permeabilities, 
jo, were determined at B = 50 gauss, that 
being the smallest deflection on the gal- 
vanometer scale. The hysteresis loops were 
determined for B = 10000 gauss and it was 
not discovered until too late that the loops 
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TABLE 13—Magnetic Properties of Nickel-iron Alloys 


THE MAGNETIC PROPERTIES OF SINTERED IRON AND IRON BASE ALLOYS 


Heat Treatment 
Temp-time 
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* Indeterminate. 


could not in many cases be plotted. Since it — 
required over 50 oersteds for some to reach ©” 
a flux density of 10,000 gauss, and since the 


coercive forces were in the order of 0.2 
oersteds, it can be seen that the hysteresis 
loop must be very thin. As a consequence, 


nee 


{ 


the lower curve of the loop often inter- 


sected the upper curve and even crossed it, 
making the loops indeterminate. Accord- 
ingly hysteresis loops were redetermined 
for the final products at B= 5000 
gauss. ? 

The alloys were subjected to a series of 
heat treatments in which they were cooled 
at different rates from above their Curie 
temperatures. The rate of cooling seems to 
have an effect on the um and po values!® so 


three quenches were tried. The results are- 


shown in Table 14. It can be seen that air 
or oil cooling approach the critical cooling 
rates. The water quench seems to be defi- 
nitely injurious probably because of quench 
stresses. 

The resistivities, percentage of full den- 
sity and grain sizes are summarized in 
Table rs. 

In order to compare the results with pub- 
lished data, Table 16 has been compiled of 
the best data arrived at in this work and 
such data as are available in the literature. 
It can be seen immediately that maximum 
permeabilities as a result of the special 
heat treatments are definitely inferior al- 


though the trends of composition vs.- 


permeability increment are similar. How- 
ever, the anomaly is that the results for 
Ho, Bioo, He are closely comparable to the 
published data. It would be easy to say 
that the structures were not completely 
homogeneous, but such a condition would 
be immediately reflected in the po, Bioo 
and Hc values, and hence the blame cannot 
wholly rest here. 


MAGNETIC PROPERTIES OF SINTERED 
TRON-COBALT ALLOYS 


The iron-cobalt alloys in the range of 
30-50 pct cobalt are of singular importance 


—————$ en asin 


——__—  -- 
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Pct Ni 
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TABLE 14—Magnetic Properties of Heat Treated Nickel-iron Alloys 


78.5 


65 


50 


TABLE 15—Miscellaneous Measurements on 
Sintered Nickel-iron Rings 


Span 
Microhm-cm. 


Pct 


: Grain Size 
Ni As Litera- 
Meas- ture 
ured | Values 
50 S725 3515 0.031 mm? 
65 20.2 aris 0.031 mm? 
78.5 16.1 1615 0.031-0.062 mm? 


because their saturation magnetizations 
are about 10 pct higher than pure iron. 
High density rings were prepared from 
mixtures of 30, 40, 50 pct cobalt in iron. 
Sintering was carried out at 1400°C for up 
to 24 hr. Ellis and Greiner”® have identified 


Pet Ni Heat Treatment 


TABLE 16 —Comparative Magnetic Properties of Nickel-iron Alloys 


Air Cooled Oil Water 
Annealed | from 650°C | Quenched_| Quenched 
at 10°C/sec | from 650°C | from 650°C 

7,000 7,800 2,540 

20,400 34,000 10,150 

80 80 259 

2,780 2,710 2,710 

0.065 0.055 0.15 

3,175 3,000 1,270 

10,100 10,800 8,600 

190 458 

2,110 3,195 

0.005 0.18 

1,300 940} 

6,800 4,450 

299 508 

2,460 2,780 

0.175 0.30 


a superlattice in the range of alloys studied. 
This suggests that these alloys are sus- 
ceptible to heat treatment. Although it is 
known that the 35 pct cobalt alloy must be 
quenched to permit cold rolling, there has 
been only one reference in the literature 
to the effect of quenching on magnetic 
properties. Kaya and Sato2! report that 
quenching 30 pct and 50 pct cobalt alloys 
either had no effect or lowered maximum 
and initial permeabilities. They did not 
specify their quench conditions, but in view 
of the results presented further in this 
paper, it can be inferred that they quenched 
in water. 

The magnetic properties during the 
various stages of sintering are summarized 


50 PAqatealed ine «crite to cco suecs nls stavel 
Air quenched....+-...--+-+++-: 
65 iNaimealeds . acta ctieiee ses aces 
Air or oil quenched......-.----> 


“78-5 | Annealed......-----++++++7**7" 


Air or oil quenched.....--.----> 


Bioo wi 
15200 0.11 
1510018 0.127 
1530019 
0.195 
13200 0.105 
1400038 02322" 
1380015 
0.095 
0.0717 
10600 0.08 
T0500! 
1050019 0.055 
oO 0515 
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TABLE 17—Magnetic Properties of Sintered Iron-cobalt Alloys 


For B = 


B in Kilogauss at 10,000 Gauss 


Pct Sinter Bat 
Co | Temp-time | #™ Hm | #O 
H=0.5|H =1 
30 
-|1,090] 6,500 0.12 0.25 
I,200| 7,200 0.12 0.25 
1,330] 7,980 0.12 0.25 
I,450| 8,600/240] 0.12 0.33 
40 
1,335| 5,330 0.21 0.50 
-]1,560| 7,800 0.24 0.50 
. .|1,800] 7,200 0.24 0.50 
-|I1,900] 7,550|400] 0.25 0.55 
50 
Bi cars «= |27420) 9,700 0.3 0.7 
Gi saladae 3,300} 9,900 0.3 0.7 
Udine tak 3,460]10,100 0.3 0.75 
CY Sere eT 3,720|11,150|/600| 0.4 0.8 


Taste 18—Miscellaneous M. easurements 
Sintered Iron-cobalt Rings 


on 


pin Microhm-cm. 


Pct of 
Grain Size 


in Table 17. The measured and compara- 
tive resistivities, percentages of full density 
and grain sizes are reported in Table 18. 

The sintered alloys were subjected to a 
series of quenching rates of increasing 


H =5|H =10|H =50|H = 100| Wal, Be | He 
5a 9.1 072 18.2 |7,020|5,550|2.6 
S20 10.8 17.6 18.5 |6,450|5,600/2. 45 
6.4 II.0 18.0 19.0 |6,250/5,800/2.2 
6.5 ians 18.2 20.0 |6,250/6,050/2.4 
6.4 10.0 18.2 19.3 |5,610/5,300/2.35 
7.6 12.5 18.8 19.6 |4,850/5,750]/2.05 
8.5 12.3 19.1 20.5 |4,800|6,170|1.9 
8.8 12.8 20.5 21.5 |4,040/6,410/2.0 
TEE IS:5 19.0 19.8 |3,890/6,100/1.50 

13.8 16.4 19.2 19.8 |3,190/6,800|/1.45 
14.5 17.0 19.8 20.5 |3,100/6,700|1.4 
14.6 17.1 20.5 21.5 |3,100/6,950|1.3 


severity from above their Curie tempera- 
tures. The information gained from these 
experiments is summarized in Table ro. It 
can be seen that the sintered alloys respond 
to heat treatment, especially the 40 pct 
cobalt alloy whose maximum permeability 
was more than doubled by an oil quench. 
As with the nickel-iron alloys, there seems 
to be an optimum quench rate. 

To provide a basis for evaluation, the in- 
formation in Table 20 has been compiled 
showing the comparative magnetic prop- 
erties in the annealed condition. The prop- 
erties of the sintered iron-cobalt alloys 
appear to agree closely with other reported 
values except the high permeability 35 pct 


TABLE 19—Magnetic Properties of Heat Treated Iron-cobalt Alloys 


aE oh SR ee a se 


Reheated to 550°C 


ge = 


m- 


A CPOE ee omy 


ey 


A Pe 


ine ai sree aS ttt rare Ege tm 


Air Cooled Oil Water 
Ret Annealed | from 900°C | Quenched | Quenched yora Gn ped 
at 10°C/sec| from 900°C | from 900°C Slowenonied 
BOCN JO pris arakensatals stone «toh Canis 240 260 360 300 300 
(TEC Gate ais eee 1,450 1,570 1,950 920 1,050 
B = 10000 gauss 
Lg: EA Toei at 5 4% 6,250 6,390 6,140 8,450 6,450 
Desde daae cent te cia ter tare 6,050 . 6,650 7,300 4,800 4,950 
YS EO. LEME RR A 2.4 268 fe 2.05 2.55 2.9 
AON Move Susta. cote se Rie ties ates tele a eee 400 420 955 480 360 
ees aris We «arc eee eee 1,900 2,310 4,125 2,575 1,460 
B = 10000 gauss 
Wal sicicics sens seit Marans 4,940 5,005 3,190 4,260 4,940 
ae BIR ee ee 6,410 ,8900 7,300 6,410 
c 5 é P 


000 gauss 


,. ——— ee | 
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TABLE 20—Comparative Magnetic Proper- 
ties of Iron-cobalt Alloys 


Pct Co Ho pm He Bioo 
30 240 I,450 2.4 20,000 
3307! 1,270?! 2.8221 
1,93038 21,20018 
40 400 I,900 2.0 21,500 
I,89518 22,40018 
22,0002 
50 600 3,720 #3 21,500 
85021 3,8002! I. 4621 21,5003 
60015 5,30018 21,50018 
4,000!15 23,0001 
5,00024 


i 


cobalt alloy (Um = 13500) of Yensen.”” The 
Byoo value for the 30 pct cobalt alloy ap- 
pears to be somewhat low. 


EFrrect oF NITROGEN ON MAGNETIC 
PROPERTIES 


The choice of atmospheres can have a 
most profound influence on magnetic 
properties. The interstitial impurities, 
which are most injurious, are easily intro- 
duced by impure gases. At the normal 
temperatures of sintering, carbonaceous 
and sulphurous gases, oxygen and nitrogen 
contents in an atmosphere will establish a 
concentration in the metal at equilibrium 
with the atmosphere. 

In the early experiments, dissociated 
ammonia (hydrogen and nitrogen mixtures) 
was used as a sintering atmosphere. The 
magnetic properties of the sintered mate- 
rials were very poor. At about that time, 
attention was drawn to the probable harm- 
ful effects of the nitrogen and therefore, 
every attempt was made to exclude it dur- 
ing sintering. sg 

The literature is rather sparse and inde- 
cisive on the effect of nitrogen on magnetic 
properties. Schwarzkopf! and Oliver’? re- 
port the use of dissociated ammonia as a 
sintering atmosphere for iron and iron- 
silicon compacts. However, they indicate 
maximum permeabilities of about 1700 
which are in close agreement with results 
reported here. Yensen”” in his study of the 
alloys of Fe-Si-C, annealed his test pieces in 
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vacuum, hydrogen and nitrogen with no 
apparently consistent distinction in results. 
In a later publication, Yensen® expressed 
the belief that the effect of nitrogen would 
be similar to that of carbon, oxygen and 
sulphur. The Alloys of Iron Monograph on 
the “Metal-Iron” quotes P. P. Cioffi as 
stating that the maximum permeability of 
a specimen of hydrogen-treated iron was 
reduced from 216,000 to 38,000 by a treat- 
ment in dissociated ammonia at 1200°C. 
The properties were recovered by a subse- 
quent treatment in pure hydrogen at the 
same temperature. Koester”> showed that 
the coercive force of commercial iron was 
increased many-fold by nitrogen. There 
were also significant effects on remanence 
and electrical resistivity. Snoek** reports 
that nitrogen can seriously affect the 
initial permeabilities of iron and iron- 
nickel alloys. 


Taste 21—Effect of Nitrogen Contents in 
the Atmosphere on the Magnetic Proper- 
ties of Some Sintered Materials 


Sintered in 
(See Legend) 


Time (Hr) pm He 


Tron-silicon (96-4) mixtures sintered at 1250°C 


A 2 _ 1,100 a2) 
B 2 4,200" 0.73 
‘Gj 2 4,600 0.64 


Iron-silicon (96-4) mixtures sintered at 1350°C 


B 2 3,600 0.83 
Cc 2 6,000 0.55 
B 6 6,000 0.63 
G 6 8,050 0.46 
B 12 6,500 0.56 
Cc 12 8,600 0.41 
B 24 7,200 0.47 
CG 24 9,000 0.38 


Pure iron sintered at 1400°C 


A 
Cc 


7,900 
23,000 


24 
24 


Tron-cobalt mixtures sintered at 400°C 


A: sintered in dissociated ammonia. ? : 
B: sintered in hydrogen contaminated with nitrogen. 
C: sintered in pure hydrogen, 
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From the present work it has been possi- 
ble to show the effect of nitrogen on several 
metals. The following data provide infor- 
mation on the deterioration of maximum 
permeability and coercive force. 

It can be seen that nitrogen seriously 
affects magnetic properties of all but the 
iron-cobalt alloy. The reason for the im- 
munity of the latter is not clear. Perhaps, 
since the maximum permeability of this 
alloy is not very high to begin with, those 
factors which keep the permeability down 
are of such a magnitude as to be not seri- 
ously increased by the nitrogen. 


SUMMARY 


1. It has been demonstrated that low 
porosity alloys can be produced by the 
diffusion-alloying of elemental powders, 
and that these alloys possess magnetic 
properties which, except in a few cases, 
favorably compare with those obtained by 
using materials produced by orthodox 
methods. This technique has been ex- 
tended to the metal iron itself, five alloys 
of the iron-silicon system and three alloys 
each of the iron-nickel and _ iron-cobalt 
systems. 

2. It has been further demonstrated that 
the diffusion-alloying technique can be 
used to produce alloys in suitable forms 
which are normally impossible to produce 
because of brittleness. 

3. The problem of the effect of porosity 
on magnetic properties has been previously 
studied. A series of experiments has been 
performed which lend verification to the 
behavior predicted by the theoretical 
- development. 

4. The homogenization process has been 
studied by an X ray method and by devel- 
opment of time-temperature-property re- 
lationships: It has been shown that the 
X ray technique is not sensitive to small 
degrees of inhomogeneity and that maxi- 
mum permeability and coercive forces, on 
the contrary, are very sensitive. 
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5. The iron-cobalt alloys prepared by 
diffusion-alloying are susceptible to heat 
treatment. The maximum permeability of S| 
the 4o pct cobalt alloy is more than doubled 
by an oil quench from above the Curie 
temperature. | 

6. The deleterious effects of nitrogen-_ 
bearing atmospheres on the structure- 
sensitive, magnetic properties of iron and 
iron-silicon alloys has been shown. It was 
further shown that an iron-cobalt alloy is } 
not particularly affected. 7 
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Lead-grid Study of Metal Powder Compaction 


By Rosert Kamm,* M. A. STEINBERG,{ JUNIOR MEMBERS, AND JOHN WuLrr,{ MemBer AIME 


(San Francisco Meeting, February 1949) 


In a previous paper! from this laboratory, 
the development of a lead grid method for 
exploring the distribution of strain and 
density within metal powder compacts was 
described. In that work thin lead foil with 
rectangular holes cut at regular intervals 
was inserted with the powder fill, the ar- 
rangement pressed and then radiographed 
to permit measurement of the deformation 
of the lead grid. Densities at each grid ele- 
ment obtained in this manner were plotted 
as a function of the die dimensions. From 
such plots it was found that the densest 
part of a compact pressed from one side 
(the top) is at the top outer region and the 
least dense at the bottom outer region of the 
specimen. The axial density maximum oc- 
curs more often nearer the bottom than at 
the top. As a result of such exploratory 
measurements, it appeared reasonable to 
conclude that variations in density could be 
attributed in the main to die wall friction. 
Thus compacts of large diameter appeared 
relatively uniform in density except where 
the die fill had been uneven. Finally it was 
found that lubrication of the finely finished 
die cavity contributed more to magnitude 
and uniformity of density within the com- 
pact than interparticle lubrication. 

Since publication of the above results, it 
was found that circular-hole grids could be 
more accurately made and, when deformed 
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within the powder, more readily measured 
and analyzed. Much of the former work was 
repeated and new results which include the 
effect of lubrication, compact height, pres- 
sure, speed of pressing and vacuum pressing 
are reported in the present paper. 


CIRCULAR-HOLE GRIDS AND ANALYSES 
OF RADIOGRAPHS 


Commercial lead sheet 0.008 in. in thick- 
ness was used in all the work reported. The 
0.0938-in. diam holes were punched in the 
sheet on }¢-in. centers to an accuracy of 
0.001 in. The finished grid used contained 
eight or more holes in a row and from 1 to 
24 rows. The lead sheet was clamped be- 
tween two pairs of brass strips bolted to a 
small milling machine table which was itself 
bolted to a bench in correct position near a 
vise which held the punch. Travel of the 
lead grid in two dimensions was controlled 
by two steel lead screws calibrated in 
o.oo1-in. divisions. A stripper plate was 


used on the punch to avoid distortion of the 


lead foil. 

A high carbon-high chromium (chrocar) 
one-piece steel die was used throughout the 
work. The die cavity was 1.125 in. in diam 
and the clearance between plungers and 
die wall was 0.001 in. The die was also used 
for pressing from both ends with two long 
plungers. Finally, lapping of die and 
plungers gave a surface whose rms value on 
an Abbot profilometer was 5 micro-in. The 
die walls and plungers were, except where 
otherwise noted, lubricated with a stearic 
acid suspension in benzene. This was put 
on in multiple layers and allowed to dry 
before filling the die. 
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Before placing the grid in the die, 3 g 
of powder was introduced into the cavity. 
The lead grid held between two aluminum 
sheets was next inserted vertically and then 
35 g or more of metal powder was added. 
When the grid was accurately positioned in 
the center of the die, the aluminum sheets 
were removed and a final addition of 3 g 
of powder made to fully cover the grid. 
The die was then gently vibrated to settle 
the powder around the grid. 

Pressing was carried out with a Baldwin- 
Southwark testing machine. The speed of 
pressing employed (unless otherwise indi- 
cated) was 1 in. per min. which was 14 as 
slow and too times as fast as the maximum 
and minimum speed permissible with the 
machine. Pressures up to 30 tsi were used. 
After compaction the compact was care- 
fully ejected from the die cavity. For low 
pressures where the compact crumbled, 
special care was needed to prevent ex- 
traneous deformation of the grid. Dial 
gauge readings were also taken of the 
tapped unpressed powder and of the height 
of the compact after the pressure was 
released. 

The grid was accurately located in the 
pressed cylindrical compact by radiography 
in three mutually perpendicular directions 
The X ray tube was run at 210-250 kv and 
at a current of 5 ma. This gave an exposure 
time of 5 min. on Eastman Type A film. 
Only if the grid remained plane was the 
compact then sliced parallel to the lead 
grid to give a flat 0.25-in. thick section. 
Such a section permitted the use of a lower 


- voltage to give higher contrast on a slower 


and finer grained type M film. At 92 kv 
and 6 ma, 15 min. exposures were taken. 
Lead screens were used in the film holder to 
increase the intensity of the image and to 
cut down scattered radiation. The radio- 
graph was next enlarged roX on Eastman 
Resisto Rapid Type enlarging paper. 

As pointed out in the previous paper’ the 
circular holes in a grid become ellipses after 
pressing. To determine the density dis- 
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tribution in the compact, the major princi- 
pal axis was first drawn on each ellipse and 
the ends of the principal axis were marked 
on the radiograph enlargement. The major 
and minor axes were then measured with a 
ruler divided in o.o1-in. divisions. The re- 
ciprocal of the product of these two meas- 
urements was multiplied by 10° and marked 
on each ellipse. The reciprocal of the pro- 
duct is proportional to the powder density 
in the region under consideration. These 
values were averaged for equivalent points 
on either side of the axial center line. 
Further plotting was then restricted to one 
side of the enlargement. The best possible 
straight line was next drawn through the 
centers of the vertical columns of ellipses 
and interpolation charts were made whereon 
the average of the two reciprocals against 
distance was plotted. Four or five such 
interpolation charts were drawn for each 
compact, one for each vertical column of 
ellipses. The values of relative density were 


‘read from this curve and marked along the 


vertical lines of the enlargement. Contour 
lines of relative density were next drawn 
passing approximately through the points 
marked on the vertical. The relative densi- 
ties were then converted to actual density. 
The conversion factor was obtained by 
calculating the average density of the com- 
pact in relative units and equating this 
value to the average density of the com- 
pact as determined by measurement and 
weighing. Only one such measurement is 
necessary for a particular powder if the 
powder has the same tap density before 
pressing. 

Using the above method a series of com- 
pacts was made to test the reproducibil ty 
of the method. It was found that measure- 
ments could be reproduced to an accuracy 
of +3 pct. 


EFrFEct OF LUBRICATION 


Seelig and Wulff? have reported measure- 
ments on the density of 1 in.-high nickel 
compacts pressed at 30 tsi. Through lubri- 
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cation of powder or lubrication of the die 
walls alone an increase of more than ro pct 
in density was achieved as compared to 
compacts made without any lubrication. 
Using rectangular grids, the authors? have 
pointed out how lubrication affects the 
density distribution in nickel compacts. 
Lubrication of the die walls alone was 
found to give the most uniform distribution 
of density. In auxiliary experiments using 
a variety of solid lubricants, it was found 
that superior lubrication could be achieved 
by painting the die walls several times with 
a supersaturated solution of stearic acid in 
benzene. A single coat, although valuable, 
did not always insure reproducibility of 
results. Likewise, it was found best to let 
the coat dry before the die was filled with 
powder. Since this type of lubrication 
proved superior to all other types previ- 
ously tried, it was used in all the work 
reported. 

A series of compacts was first made using 
— 300 mesh annealed nickel powder. They 
were pressed at 2, 5, 10, 20 and 30 tsi. Two 
sets were pressed. In one, the die walls were 
well lubricated with stearic acid; in the 
other, the die was not lubricated but 
‘thoroughly scrubbed before and after each 
pressing with benzene and then dried with 
a clean cloth. 

Since the compacts pressed at low pres- 
sures could not be ejected without crumb- 
ling, the grids and adhering powder were 
carefully removed from the die. These were 
radiographed in a 30-sec exposure to 90 kv 
radiation. Density measurements of the 
whole compact could not in such cases 
be measured after ejection. The necessary 
data were obtained from dial indicator 
measurements of compact height before 
and after pressing. The results of the 
latter measurements are shown in Table tr. 

The table of average densities illustrates 
that at low pressures there is little change 
between compacts pressed with and with- 
out lubrication. As the pressure is in- 
creased, the divergence increases in favor 
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of the lubricated set. Thus, the compact — 
pressed at 20 tsi with lubrication gives — 
essentially the same average density as — 
one pressed at 30 tsi without lubrication. — 
The radiographic analyses of density 
distribution in the lubrication experiment 
showed an axial variation greater than — 
s pct of the average total density and no 
radial variation. This behavior is indica- 
tive of a simple vertical motion downward 
of all powder particles during pressing. 


TABLE 1—Average Densities of Compacts 
in Behavior during Pressing Experiment 


Compact . Pressure | Density, Pct of 

Stee Lubricated tsi solid density 
K-08 Yes 2.5 45.2 
K-99 Yes 5.0 49.1 
K-100 Yés 10.0 54.5 
K-ror Yes 20.0 61.9 
K-102 No 2.5 43.2 
K-103 No 5.0 46.5 
K-104 No 10.0 51.2 
K-105 No 20.0 Oy iela 
K-106 No 30.0 61.5 

SS SS SS Ee eee 


The compacts pressed without die wall 
lubrication corroborate effects previously 
found with the rectangular-grid technique. 
Radial variation of density was not ob- 
served in the compact pressed at 2.5 tsi 
but axial variation was. In all others, both 
radial and axial variations were observed. 
In the compacts pressed at increasing 
pressure the variation in density became 
greater and greater. In the compact pressed — 
at 30 tsi a difference of 35 pct in density 
was observed. The density was 73 pct at 
the top of the compact and 51 pct at the — 
bottom. The maximum density along the 
axis moved downward as the pressure was 
increased. 

A series of compacts was next pressed — 
from —300 mesh nickel powder at 30 tsi 
at a speed of 1 ipm. The data are summar- 
ized in Table 2. 

From this table it is evident that with 
good lubrication the compact length can 
be increased by a factor of eighteen without 
essential change in density for the range 
of compact lengths employed here. In this 
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respect it is well to point out that if thinner 
compacts are pressed of nickel or iron 
powder with or without lubrication, the 
average is appreciably less. Also as pointed 
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Fic 1—RADIOGRAPH OF CIRCULAR-HOLE GRID 
FOR NICKEL COMPACT K-I16 PRESSED AT 30 
TSI TO A HEIGHT OF 1.829 IN. MAGNIFICATION 


5 X. REDUCED APPROXIMATELY ONE HALF IN 
_ REPRODUCTION. 


~ 


out by Balshin* for tungsten and by 
Steinberg® for iron, there is an optimum 


height which gives maximum average 


density for a constant compacting pres- 


sure. The latter results were obtained for 


 unlubricated dies. 


A radiograph of the grid in compact 
K-116 is shown in Fig 1. Density contour 


lines are plotted in Fig 2 for compact 


ae, fF 


ah 


K-116 and for compact K-115 in Fig 3. 


- Compacts K-109-K-112 (Table 2) showed 
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neither axial nor radial variation. Axial 
variation exists in K-113, K-114, and 
K-116. In K-113 from top to bottom it is 
69-64 pct, in K-114 from 70-64 pct, and 


PERCENT OF SOLID DENSITY 


-Rpjp70.563"b 


Fic 2—CoNTOUR LINES OF DENSITY OB- 
TAINED FROM RADIOGRAPH OF INTERIOR GRID IN 
NICKEL POWDER PRESSED AT 30 TSI TO A HEIGHT 
OF 1.829 IN. 


in K-116 from 71-58 pct. It is uniform in 
these cases and inversion is not found as 
is the case in most nonlubricated pressings. 


TaBLE 2—Data for Height of Compact 
Experiment 
(All pressed at 30 tsi using Nickel Powder) 


Compact | Compact | Compact Density 


Compact 


Length | Density (Pct of solid) 
Number (in.) (g per cc) density) 
K-109 0.102 5.82 65.4 
K-r10 0.173 5.92 66.5 
K-111r 0.306 6.02 6767 
K-112 0.442 5.98 67-2 
K-113 0.585 5.08 6712 
K-114 0.851 5.84 65.6 
K-115 1.213 5.68 63.8* 
K-116 1.820 5.76 64.8 


* Lubrication difficulties were noticed in Compact 
K-115. 
K-115 is anomalous since it shows radial 
as well as axial variation which may be 
attributed to defective die wall lubrica- 
tion. Compact K-115 does not, however, 
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non-lubricated compacts.? 


DOUBLE PRESSING 


The experimental finding shown in 
Table 2 that finely finished die walls well 
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Fic 3—CONTOUR LINES OF DENSITY OBTAINED 
FROM RADIOGRAPH OF INTERIOR GRID IN NICKEL 
POWDER PRESSED AT 30 TSI TO A HEIGHT OF 
1.213 IN. LUBRICATION FILM OF STEARIC ACID 
FAILED. 


lubricated with stearic acid gave a compact 
of o.102 in. in height of essentially the 
same average density as one similarly 
pressed to 1.829 in. in height markedly 
illustrates the necessity for lubrication in 
the pressing operation. Consequently, to 
ascertain whether a further increase in 
density could be achieved by pressing 
from both ends in a lubricated die, two 
sets of compacts were pressed. One set 
was pressed to a height to diameter ratio 
of 0.68 to permit comparison with compacts 
previously pressed from one side only at 
30 tsi to the same ratio. Another set was 
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pressed to a height-to-diameter ratio of © 
1.42. For comparison purposes the average — 
densities are given in Table 3. : 
+ The density contours for all of these 
compacts are straight lines. For K-95 — 
pressed from one side the density varies 


kG nr meme etn ae 


— ae < 
Fic 4—RADIOGRAPH OF CIRCULAR-HOLE GRID © 
FOR TIN COMPACT PRESSED AT 10 TSI FROM BOTH ~ 
sipES. MAGNIFICATION 5 X. REDUCED AP- 
PROXIMATELY ONE HALF IN REPRODUCTION. 


from 67 pct of solid to 63 pct at the bottom. 
The compact of approximately the same 
length but pressed from both sides was 
essentially of the same average density, 
yet the density at both ends was found 
to be higher than in the middle. 


TABLE 3—Data on Double Pressing 
Experiment Compacts 


Compact Number..... K-96 K-97 
Type of Pressing...... Double | Double 
Pressure (tsi).......... 30 30 
Speed of Pressing (ipm) I.0 1.0 
Compact Length (in.).. I.590 0.765. 
Compact Density (g per 

CO) Segtitoinde Eon ctaers 5.72 5.84 


Compact Density (pct 
of solid density)..... 


The 


shorter double-pressed compact 
shows a slightly greater average density 
than the longer pair; contour lines are 
straight and the minimum density is in the 
center. It appears therefore that in well 
lubricated dies the height of the compact 
is somewhat more important than double 
pressing. 

The effectiveness of lubrication in the 
above experiments tempers the effects 
of double pressing. When performed with- 
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out lubrication and at higher pressures with 
nickel the density maxima at the ends and 
the minimum in the center can be brought 
out more clearly. Softer powders than 
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Fic 5—COMPARISON OF DENSITIES OF TIN COMPACTS PRESSED IN THE RANGE I-16 TSI FOR TWO 
SPEEDS OF PRESSING—3.2 IPM LOWER CURVE AND 0.04. IPM UPPER CURVE. 


nickel show double-pressing effects at 
lower pressures. In Fig 4 a grid radiograph 
- of tin powder pressed from both sides at 
to tsi is illustrated. At the center the 
horizontal row of grid elements demon- 
strates the uniformity of density. Above 
and below the center region, the same 
axial and radial variation of density may 
be noted. In this experiment friction 
effects were pronounced. This is further- 
more accentuated by the bulging of the 


grid elements. Such behavior is to be 


expected for the tin in this region is prac- 
tically of solid density. 

The experimental result that double 
pressing gives a mirror-image distribution 
- of density to either side of the center cor- 
roborates the calculations of Shaler.* 


SPEED OF PRESSING 


Average density measurements were 
- made on compacts all pressed from nickel 
powder at 30 tsi at speeds of 0.025 ipm, 


1 ipm and 6 ipm. No significant variation 
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in average density was obtained by measur- 
ing and weighing the compact or from the 
lead grid analyses. Repetition of the experi- 
ments with electrolytic iron powder like- 


100 


l2 16 20 


wise showed no measurable effect of speed 
of pressing for this range of speeds. Like- 
wise, the superposition of a vibratory 
motion during pressing did not alter the 
results. This may always be the case with 
powders as hard or harder than those used 
in the pressure range employed. For this 
reason, further experiments were carried 
out with tin powder in unlubricated dies. 

The powder used was coarse atomized 
tin of —48 +200 mesh size. Five compacts 
were pressed at a speed of 0.04 ipm at 
pressures varying from 1 tsi to 16 tsi. 
Another series was pressed at a speed of 3.2 
ipm at similar pressures. In each case the 
load was released when the specified pres- 
sure was reached. The approximate rate of 
loading thus obtained was 320 lb per min. 
in the first series and 128,000 in the other 
series. The variation in average density ob- 
tained by measurement and weighing is 
shown in Fig 5. It is evident from the graph 
that an increase in the speed of pressing 
results in a decrease in average density over 
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the range 80 to 1 for tin powder in unlubri- 
cated dies. 

The pressure which was required to re- 
move the compact from the die is plotted in 
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Fic 6—CoMPARISON OF PRESSURES RE- 
QUIRED FOR THE EJECTION OF TIN COMPACTS 
PRESSED AT PRESSURE FROM I-16 TSI AT TWO 
SPEEDS—3.2 IPM FOR LOWER CURVE AND 0.04 
IPM FOR THE UPPER CURVE. 


Fig 6 against compacting pressure. Except 
for the higher compacting pressures, the 
pressure required for ejection is greater for 
the more slowly compacted specimens. 

The distribution in density obtained from 
the two radiographs is plotted in Fig 7. 
Here the left half of the contour plot is of a 
compact pressed at 1 tsi at 0.04 ipm and is 
compared with the other half of a contour 
plot of a compact pressed at 1 tsi but at a 
speed of 3.2 ipm. In Fig 8 the same com- 
parison is made for the two speeds for a 
compaction pressure of 2.5 tsi. It is of 
interest to note that axial and radial varia- 
tions of density are present and that the 
region of maximum density moves down- 
ward for the higher speed of pressing. Thus 
slow pressing of tin gives higher density and 
a higher speed of pressing displaces the 
region of maximum density. 


INFLUENCE OF VACUUM PRESSING 


In order to ascertain the effects of vac- 
uum pressing on the density and density 
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distribution a series of compacts was 
pressed from nickel powder in air and in 
vacuum. The vacuum chamber used was 
a 6-in. od steel pipe to which a sylphon 
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DISTANCE FROM CENTERLINE 
OF COMPACT IN INCHES : 
Fic 7—CompARISON OF DENSITY DISTRIBU- 
TION (PERCENTAGE OF SOLID DENSITY) OF TWO 
TIN COMPACTS. THE LEFT ONE WAS PRESSED AT 
I TSI AT A RATE OF 0.04 IPM AND THE RIGHT ONE 
AT THE SAME PRESSURE BUT AT 3.2 IPM. 


$$ 


bellows and top plate had been soldered. — 
This was placed over the die on a flat steel 
plate and rested on a thin rubber gasket. 
With this chamber it was possible to — 
evacuate rapidly to 1 mm ‘pressure with | 
a Cenco Hypervac mechanical pump. 
When the system had held at 1 mm or 
below for ro min. pressing was started. — 
Compacts were made at 30 tsi pressure with 
and without lubrication. After compaction, 
the pressure was released and then air was 
let into the chamber. Density distributions 
were determined from radiographs of lead- 
grid-containing specimens. Within the ex- 
perimental accuracy, no change in density 
or density distribution was observed be- 
tween nickel compacts pressed in air and in 
vacuum. In further studies of energy ab- 
sorption (to be published elsewhere) it was — 
found from indicator diagrams that the net 
energy absorbed in pressing in air is within — 


records time, temperature, and thermal: 
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3 pct of that absorbed during pressing in 
vacuum, which is of the order of the experi- 
mental accuracy of measurement. 

The experiments were repeated using 
copper powder without lubrication and a 
more accurate control of the speed of press- 
ing was maintained. A series of compacts 
was pressed in air at pressures up to 30 tsi. 
A duplicate series was pressed in vacuum. 
The results are plotted in Fig 9. The plot 
indicates that a slightly higher overall 
increase in density was obtained in vacuum. 

The density contours obtained for copper 
pressed in air and in vacuum at 5 and at 30 
tsi are shown in Fig ro and 11. A higher 
density at the top and bottom of the com- 
pacts in vacuum pressing is evident as is a 
general overall increase in density. 

For powders softer than nickel it was 
tentatively concluded that air is entrapped 
during pressing. Such air should affect the 
manner and the degree of shrinkage during 


‘sintering. To determine the influence of 


entrapped air, a series of copper compacts 
was pressed at 20, 40 and 60 tsi in air and 
another series in vacuum. The powder used 
was annealed before pressing. Its hydrogen 
loss was 0.008 pct. The compacts were 
sintered in dry hydrogen in the quartz tube 
of an available Bristol-Rockwell dilatom- 
eter. The rate of heating was the same in 
each run. The machine automatically 


expansion and contraction. From such 
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charts the percent expansion as a function 
of temperature was determined. The results 
are given in Fig 12, 13 and 14. 

The graphs show that linear expansion 


HEIGHT OF COMPACT IN INCHES 


DISTANCE FROM CENTERLINE 
OF COMPACT IN INCHES 
Fic 8—CoMPARISON OF DENSITY DISTRIBU- 
TION (PERCENTAGE OF SOLID DENSITY) OF TWO 
TIN COMPACTS. THE LEFT ONE WAS PRESSED.AT 
2.5 TSI AT A RATE OF 0.04 IPM AND THE RIGHT 
ONE AT THE SAME PRESSURE BUT AT 3.2 IPM. 


occurs in the early stages of heat treatment 
up to about 850°F. A rapid increase in 
expansion then takes place. This expansion 
appears to be greater for samples pressed in 
air. Contraction, that is, densification, is 
more delayed for samples pressed in air and 
also starts at a higher temperature. The 
compacts pressed at 40 and 60 tsi show a 
greater initial expansion than the one 
- pressed at 20 tsi. 


TABLE 4—Air - 


EEE __ 


Before Sintering 


After Sintering 


oO 


Load Height Diameter Weight | Av. Density | Pct Solid | Height Diameter |Pct Solid 
tsi Inches Inches Grams Grams percc| Density Inches Inches Density 
5 0.915 I.126 74.96 5.023 56.32 0.904 I. IOI 59.6 
10 0.796 1.126 75.00 5.774 64.73 0.802 L.122 64.7 
20 0.682 ing ed? 75.01 6.733 75.49 0.690 1.126 74.9 
30 0.620 L527 Gps 288) 7.45 83.1 0.631 LPs § 81.1 
Sissi nn aa 
Vacuum 
ee 
5 is 74.80 5.087 57-03 0.804 | I.103 60.2 
bas) I.126 75.03 5.865 65.75 0.790 1.123 65-75 
20 E27, 75.04 6.801 76.25 0.685 1.129 Di tee 
ite 4 7.40 83.0 5 


702 LEAD-GRID STUDY OF METAL POWDER COMPACTION 


The dilatometer scale used in our ex- 
periments did not permit recording of 
the complete shrinkage during sintering. 
Consequently, another set of experiments 
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Fic 9—CoMPARISON OF THE DENSITY OF COPPER COMPACTS PRESSED AT DIFFERENT PRESSURE IN 
AIR AND IN VACUUM, 


was carried out. Here, two series of speci- 
mens were compacted for a range of pres- 
sures in air and in vacuum. All specimens 
were heat-treated in dry hydrogen for one 
hour at 800°C and allowed to furnace-cool 
in hydrogen. The results are shown in 
Table 4. 

It is interesting to note that there is 
very little change in the sintered density 
between vacuum and air pressed samples 


although an appreciable initial difference 
was observed after compaction. Of added 
interest is the fact that the majority of 
compacts contracted radially during sin- 


20 25 30 
PRESSURE IN TONS PER SQ.INCH 


tering and expanded axially. If we disregard 
the compacts pressed at 5 tsi, the results 
in Table 4 indicate that in general the | 
higher the compacting pressure, the greater 
the axial expansion during sintering. ; 


DISCUSSION OF RESULTS AND CONCLUSIONS | 


The experimental work reported in this 
paper brings out the importance of ade- 
quate lubrication in achieving maximum _ 
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average density and uniformity of density 
distribution in metal powder compacts. 
Such lubrication is more important in 
overcoming die wall friction than inter- 


HEIGHT OF COMPACT IN INCHES 


5 
RADIAL DISTANCE FROM CENTER OF 
COMPACT 
Fic 10—CoMPARISON OF DENSITY DISTRIBU- 
TION EXPRESSED IN PER CENT OF SOLID DENSITY 
OF COPPER POWDER PRESSED AT 5 TSI IN AIR 
(RIGHT) AND IN VACUUM (LEFT). 


particle friction. For relatively hard 
powders such as nickel and iron the speed 
of pressing, pressing from both sides and 
the vacuum pressing employed appear 
relatively unimportant as compared to 
adequate die wall lubrication in obtaining 
maximum density and uniformity of den- 
sity. Wherever lubrication is inadequate, 
and in most rapid industrial processes it 
usually is, simultaneous pressing from 
both ends undoubtedly serves a useful 
purpose in achieving a more uniform 
density distribution especially in the press- 
ing of longer compacts. : 
The results obtained with increased 
speed of pressing, namely that hard 
powders are not measurably affected and 
soft powders such as tin give compacts 
of decreasing density, are to be expected 
according to our present understanding 
of the plastic deformation process.* The 
harder metals such as iron and nickel are 
less. sensitive to speed change than the 
softer ones such as tin. Although the slower 


compacting pressures give a higher density 


for tin than the more rapid ones, the 
ejection pressure required was greater. Tin 
undoubtedly strain-hardens more rapidly 
at higher speeds than it does at slower 
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Fic r1—ComPARISON OF DENSITY DISTRIBU- 
TION EXPRESSED IN PER CENT OF SOLID DENSITY 
OF COPPER POWDER PRESSED AT 30 TSI IN AIR 
(RIGHT) AND IN VACUUM (LEFT). 


speeds. Much of the strain hardening of 
tin is probably relieved in slow pressing 
since the recrystallization temperature of 
tin is so low. Indeed, Kuzmick’ has shown 
that when tin is pressed at 30 tsi, new 
grain boundaries appear and obliterate the 
old ones. 

The results on vacuum pressing do not 
indicate that much is to be gained by this 
technique in the pressing of relatively 
hard powders such as nickel. In the pressing 


of copper powders a somewhat higher 


density is achieved by pressing in vacuum 
but not enough to warrant the added 
complexity of the method in industrial 
operation. Comparisons between adequate 
lubrication and vacuum pressing were not 
made with copper. The results for air 
pressing obtained, however, suggest that 
lubrication not only gives a larger increase 
in density, but affects the distribution of 
density more favorably. 

In regard to the rapid expansion of 
pressed compacts in the early stages of 
heat-treatment, Duwez and Martens® sug- 
gest that such a behavior is due to stresses 
arising from thermal gradients and also to 
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phase changes. We do not wholly agree 
with this, for in copper powder no phase 
changes occur. Thermal gradients may 
affect the axial expansion only in so far 


40 


PERCENT EXPANSION 


-1.0 


200 400 600 


800 


Superimposed on the axial expansion of 
cylindrical compacts we find an expansion 
which may be attributed to the expansion 
of gases entrapped during pressing. This 
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Fic I14—THERMAL EXPANSION OF COPPER COMPACTS PRESSED AT 60 TSI IN AIR AND VACUUM AND 
HEAT-TREATED IN HYDROGEN. 


as they affect the relief of residual stresses 
due to the initial pressing operation. These 
should be the same for vacuum and air 
pressings. In the discussion of the Seelig- 
Wulff paper,? results obtained by Steinberg 
are reported. He showed, using X ray 
diffraction methods, that the radial stresses 
at the top and bottom of a compact are 
practically zero. The longitudinal stresses 
on the side wall are tension stresses and 
vary from top to bottom; they are for 
iron approximately half as great in magni- 
tude as the yield point of solid iron. This 
means that the center of the compact is in 
compression. Consequently, on heating, the 
surfaces are first relieved and in time 
the residual compressive stresses expand 
the compact. Of course, the greater the 
rate of heating, the more deleterious the 
effect of expansion. Indeed, severely 
pressed ‘compacts may fail by cracking 
during the process. 


is well illustrated in the dilatometric com- 
parison of the behavior of air and vacuum 
pressed copper compacts.’ The latter ex- 
pand less on heating than the former 
for they contain less entrapped gas. It is 
likely that the expansion is not wholly due 
to entrapped air but also to water vapor 
originating from the hydrogen reduction 
of oxides. 

To account for the radial shrinkage met 
with in the sintering of vacuum as well as 
air-pressed copper specimens as shown in 
Table 4, it is well to consider the shape of 
the pores formed during pressing of so 
plastic a material as copper. These are all 
lenticular with their minor axis to the direc- 
tion of pressing. On heating, any expansion 
due to relief of internal stresses or gas would 
tend to widen such pores in the pre-press- 
ing direction at the expense of shrinkage 
in the radial direction. Likewise, the greater 
curvature still in existence at the periphery 
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of expanded lenticular pores would give a 
more rapid sintering rate in the radial di- 
rection of the compact. 

‘ The circular-hole grids used throughout 
this work are easier to. make and_ their 
use permits a more rapid and reproducible 
method of analysis. The plotting of density 
contours likewise offers a greater simplicity 
of visualization than the plots used in the 
previous paper. The use of both kinds of 
grids leads to the conclusion that there 
is no lateral movement of powder during 
compression in a cylindrical die. The 
powders travel straight downward while 
being plastically deformed. A slight lateral 
movement is found however in compacts 
pressed at very high pressures without a 
lubricant. Where no lubricant is used, the 
powder along the die walls is retarded with 
respect to that nearer the axis, and rotation 
may also occur. The use of die wall lubri- 
cant within the pressure and compact 
height range studied eliminates radial 
density variations and reduces axial vari- 
ations to a minimum. For pressing from 
one side there is even with lubrication a 
slight density difference between top and 
bottom of the compact. The density is most 
uniform along the axis, and the con- 
tour lines of greatest density are close 
together at the top circumferential region 
and somewhat less so in the bottom cir- 
cumferential region. In double pressing, 
contour plots of top and bottom become 
similarly spaced and the middle of the 
compact is the region of lowest density. 
The results obtained in this work bear out 
the calculations of Shaler® that the lower 
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half of a double-pressed compact should be a 


mirror image of the upper half. 

The lead grid method has one serious 
shortcoming; namely, that it does not 
permit the determination of deformation 
and density immediately adjacent to the 
die wall. Work is now in progress to 
ascertain the flow of the metal in this 
region by techniques different from those 
reported in this paper. 
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Technical Note 


The Structure at a Cleavage Surface in Ferrite 
By E. P. Kurer,t D. E. Nutx,{ Junior MrempBers AIME, anp F. C. WAGNERT 


The presence or absence of plastic strain X ray patterns were obtained on the 
at a cleavage surface is a question of much cleavage facets of ferrite grains. 
importance, and upon its answer depends The test set-up consisting of FeK colli- 


Fic 1—BACK-REFLECTION LAUE PATTERN OF FRACTURE SURFACE OF COARSE-GRAINED FERRITE. 
TRON RADIATION. < 


future possible theoretical work.’ To mated radiation, single grain material and 
investigate this question back-reflection stationary cassette and specimen will not 


Manuscript received at the office of the Insti- lead to a diffraction pattern, in general, 


tute September 10, 1948. but is an ideal arrangement for the exami- 


+ The Pennsylvania State College. Issued as 


Technical Note No. 8, Metals Technology, nation of surface effects. 
December 1948. 


1 References are at the end of the paper. A pattern taken on hydrogen purified 
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ferrite for the above set-up is presented in 
Fig 1. The ferrite was fractured brittlely 
under liquid air and then heated to room 
temperature and exposed in the camera. 
The pattern consists of two parts—the 
dark Laue spots and the diffuse Debye 
ring through these spots. The Laue spots 
arise from the macroscopic grains which, 
from the Laue spots, appear to have been 
subjected to slight reorientation adjust- 
ments in sections, presumably as occur in 
meteorites, and which are probably due to 
shock. The diffuse Debye rings arise from 
what appear to be randomly oriented par- 
ticles of ferrite which are present at the 
surface of the fracture. From the character 
of this Debye ring (present for {220} Fe 
— Ka, and a and for {310} Fe —Keg it is 
possible to place the effective diameter of 
these particles of ferrite at approximately 
ro-® cm. In other words, at the fracture 
surface for this particular specimen the 
minimum-sized particle which can _ be 
formed is about ro~* cm in effective diame- 
ter. Sufficient space is not available to 
develop this point here, but it is in essen- 
tial conformity with the concepts of Wood.* 

Due to the well-formed Debye rings 


THE STRUCTURE AT A CLEAVAGE SURFACE IN FERRITE 


and the fact that comparative measure- 
ments place the thickness of this film of 
particles at about 0.001 to 0.0001 in., it is 
believed that this film is essentially strain 
free. : 
That the film is composed of ferrite 


particles and is not a surface film, as such, _ 


follows from the facts that (1) a surface 
film will not give Debye rings at back- 
reflection; (2) the surface effect is not 
necessarily found—some fracture surfaces 
did not reveal it; (3) the structure is fre- 
quently fibered; (4) apparent recrystalliza- 
tion of this structure has been observed, 
and the rate of recrystallization is a func- 
tion of orientation; and, (5) the lattice 
parameter indicated for the particles is 
identical with that for the matrix crystal. 
This latter point alone is sufficient to 
identify the particles as ferrite. 

The study of these effects is being con- 
tinued and will be published in the near 
future. 
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